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THE THEORY OF THE SCATTERING OF X-RAYS BY DOMAIN STRUCTURES * 
V.M. DANILENKO 
Institute of the Physics of Metals, Academy of Sciences Ukr. SSR 
(Received 16 December 1959) 


The scattering of X-rays by solid solutions has been studied in conditions where there are 
domain structures (anti-phase domains, defects in the packing of atomic layers, modulated struc- 
tures). It will be shown that the intensity of scattering of X-rays by different domain structures 
can be defined by a single general formula. 


Structures are frequently observed in the crystals of solid solutions, which can be lumped 
together under the general title of “domain structures”. A characteristic feature of them is the 
sharp change in a certain property of the crystal on translation from one part to another (from domain 
to domain) in circumstances where all the other properties remain unchanged. Typical examples of 
these structures are the ferromagnetic and anti-phase domains. The existence of a domain structure 
can be revealed from the diffraction effect of any type of wave which is sensitive to changes in the 
properties which define the domain structure in question. X-rays for example, are sensitive to chan- 
ges in the function of atom distribution and the position of atoms. A great number of research papers 


ao : [1-13] have been devoted to analysis of the X-ray diffraction picture for different types of domain 
196 structure. Every one of these however, studies only a particular case and if a fresh case has to be 
2 investigated the whole process has to be started afresh. The purpose of the present article is to put 


forward a general scheme for this type of calculation. 
1. GENERAL FORMULA FOR THE INTENSITY OF SCATTERING 


We will start from the following formula for the intensity of dissemination: 


exp tty. Ra — Re) LV X 


mm’ vv’ 


X exp {i(g, — her + —Um’.v)}, 


is the atomic factor for an atom in the v site of a m unit cell, 
is the radius-vector which defines the position of the m unit cell, 


is the vector which defines the position of the v site in the unit cell and 


m,v is the translation of the atom (m,v) (a v atom of the m cell) from the crystal lattice site. 
We will assume that u,, , is the same for all the atoms of one domain. 
If we insert the effective atomic factor 


/m,vexp {i (9, Um. v)} 


and in ‘1) pass to summation through 
= — Rand m, 


* Fiz metal. metalloved., 10, No. 1, 1-8, 1960. 


1 
(1) 
h, 


then for / we shall find 


1 = {i (gq, {i (9, Ay —hy)} 


The total through m in (2) is the mean value of the product 
v Pm? 
taken for the whole crystal (and multiplied by the total number of cells 'V). If we introduce the proba- 


bility 
(2.51) 


that two atoms will be at the ends of the vector 


== + hy — fiye 


in domains of types s and s’, then for 


Dm.v Om’, v! 


we shall get the formula 


a) 4 > 


define the mean values 


within the limits of type s domains; 
P; _ is that portion of the volume of the crystal which is occupied by s type domains; finally 


and 5, »’are 5 symbols. 
In reducing formula (3) it was assumed that the correlation between atoms of a different sort in 


the crystal was not important. Generalization for the case where such correlation exist can be made 


by the usual method [13-14]. 
Substituting (3) in (2) and executing some transformations we find 


GUL pb — fel? + NLL F, Foe (0) X 


s st 


x exp {i(q, 9)}, 


2 Scattering of X-rays 
@) vo 
19 
where 
and 
(4) ‘ 
where 
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is the probability of the substitution of a v site with a type atoms in an s domain; 
faq is the atomic factor for a type atoms; 
F, is the mean amplitude of dissemination of the X-rays by the unit cell of an s domain 


=) exp (i (9, h,)}- (5) 


Formula (4) is an approximation as in its reduction it was assumed that the domain boundaries 
did not intersect the unit cells, while the extent of error permitted here is related to the value of 
the remaining terms such as the area of the domain boundaries inside the crystal. If the size of 
the domains is not too small this error is low. A correction for the discarded terms can be computed 
quite accurately [13]. 

The first addend in (4) defines the diffusion background of scattering and is determined by the 
number and type of atoms. If the formation of the domain structure is not accompanied by changes in 
the concentration of the component or in the degree of long-range order, there will be no change in 
the intensity of the diffuse background. The second addend defines the intensity of direct reflections 
and is dependent both on the type of domains F,, and on their number and arrangement with respect 
to one another (P, .- (p)). This last factor is determined by the geometry of the domain structure 
and can be found in a general case. 


2. DETERMINATION OF Pss- (p) 


To determine P,,’(p) we will first make use of a one-dimensional domain structure model. Let 
the domain boundaries be perpendicular to a certain crystallographic direction n. Then P,,-(p) will 
be a function of r — the projection of p in direction n. We will measure r in units equal to the inter- 
plane distance for atom planes perpendicular to n. In an extreme case of “full long-range order” the 
domain in a domain structure will follow one after the other in a definite order of succession and 
will be of a definite depth. In this case P,;’(r) is a periodic function of r. It can be expanded into 
a Fourier series 


Ps (N= ~ exp (ig (kr), (6) 


R is the cycle of the change P,. + (r), 

In the other extreme case of “short-range order” when the attachment of any given atom plane 
to a particular domain will only be dependent on neighbouring planes, P,,’(r) should satisfy the 
following relations: 


P ss? (0) = 
(0c) = 
Psse (r) = Ps, 


Poss (r) = Der. 


It can be shown that P,,’ (r) has the following form: 


3 
| 
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(r) = cf exp {ar}, 


a; = In his 


are the characteristic numbers and certain combinations of the eigenvectors of the matrix 


(1), 


which determine the close-range order of the planes; 


ss! 
Ci 


is the Eigenvector 


I will always be among the roots of A;. The remaining roots are either real and less than 1 or 
they are complex and their real part will be less than 1. 

In intermediate cases there will be some combination of (6) and (7). P, , » (r) will be a diminish- 
ing periodic function: 


(r) = Ai exp {r (2, + i3,)} 
I (9) 
where a, and 8; are real figures which determine the respective distances at which the domain 
structure would cease to be periodic 1/a;, and the period of the domain structure 1/B; for a certain 
1 component of the general solution for P,, ¢ (r). 
In the case of those types of domain structure for which a one-dimensional approximation is not 
adequate (anti-phase domains), P,.’ (r) can be found in a three-dimensional case for some models 


of domain structure. 
First of all, generalization is easily achieved by a “multiplicative” model of domain structure 
where the domain boundaries are planes passing through the whole of the crystal and forming three 


independent families. In a periodic case we will find a three-dimensional generalization of formula 


(6): 


(0) = exp {i ch, 
sst (9) exp {i (gk, (10) 
where g is the matrix which allows for domain boundary orientation and period P, .- (p) in the direc- 


tions of the different families of boundaries. 
In an aperiodic case we have 


s 


(9) = pepe {I 1) exp (a, 


4 
| 
where 
| 
while 
|_| 
VO: 
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where a describes the size of the domains in the three directions determined by the boundaries. 
Projections of a in the direction of the normal to the boundaries are 


] 
where L; is the average size of a domain in the given direction. 
A formula can also be found for P,,*(p) if it is assumed that the shape and distribution of the 
domains is on average isotropic. Then P,.-(p) = P,,’(p) and in the case of aperiodic structure we 


find 


(9) = 1+ (“= 1) exp (ar)} 


1 
a=in(1— 


and L is the average size of a domain (in units equal to the crystal lattice parameter). In this case 
there will be no periodic structure. 

Formulae (11) and (12) have been reduced on the assumption that any two domains can be ad- 
jacent to one another and that the volume of a domain of one kind is the same as the volume occupied 
by domains of any other sort. This condition is fulfilled very well for order domains if they are form- 
ed in the process of ordering and not during plastic deformation. 


3. THE INTENSITY OF THE DIRECT REFLECTIONS OF X-RAYS BY 
DOMAIN STRUCTURES 


If the domain structure is periodic P, .-(p) is found by formula (6). Substituting (6) in (4) and 
having carried out summation throrgh (breaking it down into summation for each of the planes which 
is parallel to the domain boundaries and the direction of the normal to it n) we find for the intensity 


of straight reflections the expression 
=N + k— (13) 


where 6 (q) is the 5 function; 
r is the vector of the reciprocal lattice; 


k= gke 
is the unit vector of the reciprocal] lattice perpendicular to the plane of the domain 


boundaries) and 
is the sum 


DY Fy 


(14) 


According to formula (13) where there is a periodic domain structure direct reflections may occur 
not only in the directions which are characteristic for the crystal (¢ = 27r) but also in further direct- 
ions determined by the conditions: 


q=2nt—k 


(“satellites” as they are called). 


| 
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In the case of an aperiodic domain structure, substituting (8) in (4) and carrying out summation 


through p we find 
1, =N (g, — 8 — 9; (93 — 


(15) 
where 5(q;) represent the 5 functions (i = 1.2), - 
g; | are components of q in the plane perpendicular to n and 
®,= ci (16) 
s 
where 
%; (9) 
is either equal to 
6 (93 —2rl). 
if 
hj 
or 
1—)? 
(9) 1 — 2h; cos — + A? 
if A <1, or finally 
= -+— (18) 
1 — 2p; (93 + 2rd) — 2p; COS (gs — — + 


where 
A, = ppexp (+ ig,). 


In the case under review both sharply defined direct reflections (formula (15) for 


(7) = 8 (q)), 


and broadened maxima of intensity will occur with their centres in the directions of the direct re- 
flections (formula (17) ), or on,either side of them (formula (18)). 
In the latter case of an “attenuated periodic” domain structure (formula (9) ) we find a certain F 


“superposition” of the previous two cases 


1—2? 
J, =N¥ (q, —2xh) d(g, — (19) 
1 — cos (gg + 8) — +2? 


where 
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®, = Al FF and = exp (2). 
s (20) 


Now we have a collection of satellites which are not sharply defined as in (13) but diffuse. 
With a three-dimensional domain structure it should be possible to make some generalization 
of the deductions, for example, for a periodic domain structure we find 


A 
l,= + gk (21) 


4. CONCLUSIONS 


The intensity of scattering of X-rays by different domain structures can be calculated in a general 
form where the geometrical arrangement of domain boundaries is known. The nature of a domain struct- 
ure is an indication only of the intensity of direct reflections and of the diffuse background and not of 
the position or form of the direct reflections. 

A periodic domain structure reflects X-rays not only in directions appropriate to Wolfe-Bragg 
conditions but also in a number of further directions. A non-periodic domain structure promotes the 
expansion of certain of the direct reflections (and sometimes causes their splitting). 

If the periodicity is distributed there will be expansion of the reflection. If this makes the struct- 
ure non-periodic part of the reflection (the satellites) will disappear and part will be-expanded and we 
shall get the results of the previous case. 

Particular cases of domain structure — anti-phase domains [3, 13], defects in the packing of 
close-packed atom layers [3-9] and modulated structures [10-12] — are described by formulae which 
follow from the general formulae set out in this paper. 

The authors wishes to express his thanks to A.A. Smirnov for his discussion of the results of 


his work. 
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THE QUESTION OF THE FREE PATH OF FAST ELECTRONS IN A METAL * 
G.E. ZIL’BERMAN and 1.0. KULIK 
Khar’kov Branch of the All-Union Research Institute of Chemical Reagents 
(Received 14 Jaauary 1960) 


The electron is studied in the zone above the conduction band in the case where its 
energy is insufficient for the excitation of plasma oscillations and the final flight is condi- 
tioned only by collision with conduction electrons. It will be shown that, as a result of the 
limitations which are imposed on collision by the band structure of the metal, the time of 
flight may be increased by several times. 


The phenomenon of the withdrawal of electrons of a metal (secondary electron emission [1, 2], 
photo effect [3, 4] etc. etc.) is always connected to a very considerable extent with the time of free 
flight of the electrons in the metal. If the temperature is low and the test specimen has a sufficient- 
ly perfect lattice, the free path will only be limited by collisions with conduction electrons. For fast 
electrons in a metal, losses may, as is well-known, be divided into “collective” (excitation of plas- 
ma waves) and individual (collision with separate screened electrons). 

The excitation of plasma waves can be ruled out if the energy of the electron 


E < E,= ho,, 


where w, is the plasma frequency [5] which we will assume to be so (for various metals E, usually 
fluctuates in the range 10-30 ev), h is Planck’s constant divided by 27. Let us assume that the 
screened coulomb potential can be represented in the form 


V= =. 
r 


where rp is the radius of screening (according to [5, 6] 
To < 10-8 cm). 


In the calculation of the time of free flight we will start from the expression (see e.g. (8) ): 


(i? Ky x) 


is the matrix element of the transition equal to 


* Fiz. metal. metalloved., 10, No. 1, 913, 1960. 


8 
vc 
19 
a) 


Free path of fast electrons 


Ix, — 


X (Xp) dx, dity, 


1 
are Bloch functions: 
(4) 
k, and k, are the quasi-impulses of the scattering and scattered electrons before collision; 


RY and ki after collision; 
Ki + Ky + (2nf); 


n(k) is the function of Fermi distribution. q 
We will consider the case where the scattering electron prior to collision was in the conduction 
band (we will designate it r) while the scattered one was in the zone above it (designated by s ). 
This is in fact the situation photoelectric effect (see e.g. [3] ). 
We will express the time of relaxation (2) (see [3] and [4] ), according to the possibility after 
lo collision of the electrons remaining in their former band (sr), of exchanging bands (rs), of both trans- 
1960 ferring to the upper band (ss) or to the lower band (rr), in the form 


(5) 


where, for example: 


4 
xs 

[Ds (Xe, 


+ (2 —*2)'] 


8(E, + Ey 


(xi) (K,) - Log; (15) OF , (Ka) 
g 


are Bloch coefficients (4)). The remaining addends in formula (5) are written similarly to (6). 
Let us first study the case of free electrons. Then D = 1, as a result of which formula (6) can 
be written in the form 


where the scattering section is: 


9 
where 
(6) 
and | 
=| | Yom ds, 


compound of Zr. V.N. Bykov and V.V. Kazarnikov, 
Kristallografiya, 4, No.6, 924-925, 1959 (15843). 


Preliminary X-ray investigation of the structure of 
ZrBi, (66.66 at. % Bi) was carried out on needle-shaped 


single crystals. It was established that the crystals 


have rhombic syngony, a 10.2) b 15.5) ¢ 4.0 &, Rica 


10.6, Z = 8, X-ray group No.19, It is noted that there 
is no isomorphism between ZrBi, and other cpd. of the 


type Me 


52. A new compound in the system rhenium- 


zirconium and its crystalline structure. 
P.I. Kripyakevich, M.A. Tylkina and E.M. Savitskii, Izv. 
vyssh. ucheb. zaved., Chern, metallurg., No.l, 12-15, 


1960 (15844). 
The Re-enriched region of the system Zr-Re was investi- 
gated by X-rays. In addition to ZrRe, the existence of 


a new cpd. with a cubic structure of the YX-phase ty,e 
is established, It is established that the new cpd. 
a2, 4 belongs to the THR, 4 type which is an ordered 


version of the @%Mn structure with Zr atoms arranged in 
the positions (a) and (c), Re in (g,) and (g,) (¢, gr, 
7). The lattice parameters of Zr,Re, 4 depend on the 


comp. (a 9.693 kX at 70.6 at. % Re and 9.626 kX at 82.0 
at. % Re). It is noted that Zr,Re, 4 belongs to cpd. of 


a variable comp. with complete ordering of atoms for one 
of the comp. The cpd. is formed at ~ 2500° by a peri- 
tectic reaction. The microhardness is ~ 1000 kg/mm”. 


The system Zr-Re is the only system in which both, cpd. 


of the Laves type and YX-=phases are formed. It is 
assumed that the 3rd cpd. in the system with 50 wt. % 
Re has a structure of the o-phase type. 


536 The Ukrainian Republic conference on 


the theory of metals and alloys, Kiev, 1-5 June 1959. 
V.M. Danilenko, M.A. Krivoglaz, L.N. Larikov and 
A.A. Smirnov, Uspekh, fiz. nauk, 70, No.l, 191-198, 


1960 (18253). 
A brief review of reports read at the conference, 


54. L B and Ly lines _in copper and zinc 
6 5 
spectra. M.I. Korsunskii and I.A. Rumyantsev, 
Symposium: Issled. po zharopr. splav., Vol. 3, Moscow, 


Akad. Nauk SSSR, 249-251, 1958 (18255). 


The spectra were studied in an X-ray vac. spectrograph 
with high illuminating power. The spectrograph had a 
bent mica crystal and photographic recording. For a 

voltage of 5 - 7 kV on the table and a current of 10 - 


15 mA the temp. of the anode did not exceed 350°. The lines 


and which correspond to the transitions 
and Liy - Ny were detected in the spectra of Cu and Zn, 


of Cu 


The difference in the wavelengths of "8, and lg 


1.2 
and also of ly and le of Zn corresponds to the energy gap 
5 1 


Physics of metals and crystallochemistry 


could hardly be observed for metal oxides. 
these lines, it is necessary to work in a high vac. 


neutrons in alloys. 


equal to 4.6e&V for Cuand 5.6eV for Zn. The mentioned lines 
To obtain 


(preferably 2 x 107? om Hg) and with a high dispersion 
~ 25 XE/mn. 


On the theory of scattering of slow 


V.M. Danilenko, M.A. Krivoglaz, 
Z.A. Matysina and A.A. Smirnov, Symposiums Issled. po 
zharopr. splav., Vol. 3, Moscow, Akad, Nauk SSSR, 150- 


160, 1958 (18261). 


A brief review of the authors! work on the theory of 
diffuse scattering of neutrons in alloys. The nuclear 
scattering of the neutrons is examined for the general 
case of multicomponent ordered alloys with any structure 
and comp. and with no geometrical distortions of the 
crystal lattice. Binary and ternary alloys are investi- 
gated in more detail. The anomalously large magnetic 
scattering of neutrons near the Curie-point of a ferro- 
magnetic alloy is examined. The peculiarites of the 
dependence of the scattering intensity on temp,, in- 
tensity of the magnetic field and angle of scattering 
are investigated, See also Ref, Zh. Met., No.12, 1957 


(24864 D). 


556 


56. Study of the interatomic interaction 


in alloys by method of scattering of waves by the 
crystal lattice of the alloy. V.V. Geichenko, 

M.A. Krivoglaz and A.A. Smirnov, Symposium: Issled, 
po zharopr. splav., Vol. 3, Moscow, Akad, Nauk SSSR, 


140-149, 1958 (18262). 


A brief review of the authors’ work on the theory of 
diffuse scattering of X-rays by solid soln. which 
have no geometrical distortions of the crystal lattice. 
X-ray scattering by ordering interstitial alloys is 
examined. The case of disordered interstitial alloys 
with a F.C.C.-lattice is investigated in greater detail. 
The diffuse scattering by substitutional alloys is 
examined by the fluctuation method, It is shown that 
in such a case it is possible to determine the energy 
of ordering or decomp. for different co-ordination 
spheres using the formulae obtained and expt. data on 
the intensity of background for different orientations 
of the single crystal and angles of scattering, 


57. Cyclotron resonance in tin, 


M.S. Khaikin, Zh, eksp. i teor. fiz., 37, No.5, 
1473-1476, 1959 (18265). 


Highly sensitive methods based on the use of a high 
quality standard generator were used to measure the 


-1 
value X"~(& X/ 8H) depending on 1/H (H is the intensity 
of the magnetic field, X is the reactive surface resis-= 
tance). A Sn single crystal with a ratio for electric 
resistivity: 
Paorc /Ps.75°K = 145-10. 


was used as specimen. The measurements were carried 


out at 2.4K and at a frequency 9.4 x 10? hertz. In 
contrast to similar work carried out earlier, a whole 
spectrum of narrow cyclotron resonances was obtained, 
in particular with the direction of the field along the 
bisectrix between the tetragonal and binary axes of the 
crystal. The position of each resonance is determined 


. 
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with an accuracy of 1 oersted. 


58. Electric transport in metallic solid 


solutions, K.P. Romadin, Symposiums Issled. po 


zharopr. splav., Vol.3, Moscow, Akad. Nauk SSSR, 292- 
295, 1958 (18266). 


The phenomenon of electric transport (ET) of atoms in 
metallic solid soln, (MSS) of the system Fe - C(0.65 and 
1.2% C), in the binary alloys Ni - Cr, Ni - Al, Ni - Fe, 
Ni - Ti and in a complex 8-component Ni-based alloy was 
investigated. The specimens were heated in a vac. up to 


1000° by d.c. After annealing, the specimens were exa- 
mined with a microscope, the electric resistivity was 
determined, the microhardness was measured and the 
spectral analysis was carried out. The results from all 
the methods of investigation agreed and showed that there 
is transport of ions of the substance dissolved in the 
MSS taking place both in single and in complex alloys 
when a d.c. passes through them. Consequently, the 
phenomenon of ET in MSS is a property common to all of 
them. During ET, a metal with a high electric conducti- 
vity is displaced towards the cathode. It is pointed 
out that the diffusion process in MSS should be con- 
sidered as processes connected with the phenomenon of 
dissociation. The diffusion flow should be considered 
not as a flow of atoms, but as a flow of ions, 

18 references, 


59. On the diffusion and the heat resistance 
of metallic phases, K.A. Osipov, Symposium: Issled, 
po zharopr. splav., Vol. 4, Moscow, Akad. Nauk SSSR, 
21-25, 1959 (18267). 


The hypothesis that various deg. of local deviation from 
the ideal structure appear in the crystal lattice, or 
that centres of max, thermodynamical instability appear 
in the crystal, is put forward, The value of the min. 
work necessary to transfer atoms from the state of a 
stable equilibrium in the crystal to a thermodynamically 
unstable fluctuating state is calc. The atoms may be in 
this state at the centres, for example, of "local fusion" 
or "local polymorphic transformation", Theoretical 

eqn. for calculating the values of the free energy, 
entropy and heat of activation of the formation process 
of max, thermodynamic instability in the crystal are 
given, These processes are calc, for one activated atom, 
From the analysis of expt. data it is concluded that the 
value for the activation energy of different phenomena 
connected with the re-arrangement of atoms in solid 
metals (self-diffusion, recovery and recrystallization, 
plastic deformation and fracture etc.) can be expressed 
by the mentioned formulae, 


60. Diffusion in heterogeneous systems. 


A.D. Sotskov, Izv. Sibirsk, otd, Akad, Nauk SSSR, No.l, 
84-97, 1960 (No abstract) (18268), 


See Ref, Zh. mets, No.4, 1959 (8462 D). 


(Siberian) 


61. On the mechanism of diffusion on the 


grain boundaries. S.M. Klotsman and A.N. Orlov, 


Symposiums Issled. po zharopr. splav., Vol.4, Moscow, 
Akad, Nauk SSSR, 90-95, 1959 (18269). 


The effect of the presence of the transition region in 
the structure of the intercryst. zone (IZ) on the pro- 
cess of intercryst. diffusion is examined. According 
to modern concepts, the structure of the IZ differs 
considerably from Fisher's model which is usually 
adopted for calculations. The presence of a gradient 
of the potential energy of atoms, which is not taken 
into account in Fisher's model, must affect the pro- 
bability of transition of the atoms from the central 
part to the vol. during a non-equilibrium diffusion 
process. The stationary flow of the diffusing atoms in 
the potential field of the transition region of the IZ 
is examined. An eqn. for calculating the number of the 
diffusing atoms is deduced and analysed. It is not 
difficult to determine experimentally the effect of the 
transition part of the zone on the process of inter- 
ceryst. diffusion, 


62; Kinetic parameters for the nitration 


of boron. V.M. Sleptsov and G.V. Samsonov, Dopov, 
Akad, Nauk Ukr.S.S.R., No.10, 1116-1118, 1959 
(18270). 

The diffusion of N in 99.98% B is investigated in the 
region of temp. 600-1500°, It is shown that in the 


range 600-1200° the variation of the diffusion coeff, 
with temp. is expressed by the eqn.: 


Dé00-1200° = 30,100 exp(-30,650/T), 


but in the range 1300-1500° it is expressed by the eqn.: 


D1 300-1500° = 20.3 x 107 exp(-2000/T). 


The sharp decrease in the activation energy and the 


rate of diffusion of N in B at temp. > 1200° is ex- 
plained by the fact that the process of breaking the 
covalent bond of B is terminated when a nitride struc- 
ture is formed and when the defect interstices are 
subsequently filled by N atoms which migrate between 
the lattice planes of the B nitride structure. 
Authors' summary. 


(Ukrainian) 


the coefficient of self-diffusion along the 

boundaries and the boundary width. S. Gertsriken and 
D. Tsitsiliano, Symposiums Issled. po zharopr. splav., 
Vol. 3, Moscow, Akad, Nauk SSSR, 161-167. 1958 
(18273). 


Self-diffusion on the grain boundaries of Ag was 


studied by means of a radioactive isotope 

was deposited on specimens electrolytically. After 

the specimens had been diffusion annealed in vac., 

thin layers (0.5-1 w) were removed electrolytically and 
the radioactivity of the remainder was measured. Eqn, 
are given permitting the calculation of the abs, values 
for the coeff, of boundary diffusion from the expt. 
ratio of the intensities of radiation from the specimen 
x, /N, after removing the layers X, and X,. In contrast 


11 
63. Determination of the absolute value of 


12 
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Ky 


we finally find 


(12) 


Close to the bottom of the s zone, where formula (12) obtains, r,, is considerably higher than rp 
while r also signifies for the free electrons (9). The reason for this is that the scattered electron 
can only collide with the small number of conduction electrons arranged in a narrow layer 


E,— ES 


_(we must remember that we have assumed that k, is low). Thus, the band structure of prevents a 


whole number of transfers, causing a considerable increase in the length of flight. We note that the 
result obtained is correct for any mutual arrangement of bands r and s; they could in particular, 
overlap each other (although here of course, 


Es 


otherwise the upper zone will contain conduction electrons). 
2) In the case of (rs), unlike the former one, the value 


as the Bloch coefficients of the different zones go into each of the totals. 


For the determination of D we can, for instance, proceed from an approximation of the strongly 
bonded electrons, expressing the actual functions of the electron in the form 


(13) 
where for example, 
(x) = 9, (x) = *e rcos 6— 
are functions of the s- and p states similar to hydrogen. After computation we find 
8 \5 
+ (Ke — Ky) 
From this 
rs 
Tre ‘sr 
> Tops 


i.e. the scattering of electrons with exchange of zones can be ignored. 
3) Case (ss). For the hypotheses which have been made 


= 
dum 
Tsp tg 
VO} 
le 
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this case cannot in general exist (after collision both electrons cannot transfer into the upper zone). 
4) Case (rr). To determine the integral (6) we will take out D for the integral and will find 


— 
dx» 


a? 4 I 2 2) 
inserting 0 


and for simplicity restricting ourselves to the case 


for this process we shall find relaxation time in the form 


3 
Kp 2 
rrs 


where determination of D_, on the basis of formulae (13) and (14) will produce 


2 8 


Here also as before, D << 1, which will cause a considerable reduction in the probability of scat- 
tering. 

As can be seen by comparing the formulae obtained (12) and (17) with the corresponding expres- 
sions for the free electrons (9), the band structure does have a considerable influence on the free 
flight of electrons, preventing or reducing the probability of a number of transfers. For this reason 
the free path of electrons with their corresponding energies should be highly dependent on the band 
structure which is different for different metals, and in some metals this influence may be very 
great (see the experimental data in [7] for In, Ge). 


Translated by \. Alford 
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THE THEORY OF INTERNAL FRICTION FROM THE RELAXATION OF SHORT-RANGE 
ORDER IN SUBSTITUTIONAL SOLID SOLUTIONS * 
V.T. SHMATOV 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received 7 January 1960) 


The characteristic peak of internal friction in substitutional solid solutions is due to 
relaxation of short-range order. Formulae obtained for the degree of relaxation of the moduli 
of elasticity and the time of relaxation of the stage of short-range order are compared with 
the experimental] data on internal friction in these systems. 


In binary substitutional solid solutions a peak of internal friction is observed [1-6] where there 
is a comparatively high content of the second component (10 at. % and over). The height of the peak 
is very sensitive to the composition of the alloy and increases rapidly if the concentration of the 
second component is increased (roughly proportional to the square of concentration). The temperature 
at which internal friction reaches maximum becomes lower as the concentration of the second compon- 
ent is increased. 

Zener’s [3] well-known interpretation of this relaxation effect is based on the break-up of the 
cubic symmetry of the lattice by a pair of solute atoms which behaves in a manner similar to that of 
one interstitital atom. In tensile stress the axes of the pair will lie preferably in a crystallographic 
direction close to that of the stress. If the stress is removed the orientation of the pair will, as a 
result of thermal movement, become random. Relaxation of the preferred orientation of the pair of 
solute atoms on periodic change in the external stresses will cause a peak of internal friction the 
nature of which becomes more distinct where the difference in the sizes of the component atoms be- 
comes larger. 

As shown by Nowick [5, 8] it is an oversimplification to explain the internal friction in substitu- 
tional solid solutions by the re-orientation of a pair of solute atoms. The concept of pairs of the sec- 
ond component only makes sense at low concentrations of the solution where internal stress is hard- 
ly observed. Where the concentrations of the second component are greater than 10 at. % more com- 
plicated groups than simple pairs of solute atoms are formed. Finally the very terms solute and solvent 
lose their meaning at concentrations close to 50 at. %. Nowick has not, however, put forward any 
more precise mechanism for the emergence of the internal friction peak in substitutional solid solu- 
tions and has restricted himself only to a survey of the problem of the nature of the heat of activat- 
ion and the time of relaxation in this relaxation phenomenon. 

A new mechanism which, in our opinion, fully allows for Nowick’s objections, has been put 
forward by Le Claire and Lomer [6, 7]. These authors consider that the peak of internal friction in 
substitutional solid solutions is due to relaxation of the short-range order. The mechanism pro- 
pounded by Le Claire and Lomer is in all respects more consistent than Zener’s conception of the 
re-orientation of pairs of soluble atoms. First of all, it is symmetrical, so that there is no difference 
between the atoms of the vent and the solute substance, and secondly, on deformation of the crystal, 
changes are allowed for in the general number of pairs of all three types. 

The work of Le Claire and Lomer [7], however, has remained unnoticed while Zener’s hypothesis 
concerning the nature of internal friction is substitutional solid solutions remains current to this day. 
This may of course be partly explained by the fact that paper [7] is in many respects unsatifactory, 
as the writers have proceeded from the condition that the total free energy of the solid solution is 
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adequately represented by one configurational parameter. This point of view is of course wrong. 
However, as will be shown below, the basic result achieved by these authors — the formula for the 
degree of relaxation of the modulus of elasticity — is correct, as in calculating the degree of relax- 
ation of the modulus of elasticity due to short-range oreder, all other parts of the free energy of the 
solution, including configuration, automatically lapse. 

From the hypothesis developed by the author, on the theory of internal friction in systems with 
additional parameters [9, 10], it is completely natural that a characteristic internal friction peak 
should arise in substitutional solid solutions as a result of relaxation in the degree of short-range 
order. It is the aim of the present article to develop the theory of this relaxation effect, free of the 
deficiencies which occurred in the paper by Le Claire and Lomer [7]. 

The degree of short-range in the arrangement of atoms of the components of an alloy is a funct- 
ion of its constitution and, in particular, changes on deformation of the alloy. The change in the 
degree of short-range order is due to re-arrangement of the atoms, which requires a short time (relax- 
ation time). For this reason, where there is a sufficiently high frequency of deformation there will 
be a halt in the change in the degree of short-range order which will lead to dissipation of the ener- 
gy of mechanical oscillations, i.e. to internal friction. 

The extent of the internal friction is defined by the formula [9] 


1+ 


where w is frequency; 


is the relaxation time for the degree of short-range order at constant deformation ¢ and temperature 
T; AE, is the degree of relaxation of the isothermal modulus of elasticity of the alloy. 

The degree of relaxation in the modulus of elasticity is connected in the following way with the 
configuration thermal capacity C“; and with the first derivative of the degree of short-range order 
y according to temperature and elastic stress o [10]: 


(2) 


where Ep is the non-relaxing part of the modulus of elasticity, equal to the modulus of elasticity 
of the alloy where there is no short-range order. In practice Er in formula (2) can be taken to be 
equal to the usual modulus of elasticity EF, as the only difference in these two is that part of the 
modulus of elasticity is due to the existence of short-range order, which is small. 

The relaxation time for the degree of short-range order is, similar to the case of alloys with 


long-range order, equal to [10] 


eT 


A® 
= — exp | 


where hf is Planck’s constant; 
g is the number of equivalent paths for translation of an atom in the lattice of the alloy; 


5p is the extent of the change in the free energy of the alloy on change in the degree of close- 


range order in one elementary act; 
A® is the thermodynamic potential of activation for the exchange of two different atoms (it is 


only on such exchange that the degree of short-range order is altered). 

By applying the data of the microscopic theory of short-range order in substitutional solid solu- 
tions it is possible on the basis of formulae (2) and (3) to find the temperature and concentration de- 
pendence of the degree and duration of relaxation. As in paper [7], we are for this purpose making 
use of the results of the theory of short-range order which have been presented in papers [11, 12]. 
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For the configuration part of the free energy of unit volume of an alloy with Np atoms type A 
and Nq = N (1 — p) type B atoms we have 


1 
F=—NzkW,, + 21W,, + nW,,)— AT Ing. (4) 


Here z is the co-ordination number of the lattice of the alloy; ¥44, Wap, Vpp are the energies of 
interaction of pairs of atoms respectively of type AA, AB, BB; k, 2/, n are the concentrations of 
these pairs which are equal to 


k = p(p —qy); 2! = 2pq(1 + y); n=9 (q—py); (5) 


g is the number of places for Np A atoms and Nq B atoms at each of the lattice sites, which we, 
following the information in [11, 12], will take to be 


We shall find the functional relationship of the degree of short-range order from the conditions of 
minimum free energy (4) 


(6) 


A 


(p~ gy) (9— Py) exp (— 


+ y)? 


kT 


A= (8) 


Then, if the first derivatives of the degree of short-range order are found for temperature and 
elastic strain then, according to formula (2) we shall find that 


Consequently the temperature and concentration dependence of the degree of relaxation of the 
modulus of elasticity and the height of the peak of internal friction itself 


-1 
AE,, (10) 


determine in principle the configuration thermal capacity of the alloy which is strongly dependent on 


these factors. 
The internal configuration energy of the alloy is 


U => > Nz (kW, + 21W + nW 5), 


and therefore for the configuration thermal capacity we find 


dy 


Using (7) once more and after substituting (12) in formula (10), we shall find 
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2 


Allowing for (7) this result can be presented in the form 


(1 + y)(pP— (9—PY) (14) 
\ dc 

The latter equation for the degree of relaxation of the modulus of elasticity coincides very 
precisely before transformation, with the corresponding formula found by Le Cleire and Lomer [7] if 
the unjustified complications are omitted from it. — 

From (13), the formula for the degree of relaxation, a strong relationship is particularly clear 
between the height of the internal friction peak (10) and concentration, as has also been shown by exper- 
iment. The height of the peak should reach maximum at concentrations of p = q ~ }. Experimentai 
data for internal friction in substitutional solid solutions relate to fields of concentration of the sec- 
ond component of up to 10-30 at. %. In these experiments therefore, the maximum possible internal 
friction for these systems has not yet been reached. It would be particularly interesting to measure 
the internal friction in alloys with unlimited solubility of components. For such systems it is to be 
expected (13), that there would be a rapid increase in the height of the maximum with increase in 
concentration up to 50 at. %, and then there would be a rapid fall with further increase in the concent- 
ration of the second component. 

Also from formula (13) follows the conclusion that the internal friction in monocrystalline substi- 
tutional solid solutions is anisotropic as the values of Ey and 

OA \2 
and 


are different for different crystallographic directions. 
Direct theoretical evaluation of the possible height of the internal friction peak in substitutional 


solid solutions according to formulae (13) and (14) is difficult as the numerical values of the derivat- 


ab)? 
( Oc 
is not known. The relationships established in the work of Le Claire and Lomer [7] between this 


derivative and other known thermodynamic values, are not correct as, as we have already noted, they 


are using the configuration part of free energy for the full free energy of the system. 
Let us now proceed to the establishment of a more detailed formula for relaxation time. Knowing 


the configuration part of the free energy (4) it is easy to find the change in the free energy of the 
system in one elementary act of change in the degree of short-range order Sy, when the number of 


pairs of each of three types is changed by + 1, since [10] 


Ive 


oF = Fy, (by)?. (15) 


From equation (5) we get 
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where % Nz is the number of ail the pairs, then 


(éy)? = 


Differentiating formula (4) we find 


1 1— A 
+ 


Py = 
after substituting (16) and (17) in (15) and after finding in this way the expression for 57 in the form- 
ula (3) we find 


where AS is the entropy of activation; 
AH is the heat of activation of the exchange of position of different atoms; 
Q = NA is the energy of dissociation of 1 mol; 


Nq is Avogardo’s number. 
Thus, relaxation time is not connected in an elementary fashion with the coefficient of diffusion 


of the slowly diffusing component of an alloy, as has been proposed by Nowik [5, 8]. The tempera- 
ture and concentration dependence of the relaxation time of the degree of short-range order is consi- 
derably more complex. However, the nature of the temperature and concentration dependence is deter- 
mined in principle by the last exponential multiplier. For the temperature changes in relaxation time 
this is obvious, while its concentration changes are determined by this multiplier because the heat 
of activation AH is reduced rapidly with increase in the content of the second component. Thus, in 
Nowick’s experiment [5] on the system AgZn the heat of activation was reduced by 10% with changes 
in the Zn content from 15 to 30 at. %, and in the experiments of Childs and Le Claire [6] on the sys- 
tem CuZn this reduction was 12% with changes in Zn content of 10 to 30 at. %. It is this which ex- 
plains the fact that, with increased content of the second component, the peak of internal friction 

is displaced to a lower and not to a higher temperature, as would be required in formula (8) by the 
multiplier p? q? (in experiments on one and the same frequency) in the places of maximum internal 
friction the relaxation time remains constant 


wt” = 1). 


We would note in conclusion that the existing method of measuring the heat of activation accord- 
ing to the degree of the temperature displacement of the internal friction peak with change in frequen- 
cy, produces in the case of substitutional solid solutions, as can be seen from equation (18) not the 
heat of activation AH but AH — Q, i.e. the heat of activation reduced by the dissociation energy of 


1 mol of the alloy. 
Translated by V. Alford 
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INVESTIGATION OF THE THERMOELECTROMOTIYE FORCES ARISING IN CIRCUITS OF 


DEFORMED AND UNDEFORMED METALS OF THE SAME KIND* 
G.M. FEDASEH aad V.1. SUROVOVA 
Dnepropetorsk Institute of Railway Transport Lagmeers 


forces (t.e.m.f.) which arise in a circuit 


(Received 22 Janwury 1960) 


In this paper the resalts are given of the experimental investigation of the thermoelectromotive 
consisting of deformed and andeformed zinc. Factors invest- 


igated are the influence of the degree of deformation, grein size and the crystallographic orientation 


> 
on the value of the t.e.m.f. 


Where there is a difference in temperature in a 
closed circuit of plastically deformed and undeform- 
ed metals of the same type, t.e.m.f. 
per and other metals of the same sub-group of the 
periodic system which pogsess a cubic Isttice, the 
e.m.f. which arises is proportional to the unit strain 
(1, 2]. If deformed copper is annealed recovery of 
the t.e.m.f. is observed (3). 

In metals of non-cubic system the value of the 
t.e.m.f, is according to the investigations of 
Groneisen and Bridgeman, dependent on the orient- 
ation of the crystals [4]. It can be assumed that for 
these metals the nature of the dependence of t.e.m.f. 
on the degree of deformation aud anneaiing is dif- 
ferent. 

The present work hed the purpose of studying the 
influence of orientation and grain size on the be- 
haviour of t.e.m.f. on the deformation and annealing 
of metals of the non-cubic system. Zinc, which has 
a hexagonal lattice, was used for the investigation. 


arises, For cop- 


1. PREPARATION OF THE TEST SPECIMENS 
AND METHOD OF INVESTIGATION 


The zinc monocrystals were grown by Bridgman’s 
method and were V-shaped with a shoulder length 
180 mm and diameter 4 mm. For this, V-shaped 
glass tubes filled with zinc were lowered into a 
vertical tubular furnace heated to 470°. The rate of 
translation of the testpiece was first examined and 
it did not exceed 0.3 cm/min. The angles between 
the basal plane end the axis of the crystal im each 
of the shoulders was determined directly by measure- 
ment after splitting the monocrystals along the 
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basal plane (0001). Then one of the shoulders was 
deformed in the middle section by pressure. The 
degree of deformation was determined according to 
the relationship 


D — 2—4 190, 
dy 


where d, is the diameter of the specimen prior to 
deformation; 
d is the diamter after deformation. 

The test specimen was connected up to a galvano- 
meter. One junction (the interface between the de- 
formed and undeformed parts of the specimen) was 
heated and the other together with connexions and 
leads, was immersed in a vessel with running water 
tc a depth of 80 to 100 cm. Both terminals were 
thus immersed in the same vessel so that during the 
course of the experiment they were of the same cons- 
tant. temperature, thus eliminating the possibility of 
lateral e.m.f. The leads and terminals in our experi- 
ments were copper. The submerged part of the spe- 
cimen and the terminals were not insulated from one 
another. This ‘could not introduce an error of more 
than 1 % as the resistance of the galvanometer was 
relatively smal! (500 ohms). 


2. EXPERIMENTAL RESULTS AND 
DISCUSSION 


Specimens were selected in which the angles 
between the basal plene and axis of the crystal in 
each of the shoulders were equal to zero. In mea- 
suring the angles, deviation of not more than 5° 
was permitted. As can be seen from Fig. la, the 
temperature relationship of the arising e.m.f. for 
these pieces is of a linear nature where the 
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FIG. 1. a — relationship between t.e.m.f. and temperature at different 
degrees of deformation: 
1 — 25%; 2 — 40%; 3 — 52%; 4— 70%; 
b — curve showing relationship between t.e.m.f. and the degree 
of deformation at a constant temperature difference. 


plane will be oriented differently in relation to the 


coefficient 
dE deforming forces (deformation was carried out under 
— pressure). For this reason the nature of the deform- 
ation can be differentiated: in one case there was a 
predominance of slip and rotation of the basal planes 
se Al a f oe lationshi and in the other — twinning and fracture, which is 
not allowed for in determining the degree of deforma- 
.e.m.f. ie degree of deformation at a aioe: 
constant temperature difference. From these curves It is i as a 
t is important to note that when the “junctions 


it is possible to arrive at the conclusion that coef- 
ficient a increases in a linear manner with increase 
in the degree of deformation. However, if the base 


were heated many times, the t.e.m.f. was in a num- 
ber of cases not only reduced, as was to be expected, 
but it even increased to a certain level. 


plane in deformed and undeformed parts of a speci- sige : : 
men are oriented at different angles in relation to t.e.m.f. th ropestes heating 
the axis of the piece, this linear relationship will 
bs iemnpeed. undeformed part coincided with the crystal axis 

(X, = 0) and in the deformed part it was at a certain 


' The curves shown in Fig. 2 relate to specimens 

which have been deformed to the same degree but 
have different orientation of the base plane in their. 
deformed and undeformed parts. It can be seen from 
the illustration that the angular coefficient a grows 
with increase in the difference between the angles 
AX. On one hand these orientations can have a 

direct effect on the extent of the e.m.f. and on the of the specimen. 

other, where the orientation of the base plane relat- If then in the undeformed part the basal plane is 7 
_ ive to the axis of the crystal is different, this so oriented that X, # 0, in the deformed part after 


angle (X, # 0) to the crystal axis. 

On deformation the basal plane rotated so that 
X2 became equal to zero and consequently, X, = 0. 
After the first heating therefore a boundary of mono- 
crystals is formed in the junction, with the same 
orientation as the basal plane in relation to the axis 
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deformation and a single heating the orientation 

of plane (0001) will coincide with the axis of the 
crystal, X, will remain equal to zero and consequent- 
ly, AX # 0. The increase in t.e.m.f. with repeated 
heating of these specimens is due, not to the pre- 
sence of distortion in the lattice but to the forma- 
tion, after heating once, of a new thermocouple 


2 


50 100 150 200 250 300° 


FIG. 2. The influence of the orientation of basal 
planes on t.em.f. (40% deformation): 


= 0 yg = 0; 2—y, = 30°, = 459; 
X; = 30% y, = 90°. 5 


which consists of two monocrystals with different 
orientations of their basal planes relative to the 
axis. 

We have assumed that the t.e.m.f. is positive 
where the thermal current in the hot junction flows 
from the undeformed to the deformed specimen For 
the monocrystals of zinc therefore, the t.e.m.f. is 
positive. 

Fig. 3 shows the temperature dependence of the 
emerging e.m.f., investigated in polycrystalline 
testpieces with different initial grain sizes. The 
degree of deformation in all specimens was 62%. 

It follows from this illustration that on deforma- 
tion of polycrystalline zinc the t.e.m.f. will be 
negative. Reduction in the initial grain size will 
cause the t.e.m.f. to increase sharply in absolute 
value. 

This is apparently due to the fact that, on deform- 
ation of fine grain specimens there is considerable 
distortion of the lattice which does not occur when 
coarse grain specimens are deformed, as it is then 
mainly by slip and twinning. . 

The influence of grain size on the extent of the 
t.e.m.f. could be established by indirect measure- 
ments. For this purpose zinc specimens were grown, 


640 
66 


FIG. 3. The temperature relationship of t.e.m.f. for 
specimens with different initial grain sizes 
(62 % deformation): 
1 — monocrystal; 2 — 4 grains per 1 cm’; 
3 — 20 grains per 1 cm’; 
4 — 60 grains per 1 cm’. 


the shoulders of which had different grain sizes. The 
junction in this case was the boundary between the 
fine and coarse grain sections of the piece. 

The t.e.m.f. arising in this case was of the same 
direction, so that the thermal flow in the hot juct- 
ion was from the fine to the coarse grain. With a 
gtain size ratio of 4:10 the t.e.m.f. corresponding 
to a temperature difference of 350°, was 4.8 x 107 V. 

It is impossible to explain, on the basis of these 
investigations, the reasons for the change in t.e.m.f. 
on changing from monocrystals to polycrystalline 
testpieces. It may be suggested that a substantial 
part is here played by the impurities which segre- 
gate at grain boundaries, which will be the object 
of future investigations by us. 


CONCLUSIONS 


1. The t.e.m.f. arising in zinc is determine both 
by the degree of deformation and the initial grain 
size, while in the case of monocrystals it is also 
dependent on the relative orientation of the basal 
plane in the deformed and undeformed parts of the 
specimen. 

2. On the deformation of monocrystals, the t.e.m.f. 
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will be positive and on deformation of polycrysta!- 4. In a thermocouple consisting of the same metal 
line specimens it will be negative. but with different grain sizes, t.e.m.f. will arise. 
3. On the formation of a junction consisting of 
two monocrystals with different orientation of their 
basal planes, no recovery of the induced t.e.m.f. is 
to be observed after repeated heating. Translated by V. Alford. 
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THE X-RAY DETERMINATICN OF THE OXYGEN PARAMETER IN FERRITES 


WITH A SPINEL STRUCTURE * 
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Ferrites, that is oxides with the formula MeFe,O,, 
where Me is the metal ion, are important magnetic 
materials and are being used more and more in in- 
dustry, particularly in radio engineering. Practically 
all these materials have the same crystal structure 
as the mineral spinel MgAl,0,, which was determin- 
ed by Bragg [1]. The spinel-type of crystal lattice 
is characterized by three parameters: the length of 
the edge of the primitive cell a, the degree of rotat- 
ion A and the size of the oxygen parameter u. 

The first of these parameters (a) can be determined 
by X-rays from the position of diffraction lines on 
X-ray photographs of ferrite, while the two others 
(A and u) from their relative intensity. While it is 
possible by X-ray methods to make a cafficiently 
accurate determination of the unit cell edge (error 
of 0.01 % or less), the determination of the degree 
of rotation and the oxygen parameter u is at the 
moment a much less precise affair. 

The difficulty consists in that use is made in this 
method of the scattering powers of the ions, inform- 
ation which is subject to considerable error. In the 
present work an attempt will be made to apply the 
method of Fourier series to the determination of the 
oxygen parameter u in ferrites with a spinel struct- 
ure and by this means to avoid the difficulties in- 
dicated above as here no knowledge of the scatter- 
ing power of the ions is required. 


THE USE OF FOURIER SERIES FOR THE 
DETERMINATION OF THE OXYGEN 
PARAMETER IN FERRITES WITH A SPINEL 
STRUCTURE 


According to Patterson [2] the interatomic dis- 
tances in a crystal can be determined by the follow- 
ing formula 
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(1) 
where |F,,;|? is the structure factor; 
H is the vector of the reciprocal lattice 
for the plane whose indices are hkl, and 
is the radius vector of the point at 
which the Patterson function is cal- 
culated. 
The distances between the maxima of function (1) 
correspond to the interatomic distances in the struc- 
ture under examination. For a crystal the cell of 
which consists of N atoms, this series will have 
N? — N non-trivial maxima. Therefore, for a spinel 
structure with 56 atoms in the unit cell there will 
be 3080 of these maxima and their interpretation is 
very complex. The problem may be considerably 
simplified if the method is used of plotting the sec- 
tion along the co-ordinate axes 


x; = 0, x; =0 


and the lines parallel to them, or the co-ordinate 
planes 


x, = 0 


and the planes parallef to them as suggested by 


Harker [3]. 

Belov and Butuzov [4] have constructed such a 
section along three axes. In cubic symmetry with 
these axes there: ~ the space diagonals. Calcul- 
ation for them is simplified and formula (1) assumes 
the form 


h « l=+eo (2) 
P (xxx) =K cos (A +x +1) x. 
-e 


Calculation of the Patterson functions for any 


point on the space diagonal consists the summation 


| 


The oxygen parameter in ferrites 


TABLE 1. Relative intensities and the values of the polarization and Lorenz, 
adsorption, temperature, multiplicit, and structure factors for the lines of an 
X-ray photograph of MgFe,0, 


lexp PL A 
220 3.5 15.7 17.0 | 0.978 | 12 | 1.12 
113 10 11.9 18.8 | 0.971 | 24 | 2.08 
400 3,2 7.0 23.8 | 0.958 | 6 | 3.33 
422 2.1 4,2 31.0 | 0.938 | 24 | 0.75 
511 5.6 3.7 33.7 0.929 | 24 | 1.51 
333 : 3,7 33.7 | 9.9299} 8 | 1.51 
440 8.9 3.1 38.3 | 0.917 | 12 | 6.81 
620 1.4 2.7 | 45.6 0.897 | 24 | 0.52 
533 2.4 2.7 | 48.3 | 0,890 | 24 | 0.85 
642 2,1 3.3 | 60.7 | 0.861 | 48 | 0.24 
137 67 3,7 | 64.0 | 0.854 | 48 | 0.40 
553 : 3,7 | 64.0 | 0.854 | 24 | 0,40 
800 3,0 4,6 70.0 0.843 | 6 | 1.84 


TABLE 2. The value of Patterson functions for magnesium ferrite at different 
values of the oxygen parameter 
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it is possible to determine the oxygen parameter u 

by means of the section along the space diagonal 

of the unit cell of spinel on which lies the ion with 

+ COS +0, COS 2n - 2x 4 co-ordinates [ [uuu] The accuracy of the determin- 

(3) ation of the maxima co-ordinates of Patterson’s 
function has been examined by Kitaigorodskii [5]. 
Errors occurred for two reasons. The first is inter- 
ruption of the series. In an experiment it is possible 
io determine the structural factors only of those 


in which the coefficients planes for which 


a (i=0, 1, 2, 3...) 


of a one-dimensional series 


+ a3cos2x 3x+..., 


are the sum of the structural factors 


where A is the wavelength used; 


IF is the lattice parameter. 
é The structue factors for planes with indices greater 
for all possible combinations of Akl, for which than that required by the disparity (4), remain un- 
ge: known. Thus, instead of the endless series (3) a 
h+k+l=i. series is summated which consists of a limited 
number of terms. Interruption of the series leads to 
If from these conditions of symmetry, it follows the appearance of an error which becomes greater, 


the greater the wavelength of radiation used. F 
The other cause is the imprecise knowledge of 


struture factors 


that some ions are arranged on a space diagonal of 
the unit cell, then it is possible by means of formula 
(2) to find the distance between them. On this basis 


26 
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FIG. 1. The line intensity/oxygen parameter relationship for MgFe,0,. 
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which are determined from the relative intensities 
of the diffraction lines which we know only with a 
certain degree of error. 

In the present work an attempt will be made to 
apply Patterson’s method to the determination of the 
‘oxygen component u in ferrites MgFe,0,, and also to 
carry out the corrections necessary for the determin- 
ation of this parameter by the method of “trial and 
error” as has been done in paper [6]. 


METHOD 


Magnesium ferrite was obtained by sintering an _ 
equimolecular mixture of MgO and Fe,0, at a temper- 
ature of 1200° for 55 hr in air. The prolonged soak- 
ing at high temperature assured a homogeneous 
spinel phase. On conclusion of the sintering the 
ferrite was cooled in the furnace. The material ob- 
tained was carefully ground in an agate mortar and 
needles were made of it with a diameter of 0.5 mm 


by packing the powder into celluloid capillaries. The 
effective density of powder, which is necessary to 
calculate the absorption factor, was determined from 
the geometrical size of the capillaries and the re- 
sults of weighing them before and after packing. 

The specimens were then X-rayed by the Debye 
method in the one camera with a diameter of 57.3mm 
in Fe-K, radiation from a BSV tube with a Mn filter. 
The X-ray phofographs were made on film placed 
asymmetrically by the Strauman method. Allowance 
was made for absorption in the specimen by intro- | 
ducing Hadding’s correction. Using the graphic 
extrapolation of Bradley and Jay, the crystal lattice 
parameter of ferrite was determined from the posi- 
tion of the lines on the X-ray photograph, and this 
coincided almost completely with known data in 
literature [6]. Photometering was carried out on a 
micro-photometer MF-4. 


RESULTS 


The relative intensity of the lines obtained as a 
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result of photometering is shown in Table 1. In the 


same Table are given the calculated figures for the 
factors of polarization and Lorentz scattering PL, 


absorption A, temperature 


e— 2M 


and the multiplicity factor p for all the lines on the 
X-ray. For the calculation of the absorption facter 
the effective density of the powder was used, taken 
as the average of the results found by the method 
described above for 15 different specimens. 

Lastly, also in Table 1, are the values of the 
structural factors 


|F hkl exp 


calculated from these data, which were then insert- 
ed in formula (1) to calculate the value of the 
Patterson function for points on the space diagonal 
from u = 0.350 to u = 0.400. The results of these 
calculations are set out in Table 2. 

On the basis of the properties of the Patterson 
functions discussed above the conclusion may be 
drawn that the oxygen parameter for the magnesium 
ferrite obtained by us, is 0.375. The error in deter- 
mining the co-ordinate for the Fourier series maxi- 
mum calculated in paper [5] is 0.005. 

We also calculated the value of the structure 


factors of the diffraction lines as functions of oxygen 


parameter u. To do this first of all the degree of 
rotation of the ferrite was determined by the method 
put forward by Bertault [7], It appeared that the 
ferrite which we obtained has a degree of rotation 
A, close to 0.5, which agrees with data published in 
literature [7, 8]. From the results of calculations 


made in the light of this degree of rotation of ferrite, 
a graph has been plotted (see Fig.) with the value 2 


u on the abscissa axis proportional to the oxygen 
parameter, and on the ordinate axis the calculated 
relative intensities of the line. 
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The experimentally determined intensities of the 
lines are also plotted on this graph. It can be seen 
that the greatest agreement between the theoretic- 
ally calculated and experimentally determined in- 
tensities of the diffraction lines is at the point 
where u = 0.375. The greatest difference may be 
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for this is not clear. 
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functions for the oxygen parameter u of magnesium 
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meter determined by the method of “trial and error”. 

The value which we obtained for the oxygen para- 
meter u = (0.375 + 0.005) is in agreement with the 
data obtained in paper [8] by means of diffraction 
neutrons on magnesium ferrite, but it differs from 
results obtained considerably earlier [6]. 

In conclusion it should be noted that the error 
in determining the oxygen parameter of ferrite by 
means of Patterson’s functions, can be consider- 
ably reduced if X-ray illumination is used with a 
much lower wavelength. Calculation has shown for 
instance, that the error indicated would be not more 
than 0.0025 if Mo-K radiation were used. 


CONCLUSIONS 


The oxygen parameter u for magnesium ferrite 


has been determined by means of Patterson functions 


and has been found to be 0.375 + 0.005. The diffrac- 
tion picture calculated for this value of u agrees 
very satisfactorily with experimental observations. 
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SOME FEATURES OF THE COLD ROLLING TEXTURE DISTRIBUTION OF TRANSFORMER 
STEEL (TOTAL COMPRESSION 92%)* 
I.P. KUDRYAVTSEV 
Urals Polytechnic Institute 
(Received 19 November 1959) 


In the present report an analysis is made of the data of Moller and Stablein [1] on the distribu- 
tion of texture across the section of a sheet of cold rolled ferro-silicon alloy. It is shown that the 
relationship between the intensity of the reflected X-rays ] and the angle y between the normal to 
the rolling plane and the normal to the crystallographic plane (200) reproduces the function of the 
distribution of grain orientation p (y) with precision up to the coefficient constant. A concrete form 
of the function / (y) is deduced for the inner and outer layers of the cold rolled alloy in the case of 
total compression of 92%. A calculation is made for the curve of mechanical moment communicated 
to a specimen from the external magnetic field. The theoretical values 5A, and 5A, obtained on trans- 
ition from the outer to the inner layer coincide with those obtained experimentally. 


INTRODUCTION 


VOL. 


lo The problem of the heterogeneity of structure across cold rolled materials has been inadequate- 


ly studied up to the present time. In this respect, the paper by Moller and Stablein [1] is of consider- 
able interest as they also investigated the problem of the nature of the distribution of crystallographic 
texture in the centre and close to the surface of cold rolled ferro-silicon (total compression 92%) and 
showed that, although the type of texture in these Jayers remains unchanged, its distribution through 
the layers is of a different nature in that the greatest distribution is observed in the outer layer. 

The increased distribution of texture in the outer layer should lead to a reduction in the value 
of the torque transmitted to the outer layer separated from the cold rolled material (e.g. by etching) 
by a rotating magnetic field. This effect has in fact been observed experimentally [2]. It appears that 
the relationships of the change in torque according to layer can be identically obtained from the nature 
of the distribution of grain orientation in a cold rolled material by analogy with that which has been 
done for industrial cold rolled electrical engineering steel (3, 4]. 


SOME CONCLUSIONS FROM THE PAPER BY MOLLER AND STABLEIN 


Moller and Stablein [1] plotted stereographic projections for the poles of planes (110) and (200) 
for the layers of cold rolled steel (total compression 92%) inside and close to the surface. The lines 
of equal intensity of the reflected X-rays were plotted against the pole figures. Allowing for the geo- 
metrical features of the apparatus for measuring the intensity of the reflections of X-rays from the 
surface of a specimen and for the absorption factor, it appears to be possible to pass from pole 
figures (Fig. 10a to llc in paper [1] ) to the functions of the distributic . of grain orientation. © 

We will demonstrate this by the following simple scheme which could be put into effect for ex- 
ample, on the X-ray ionization apparatus URS-25I. Let the primary X-ray be perpendicular to the axis 
of rotation of the specimen and to the counter. The specimen is rotated on a vertical axis. The 

counter rotates in a horizontal plane around the same axis as the specimen. - 

If X-ray photographs are made with K, Co radiation then, in order to record reflections from 
plane (200), the specimen must be set up at an angle of 9,,,, = 38°42’ to the primary ray and the 
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FIG. 1. Curves / (y) for the outer (1) and inner (2) layers of a specimen. 
The dotted lines show the approximation of equation (7). 


counter will be at an angle of 20. If the counter is then set up and one specimen begins to rotate 
around the previous axis, then at certain angles of rotation a drop in the intensity / of the reflected 
beam will be observed. If the absorption factor is allowed for the relationship between intensity and 
the angle of rotation of the specimen ¢ relative to the primary beam will reproduce the static funct- 
ion of distribution of grain orientation p (y) with precision up to the constant of the multiplier. Actual- 
ly, in this case the intensity, on rotating through an angle ¢ will be proportional to the number of 
grains of plane (200) which can be found in the position of the reflection. In view of the static nature 
of the distribution of texture the grains must be found for planes (200) the angle of which @ + « will 

be the Wolfe-Bragg angle. 

For a monocrystalline plate the relationship / (<), allowing for the absorption factor, will be 
close to a relationship of the form 5 (€). 

Guided by the considerations which we set out, it is possible to pass from the pole figures 10a 
to llc in paper [1] to the functions of the distribution of grain orientations. From investigation of the 
pole figures the conclusion may be drawn that the distribution which determines the difference in the 
properties of the internal and surface layers of a metal which has undergone considerable total com- 
pression, is that which goes around the rolling direction. If y; is used to represent the angle between 
the rolling plane and plane (200) this distribution will be characterized by the function of the distri- 
bution of orientation p (y). Here the reading of angles y is made along the horizontal diameter of the 
pole figure for plane (200) to the right and left of the vertical diameter which coincides with the dir- 
ection of rolling. It is also obvious that 


1 = 2 — 


Fig. 1 shows the functions / (y) determined on the basis of the data in [1] for the internal and 
outer layers of a cold drawn material (total compression 92%). J (y) will differ from p (y) only by 
the measurement along the vertical axis which is unimportant for subsequent deliberations. 


RELATIONSHIP BETWEEN p (y) AND THE AMPLITUDES OF HARMONICS A, AND A, OF 
THE TORQUE CURVE 
To pass from the function p (y) to the torque curve of the layer [2] the analytical relationship 


2 fi 
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FIG. 2. Relative positions of unit vectors i,, il» yi and ae 


VOL. must be found between the amplitudes of the harmonics of the torque curves A, and A, and the form 
lo of functions p (y). For this purpose we will make use of Fig. 2 which shows the relative position of 

1960 the trio of tetragonal axes and the system of co-ordinates fixed with respect to the specimen accord- 
ing to the case under review. Let 2, be the unit vector of the = axis of the system of co-ordinates 
rigidly connected with the specimen, with i, oriented in the rolling direction and i, in the plane of 
rolling and perpendicular to i,; j; is the unit vector of the / axis of the system of co-ordinates which 
coincides with the trio of tetragonal axes; n is the unit vector of the direction of magnetization. The 
formula for the part of the density of the free energy of a textured specimen, depending on the orient- 
ation of the external magnetic field, will, with a precision up to four degrees of the direction cosines 
n relative to iy have the form 


F=k, (a2 + a2a2-+ a2a?). 


(1) 
Here k; is the constant of crystal anisotropy 
% = %,=(%j2) = js). 
From Fig. 2 it follows that: 
a, = ¢— sin ecos§, sina, 
2 

(2) 

= ——COS + SIN PCOS fy SiN dg, 


as = Sin Sin 7. 


According to the mode! evolved, the independent co-ordinate which determines the difference in 


31 


= 
Js 
| 
XN 


Cold rolling texture distribution 


the torque curves for each layer, is y. Using formula (2), under conditions where the unit vectors 
j, and j, are perpendicular and with the obvious equations 8, = 8, and a, = a, we get the formule (1) 
in the form 


43 3 9 1 1 3 
cos 27 cos + ( cos 21+ —cos 4) cos 2¢- 


7 7 3 
+— Cos 27 — COS 1) cos 


We will introduce the mean value for the density of free energy: 


Then the mechanical moment will be determined from the conditions of the minimum F : 


or more precisely 


z 
3 
M= { + 41) dy] sin 2¢-+ 


7 7 
{ (5 + C08 21 — 5 cos 4) p(x) dy] sin de, 


From which we obtain directly the formule for the amplitudes of.the harmonics of the torque curves 


3 
C08 21 + cos 47) Pp (y) dy, 


7 3 
4. cos 47) 


Where there is no spread of grain orientation 


A, =0, a Ay = 


32 
F= | p(i)F(9, (4) 
M = — OF /0e, 
vO 
1 
(6) 
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which coincides with the results of direct calculations of the amplitudes of the harmonics of the 
curves of torque for a monocrystalline disk with the following crystallographic orientation: vector of 
magnetization rotates in the plane (100), reading of angles ¢ is made from the direction [110] project- 


ed on the surface of the specimen. 
In order to find out how A, and A, change from layer to layer, an approximation must be made 
in a clear form to the function of distribution of grain orientation p (y). 
VARIATIONS IN A, AND A, FROM LAYER TO LAYER 


Let us present p (y) in the form of superpositions of the three functions of distribution 
p(y) = P(y +a)4+P (y—a) + By). (7) 


As can be seen from Fig. 1, on transition from the internal to the outer layers of the material 
there is an increase in the absolute value of a. Here the function B (y) changes a little. Having 
substituted in the term P (y + a), y + a = x, and in the term consisting of P (y — a), y — a = x, and 
having utilized the periodicity of P (x) in conditions of normalization: 


P(xdx+ B(y)dy=1 


where K, is a constant term which remains unaltered from layer to layer 


B(q) cos 27 dq + — 


ro] 


In the same way we shall find the equation for A,: 


A,= 4k, (Ke -+- = cos 2a \ cos 2xP (x) dx — = cos 4a | cos 4xP (x) dx), 


2 
7 


2 


Proceeding with the convenience of mathematical description we will determine the difference 
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P ky (K ; 3 cos 2a j cos 2xP (x) dx + cos 4a cos 4xP (x) dx). (9) 
of -+ 
(10) 
2 
where 
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between the values of A, for the outer and inner layers. Let a for the outer layer be a, + 5 a, is the 
value of a for the inner layer. Then, expanding cos na for the outer layer into a Taylor series through 
stages n 5a, and restriction ourselves to two terms, we shall find the difference 5 A, between the 


values of A, for the outer and inner layers in the form 


z 
8A, = 2k, (0, 150 sin 2a, 23a, i) P (x) cos 2xdx — 


— 0,075 sin 4a, 4a, | P (x) cos 4xdx) . 


Multipliers 1.2 and 0.8 are introduced on the basis of the experimental values of a, and 5a, in order 


that the expansion shall produce a sufficiently precise value for cos na. 
in an analogous manner we find the expression for 5 A,: 


8A, = P (x) cos 2xdx + 


To compare the theoretical 5A, and 5A, with experimental results an approximation must be made 
in an explicit form to the function of the distribution of grain orientations P (x). As the case under 
review is similar to [4] we will make use of the approximation selected there 


x2 


(15) 


The parameter D is excluded by means of the conditions of normalization 
P (x) dx = 


P(x) cos nx dx = 


Substituting (17) in (13) and (14) we find: 


| 
(13) 
n 
VoL 
(14) 1c 
19€ 
+ 0,018 sin 4a, 48a, ( P (x) cos 4x dx) . 
(16) 
_ Making the same calculation as in [4] we finally find 
(nz)? ‘ 
3 (17) 
a 
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GA, = (0,150 sin 2a, 22a," — 0,075 sin 4a, 
= (— 0,264 sin 2a, + 0,018 sin 4a, 42a,e 


A COMPARISON OF THE THEORETICAL AND EXPERIMENTAL RESULTS FOR THE 
VALUES OF 6 A, ANDS A, 


To compare the results of the calculation with those obtained experimentally for the values 
5 A, and 6 A, we carried out the following experiments. 

Pieces 80 x 200 mm were cut out of hot rolled strip of industrial transformer steel 2.5 mm thick 
containing 3% silicon (by weight), and were cold rolled to a total compression of 92%. During rolling 
the pieces were always fed into the rolls from the same end. 

The cold rolled strip obtained was cut up into small plates which, by means of a permanent 
magnet, were brought into contact with a 10% solution of nitric acid. In these conditions the plates 
were evealy etched on one side so that in the centre portion over an area of about 7 to 9 cm? a cons- 
tant depth (+ 0.02 mm), adequate for experiment, was assured. During the etching process the depth 
was checked by micrometer. As only one side of a plate came in contact with the etching acid, it was 
possible to separate layers parallel to the surface and lying at any depth. 

For our experiments two layers about 0.08 mm in depth were made, the surface of which was 
parallel to the rolling plane. One layer was etched from the centre of a specimen and the other from 
the edge in such a way as to leave one side unetched. 

From these layers disks 30 mm in diameter were made on a special stamp. The measurement of 
mechanical moment was made on a torque magnetometer similar to that described by Shubina [5], at 
room temperatures. The torque was determined for a number of values of angle between the directions 
of the external magnetic field and the rolling direction according to the formula 


(is) 


is the distance between a mirror fastened to the mounting of the specimen and the scale; 
is the modulus of torque of the plumbline; 

is the volume of the specimen calculated according to weight and density; 

is the rotation of the specimen in the magnetic field read on the scale. 

Here it was assumed that the direction of the external magnetic field H did not coincide with 
that of the intensity of magnetization / in the specimen [6]. Transition from the angles y to the 
angles between rolling direction and /, represented in the text by ¢, is made by adding corrections 
A w to W, which can be approximately calculated from the formula 


@ £4 20 
Ay= Ps 97,3°. (20) 

Measurements of torque were made in the angular ranges @ O—16 and 180 — 360° through each 
10°. The values M for the angles ¢ and d + 180° were averaged. The mechanical moment/¢ curves 
thus obtained were expanded into a Fourier series. The amplitudes of the harmonics were determined 
according to the method in [7]. 

The experiment produces the following figures for the amplitudes of the harmonics of the curves 
of mechanical moment for disks cut out of the layers which were obtained in the manner described 
above: for the inner layer A, = ~ 1.90 x 10* ergs/cm’, A, = 9.4 x 10 ergs/cm’; for the outer layer 

= — 160 x 10 ergs/cm’, A, = 6.7 x 10 ergs/cm*. From which 5 A, = 0.30 x 10* ergs/cm’, 
A,=— 2.7 x 10 ergs/cm’. 
When calculating the values 5 A, and 5 A, to compare them with experimental results, it is 
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possible to use the known approximation that a for these specimens differs by 5 a, and a is the 
same. In this way the data in paper [1] can be utilized. 
It can be seen from Fig. 1 that 


a, ~ 25°. 6a; ~ 15°, ~ 3u". 


Taking k, = 32 x 10* ergs/cm® we find from (18): 5 A, = 0.43 x 10* ergs/cm® and 5 A, = — 3.1 x 10 
ergs/cm*. A comparison between the experimental data and the calculated values of 5 A, and 6 A, 
shows that the changes in A, and A, observed in experiment from layer to layer can be explained 
by the change in the value of a in the functions of distribution p (y) for the grain orientation in cold 
rolling. It should, however, here be borne in mind that the theoretical values of 5 A, obtained are 
somewhat higher than the absolute value as a for the section of an etched layer is less than that 
observed in paper [1] for the layer immediately adjacent to the surface, which same was used in the 
calculations. 

Two other sources of error can be indicated in calculation of the enless of 6 A,. First there is 
the fact that the series (1) for the density of free energy is broken at the first term. "Secondly, no 
allowance has been made in the calculations for the scattering of grain orientations through angles 


a and 


CONCLUSIONS 


1. The presence on the pole figures in paper [1] of lines of equal intensity from the reflected 
X-rays permits the construction of the function of distribution of grain orientation in a steel for the 
defining scattering and also me kes it possible to find the mean value for the density of free energy 


in a Sextured material. 
2. Theoretical calculation has been made of the harmonic amplitudes of the torque curves for the 


inner and outer layers of cold rolled transformer steel and on the basis of this the changes in A, and 
A, have been calculated on transition from the outer to the inner layer. This is in agreement with 
experimental observations. 


Translated by V. Alford 
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SOME MAGNETIC PROPERTIES OF POWDERS OF THE ALLOY MANGANESE-BISMUTH * 
G.S. KANDAUROVA and Ya.S. SHUR 
Urals State University 
(Received 8 February 1960) 


The relationship has been studied between the magnetic characteristics of isotropic powder spe- 
cimens of the alloy Mn-Bi and their demangetization capabilities and dispersion of the powders. The 
features observed in the magnetic properties of the specimens are due to the form of magnetic struc- 
ture which is liable to a regular change with change in the size of the powders. 


INTRODUCTION 


in previously published articles [1, 2], devoted 
to the investigation of the magnetic properties of 
powders of the alloy manganese-bismuth the proper- 
ties of magneto-anisotropic (pseudo-monocrystalline) 
specimens have been studied. While investigating 
the magnetic properties of these specimens a num- 
ber of features were revealed which could be ex- 
plained qualitatively on the assumption that in fine 
powders of the alloy manganese-bismuth there is a 
spectal form of magnetic structure, called the tran- 
sition structure. This structure has been subse quent- 
ly revealed experimentally by the use of powder 
figures [3]. 

It is natural that the properties of artificially text- 
ured powder specimens should be determined not 
only by the magnetic structure of the ferromagnetic 
particles but also by the presence of magnetic 
structure, i.e. parallel orientation of the axes of easy 
magnetization of individual particles. Considerable 
interest attaches to a special study of the magnetic 
properties of isotropic (pseudo-polycrystalline) spe- 
cimens of powders of the alloy manganese-bismuth 
with different dispersion. In this case it can be as- 
sumed that the magnetic properties of the specimens 
will only be determined by the magnetic structure 
of particles of the alloy. 


EXPERIMENTAL PROCEDURE 


The material ased to produce powders of differ- 
ent sizes was the magnetic equiaxial high coercive 
force alloy Mn-Bi with coercive force H,. The 
method of producing the alloy and its powders has 
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already been described in papers [1, 2]. Dispersion 
varied between 720 to 6 p. Coercive force varied 
from 1350 to 7000 oersted in the same way. 

The powder specimens were prepared in the fol- 
lowing way. Powders of definite size were careful- 
ly mixed with the binding substance. This mixture 
was packed into a cylindrical mould 15 mm in dia- 
meter and 2 mm high. After the adhesive had soli- 
dified, specimens were obtained in the shape of 
disks, consisting of particles of the alloy MnBi 
divided by non-ferromagnetic interlayers. Unlike the 
magnetic textured powders, in isotropic specimens 
the axes of light magnetization of the particles 
were chaotically oriented. Concentration of the 
MnBi powder did not exceed 15% by volume. This | 
quantity of ferromagnetic phase appeared to be suf- 
ficient for measurement of the magnetic properties 
of the specimens by the ballistic method. At the 
same time it was established experimentally that 
such a small concentration of magnetic phase in the 
specimens made it possible to ignore magnetic inter- 
action between individual particles. 

For measurement of the magnetization curves the . 
initial demagnetized state of the specimens was 
found in three’ ways: the specimen was demagnetized 
by means of an alternating magnetic field at a tem- 
perature of liquid nitrogen, when the coercive force 
of powders is low [‘’ — the demagnetization method 
a: the testpiece was demagnetized at room temper- 
ature by connecting up to a reverse permanent mag- 
netic field so that the magnetic moment of the spe- 
cimen became zero. Here there are two possibilities: 
the field which demagnetizes the specimen is the 
opposite to the fields in which the curve of intensi- 
ve magnetization are to be measured — method 5; 
these fields are of the same kind — method c. We 
will therefore call the curves of magnetization 
obtained after demagnetization by methods a, 6 and 


| 
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FIG. 1. The demagnetizing part of the descending 
branch of the hysteresis loop and recovery curves 
for a MnBi powder 25 p. 


c respectively curves type a, b and c. 


RESULTS OF THE MEASUREMENTS 


The main results of the measurement of the mag- 
netic properties of the powders are set in Figs. 1 
to 4. Fig. 1 shows the demagnetizing part of the 
descending branch of the hysteresis loop and the 
recovery curves of a specimen produced from a 
powder with particles 25 » in size. The recovery 
curves were completely reversible. It should be 
noted that they are of concave shape. This is a fea- 
ture which has also occurred in specimens of finer 
powders (9 and 6 yn). 

Figs. .2 and 3 show the magnetization curves for 
specimens, made of powders 25 and 6 yp in size after 
reaching the state of demagnetization by the three 
methods described above. It can be seen from the 
illustrations that the course of the magnetization 
curves is substantially dependent on the ability to 
achieve the demagnetized state. The process of mag- 
netization occurs easiest of all on demagnetization 
of the specimens by method a. Type a curves run 
steeper than the others. The process of magnetiza- 
tion is particularly difficult where the demagnetized 
state was achieved by method c. Ia this case the de- 
magnetizativa curves for the fine powders (curves 
type c) are stepped and sectors of the curves prior 
to fracture are recovery curves. Type 5 curves which 
are continuations of the appropriate recovery curves, 
occupy an intermediate position between types a 
and c. Comparison of the curves in Figs. 2 and 3 
shows that the difference between magnetization 
curves type a, b and c increase as the powders 


5000 10000 15000 20000H oersted 


FIG. 2. Magnetization curves for a MnBi powder 25 u. 

a — after demagnetization in a variable field at a 
temperature of — 196°; 

b and c — after demagnetization by a reverse perman- 

ent field at room temperature. 


become smaller. For large powders (720 to 180») ° 
the difference is insignificant. 

Fig. 4 shows the magnetization curves type a for ' 
MnBi powders of different sizes and also for the 
baked original *. It is clear that in this case all the’ 
magnetization curves will practically merge with éne 
another and consequently, the same difficulties will 
accompany the process of magnetization in both 
fine and coarse powders. If the demagnetized state is 
achieved by methods 5 or c, the magnetization pro- 
cesses will be even more difficult with greater dis- 
persion of the powder while the magnetization cur- 
ves will be more even. This regularity is clearly 
visible if the corresponding curves are compared in 
Figs. 2 and 3. 


DISCUSSION 


A number of features have therefore been reveal- 
ed in the process of the technical magnetization of 
powders of the alloy manganese-bismuth. Depending 
on the method by which the initial demagnetized 
state of the MnBi powders is achieved, three types 
of magnetization curves, a, b and c may be found. 
Type a curves are not dependent on the size of the 
powder (Fig. 4), type b and c curves on the other 
hand, are considerably deformed with change in the 
dispersion of the powder (Figs. 2 and 3). Similar 
properties were found and described in papers [1,2] 


* The figure for intensity of magnetization in the field 
20,000 oersted is taken from the saturation induction 
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FIG. 3. Magnetization curves for a MnBi powder 6 pL. 
a — after demagnetization in a variable field at a 
temperature of — 196°; 
b and c — after demagnetization by a reverse perm- 
anent field at room temperature. 


5000 10000 15000 20000 H, oersted 


FIG. 4. Magnetization curves for isotropic specimens of 
baked alloy MnBi and powders of various sizes. 
The initial demagnetized state was achieved by demag- 
netization of the specimens with a variable . .guetic 
field at a temperature — 196°. 


in the investigation of magneto-anisctropic speci- a special transient magnetic structure in the fine 
mens of powders of the alloy MnBi. Analvsing the particles. It is a characteristic of this structure 
results described in these papers with the results that, in the process of technical magnetization, a 
of the investigation of the magnetic properties of the great part is played by the processes of the emer- 
alloy MnBi by the powder figure method [3, 5], it gence, growth and destruction of the centres of 

was found that the peculiarities of the processes of remagnetization. Under certain conditions a particle 
technical magnetization are due to the presence of with a transitory magnetic structure may behave 
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like a single-domain particle, and in others — like 
a multi-domain one. 

It is natural tc assume that in the case of isotropic 
powders the peculiarities of the magnetic properties 
discovered are also due to features in the magnetic 
structure of the particles of the alloy manganese- 
bismuth. The we!l-defined relationship which may be 
observed between the magretization curves and the 
conditions by which the initia! demagnetized state 
is achieved (Figs. 2, 3) is due to the fact that, 
using different methods of demagnetization, we are 
creating a different initial magnetic structure in the 
specimens. In method a the specimens were cooled 
to a temperature of — 196°. The constant of magaetic 
anisotropy of the alloy MnBi is known to decrease 
sharply with reduction in temperature [6]. As a result 
of this the critical size for the single-domain state 
tends towards the smaller sizes. The finer particles 
therefore, which at room temperature have a single- 
domain or transient magnetic structure, become multi- 
domain at the temperature of liquid nitrogen. On re- 
heating to room temperature the multi-domain struc- 
ture is preserved in the fine powders [5, 7]. For 
this reason the processes of magnetization of pow- 
ders of different dispersion demagnetized by method 
a, do not differ essentially, while their magnetiza- 
tion curves practically merge with the magnetization 
curves of a baked specimen of the alloy MnBi (Fig. 
4). 
After demagnetization by either method b or c, 
the different powders will have a different magnetic 
structure in the initial states. In coarse powders 
this will be a multi-domain structure and for this 
reason, as has been noted above, in coarse powders 
type 5 and c curves will be very little different from 
curves type a. The finer the powder the greater will 
be the difference in magnetic structure of the partic- 
les from those of a multi-domain one which has 
transformed into a transition or even single-domain 
atructure. This could be explained by the relation- 
ship observed between the magnetization curves 
type 6 and c and the dispersion of the powder. In 
the case of a multi-domain magnetic structure the 
processes of magnetization flow more easily than in 
the case of a transition structure or one which is 
close to single-domain. For this reason type a mag- 
netization curves will always be steeper than type 
b and c (Figs. 2 and 3). There is considerable dif- 
ference in magnetization curves b and c in the case 
of fine powders which is apparently due to the pec- 
uliarities of the transition magnetic structure of 
fine particles. 

This feature also appears to be demonstrated in 
the unusual form of the recovery curves in specimens 
of fine powders (Fig. 1). It is to be expected that. 
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in fine powders, beginning with the residual mag- 
netized state, remagnetization of each particle will 
occur by the means of the growth of nucleii of the 
opposite phase. The growth of these remagnetiza- 
tion nucleii may be irreversible. This will also de- 
termine the unchangeability of magnetization on re- 
duction of the reverse field, which ought to cause 
the appearance cf a horizontal region on recovery 
curves. These horizontal sectors have actually 
been discovered in textured powder specimens [2]. 
However, as the axes of easy magnetization of the 
particles are randomly orientated in isotropic spe- 
cimens, the components of external magnetic field 
which act on the individual particles must differ 
in size. As a result of this no horizontal regions 
are observed on the recovery curves and there is 
only some convexity to be seen. 


CONCLUSION 


An investigation of the magnetic properties of 
isotropic pseudo-polycrystalline powder specimens 
of the alloy manganese-bismuth has been made and 
has revealed that fine powders of the alloy have a 
number of peculiarities in their magnetic propert- 
ies. These peculiarities are in general similar to 
those which have previously been observed in the 
investigation of the magnetic, anisotropic pseudo- 
monocrystalline powder specimens of the alloy and 
are due to the presence of a special magnetic struc- 
ture in the fine particles, which is a transition one 
between the multi and single domain magnetic 
structures. 


Translated by V. Alford 
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THE MOBILITY OF CHROMIUM ATOMS IN A NICKEL CHROMIUM ALLOY UNDER THE 
INFLUENCE OF A CONSTANT ELECTRIC FIELD* 
D.F. KALINOVICH, I.I. KOVENSKII, M.D. SMOLIN and I.N. FRANTSEVICH 
Institute of Powder Metallurgy and Special Alloys, Academy of Sciences Ukr. SSR 
(Received 16 January 1960) 


An investigation has been made into the electro-transport of chromium in a solid solution on a 
nickel base. The rate of transport has been found in the surface and inner layers of specimens. It 
has been shown that, in a temperature range 950 to 1100°, chromium ions migrate about four times 
more rapidly towards the cathode on the surface than in the interior. Using Einstein’s formula the 
effective charges of the chromium ions have been calculated. 


In the theory of creep resistance the interatomic 
bond in metallic solid solutions is regarded as one 
of the basic factors which determine the behaviour 
of alloys at elevated temperatures. 


The acquisition of creep resisting properties is due 


to rational selection of the base metal and alloying 
elements. The stabilizing role of individual alloy- 
ing elements in metallic solid solutions is to a cer- 
tain degree due to the extent to which their atoms 
are able to yield their electrons for the filling up of 
of the d level of the base metal. This problem is of 
great significance because, as a rule, the main 
creep reistant alloys are based on metals belonging 
to the transition group. 


A method of determining the influence of individual 


factors on the strength of the interatomic bond in 
metals and alloys is that of electro-transport — the 
reciprocal translation of atoms of the components 
under the influence of a constant electric field. 

It must be emphasized that, in the phenomenon of 
electrodeposition, besides that of the external elec- 
tric field a considerable part is played by the force 
which causes the transmission of pulses with con- 
duction electrons by the migrating ions (this is 
called an electron wind). 

The effective mobility of ions is on the one hand 
determined by the coefficient of diffusion (the ex- 
tent of the true mobility of ions) and on the other, 
it is substantially dependent on the nature of the 
interaction of the electrons with ions, i.e. on elec- 
tric power. Thus, investigation of the movement of 
ions in metals could lead to an explanation of both 
mechanisms, that of diffusion and electric conduct- 


* Fiz. metal. metalloved., 10, No. 1, 42-46, 1960. 


ivity and also their interconnexion. The accumulat- 
ion of data on electro-transport in pure metals and 
metallic solid solutions provides an important con- 
tribution for further development of the electron 
theory of metals and alloys. 

The present work is devoted to investigation of 
the migration of chromium in a nickel chromium al- 
loy under the influence of a constant electric field. 
Nickel wire specimens diameter 0.63 mm and 
length 60 mm were used for the experiments. The 
test specimens were saturated in chromium along 
their whole length by the diffusion method. The 
chromium content in the specimens was 4.36 weight 
%. The central zone of the specimens was electro- 
lytically coated with the radioactive isotope of 
chromium "Cr. As a result of this coating a layer 
about 5 » thick was obtained. To ger a more even 
distribution of the chromium across the specimens 
they were annealed in a protective atmosphere at 
1200° for 60 hr. After annealing there was some de- 
terioration of the radioactive zone particularly 
noticeable on its surface. To exclude this effect 
the specimens underwent electrolytic etching in the 
process of which the surface layer was removed. 

Using an end-on counter MST-17 the distribution 
of activity was measured along the pieces. For this 
purpose the speci: .3 by means of a micrometric 
manipulator were moved to a position in front of the 
diaphragm aperture 0.1 mm wide, leading to the 
counter. The activity of a sequential series of re- 
gions was measured in this way, the length of which 
was determined by the width of the aperture. 

The results of the measurement were plotted on 
a graph in the co-ordinates: distance of the centre. 
of the region being measured, from the edge of the 
specimen and activity of this region. Then the speci- 
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FIG. 1. Distribution of activity along a specimen. Surface effect: 
o—o — before electro-transport experiment; 
x—x — after experiment at 1000° for 120 hr; 


mens were sealed into glass containers filled with 
pure argon and a direct current was put through them 


which heated the specimens and created a field. The 
temperature was controlled by a pyrometer with a 
precision of + 5 to 7°. 

After completing the electro-transport experiments, 
in every case the distribution of activity along the 
length of the specimens was measured a second 
time, and a correction was introduced for the decay 
of the isotrope. The data obtained were plotted in 
the graphs described above. One of them is shown 
in Fig. 1. 

The graphs show that in all the experiments car- 
ried out at 950, 1000, 1050 and 1100°, migration of 
chromium towards the cathode is observed in the 
process of electro-transport. 

The rotation of the cathode boundary of the zone 
was in all cases greater than the shift of the anode 
boundary. This is completely natural if one allows 
for the diffusion effect which is unavoidable in the 
process of electro-transposition. In our case the 
directions of movement of the chromium atoms at the 
cathode end of the active zone coincide as a result 
of electro-deposition and diffusion, while on the 
anode end they are opposed. The arithmetical mean 
of both these displacements therefore, is the true 
value of the electro-transposition effect. From this 
value the rates of migration of chromium atoms were 
calculated at all temperatures used in the experi- 
ments. The experimental conditions and the results 


obtained are set out in Table 1. 

It was found that the mean displacement of the 
boundaries of the chromium rich zone was propor- 
tional to the duration of the experiment at each tem- 
perature. 

From this it can be taken that the process of elec- 
tro-transposition occurs more rapidly on surface 
layers than in the interior. To verify this the sur- 
face layers of all the specimens were again etched. 
On completion of etching the distribution of activ- 
ity along the specimens was measured once more. 
The data obtained was plotted into a graph, after 
correction for isotope decay, together with the first 
curve (taken before the electro-transposition tests). 
One of these is shown in Fig. 2 

The rates of electro-transport in the interior of 
the pieces were determined from the graphs. The 
results obtained are set out in Table 2. 

Here, as in the case of transport on the surface, 
there is a straight line relationship between the 
average displacement of the boundaries of the chrom- 
ium rich zone aad the duration of the experiment. It 
can be seen from comparison of the data in Tables 
1 and 2 that electro-transport in the internal layers 
of a specimen occurs about four times more slowly 
than on the surface. The data obtained show that, 
with increase of temperature in the range. under in- 
vestigation, there is an increase in the rate of 
electro-transport both on the surface and in the in- 
ternal layers of the specimens. 
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TABLE 1 


Duration of 
experiment, hr 


Rate of migration 


of chromium ions, 
cm/sec x 107° 


en 


Rise | 
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28 29 


32 mm 


FIG. 2. Distribution of activity along a testpiece. Interior effect: 
o—o — before electro-transport experiment; 
x—x — after experiment at 1000° for 120 hr. 


In the process of migration of the alloying comp- 
onents in a constant electric field both the strength 
of the field and the power due to transmission of 
conduction electron impu!ses by the ions, play a 
part [1-3]. Using Einstein’s formula [4] it would be 
possible to calculate the charge of the migrating 
ions. Due to the presence of the electron wind men- 
tioned above however, it is not always possible to 
obtain the true value for the charges carried by the 
ions. Charges calculated by this formula will, in 
cases where the influence of electron wind is suffi- 
ciently high, be represented as certain effective 
value. This is precisely the case for the system 
nickel-chromium. 


Einstein’s formula has the following form: 
zeD = (1) 


is the number of electron units of the 
charge of an ion of a migrating element; 
e is the charge of an electron; 
D is the coefficient of diffusion of a migrat- 
ing component at absolute temperature 7; 
B is the mobility of the ions of a migrating 
component in the field 1 V/cm; 
k is Boltzmann’s constant. 
The value of B can be calculated in the following 


where z 
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TABLE 2 


Average rate of 
Temperature of Duration of Rate of migration migration of 
experiment, °C experiment, hr of chromium ions, chromium ions, 
cm/sec cm/sec 


6.94x 10-9 
1079 7,20x 1079 


6 94x107% 


1.62 1075 
1.54x 1078 
1.50x 1078 


3.70 x 1075 
3,86 x 1075 3.79x 


1075 


8.18x 107" 8.13x 1078 


8.10x 107" 


similar relationship was found in investigations of 
the automatié transport of iron by Wever [6]: 


U ‘ 
B => cq, (2) 

1325 
where v is the rate of migration of the ions at a aes ’ 


temperature 7; 
I is the current power which is flowing In these investigations Wever observed the auto- 


through the specimen; matic transport of iron to the cathode. 
o is the conductivity of the specimens; 
q is the cross-sectional area. 
After substituting (2) in (1), introducing the coef- Translated by V. Alford 
ficient of correlation f which for a face-centred lat- 
tice is 0.78 [5], Einstein’s formula will. have the 


following form: 
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CHEMICAL DIFFUSION IN CRYSTALLINE SOLIDS* 
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1. INTRODUCTION 


The results of a large number of investigations into the different diffusion processes (diffusion 
homogenization in alloys, creep, sintering, recrystallization etc. etc.), which occur in metals and al- 
loys at high temperatures where the movements of the atoms is sufficiently high, are sufficient evid- 
ence of the necessity of expanding the knowledge of the coefficients of diffusion not only in the inter- 
ior of the grain but also along grain boundaries, and the boundaries of mosaic blocks and other hetero- 
geneities of structure of a real polycrystal. 

Particular interest also attaches to any information concerning the so-called coefficients of sur- 
face diffusion which determine the diffusion mobility of atoms on the free surfaces bounding the speci- 
men and the surfaces of internal cracks. 

There is at the moment practically no useful systematic information concerning the values of the 
coefficients of boundary and surface diffusion, or any useful methods by which this information could 
be obtained. 

The available information concerning the coefficients of diffusion along the grain boundaries was 
obtained either in investigations in which the relationship between the coefficients of boundary and 
internal diffusion was determined from the difference in depth of penetration of the diffusing compo- 
nents along boundaries and through grains (8, 9], or in investigations where the so-called Fisher 
model and method of calculation were used, as described in papers [1, 2]. According to Fisher the 
boundary can be represented by a flat plate of given depth arranged in the normal to the surface of 
the front of internal diffusion. The validity of Fisher’s calculation is discussed in the following 
paragraph. Here we will turn our attention to the following feature of the results discussed, which is 
of basic importance. It appeared that [3] despite Fisher’s hypothesis, boundary fusion does exist 
not in a single atom layer (~ 5 x 10°* cm), but in a substantially thicker layer the depth of which 
reaches some hundreds of atom layers (~ 5 x 10°* cm). 

These results of diffusion experiments agree very well with the results of a number of works by 
Arkharov and his collaborators [4] devoted to the study of the effect of internal adsorption in alloys. 
According to these works the depth of the grain boundary interface is 3 to 9 x 10°* cm. 

The information concerning the so-called surface diffusion is so limited that at the moment there 
is nothing on which to judge at what thickness of the layer adjacent to the surface the diffusion 
mobility of atoms is facilitated as a result of the proximity of the interface “crystal-vacuum”. 

Strictly speaking the term surface diffusion should imply the translation of atoms on the actual 
surface abounding a crystal; details of this process have been discussed in the paper by Frenkel’ 


[5]. 


* Fiz. metal. metalloved., 10, No. 1, 47-57, 1960. 
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Crystalline solids at high temperature 


FIG. 1 a — diagram of test specimen; 6 — diagram showing the penetration 
of the diffusing component in surface diffusion. 


g 


Besides this it is not ruled out that the surface of non-ideal monocrystals and of polycrystalline 
specimens, which has undergone complex mechanical treatment (particularly grinding and polishing) 
the diffusion mobility of atoms will be easier (compared with that in the interior) not only on the sur- 
face itself but also in some subsurface layer consisting of a large number of atom layers similarly to 
the way in which it occurs in the case of boundary diffusion. 

The formation of a brittle subsurface layer may also occur as a result of the interaction of the 
surface with the surrounding gaseous medium, particularly as a result of the complex process of the 
formation and dissolution of oxides, adsorption and desorption of gases etc. Of course, actual sur- 
face diffusion in the “pure form”, which consists in the surface “creeping” of atoms [5], can only 
take place where special precautions are observed. In the actual conditions for the majority of 
metals (even at a vacuum of 10“ to 10% mm.Hg) the diffusion which occurs will be not surface, but 
“subsurface”. 

In this connexion, in the development of a methed of determining the coefficients of surface 
diffusion attention must be drawn to the possibility of determining the thickness of the layer 5 in 
which it can exist. In the case of pure surface diffusion the value of 5 should be in the region of 
10° cm; in actual conditions it could exceed this value by several times. It seems that in the latter 
case there is no sense in talking of a precise boundary between the subsurface layer and the actual 
grain and the value of 5 should be interpreted as having the meaning of a characteristic linear 


dimension. 
The present work is devoted to the development of a method giving a possibility of determining 


separately the coefficient of surface diffusion D, and the value of 5. 
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2. THE BASIC PRINCIPLE OF THE METHOD AND CALCULATION 


The idea behind the method proposed consists in the following. 

Surface diffusion is studied on a specimen consisting of a number of fine (~ 100.) plane- 
parallel plates of metal. These plates, collected together in a packet, have no contact with one 
another or more accurately, they touch each other only at certain points. On the polished surface of 
the packet, which is perpendicular to the plane of the gap between the plates, a radioactive isotope 
of the diffusing substance is deposited. 

After isothermal diffusion annealing the packet is analysed layer by layer for the purpose of 
establishing the relationship between the concentration of the diffusing component and the distance 
to the first surface on which the diffusing radioactive isotope was deposited. 

In a test specimen put together as described, diffusion will take place both across the plates 
(interior diffusion Dy is the coefficient of interior diffusion) and on the surface layer which bounds 
the gaps between the plates, from which the diffusion component will also be withdrawn into the depth 
of the plate. Along the subsurface layer, diffusion should proceed more rapidly according to the extent 
at which D, is greater than Dy (Fig. 1). 

Of course the average concentration of the diffusing component throughout all the plates at any 
given distance from the original surface, will be determined by the values of 


Ds, Dy, 


(2/ is the depth of a plate). 

If follows from the calculation set out below that the information concerning the experimentally 
determined relationship c = f (x), / and Dy is sufficient to find separately the values D, and 5. We 
note that in Fisher’s calculation [1], the assumption that the interfaces of the grains are perpendi- 
cular to the plane on which the radioactive isotope is deposited, is an artificial simplification of 
the problem, as in the case of real polycrystal grain boundaries arbitrary angles are formed with the 


plane of the specimen. In our case the design of the testpiece guarantees that the slots will be per- 
pendicular to the plane containing the radioactive isotope. 

Let us consider a half space filled with alternating thick and thin layers with even parallel 
boundaries (Fig. 2). The depth of the thick layer we will designate 2/ and of the thin layer, 2 (it is 
assumed that / >> 5). Let the coefficient of diffusion in the thin layer be D. and in the thick, Dy, 


where D, > Dy. In a moment of time ¢ = 0, let the (left) boundary of the half space come into contact 
with an isotope, the concentration of which in the vicinity of this boundary is cy. We will find the 
concentration of the isotope in a point of the half space with co-ordinates x, y in a moment of time 
t (x > > 65). 

Of course we have a plane problem which it is sufficient to study in the field bounded by the 
axis Ox and a straight line (the dotted line in Fig. 2) which divides the thick layer in half. Let us 
write the equation for diffusion in these fields: 


(1) 


dc ec Dy dc’ 


c and c’ are concentration in the thick and thin layers respectively. 
As the concentration in the thin layer is more rapidly levelled out in direction y (we recall that 
Dy Dg), then the distribution in the thin layer can be regarded as one-dimensional. In accordance 


with this we inserted in equations (2) 


0*c 
= 0 
Oy? 


and introduced the (negative) density of the sources which define the flow of the substance from 
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the thin layer to the thick. In the same thick layer we have neglected the value 
ox? 
in comparison with 
oy?’ 
making use of the fact that x > /. Equations (1) and (2) must be solved for the following initial 
and boundary conditions: 


= Cao =% = = 0; = 0 (3) 


(x enters equation (1) as a parameter). 
The latter equation (3) has been written on the assumption that the depth of penetration of a 


radioactive isotope into a plate is less than /. The problem may be solved by the operation method. 
Using a Laplace transform through ¢t, having calculated concentrations c and c’ and passing to the 


original, we find: 


atio 
y p + \/ Dy dp (4) 


(5) 


The integral in equation (4) is selected from the straight parallel imaginary axis and lies in the 
right half plane with its section along the negative axis of the substance. Let us calculate through 
y the mean concentration appropriate for the given values of x and t¢, for which we will integrate 
formulae (4) and (5) through y in the ranges from zero to infinity and we will divide the result by J. 


For mean concentration we have: 


= £0 “(a a 

By substituting the variable 

Dyut 


we can transform equation (6) to the form: 


edu, hu? —YV u? + u, 


nil 
(C) 


(2) 


Here the integral is taken from the contour connecting the dotted lines on Fig. 3 of the field 


with the section along the imaginary axis. 
Let us calculate the integral in (7) by the inversion method. It can be shown that the results of 


the calculation are correct in all cases where the condition 
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FIG. 4. Graph for finding the values of Dg and 5: 


¢ (x,t) ? 


is fulfilled. To calculate the integral we will carry the contour through a point wu in which dd/du 
returns to zero. For this point we have the equation 


(ua 1) = (2u + 1)*. 


For any given A equation (8) will have a single positive root which we i! designate u». As 


(Uo) > 0, 


then the contour must pass throughout point uy parallel to the imaginary axis as shown on Fig. 3 
(it is not difficult to verify that 


Reg (uo + ty) 


is reduced monotonically with increase in |y| ). 


49 
FIG. 3. 
Inc, 
lo 
1960 
(8) 
| 


Crystalline solids at high temperature 


Having carried out integration we have 


Ve [a + (up + (9) 


where up is the positive root of equation (8). In the pre-exponential multiplier in (9) we have retained 
only the highest term of the asymptotic expansion through 


If it is assumed that A < 1 then, inserting in (9) the value for u found from (8), we have 


c~e 


This is appropriate for the case of extremely high values of 5, at which it is possible to neglect 
the leak of substance from the thin to the thick layer. Let us consider the extreme opposite case of 
low 5, where A > 1. Then, having found uy from (8) and having inserted it in (9), we have: 


Ys pile 42h 
= 0.472 —__—__—. 4 — 0.0248 


The first term in the exponent is appropriate for the approximation in which the content of the isotope 
in the thin layer is neglected by comparison with its content in the thick layer; in this approximation 
the role of the thin layer is limited by the transfer of the isotope so that 5 and Dg only go in the form 
enter into other combinations. 

It follows from (11) that the data for the relationship between the mean concentration of the dif- 
fusing component and the distance to the initial surface may be used for the separate determination 
of Ds and 5 (where Dy is known).* Actually, having in mind the first two terms in (11) (the third is 
insignificantly small by comparison with the second), it is to be expected that the relationship 
c /x in the co-ordinates 


lnc — 


will be reflected by a curve which for high values of x will deviate from a straight line on the side 
of the least value of Inc. The slope of the curve 


Inc 


at the point x = 0 is equal to the coefficient at x ‘/, (11). This may be used to arrive at Dy & 
by the formula 


* Genrally speaking, as follows from (10), the relationship c = f (x) can also be used to find the value Dy, 
for which the pre-exponential multiplier in (10) must be determined. This is however, difficult to do 
with sufficient accuracy. 
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D' 3 
D. b= 0.324 ine] 
x= 0 (12) 


The value of Ds may be found from the fact, that the departure from linearity of the relationship under 
discussion is determined by the second term (11). Having calculated the tangent from the experiment- 
al curve in the co-ordinates 

Inc — 


we will find the value Ainc which should increase in a linear manner with x?. Fen the slope of the 
straight line in co-ordinates Alnc —x*, the value of Dg can be found by the formula 


D, = 


113) 
d (at) —— alne 


In an approximation in which the content of the isotope in the thin Javer is neglected by compar- 
ison with its content in the thick layer (i.e. the thin layer is only a vehicle for the isotope), a simi- 
lar problem has already been solved by Fisher [1] and after him, somewhat more precisely, by Borisov 
and Lyubov [2I. It is natural that in the formulae of these authors 5 and Dg figure only in the form of 
a derivative. These authors have approximated the numerical results they obtained to a formula which 
contains in the exponent x in the first degree. The more precise formula which we have found for this 
case (the first term in (11)) contains x not in the first degree but in the degree %. We note that 
Gertsriken [3, 7] has indicated the possibility of the separate determination of the coefficient of bound- 
ary diffusion D, and of the thickness of the zone in which it occurs, based on the infinitesimal size 
of Dy in comparison with D, at low temperatures. This is however only justified where the values 
are calculated as approximations, as the assumption that D, ~ 0 is not in agreement with the fact 
that diffusion stages along grain boundaries are actually visible both metallographically and autoradio- 


graphically. 


3. THE POSSIBLE ROLE OF THE GASEOUS PHASE 


In experimental investigations of surface diffusion there is always the danger that the results 
obtained for the distribution of the diffusing component, may be distorted by transfer of the substance 
through the gaseous phase. For this reason every method of determining the coefficients of surface 
(and “subsurface”) diffusion should be considered from the point of view of the role of the gaseous 
phase. 

Bearing in mind the geometry of the specimens used by us, let us discuss the problem of diffus- 
ion of vapours of a certain substance through a slot the walls of which consist of the same substance. 
The translation of a marked atom in the slot will occur by two essentially different mechanisms. One 
of them consists in the usual diffusion in an inert gas, the rate of which is determined by the coeffi- 
cient of diffusion in gas D,, and the second consists in migration along one of the surface which 
bound the slot (Ds i is the coefficient of surface diffusion). The diffusi . of particles of vapour 
through the slot in the gaseous phase can be characterized by a certain effective coefficient of dif- 


fusion 


t 


where 
tet Ts 


(1, is the time one atom stays in the gaseous phase between two following collisions with the walls, 
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rT, is the life of an atom on the surface of a wall; A is the displacement of a particle in the gaseous 


phase in time r,). 
It is easy to see that displacement in the gaseous phase takes place between two collisions 
with the walls A — d (d is the width of the slot). 
Actually, the probability of displacement of a particle in a gas at a distance A > d (between two 
collisions with the walls) can be determined by means of the relationship 


VW ~ 


2 


Thus with increase in the relationship A/d the probability of displacement by the value A is 
reduced very rapidly and the most probable is displacement by the value of ~ d. 
Let us determine time 


It is obvious that 


(55 ~ 3 x 10°* cm is the interatomic distance). At d~ 10° cm, pp ~ 10° dyn/cm? (the pressure of the 
inert gas in which the experiment was condacted), r, ~ 10° sec. 

The value of r, can be determined by using the following considerations. In conditions of equi- 
librium the number of particles falling on a unit of surface in a unit of time z;,)), is equal to the 
number of particles evaporated from it z.,,: Zeyap = 7fall = 4 V- The probability of the evapora- 
tion of a given particle w,, nV/4N, where 


N=-> 


is the full number of particles for one cm’. Time 


(kT m)"'3 
Wevap nob; prs 


where T ~ 10°, p ~ 10° dyn/cm? (which is appropriate for saturation of iron with vapour at T = 10°), 
do~ 3x 10%, m~ 10%, we find r, ~ 10° sec. As 1, > 1,, then r=7,. Thus 


cm?/sec which is 3 to 4 times less than Dy (see subsequent paragraph). The latter means that the 
slots we have studied are “impenetrable” to the gaseous phase if one is speaking of the diffusion of 
a gas and not of flow under the influence of difference in pressure. We note that the contribution in 
the total flow of diffusion through the gas will be comparable with that of surface diffusion where 


d~d* — 107”) 


cm, that is where the slots are 10 times greater than those which were used in our experiments. 
In order to satisfy ourselves of the suitability of these considerations we undertook the follow- 
ing experiment. Between two plates, of which one (A see Fig. 5) was covered with a layer of the 
isotope **Fe, nine thin (~ 100 ) iron bands were inserted so that the gap between the bands 1 - 2, 
2-3, 4-5, 5-6, 7-8 and 8-9 was about 10° cm, and between the bands 3-4 and 6-7 it was about 


i at 
| 
where 
C= + 
3q2 m™ 
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FIG. 5. Diagram of test specimen fabricated for experiments to explain 
the role of the gaseous phase. 


5 x 107 cm. The distance between plates A and B was 15 mm. After diffusion annealing (7 = 680°, 
t = 1.5 x 10* sec) in order to rule out the influence of surface diffusion, from all the bands on the 


side of plate A 5 mm was cut away and then in identical conditions the active remaining part of the 
band was measured. The experiment produced the following results: 


TABLE 1 


No. of plate 


No. of pulses ... . 


The activity of plates 1 and 9 was due to the transfer through the gaseous phase from the outer 
side of the piece. Evidence of the fact that slots with a width of about 10° cm are practically 
“impermeable” for gas in the sense in which we have understood it, is shown by the fact that plates 
2, 5 and 8 which border two narrow slots, revealed zero activity. 

In the case where surface diffusion is being studied on a free open surface transfer of the sub- 
stance through the gaseous phase may, as has been shown by calculation, produce a substantial 
distortion of the result even in cases where the equilibrium vapour pressure is not large. 


4. PRELIMINARY DATA ON SURFACE SELF-DIFFUSION IN ALPHA IRON 


For the purpose of testing experimentally the method described in the preceding paragraphs, we 
undertook the experimental determination of the coefficient of self-diffusion in the subsurface layer 
of alpha iron. 

The test specimens were made of bands of armco iron obtained by rolling % mm wire. The bands 
were 9 x 10°° cm thick and 3 x 107% cm wide. Before mounting a test specimen in the clamps, indenta- 
tions were made with a press punch in several places on the surfaces in order to prevent direct con- 
tact. Each specimen consisted of 10 to 20 plates. The gaps between the plates in the mounted test 
specimen was ~ 10° cm. After all the plates had been mounted in the cl: .» in the plane perpendicular 
to the gaps between the plates, a metallographic specimen was prepared. Before diffusion annealing 
the specimens were given a high temperature annealing (¢ — 1100°, r — 2 hr) for the purpose of remov- 
ing distortions. The radioactive isotope **Fe was not deposited directly onto the surface of the metal- 
lographic specimen, to avoid the isotope falling into the slot and distorting the results. 

The isotope of iron was deposited in the form of a fine powder, in an even layer on the polished 
iron plate and then the laminated test specimen was attached to this polished surface. 

Isothermal diffusion annealing was carried out in an argon atmosphere purified of traces of oxygen 
by passing it over magnesium filings heated to 600°. After annealing the specimens were light in colour 
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FIG. 6. Radio-autographic photograph of a laminated test specimen with 
gaps between the plates, after diffusion annealing, x 100. 


\ 


Pulse/min 


K) 
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FIG. 7a — relationship between the number of counts/min and the dis- 
tance to the end of the piece 
(T = 650°, ¢ = 2.88 x 10* sec); 


b — relationships 


In i= @(X%/8)and Aln i = , 


plotted from the data in the curve Fig. 7a. 


and had a shiny surface which is not however a sufficient ground to speak of lack of a thin film of 


oxides. 
The experiments were carried out at temperatures of 550, 600, 640, 650 and 680°. The fact that, 


in our specimens, diffusion occurred mainly along the free surfaces, may be illustrated by a radio- 
autograph photograph of a section (Fig. 6). 

The figures for the relationship between the mean concentration of the radioactive isotope and 
the depth of the layer were obtained in the following manner. Using a special tool, thin (~ 0.3 mm) 
layers were removed from the specimen, and the degree of activity was measured on a type LAS 
instrument. As the depth of penetration of the radioactive isotope was in our case . 4 mm, analysis 
layer by layer at a layer depth of 0.3 mm provided sufficient accuracy to plot the curve i = f (x). 
Fig. 7a shows a typical curve for the relationship i = f (x) and is in fact the first experimental 
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TABLE 2. Figs. for Dg and 6 in alpha iron 


T, °C t, sec em*/sec | D 3, cm*/sec | D cm/sec 3, cm 
550 4,.32x10 | 1,.7x107!6 107!2 9,0x1077 1,.2x107§ 
600 1.80x104 | 2.7x107!5 1,5x 107?! 10-6 0.7x10~5 
640 2.16X10¢ | 1.5x107!4 6,0x107!! 6,3x107 0.9x1075 
650 2.88«10¢ | 2.5,107!4 9,0x107!! 5,6x107° 1.6 x1075 
680 1.80x10 | 8.5,107!4 2.2x 10-10 1,5x1075 1.51075 
770 2.16x106 | 3.0,107!2 8.1 x107!° 5.3 x1075 1.5 x1075° 
850 0.54x10 | 4,3%107!! 4.51079 3,0 x1075° 
850 1.08x 10 | 4,3x107!! 3.91079 1.5x1074 2.6x1075° 
860 10 | 6,0x107!! 2.0x1079 1.8x1074 1,1 1075° 


— 31000 


* Ds calculated from formula D, = 1.48x107e “RT ° 


4,2 1.3% °10° 


FIG. 8. Relationshin 


In Ds = e(=) 


result. The curve 


In in 


(Fig. 7b) was plotted from the data in this curve. To find the values of 5 and Dg we made a plot as 
described in the second paragraph, and used formulae (12) and (13). The values of Dy necessary 
for the calculations, were taken from literature [10-14]. 

It should be noted that, although there is considerable dispersion in the published data on the 
value of the energy of activation in the process of interna! self-diffusion in alpha iron and conse- 
quently of the pre-exponential multiplier, the real values of Dy in the temperature range which inter- 
ests us, differ very little. Speaking generally, of course, the results of th Jetermination of 5 and 
Dg should not be dependent on the time taken for the diffusion annealing. This was checked and 
confirmed in special experiments at ¢ = 850°. The results obtained are set out in Table 2. 

We note that in the experiments with test specimens No. 6-9 the value of Dy was not determined 
4 independently as at this temperature and duration of annealing the deviation of the relationship 


Ini = f (x"*) 


from the linear was not satisfaciorily registered. For these temperatures the value of Ds was 
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determined from the relationship 


in which the values Dog and Qs were found from the results of experiments with specimens No. 1-5. 

As can be seen from Fig. 8, Dog = 1.48 x 10° cm?/sec; Qg = 31,000 cal/mol. The value we found 
for the energy of activation of the process of self-diffusion in the subsurface layer of alpha iron is 
very close to that previously determined [14] along grain boundaries in iron. 

In the first experiments described, which were conducted according to the method developed 
the values of 5 were determined approximately. The depth of the subsurface layer was of the order of 
several hundred atomic layers. 

In conclusion we note that at the present time we have no clear representation of the structure 
of the subsurface layer of alpha iron or for the reasons which determine its temperature stability. It 
is p-ssihl2 that the existence and stability of the subsurface layer is due to the presence of macro- 
scu,:c -ciects of the type which accumulate excess vacancies along the surface of mosaic blocks 
[15, 16]. It is not impossible that this layer is the result of the dissolution of oxide films with the 
structure of a solid solution which would also account for the high values of the coefficients of 
self-diffusion. It seems that each of these hypotheses requires further experimental investigation 


and subsequent publications will be devoted to this. 


5. CONCLUSIONS 


1. A method has been suggested for the determination of self- and chemical diffusion on the 
surface and in the subsurface layer of crystalline solids. 


2. The theory of the method has been defined. 
3. The problem has been discussed of the possibility that the transposition of the substance 


through the gaseous phase may affect the results of the experimental determination of the coefficients 
of surface diffusion. It has been shown that narrow slots, whose width is considerably less than 


are practically “impenetrable” for atoms diffusing through gas. 
4. In order to verify the method which has been worked out experiments have been conducted for 


the investigation of surface self-diffusion in alpha iron. It has been explained that the thickness of 
the “subsurface” layer in the experimental conditions used is in the region of several hundreds of 


atom layers. 
5. Attention has been drawn to the fact that there is at the moment no knowledge of the causes 


for the existence and temperature stability of a “subsurface” layer of considerable depth. 


Translated by V. Alford 
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The temperature relationship has been studied for the internal stress at low temperatures (up to 
— 150°) in powder metal compacts of pure copper and pure nickel which have been previously deformed. 
It has been observed that there is one maximum for copper in the temperature range (— 70) —(— 90°) 
and two maxima (A and B) for nickel ai temperatures in the region of (—35) — (—50°) (A) and (—95) — 
(—110) (8B). The energy of activation determined in copper by the frequency shift of the maximum was 


Ecy = 5-6 kcal/mol. 


1. The investigation of the mechanism of the 
movement of defects in a crystal lattice, particularly 
the movement of dislocations, is very important in 
explaining a number of the processes which occur in 
metals and alloys at temperatures above and below 
room temperature. Recently a number of papers have 
been published which are devoted to investigation of 
the properties of defects in crystal lattice, particul- 
arly the movement of dislocations, by the method of 
measuring internal friction at low temperatures, both 
experimentally [1-5], and theoretically [6-8]. As far 
as is known, up to the present time practically no 
investigations of internal friction at low tempera- 
tures have been carried out by low frequency methods 
(there is only one paper [2] ). It would be very inter- 
esting to establish the mechanism of the emergence 
of maxima of internal friction which are revealed at 
low temperatures. 

To clear up the problems of whether the same 
mechanism here observed is the same as at high 
temperatures and the influence of plastic deformation 
and annealing after deformation, we investigated the 
internal friction in powder metal compacts of pure 
copper and pure nickel at temperatures below room 
(from 20 to — 150°). 

The original specimens were made by pressing 
powders of pure copper (electrolytic, 99.99%} and 
pure nickel (carbonyl, 99.998 %) in a special mould. 
The linear dimension of a grain of powder was on 
average ~ 20 yp. After pressing the specimens were 
first annealed at 1000° with different soaking 
periods. 


* Fiz. metal. metalloved., 10, No. 1, 58-62, 1960. 


Plastic deformation of the test specimens was 
carried out in a press at different pressures. The 
apparatus for measuring internal friction at low 
temperatures is a vacuum torque relaxation instru- 
ment which has been described briefly in paper [9] 
(a more detailed description has been given in {10} ). 
Besides the high temperature electric furnace a 
full Dewar flask was used in the relaxation machine, 
filled with liquid oxygen (or nitrogen). This Dewar 
flask was made of two thin-walled copper tubes 
300 mm in length with internal diameter 30 and 
64 mm; the tubes were joined (soldered) at the ends 
by two copper disks. For the passage of liquid 
oxygen (nitrogen) two openings were made in the 
upper disk, into which were soldered copper tubes 
with a diameter of 10 mm, ending in funnels. After 
deformation the testpieces were immediately fas- 
tened into the apparatus which was evacuated to a 
pressure of 10° to 10“ mm.Hg. 15 to 20 min elaps- 
ed between the moment of deformation and commen- 
cement of measuring. Veasurements were made on 
cooling and on heating at a constant rate of approx- 
imately 2°/min and an oscillation frequency f 21 
c/s. 

2. The temperature curves for the internal friction 
(in low temperature fields) in a plastically deform- 
ed specimen of pure copper powder are shown in 
Fig. 1. There is here a series of curves which were 
obtained at an oscillation frequency of f¥ 0.85c/s 
(at room temperature) related to the degree of plas- 
tic deformation which varied from 5.9 to 28.4%. 

It can be seen that in the plastically deformed 
copper specimens a maximum of internal friction is 
observed, at temperatures in the region of (—70) — 
(—90°). This maximum occurs only for plastically 
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FIG. 1. Low temperature temperature/plastic deformation curves for plastically 
deformed powder metal specimens of pure copper: 
1 — specimen annealed at 1000° for 1 hr; 
2 -- 4 -- plastically deformed by 5.95; 11.1 and 28. 4%; 
5 — annealed at 700° for 1 hr after deformation by 28. 4%; 
6 — annealed at 1000° for 1 hr after 28.4% deformation; 


f = 0.85 c/s. 


deformed copper specimens. No such maximum is 
observed (see curve 1, Fig. 1) for an undeformed 
specimen whick had been previously annealed at 
1000° for 1 hr. 

A similar maximum of internal friction for a pure 
copper specimen has been observed at a tempera- 
ture of (—70) — (—80°) in the paper by Bordoni [11] 
at an oscillation frequency of 30,000 c/s, in the 
paper by Niwlett and Wilks [1] at a frequency of 
750 c/s. These authors attributed this maximum to 
the movement of dislocations but they neither sub- 
stantiated nor provided data for the value of the 
energy of activation appropriate to the maximum. 

In the same way as in the case of temperatures 
above room temperature [12], the “background” of the 
internal friction curves is ‘ess at higher degrees of 
plastic deformation (see Curves 2, 3 and 4, Fig. 1). 
The “background” of internal friction increases 
sharply after small deformations (curve 2) and then 
it is reduced at subsequent higher stages of plastic 
deformation (curves 3 and 4). Here, however, at one 
and the same time increase in the height of the 
maximum is observed together with displacement of 
the maximum to lower temperatures (with increase 
in the degree of plastic deformation). 

Fig. 2 shows the temperature curves of internal 
friction at f = 1.1 c/s for specimens pressed from 


pure nickel powders, annealed and subsequently 
plastically deformed. It can be seen from the illus- 
tration that there are two maxima (A and B) on the 
temperature curve at temperatures in the region of 
(— 35) — (—50°) (A) and (-95) — (—110*) (B). Both 
maxima are due to plastic deformation as they only 
appear in the plastically deformed specimens of 
nickel while they are not to be seen in undeformed 
specimens which have been annealed at 1000° for 

5 hr (curve 1, Fig. 2). As far as is known there is 
no published literature concerning the investigat- 
ion of internal friction in nickel at low temperatures. 
There is therefore no chance of comparing our fig- 
ures with any other published results. 

The position of the maxima of internal friction 
shifts downwards on the temperature scale with in- 
crease in the degr- plastic deformation (from 
6.4 to 24.5%). The “background” of the internal 
friction curves at first increases after small deform- 
ations (see curve 2, Fig. 2) and then, with increase 
in the degree of deformation it is considerably re- 
duced (curves 3 and 4, Fig. 2).° 

3. High temperature annealing of the specimens 
after plastic deformation will cause the relief of the 
low temperature maxima of internal friction both in 
the case of pure copper and in that of pure nickel 
(see curve 6, Fig. 1 and curve 5, Fig. 2). Preserva- 
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FIG. 2. Low temperature temperature/internal friction curves for plastically 
deformed powder metal specimens of pure nickel: 
1 — annealed at 1000 for 5 hr; 
2 — 4 — deformed by 6.4, 24.5 and 17.4%; 
5 — annealed at 1050 for 2 hr after 24.5 % deformation; 
f= 1.1 c/s. Curve 5 is to RH scale. 


tion or removal of the internal friction maxima de- 
pends on the temperature and duration of high tem- 
perature annealing after plastic deformation. For 
example, for plastic deformation (28.4%) of a copper 
specimen after annealing at 700° for 1 hr, the max- 
imum of internal friction has not disappeared (see 
curve 5, Fig. 1); the maximum is completely remov- 
ed only after annealing at 1000° for 1 hr (see curve 
5, Fig. 2). 

in the case of a plastically deformed nickel speci- 
men (24.5 %) after annealing at 1050° for 2 hr, both 
maxima completely disappear (see curve 5, Fig. 2). 

The removal of the low temperature maxima of in- 
ternal friction in plastically deformed specimens by 
annealing has not been sufficiently closely studied. 

The value of the energy of activation for the pro- 
cess which causes the appearance of a low tempera- 
ture peak, determined from the frequency shift of 
the maximum, was in powder metal compact speci- 
mens found to be Ec, = 5.6 kcal/mol. As the maxi- 
mum is due to plastic deformation i.e. the presence 
of “islocation, such a low value for the energy of 
activation might be attributed to the process of 
“climb” of the dislocation. 

‘Yn annealing after plastic deformation not only 


is there diffusion motion of the dislocation (poly- 
gonization) but also “resorption” (disappearance) of 
them; however, there will still be some dislocations 
in the crystal if the annealing has not been suffici- 
ent. In subsequent measurement of internal friction 
at low temperatures, it was found that the movement 
of the remaining dislocations determines a maximum 
considerably less in height than before annealing 
(see curve 5, Fig. 1). 

The preceding remarks indicate that: 1) the maxi- 
ma (for specimens of copper at (~75) — (—90°), for 
nickel specimens at (— 35) — (—50*) (A) and 
(—95) — (—110°) (B)) are due to plastic deforma- 
tion; 2) from the extent of the energy of activation 
it can be suggested that the maxima are due to 
motion of the dislocations. As for the behaviour of 
the “background” of the curves of internal friction 
at low temperatures, it is difficult to interpret their 
emergence and changes in any definitive manner. A 
more detailed and systematic investigation of in- 
ternal friction at low temperatures is required in 
relation to the time and temperature of the prelimin- 
ary annealing treatment. 

CONCLUSIONS 
1. Internal friction has been investigated -experi- 
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mentally by the method of torque oscillations at low 
temperatures in plastically deformed powder metal 
specimens of pure copper and nickel powders. 

2. On the temperature/internal friction curve for 
plastically deformed powder metal specimens of cop- 
per one maximum is observed in the region of 
(—75) — (—90°) and in similar nickel specimens, 
two maxima in the region (—35) — (—50°) (A) and 
(— 95) — (—110°) (B). These maxima are due to plas- 
tic deformation and appear to be connected with the 
movement of dislocations. 

3. The influence of plastic deformation and an- 
nealing after deformation on the value of the internal 
stress at low temperatures is the same as at high 
temperatures. The position of the maximum shifts 
downwards in the temperatures The position of the 


maximum shifts downwards in the temperature 
scale and its height increases with increase in the 
degree of plastic deformation; annealing after de- 
formation reduces the value of the maximum right 
down to complete disappearance. 

4. The value for the energy of activation, deter- 
mined from the frequency shift of the low tempera- 
ture maximum for copper, was 


Ecy = 5.6 kcal /mol. 


It is suggested that this maximum is appropriate 
for the climb of dislocations. 


Translated by V. Alford 
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THE PROBLEM OF THE DEGREE OF PARTICIPATION OF COMPONENTS IN THE 


REACTION DIFFUSION WHICH TAKES PLACE AT HIGH TEMPERATURE OXIDATION OF 
CERTAIN TRANSITION METALS * 
V.I. ARKHAROV and Ye.B. BLANKOVA 


(Received 21 March 1960) 


From a scheme which was presented earlier, a comparison has been made of a number of the 


structural characteristics of steel anc on the basis of this an analysis is given of the mechanism of 
high temperature oxidation for transition metals of the fourth period. Besides experimental data 
aready published in the literature, the authors have also made use of the results of additional exper- 
iments described in an article explaining the mechanism of oxidation for Mn, Co and Cu. Suggestions 
are made regarding the possible causes of the disagreement which exists setween different authors 


In papers [1-3] we investigated the diffusion in a 
number of binary systems in which one of the com- 
ponents was a solid metal from the transition metals 
in groups IV or V of the periodic Table (Pi, V, Cr, 
Mn, Fe, Co, Ni, Zr, Nb) and the other component 
was one of the following three elements of the sec- 
ond sub-group of the sixth group: S, Se or Pe. 

Certain generalizations can be made from the 
analysis of the mechanism of reaction diffusion on 
the basis of the comparison of the structural pictures 
of the process in the series of binary systems. 

To give this analysis more depth the pictures of 
the process in these binary systems should also be 
compared with data obtained in much earlier works 
for systems in which the first component is one of 
the metals of the same sequence, and the second 
component is oxygen, which heads the second sub- 


group of the sixth group. Put another way, the struc- 
tural pictures of reaction diffusion in the systems 
investigated in [1-3] should be compared with the 
structural pictures of high temperature oxidation in 
the same metals. Here, as indicated in paper [4], 

it is first of all necessary to clear up the problem of 
the degree of participation of the components of 
each binary system in the total diffusion process. 

It should be noted that in a number of earlier works 
this problem was solved on the basis of individual 
structural characteristics and allowance was not 
always made for the factors complicating evaluat- 
ion of the degree of participation which were studied 
in detail in a general form [4]. 


* Fiz. metal. metalloved., 10, No. 1, 63-69, 1960. 


on the problem of the mechanism of oxidation of Ni, Co and certain other metals. 


In this connexion contradictions may sometimes 
be encountered in some of the papers written by 
various authors using different methods of investi- 
gation, in their evaluation of the mechanism of high 
temperature oxidation of one or the other of the 
metals. The reason for these contradictions is appar- 
ently that conclusions confirming the mechanism of 
oxidation in these works are based on discussions 
only of a limited number of signs which do aot 
provide sufficient criteria for any particular mecha- 
nism of reaction diffusion. 

For this reason it becomes necessary once more 
to review the experimental material obtained in in- 
vestigations of the high temperature oxidation of a 
number of metals in order to find a more complete and 
improved basis for conclusions concerning the 
mechanism of oxidatior. 

In determining the degree of participation of com- 
ponents in diffusion we will keep to tne systems 
set out in [4]. 

Titanium. At temperatures below 900 there are 
clear signs of the preferential diffusion of oxygen: 
inert and mechanical markers remain on the surface 
of the scale [5, 6], micro-laminations appear in the 
scale [5, 7, 8], there is orientation linkage between 
the crystals of scale and metal on oxidization of 
the previously textured titanium [8], there is no 
growth texture [9], grain size in the zone of scale 
adjacent to the metal is less than in zones further 
away from it [9]. The metallographic picture of the 
inter-crystalline penetration of scale in the metal 
bears witness to this. 

The signs of diffusion of the metal are only 
faintly discernable at this temperature: in laboratory 
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experiments which we carried out, inert markers be- 
gan to be slightly grown over with scule at e temp- 
erature of 900° only efter 30 hr annealing. 

At higher temperatures (in the range 900-1000°) 
the signs of diffusion of the metal became more ob- 
vious: on a thick micro-laminated layer of rutile 
there appears a thin continuous layer of the seme 
phase, the inert marks are arranged on the boundary 
between the outer and inzer sub-layers of rutile, in 
the outer sub-layer a weaker texture appears (8, 9]. 

In the system suggested in [4], the behaviour of 
Ti at temperatures beiow 900° can be characterized 
by the index II!-I (U) and at higher temperatures — 
II-I (e). 

At temperatures above 1()00° the reiative role of 
diffusion of the metal is increased and finally, at 
1200°, the width of the layers formed as a result of 
diffusion of the metal becomes greater than the width 
of the layers formed as a result of diffusion of the 
oxygen [10]. 

It should be noted that oxygen is considerably 
more soluble in Ti than in other metals. According to 
[10] approximately 30% of the oxygen which is ab- 
sorbed on oxidation is dissolved in the metal and 
70% is bonded in the scale. Also due io the greater 
solubility of oxygen in Ti is the sensitivity of the 
kinetics of oxidation and possibly also of the phase 
composition of the scale, to the previous treatment 
of the specimens. This perhaps, together with the 
different degrees of purity of the initial titanium, 
might explain some of the conflicting views expres- 
sed in various works [5], [7], [8], [9] and [10]. 

Vanadium. Very little is known of the structure of 
the scale which forms on the oxidation of vanadium. 
Information is limited from the temperature point of 
view, as observation of the oxidation of vanadium 
at above 600° is complicated by the rapidly increas- 
ing volatility of the V,0;. From electron diffraction 
data [11] in the temperature field 400-600° with not 
too prolonged holding times (in air) the texture of 
the lower degree of completion is noticed and the 
grain size in the ianer zone of scale is fiaer than 
that in the outer one. From this it may be suggested 
that in the first stage of oxidation there is diffusion 
of the oxygen and the reaction occurs on the inner 
boundary scale-metal. For this range the conditions 
of the process can be characterized by the index 
(2). 

It should be noted that with considerably longer 
duration of oxidation, there is a change in the mecha- 
nism of the process and signs of diffusion of the 
metal appear (change in the type of texture, finer 
grain in the outer layer than in the inner, growth of 
inert marks, rounding off of the outer edges of the 


specimen). 

Chromium. The conclusion of the principle sigai- 
ficance of the diffusion of oxygen in the process of 
the oxidation of chromium has been mainly on the 
basis of the establishment of a coherent bond bet- 
ween the previously textured chromium and the phase 
composing the inner layer of scale [12]. This con- 
clusion should be reviewed. {n an earlier mach more 
detailed investigation [13] it wae established that 
the phase in the inner !ayer ia chromium nitride end 
not y-oxide as suggested in [12]. 

fn paper [4] it was shown that the lack of growth 
texture in the outer iayer of scale could be inter- 
preted as a sign of lack of diffusion of the metal 
only in combination with other signs of lack of dif- 
fusion of the metal and the existence of oxygen dif- 
fusion; this was also done in [12]. However, in view 
of the disappearance of this sign of oxygen diffus- 
ion (the texture of orientation agreement in the inner 
layer of scale) the lack of growth texture in the outer 
layer of scale cannot serve as a definite basis for 
the conclusions which have been drawn. According 
to electron-diffusion data [11] at temperatures below 
900° in the layer Cr,0, a texture is observed, the 
strength of which is sufficiently low and becomes 
even lower with increase in the duration of holding 
time while the type of texture alters and there is 
coarsening of the grain of chromium oxide. These 
structural characteristics coald be interpreted as 
signs of diffusion of oxygen which is due to the 
increase in the layer of oxide on its inner side (if 
it is assumed that the first texture is a growth text- 
nre accompanied by self-work hardening, which is 
shown by the erosion of lines, and that the second 
is the texture of recrystallization which relieves 
the work-hardening and coarsens the grain). 

Of the remaining characteristics of the scale the 
following two second degree ones are worthy of 
note: 

1) The loose bond between the scale and the 
specimen, which could be the result of locai embrit- 
tlement of the scale on the inner boundary of the 
outer layer as a resuli of diffusion of the metal 
towards the outer surface*. 

2) Paper [14] reported the absence of blocking of 
chromium evaporation in the vacuum of the oxide 
film. This wes interpreted as evidence of chromiam 
diffusion through the scale and its subsequent 
evaporation from the surface. However, the effect 


* On the other hand, weakening of the mechanical bond 
between the scale and the metal could be due to the 
difference in thermal coefficients of expansion of the 
metal and the phase forming the scale. 
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FIG. 1. Metallographic micro-specimen of manganese oxidized in air at 
t = 1000 for 12 hr (x 120). The arrow indicates the position 
of an inert marker. 


FIG. 2. The external form of a test specimen of cobalt oxidized in air at 
t = 1000 for 8 hr: 


a — view from above; 


6 — side view. 


The platinum wire can be seen on the surface of the specimen (x 3). 


described could be explained in a different way in 
the light of paper [15] i.e., as the result of the 
volatility of chromium oxide. 

Thus the experimental data available at the pre- 
sent moment are very far from adequate for any de- 
finitive conclusion concerning the mechanism of 
oxidation of chromium. 

According to the system put forward in [4] the 
available data could be expressed by the index 
II-II 

We note that in the comparison made by Gulbran- 
sen and Andrew [14] between the ernegy of activa- 
tion calculated from Wagner’s theory (on the assum- 
ption of unilateral diffusion of chromium) and that 
on the basis of kinetic investigations, considerable 


agreement is revealed. 

Manganese. Diffusion has a two-way character 
[16]. The inner layer of scale (MnO) is divided into 
two sub-layers. Evidence of the diffusion of oxygen 
is given by the smaller grain size of the interface 
MnO/Me as compared with that on the outer side of 
the inner sub-layer. 

Indication of the diffusion of the metal is given 
by the comparatively close bond between the outer 
sub-layer MnO with the inner layer Mn,O, which is 
apparently due to their genetic bond: Mn,O, + Mn > 
MnO. Additional experiments which we carried out 
with inert marks (platinum wire d = 15 » wound 
freely round the surface of a specimen) during oxi- 
dation of Mn in the range 600-1000° showed that the 
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marks are in the brittle inert sub-layer MnO (see 
Fig. 1). Embrittlement of the inner layer is apparent- 
ly due to the withdrawal of Mn to the outer surface 
and is sufficient so cause considerable weakening 
of the contact between the metal base and the metal. 
The inner sub-layer MnO breaks off easily when a 
metallographic specimen is polished. 

The relationship between the depth of the two 
zones — “the outer sub-layer MnO + Mn,O, and the 
inner sub-layer MnO” — is also an indication of the 
big part played in diffusion by Mn. 

It should be noted that diffusion of the metal on 
the oxidation of Mn does not lead to formation of a 
growth texture [16]. 

Summarizing the available data, the oxidation of 
Mn can be characterized, according to the system in 
[4] by the index I-II (c). 

Iron. According to the information in [17], oxida- 
tion at low temperatures (below 400°) occurs as the 
result of diffusion of oxygen. At much higher temper- 
atures diffusion has a two-way character. The inner 
layer of scale which consists of wurtzite, is divid- 
ed into two sub-layers [18, 19]. A number of signs 
bear witness to the diffusion of the metal: complet- 
ion of the growth texture in the outer layer of scale; 
brittleness in the layer of scale adjacent to the 
metal (where the outer layers are densely packed); 
the position of inert marks on the boundary between 
the two sub-layers of the inner layer; texture of re- 
crystallization and traces of phase self strain hard- 
ening in the layer of magnetite on its boundary with 
Fe,0,; a rounding off of the external shape of the 
specimen; the gradient of vacancy concentration, 
which increases in the external direction [19, 20]. 

The existence of an inner sub-layer of wurtzite 
and the position of inert marks on the boundary of the 
wurtzite sub-layers are an indication of the diffus- 
ion of oxygen. 

The relationship between the depth of layers form- 
ed as a result of the diffusion of Fe and that of 
oxygen, supports the view that the metal plays a 
great part in diffusion. 

Oxidation of Fe at high temperatures may there- 
fore be characterized by the index I-II (c). 

Cobalt. The two-way nature of diffusion is indic- 
ated only by the division of the CoO into two sub- 
layers. There are no other signs of diffusion of the 
metal at temperatures right up to 1000°. 

The intense diffusion of oxygen is shown by the 
texture of recrystallization in the layer CoO with 
signs of phase self strain hardening in the zone at 
the interface scale-metal [21], growth of the lattice 
parameter in the direction from the metal to the 
outer side of the scale [20] and the characteristic 
shape of the specimens after diffusion annealing 


FIG. 3. Micro-specimen of a copper plate fully oxidized 
in air at a temperature of 1000° for 4 hr. (x 120). 
The arrow indicates the position of the inert marker. 


which has been found in a number of experiments 
(Fig. 2). 

The oxidation of Co can therefore be characterized 
by the index II-I (G). 

Nickel. As with the oxidation of Co, signs of 
oxygen diffusion [20, 21] appear on oxidation of 
nickel. No division of the scale into two sub-layers 
was discovered by the writers of these papers. On 
the other hand, in paper [22], using inert marks it 
was found that diffusion is two-sided. 

Comparison of the data in papers [20-22] provides 
the basis for the assumption that the main role in 
the process of oxidation of Ni is played by oxygen, 
just as in the process of oxidation of Co. 

For the oxidation of Ni the evaluation II-I (G) 
may be taken. 

We note that our evaluations of the oxidation of 
Co and Ni are not in agreement of representations 
of Gulbransen and Andrew [23] or those of Moore 
and Lee [24] who, on the basis of a comparison of 
the kinetic characteri=tics of the process with the 
theoretical values ivr the energy of activation, cal- 
culating according to Wagner’s theory came to the 
conclusion that the oxidation process in Co and Ni 
only takes place as a result of the diffusion of 
cations and electrons. This contradiction appears to 
be the result of the fact that in this case Wagner’s 
theory has been used by the writers of papers [23, 
24] not with reference to pure ionic compounds but 
to compounds in which a considerable part is played 
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by homopolar bonds. In our opinion, the homopolar 
interaction in the oxides of Co and Ni may lead to 
a certain “cationization” of oxygen and as a result 
there may be the possibility of diffusion of the oxy- 
gen through cation vacancies [25]. While the differ- 
ence in the energies of activation on the diffusion 
of oxygen and metal through vacancies of the actual 
sub-lattices is not great, the energy of activation on 
the diffusion of oxygen through the vacancies of a 
metallic sub-lattice may be close to the energy of 
activation on the diffusion of the metal through va- 
cancies of the same sub-lattice *. If our assumption 
is correct it is impossible to use Wagner’s theory 
for the solution of the problem of the nature of the 
diffusion mechanism in the systems Co-O, Ni-O and 
others in which besides ionic, many other forms of 
interatomic action appear. 

Zirconium, Niobium, Molybdenum, Tungsten. 
Evidence of the unilateral diffusion of oxygen on the 
oxidation of these metals is given by characteristic 
cruciform outer shape of the scale and the position 
of inert marks on the outer surface. At the same time 
no signs of diffusion of the metal have been discover- 
ed: there is no growth texture in the outer layer nor 
brittleness in the inner and neither of these phases 
is divided into two sub-layers. The evaluation IV-I 
(k) may be given for the oxidation of these metals. 

To complete the picture we also put forward the 
information concerning the meclranism of oxidation 
of the non-transition metals Cu and Zn. 

Copper. According to papers [27-29] oxygen occurs 
by the unilateral diffusion of copper ions. 

In earlier works [30, 31] the suggestion was put 
forward, on the basis of the structural characteristics 
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of the scale, that there was two-sided diffusion of 
the metal and the oxygen on the oxidation of ccpper. 
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showed that inert marks (platinum wire diameter 
15 p freely wound round the specimen) after full 
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INVESTIGATION OF EUTECTOID TRANSFORMATION IN AUSTENITIC STEEL * 
M.I. ZAKHAROVA and VAN KHUA FOU 


Moscow State University 


Despite the enormous number of works which have 
been devoted to the investigation of eutectoid trans- 
formation, the initial stage in the transformation re- 
quires further study using different methods of ana- 
lysing the structure. The question also remains 
open concerning the nature of the leading phase in 
eutectoid transformation. 

In this work investigation of eutectoid transforma- 
tion was made by the method of the X-ray analysis 
of poly -andmonocrystals in a steel with 12% Mn 
and 1.2% C and in a steel with 1.77% Mn and 2% C. 

On the vertical sections of the constitution dia- 
gram there is a 3-phase field y + a + carbide and 
in the temperature range which corresponds to this 
field decomposition of the austenite is not carried 
through to the end. 

With reduction in temperature in the field a + car- 
bide transformation is retarded and below 380° in 
manganese steel equilibrium is not achieved. 

Investigation of the transformation y + y + a + 
carbide in steel with 12% Mn and 1.2% C was car- 
ried out after tempering at 670°. On X-ray photo- 
graphs of poly-crystalline specimens quenched from 
1050° and tempered at 670° for 10 sec, lines of the 
y-solid solution appear, and weak lines (215) (034) 
of the rhombic lattice of carbide. After tempering 
for 30 sec, besides the lines of the y-phase and 
carbide, a broadened (110) line of the a-phase ap- 
pears. In poly-crystalline test specimens therefore 
the leading phase in process of the transformation 
y > y + a+ carbide is that of carbide. Tempering 
for 1 min causes the appearance of new carbide 
lines (112), (113), (122). 

After 7 min tempering yet another three broadened 
lines of the a-phase, (200), (211) and (220), appear 
on the X-rays and after 19 min, new carbide lines: 
(012), (023), (003), (123) and (125). Subsequent 
tempering up to 43 hr leads to reduction in the 
breadth of the carbide lines, increase in the inten- 
sity of the a-phase lines and weakening of the 
y-phase lines. 
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The decomposition of the y-solid solution which 
is due to the separation of the carbide and the y- 
phase, is accompanied by the generation of elastic 
stresses of the second type as a result of the dif- 
ferent specific volumes of the matrix and the separ- 
ated phases. Evidence of this is shown by the ex- 
pansion of the Y-solid solution lines. 

Determination of second type stresses after tem- 
pering was made from the photometric curve reflect- 
ed from plane (311). The expansion of the lines 
(311) of the y-phase was calculated from the formula 


B? = B2 — 


where B is the width of the line of the substance 
being investigated, b is the width of the line of a 
standard specimen. The standard selected was the 
line (311) of a quenched this specimen of y-phase. 
Allowing for the lack of depth (0.5 mm) of the spe- 
cimen, quenching stresses can be neglected. The 
stresses were calculated from the well known for- 
mula 


BE 
4 


P= 


where £ is Young’s modulus; 

6 is the angle of reflection. 

In the course of the transformation y + y + a + 
carbide, the stresses increase and after tempering 
for 2 min they reach 0.5 kg/mm?; after 90 min — 8.6 
kg/mm; after 7 hr — 10.8 kg/mm’; after 10 hr — 
14.8 kg/mm? and after 20 hr — 26 kg/mm?. 

As we have already indicated, the a-phase lines 
are very weak and eroded after 7 hr, and even after 
90 min, tempering. If the broadening of the y-phase 
lines is due to second-type stresses, then the 
broadening of a-phased lines may also be due to 
this and to the small size of the crystallites. It 
has been shown by experiment that the ratio of the 
expansion of different lines is close to that of the 
secants for the corresponding angles, although it 
is not equal to it. This indicates that the expans- 
ion of the y-phase lines is due in the main to the 
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FIG. 1. X-ray photograph of a mono-crystal of steel with 12% Mn and 1.2% C 
after quenching and annealing at 670 for 3 min. 


small size of the crystallites and only very slightly 
to the influence of internal stresses. 

Determination of the size of the crystals and the 
extent of internal stress was made by graphic solu- 
tion of the equation of the straight line 


8? cost} 


+ 


sin? $ 


a h2 (1) 


in the co-ordinates 


2 
sin? $ and cos? 
2 


2 


Where D is the linear dimension of the crystals; 
Aa/a is the unit strain of the lattice. 

The value sought for D and Aa/a are determined 
by the slopes of the straight line and by the sector 
cut off by the straight line on the axis of the co- 
ordinate [1]. Calculation showed that even after 
tempering for 4 hr, the crystals of the a-phase are 
8 x 10° cm in size while the internal stress is 
8 kg/mm’. 

Investigation of the transformation y + y + a + car- 
bide by the method of X-ray analysis of stationary 
crystals, was carried out with mixed molybdenum- 
radiation. The mono-crystals were prepared by the 
recrystallization method. After 5% extension the 
specimens were heated in evacuated quartz capil- 
laries at 1100° for 50 hr with subsequent quenching 
in a 10% solution of NaC] in water. 

After tempering the quenched mono-crystal at 
670° for 3 min, there were only the maxima of the 


y-solid solution and pairs of “bows” around the 
Laue maxima (311) on the X-ray, arranged in a circle 
with the centre in the primary beam. 

One of these “bows” is due to the K, and the 
other to Kg radiation from the molybdenum (Fig. 1). 

The “bows” around the maxima (311) are arranged 
in a ring and the angle of reflection corresponds to 
the angle of reflection of plane (311) of the y-solid 
solution. Around the maxima (311) ears appear with 
crystal orientation [100] parallel to the beam and 
[010] parallel to the vertical axis of the doriometric 
head. In subsequent checks ears were also discover- 
ed around the maxima (220), (004) and others. 

As shown in paper [2], in investigating the de- 
composition of the supersaturated solid solution in 
the same steel, the appearance of “bows” is due to 
disorientation of blocks of a certain part of the 
matrix close to nuclei of carbide. 

Consequently, in the initial stage of eutectoid 
transformation there is also disorientation of blocks 
of a certain small volume of the matrix. If the tem- 
pering time of mono-crystals at 670° is increased to 
8 and then to 14 min, it causes the appearance of 
weak textured rings ‘'10) and (211) of the a-phase. 
The magnitude of the Laue maxima of the y-phase 
is here reduced and a weak asterism is observed 
(Fig. 2). If tempering is carried on for 40 min there 
will be an increase in the intensity of the textured 
rings (110), (211) of the a-phase, disappearance of 
the Laue maxima of the y-phase and the appearance 
of rings from the planes (200) and (220) of the a- 
phase. After tempering for 7 hr the powder photo- 
graph will show rings of the a, y-phases and of 
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FIG. 2. X-ray photograph of a mono-crystal of steel with 12% Mn and 1.2% C 
after tempering at 670° for 14 min. 


FIG. 3. X-ray photograph of a mono-crystal of steel with 12% Mn and 1.2% C 
after tempering at 670° for 40 min. 


carbide. 

Thus the process of transformation y + y + a + car- 
bide in the mono-crystals of steel with 12% Mn and 
1.2% C leads in the initial stages to disorientation 
of the blocks of part of the matrix. With increase in 
tempering time there is a reduction in the untrans- 
formed part of the y-phase and increase in the amount 
of a-phase and carbide liberated. This causes the 
distribution of stresses throughout the y-phase, in- 
crease in their magnitude and transition from elastic 


to plastic deformation which, in its turn, causes 
transformation of the mono-crystal to the poly- 
crystalline state (Fig. 3). 

As the results of the investigation show, even at 
a single tempering temperature, the sequence of the 
separation of a-phase and carbide will be different 
for mono - and poly-crystals: in a poly-crystal X-ray 
analysis disclose the initial separation of carbide, 
and in a mono-crystal — of the a-phase. 

The transformation y + y + a + carbide in the steel 
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with 1.77% Mn and 2% C was carried out on poly- 
crystalline test specimens after tempering at 700°. 

After quenching the only lines visible on the 
X-ray were those of the y-phase. After tempering for 
5 sec, besides the y-phase lines of (011), (110), 
(200), (002), (112) and (211) of the a-phase appear- 
ed. Here the y-phase line (011)¢, (O¢q for Kg radia- 
tion is 28°) coincides, as a result of diffusion, with 
the y-phased line (111) (Oxq = 27.5"), the a-phase 
line (112) K, (0x q = 54°) merges with the y-phase 
line g (6B = 53.5°). The lines (002) and 
(200) appear separately. 

Indication that the a-phase line (110), overlays 
the y-phase line (111)xqg is given by the increase in 
the intensity of the line (111) of the y-phase after 
tempering, the other lines of this phase become 
weaker. Indication that the reflection of the K, radia- 
tion from plane (112) of the a-phase was overlaying 
the KB radiation reflection from plane (311) of the 
y-phase, is given by the anomalous ratio of intensity 


311 Ka, 
311 KB 


which after 5 sec annealing, became equal to about 
2 instead of 5. 

This provides a basis for the conclusion that at 
short tempering times, there is in the initial stage 
of the transformation y > y + a + carbide in a y solid 
solution, redistribution of concentration of the dis- 
solved components. In the regions which have been 
robbed of carbon the martensitic transformation point 
is above room temperature and in these regions in 
the process of cooling from 700° the y-solid solution 
transforms into martensite. 

After tempering for 30 sec the lines on the X-ray 
photograph are (111), (200), (220), (311), (222) of 
the y-phase and (011), (002), (211), (220) of the 


y-phase and the carbide lines (021), (022), (122) 
and (330). If tempering is extended up to 1 hr there 
is an increase in the intensity of the a-phase and 
carbide lines and weaking in the y-phase lines. 

In the steel with 1.77% Mn and 2.0% C the trans- 
formation carbide was also investigated at a temp- 
erature of 500° on poly-crystalline test specimens. 
X-ray photographs were made in iron radiation. 

A short 5-sec tempering at 500° causes the appear- 
ance on the X-rays of lines of the tetragonal a- 
phase besides those of the y-phase. 

After 20 sec tempering, lines of the cubic a-phase, 
y-phase and the lines (021, 022, 122 and 330) of 
carbide became visible on the X-ray photograph. 
After tempering for 100 sec the y-phase lines disap- 
pear and the a-phase lines and the carbide lines 
remain. (021), (120), (022), (211), (113), (122), 
(212), (030), (023), (130), (312), (330), (322), and 
(215). 

Consequently, in the initial stage of the trans- 
formation y + a + carbide (as in the initial stage of 
the transformation y + y + a + carbide) there is a 
redistribution of carbon. For the sectors which 
have been robbed of iron martensitic transformation 
point is above room temperature and the y-phase is 
transformed into martensite. 


Translated by V. Alford 
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THE PROBLEM OF THE MECHANISM OF SHRINKAGE DURING THE SINTERING OF 
POWDER METAL COMPACTS* 


I.M. FEDORCHENKO and N.V. KOSTYRKO 
Institute of Powder Metallurgy and Special Alloys Academy of Sciences Ukr. SSR 


In the theoretical representation of the process of 
the sintering of compacts of metal powders the pro- 
blem arises of the mechanism of the shrinkage which 
causes reduction in the volume of the sintered com- 
pact. One of the authors [1-4] has developed the 
idea that shrinkage is the result of diffusion proces- 
ses occurring mainly in the surface layers of partic- 
les in the first period of sintering, when shrinkage 
occurs more intensively and in the surface layers 
and interior of the particles at the later stages of 
sintering when the rate of shrinkage is retarded. 

In paper [4] it has been shown that at sintering 
temperatures which are 0.75 to 0.85 of the absolute 
melting point, shrinkage occurs mainly as a result of 
processes which take place in the surface layers of 
particles. As the temperature is increased and melt- 
ing point approached, diffusion processes both on 
the surface layers and in the interior of the particles 
begin to play an ever increasing part. However, the 
shrinkage which occurs as a result of surface pro- 
cesses must take place before the shrinkage begins 
which is the result of internal processes, as the 
coefficients of surface diffusion may be several 
times higher than the coefficients of internal diffus- 
ion. 

From the data in our paper [5] the conclusion may 
be drawn that the mechanism of this consolidation 
appears to consist in diffusion creep primarily in the 
surface layers of the particles under the influence 
of surface forces. 

In a number of papers [6- 10] Pines and his col- 
laborators have developed the idea that the mechan- 
ism of sintering is, like viscous flow, the result of 
the internal self-diffusion of atoms. In contradiction 
of previous views, in the last paper [11] Pines and 
Sirenko came to the conclusion that sintering is a 
process of diffusion creep under the influence of 


surface tension. 
In principle this conclusion agrees with ours. We 
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consider, however, that the shrinkage of powder 
compacts during sintering at temperatures relatively 
far from the melting point of the sintered metal 
(which is what occurs in the majority of cases of 
one component sintering) is the result of diffusion 
creep primarily in the surface layers. 

Bal’shin [12] also considers that shrinkage it the 
result of surfaceprocesses but in our view his hypo- 
thetical scheme of shrinkage is not plausible, as it 
does not explain the convergence of the particle 
centres which is necessary for consolidation in real 
compacts of many particles of powder. Saklinskii 
[13], on the basis of the results of the investigation 
of the sintering process of free flowing powders, 
explains the reduction in porosity by the thermal 
mobility of surface atoms. 

Meerson [14] denies the possibility of the shrink- 
age of compacts on sintering as a result of surface 
processes and attributes the major role in shrink- 
age to the internal deformation of the particles un- 
der the influence of the forces of surface tension. 
Ivensen [15] asserts that shrinkage is the result of 
the internal flow of particles under the influence of 
the forces of surface tension. 

The only thing definitely established is the rela- 
tionship between shrinkage and the extent of the 
specific surface of the metal powders, which indic- 
ates the big part played by surface processes in the 
shrinkage of powder compacts. 

For a deeper investigation of the part played by 
surface processes considerable interest attaches 
to the accumulation of experimental data on the 
effect of the magnitude of the specific surface of 
the original metal powders on shrinkage during sin- 
tering with different metals. It seems that valuable 
information can also be obtained from experiments 
with mixtures of powders of metals which are sol- 
uble in one another to different degrees, and com- 
paring these results with similar data for pure com- 
ponents. 

In solving the problem of the extent of the effect 
on total shrinkage, of the diffusion processes which 
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TABLE 1 


Composition, % Theoretical 


specific 
Ni weight 


7.85 
8.90 
5 8.40 
60 8.53 


* In iron and cobalt the impurities are consistent with the grade “analytical purity”. 


occur inside each particle taken separately, and 
which leads to the rectification of structural defects 
(closing up and the reduction in the internal porosity 
of particles) it is interesting to study the change in 
pykrometric density of powder particles after heat- 
ing in different conditions and to compare these fig- 
ures with the changes in the density of compacts of 
the same powder sintered in similar circumstances. 

The work described below is devoted to the study 
of these problems. 


CHARACTERISTICS OF THE MATERIALS 


For the investigation, powders of pure metals and 
mixtures of powders were used, the compositions of 
which are shown in Table 1. 

The iron, cobalt and nickel powders were produced 
by reduction of oxides of the “analytically pure” 
category in hydrogen at a temperature of 700° for 
5 hr. The molybdenum oxides were reduced at 950°. 
After preliminary grinding the resulting sponge was 
put in a ball mill. The chromium powder was produc- 
ed by crushing and griading cast lump chromium in 
a ball mill. The powders obtained were passed 
through a sieve and the fraction selected for the sub- 
sequent experiments was that which went through a 
53 sieve. 

To investigate the effect of annealing on specific 
surface, the pykrometric density of powders and the 
shrinkage on the sintering of compacts made of them, 
the separate batches of powder were annealed in the 
following conditions: iron and cobalt in a hydrogen 
atmosphere for 1.5 hr at a temperature of 1000°, com- 
positions 1 and 2 in a vacuum (10° mm Hg) for 
1.5 hr at temperatures of 800, 950, 1000 and 1100°. 
The compositions 1 and 2 were annealed before the 
introduction of the chromium powder. This was to 
avoid oxidation. 

As the powders are liable to considerable sinter- 
ing during annealing especially at high temperatures, 


about 25 to 40% by weight ammonium bicarbonate 
powders were introduced into the charge in order to 
keep it broken up. This decomposes on heating, 
breaks up the layer of powder and prevents sinter- 
ing. The sponge which was obtained after sintering 
could easily be broken up by hand. 

As a result of the sintering which occurs during 
annealing, there were a certain number of sinters 
consisting of several particles and for this reason 
the powders were put through a 104 yp sieve instead 
of the 53 yu one used in the preparation. The pres- 
ence of these sinters did not introduce any essential 
error in determining the magnitude of specific sur- 
face of the powders, as sintering between particles 
is a very precise affair and the main area of the 
surface remained available for measuring. 

The photo-micrograph shown in Fig. | illustrates 
the nature of the sintering of particles. 


FIG. 1. The sintering of powder particles 
in the process of preliminary 
annealing. 


Powder | 
| Fe Co 
Comp. 2....... 5 20 ” 
| 
‘4 


Mechanism of shrinkage 


TABLE 2 


| Annealing temperature, °C 


800 950 | 1000 1100 
annealing 
Iron powder 
Specific surface, m?/g....... | 1,07 0.24 
Pyknometric density, g/cm’... . 7.69 | | 7,74 
Bulk weight g/cm’. ...... 2.02 
Cobalt powder 
Specific surface, m?7/g....... 0.18 
Pyknometric density, g/cm’... . | | 8.87 
Bulk weight g/em’ 131 — 1,79 
Composition 1 
Specific surface, m?/g....... | 0.54 | 0.40 0,35 0,29 - 
Pyknometric density, g/cm’... . 7.93 | | | — 8.10 
Bulk weight g/em*’ ....... | 1,73 1,88 | 2,10 2,53 


Composition 2 


Specific surface, m?/g....... | 0,34 0.21 | 0.17 
Pyknometric density, g/cm’... . | 8,27 | 8.38 | 
Bulk weight ....... | 2.37 2,80 


THE EFFECT OF ANNEALING ON THE Parallel with this, only a very slight increase in 

SPECIFIC SURFACE AND PYKNOMETRIC pyknometric density of the particles is observed. 
DENSITY OF THE POWDERS For iron and cobalt the density after annealing at 

1000° increased by 0.65 and 0.57% respectively and 
for compositions | and 2 after annealing at 1100° the 
increase in density is 2.14 and 1.33 % respectively. 

The bulk weight of the powders after annealing 
increases gradually with increase in annealing 


The measurement of the specific surface of the 
powders in different states was carried out by the 
method of gas permeability in Knudsen conditions 
on the apparatus produced by Deryagin [16]. The 
pyknometric density of powders was determined by temperature. 
the method described in paper [17], using benzyl 
alcohol * as the impregnating liquid. 


THE EFFECT OF THE PRELIMINARY 
To measure the specific surface of the powders ANNEALING OF THE POWDERS ON THE 
and pyknometric density, cylindrical test specimens SHRINKAGE OF COMPACTS DURING 
10 mm in diameter and 5 mm in height were pressed SINTERING 
with a porosity of 27-32%, which ruled out the pos- 
sibility of error as a result of differences in density 
which can occur with free flowing powders. 
The results of the measurements are set out in 


The preliminary annealing of the powders, which 
is accompanied by considerable reduction in speci- 
fic surface, leads to a sharp reduction in the extent 


Table 2. of the shrinkage of the briquettes in subsequent 
As can be seen from the table, annealing causes sintering. 
a sharp reduction in the specific surface of a pow- In Table 3 the figures are set out for the changes 
der. Even at 950° the specific surface in composi- in porosity and shrinkage of briquettes which were 
tions 1 and 2 was reduced by 35.1 and 38.2% res- made from annealed and unannealed powders. 
pectively. Increase in the annealing temperature is The iron and cobalt powders were sintered at 
accompanied by further reduction in specific surface. 1000° and mixtures | and 2 at 950° in the conditions 
In the iron and cobalt powders after annealing at described above. The shrinkage comparisons were 
1000° the specific surface was reduced more than made on test specimens 12 mm in diameter and 15 
4times. mm in height which were pressed under a pressure ; 


of 2.2 and 4.4 tonnes per cm’. 

The test specimens were sintered at 1100° for 
2 hr in an atmosphere of dry hydrogen. To protect 
the mixtures 1 and 2 from oxidation of the chromium 


* These measurements were carried out by R.A. 
Andriyevskii. 
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TABLE 3 


Porosity, % 


| 


Change in | 
Shrink- increase 


porosity 


Type of powder Pressure 


pres- 
sing 


t/cm After | 


age by | in dens- 


After vol % | ity % 


sinter- | Abso- | Rela- 
ing lute % | tive % 
| 


Iron unannealed 
Iron annealed 


29.3 
14.5 


Iron unannealed 
Iron annealed 


Cobalt unannealed 
Cobalt annealed 


Cobalt unannealed 
Cobalt annealed 


Comp. | unannealed 
Comp. | annealed 


Comp. 1 unannealed 
Comp. 1 annealed 


Comp. 2 unannealed 
Comp. 2 annealed 


Comp. 2 unannealed 
Comp. 2 annealed 


in the charge in the course of sintering, the speci- 
mens were covered with a mixture of chromium pow- 
ders and newly calcined alumina. The figures in 
Table 3 are the averages taken from three test spe- 
cimens. 

Sintered under the same conditions, the specimens 
which have been made from annealed powders show- 
ed a shrinkage which was several times less than 
that of the specimens which had been made of un- 
annealed powders. The difference is particularly 
great (14-17 times) in the shrinkage which is observ- 
ed in specimens pressed of a charge consisting of 
a mixture of compositions 1 and 2, at a pressure of 
2.2 tonnes per cm?. 

A graphic illustration of the difference in the ex- 
tent of shrinkage of briquettes of annealed and un- 
annealed powders is given in Fig. 2 which shows 
the characteristic shrinkage cracks on a specimen 
of unannealed powders into which has been pressed 
a cylinder made of non-porous iron. After sintering 
a 1100° large cracks appear in the compact. This 
does not occur in a similar experiment with powders 
which have been previously annealed. 

The absolute figures for shrinkage were greater 
for powders of pure iron and cobalt than for powders 
consisting of mixtures of several metals. In the pure 


FIG. 2. Shrinkage crack on a specimen made of un- 
annealed powder with a cylindrical iron specimen 
inside it. 


metals also, a considerably smaller difference is 
observed in shrinkage of the unannealed and anneal- 
ed powders (about 1.5 to 2 times) than in the case of 
the complex mixtures (14 to 17 times). This differ- 
ence can be explained by the fact that in these con- 
ditions, shrinkage takes place mainly as a result of 
surface processes. The mutual diffusion of dissimilar 
metals which occurs mainly in the surface layers, 


| 
42.9 | 136 68.3 | 34.9 | 293 
| 29 42.7 | 982 33.9 | 14.5 
4.4 32.0 | io | 21.9 | 68.4 | 25.1 21.9 
79 | 19.1 | 8.8 | 31.5 | 11.2 818 
2.9 49.3 | 11.9 | 37.4 | 75.9 | 41.3 | 37.4 
48.6 | 18.4 | 30.2 | 41:8 | 36:3 | 302 
4.4 38.4 | 10,2 | 28,2 | 73.41 31.51 98.2 
2.2 | 47.6 | 33.7] 13.9 |291 | 20.71 13.9 
2.2 | 48,1 44) 1.2 0.6 
44 37.1 | 23.1 | 14.0 | 37.7 18.2 | 13.9 
| 29 | 44.8 258 | 19,0 | 42,4 | 96.0 19.0 
22 | 43.2] 41.8] 14] 3.35 | 1.85 14 
4.4 | 346] 18.7 | 15.9 | 46.0 | 19.8 | 15.8 
44 32.6 | 30.5 | 21 | 6.45 | 2,95 | 2 | 
| 


TABLE 4 


Temperature 
0 


Displacement of front (cm) after heating for 


Cc 


lhr 


2 hr 


4 hr 


(diffusion in Ni) 


§.76 
3.81 
2.05 x10—4 


5.49x 1075 
2.90x 1074 


1.35x10—5 
7.621075 
4,09 x10—4 


Cobalt 
(self-diffusion) 


1076 
3 81x107° 
2.05x10~4 


9.57x10—° 
5.40x 107 
2.90 x 107 4 


1.35 x1075 
7.62*1075 
4,09 x10~4 


Iron 
(self-diffusion) 


.36x10—* 


2.29x: 1074 


2.72%107-* 
4.60x1074 


produces strain hardening in the contact sectors and 
_ sharply reduces shrinkage. 

The preliminary annealing of the mixture of pow- 
ders at 950° due to which, as will be shown below, 
there is interdiffusion at a comparatively shallow 
depth in the surface layers of particles, reduces the 
relative reduction in porosity to 1.25 to 6.45 % ins- 
tead of 29.1 to 46.0% in the unanneaied mixture and 
68.4 to 75.9% in pure iron and cobalt. This is hard 
to explain if one proceeds on the assumption that 
shrinkage in these conditions is the result of self- 
diffusion and the closing up of the various defects 
of structure inside the particles, as such processes 
should take place inside the particles on heating 
whether the briquette is made of single component 
vf a multi-component charge, and the total shriak- 
age should not differ essentially from the sum of the 
shrinkages of each component taken separately. 

In experimental conditions the sharp reduction in 
shrinkage as a result of previous annealing of a 
mixture of powders is primarily due to reduction in 
the mobility of the atoms as a result of the inter- 
diffusion of the metal in the surface layers of the 
particles and not in their interior. Calculations of 
the movement of the diffusion front at different tem- 
peratures and periods of heating in various metals, 
which were carried out on the basis of the known 
coefficients of diffusion [12], bear witness to this 
fact. Calculation of the movement of the diffusion 
front was made according to the formula 


d~ |/ Dt, 


where D is the coefficient of diffusion; ¢ is time; 
d the extent of the displacement of the diffusion 
front from the surface to the interior of the particle. 


The results of the calculation * are set out in 
Table 4. It can be seen from the Table that in sint- 
ering conditions at 1100° for 2 hr, the shift of the 
diffusion front from the surface to the interior of a 
particle amounts to several microns and at 300-950° 
it amounts to tenths of a micron. The slowing down 
of shrinkage is thus primarily due to processes 
which occur in the surface layers of particles, as the 
size of the powder particles used in the experiments 
was twice as great. 

The figures given in Table 4 as examples of the 
extent of displacement of the diffusion front in the 
case of the self-diffusion of iron and cobalt, amount- 
ing to several microns for sintering et 1100° for 4hr 
(and for cobalt at 800- 950°, tenths of a micron), 
cause one to doubt the possibility of explaining the 
high rate of shrinkage on sintering by the usual dif- 
fusion processes in the interior of particles. If the 
disappearance of pores did occur mainly as a result 
of a diffusion mechanism — by means of the diffus- 
ion of vacancies from the inner surface of the pores 
to the surface of the briquette and the reverse flow 
of atoms from the surface of the briquette to the 
inner surface of the pores, then in order to achieve 
the degree of consolidation which occurs in short 
periods of sintering, a period of time several times 
greater would be required than is actually the case. 

The analogous effect of the reduction in the degree 
of shrinkage as a result of chemical diffusion on 
contact sectors is observed also with the prelimin- 
ary annealing of briquettes which have been press- 
ed out of unannealed powders, even in the case 
where the annealing is carried ont at a much lower 


* The calculations were done by A.I. Reickenko. 
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TABLE 5 


Pressure 


Powder used ini- 


Porosity of the specimens Difference in the porosity 


of specimens pressed 
and annealed at 1100 


tially and 
subse- After 

quently, anneal- 

tons/cm? ing 950° 


After After 
addition-| anneal- | Absolute | Relative 
al press-| ing at 

ing 1100 


temperature than the subsequent sintering. This is 
confirmed by the results of the following experi- 
ments. 

Test specimens were produced at a pressure of 
2.2 and 4.4 tons/cm? our of unannealed powders 
compositions | and 2. The specimens were annealed 
at 950° and then pressed in the cold state in the 
same mould at pressures of 2.2 and 4.4 tons/cm? 
with final sintering at 1100°. In both cases the sin- 
tering was conducted in a dry hydrogen atmosphere 
and the test specimens were covered with a chrom- 
ium powder and calcined alumina. The results of the 
determination of the porosity of the briquettes after 
each operation are set out in Table 5. 

It can be seen from the Table that the preliminary 
sintering of the briquettes of unannealed mixture at 
950° causes a considerable reduction in shrinkage 
on final sintering (1100°). Even allowing for the in- 
termediate pressing, total shrinkage remains less 
than in the case of the sintering of briquettes of un- 
annealed powders at the final temperature of 1100° 
without preliminary annealing, which is illustrated 
by comparison of the numbers in column 6 Table 3 
and column 8 Table 5. 

The results of the determination of pyknometric 
density of the powder particles after annealing also 
show that consolidation of the briquettes on sinter- 
ing cannot be explained by the increase in density of 
each particle taken separately as a result of the 
elimination of structural defects and the disappear- 
ance of the inner porosity of the particles which 
make up the briquettes. 

As can be seen from Table 2, as a result of an- 
nealing at 1100° the pyknometric density of the 
particles only increases by 0.65, 0.57, 1.33 and 
2.14% respectively for iron, cobalt, mixture 1 and 
mixture 2, while at the same time the increase in the 
density of the briquettes baked under the same con- 
ditions, as shown in Table 3, is in some cases more 


than 30%. 


FIG. 3. Illustration showing the meaning of the 
specific volume of a particle. 


These results are in agreement with earlier points 
of view [3, 4] that the shrinkage of powder metal 
compacts at the sintering temperatures usually used 
in practice occurs mainly as a result of processes 
which go on in the surface layers of particles and 
not as a result of diffusion processes in the interior. 
Here the term “surface processes” is understood to 
mean processes which embrace a layer which seems 
to be some thousand atoms in depth and are to a 
considerable degree dependant on the geometry 
of the surface of the particles, — the magnitude and 
nature of heterogeneities, the presence of oxide 
film and its thickness etc. etc. 

The convergence of the particle centres occurs 
as a result of the levelling out of heterogeneities 
on their surfaces. The total reduction in volume of 
the whole sintered compact is made up of the sum 
of the reductions in specific volume of each particle. 
We understand this to mean the volume accorded to 
one particle in the space occupied by the compact. 
In this case, as can be seen in Fig. 3, the specific 
volume of a particle includes the gap between pro- 
jections of the particles. 

On heating to more elevated temperatures and 
particularly on approaching the melting point, 
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besides the surface processes, a much bigger part 
in shrinkage is played by diffusion processes inside 
the particles. The establishment of the relative part- 
icipations of surface and internal processes in the 
phenomenon of shrinkage should be the subject of 
further investigations. 


CONCLUSIONS 


1. Quantitative data have been obtained which 
indicate the influence of annealing temperature on 
the size of specific surface of particles in metal 
powders and a relationship between specific surface 
and the extent of shrinkage on sintering. 

2. The investigations have revealed that the hetero- 
diffusion in the surface layers of particles which 
occurs when powder mixtures of different metals are 
annealed, causes a reduction in the extent of shrink- 
age of briquettes made of these powders. 

3. It has been revealed from measurements of 
pyknometric density of metal powder particles after 


different annealing, that in the conditions of sinter- 
ing under review, consolidation of the powder partic- 
les as a result of the rectification of internal defects 
and the disappearance of internal porosity, repre- 
sents only a small part of the total consolidation of 
briquettes pressed from these powders. For this 
reason the increase in the internal density of the 
particles is not a major factor in the consolidation 
of a sintered compact. 

4. The conclusion has been drawn in this paper 
that in the sintering of compacts in the absence of a 
liquid phase at the temperature range studied, the 
major roles in shrinkage are played by the diffusion 
processes of the rearrangement of surface layers of 
the particles and not the diffusion processes which 
occur inside the particles. 

5. Preliminary diffusion of metal powders can be 
recommended as an effective way of preventing the 
increase in shrinkage which occurs on subsequent 
sintering, and as a method of reducing the change in 
size and the deformation of the finished article. 


Translated by V. Alford 
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FRACTROGRAPH INVESTIGATION OF THE CAVITATION EROSION OF METALS* 
V.V. GAVRANEK, D.N. BOL’SHUTKIN and V.F. ZOZULYA 
Kharkov Polytechnic Institute 
(Received 16 September 1959) 


In recent times papers [1-3] have appeared, in 
which the method of fractrograph investigation has 
been used with success for the study of the nature 
of fracture in metal alloys. This method has been 


used by us to obtain certain information on the nature 


of the cavitation erosion of metals. Particular atten- 
tion has been given to the change in the relief of the 
eroded metal after cavitation tests of different dura- 
tion, and also to the influence of heat treatment and 
chemical composition in building up the relief of 
alloys. 


MATERIALS AND EXPERIMENTAL PROCEDURE 


For the investigations the following materials 
were selected: stainless chromium steel 1KH13 in 
the annealed state, carbon steel U7 after quenching 


The cavitation tests were carried out on a magni- 
tostriction vibrator [4] at a frequency of 7.5 c/s in 
water. The dual oscillation and amplitude of the 
vibrator was 0.06 mm. Fractrographic investigation 
of the eroded specimens was made by means of ti- 
tanium replicas obtained by the method of 2 sided 
printing [5]. The photographs were made on an elec- 
tron microscope (EM-3) at a magnification of 1200. 

The criterion for the evaluation of the nature of 
fracture was known from the fractrograph work [1-3] 
to be the appearance on the photographs of brittle 
fracture in the form of comparatively level slips and 
ductile fracture in the form of chaotically disinte- 
grated relief or what is known as “the cup shaped” 
structure of fracture (Figs. 1A-B). Besides this the 
orientation of the planes of slip and their size were 
determined and compared with the rate of erosion of 


FIG. 1. a — relief of brittle fracture in steel 09KP 
b — relief of ductile fracture in chromium nickel steel; x 1200. 


to martensite and tempering for 1 hr at temperatures 
of 100, 200, 300, 400, 500 and 600°, and also alumin- 
ium bronzes types Br. A2, Br A4, Br A6, Br Al0, 

Br Al2 and BrAl3. The bronze with an aluminium 
content of up to 6% was only investigated in the 
annealed state while those with more than 6% were 


investigated in both the annealed and quenched state. 


* Fiz. metal. metalloved., 10, No. 1, 84-89, 1960. 


the alloys [6]. The ; .otographs which are the 
result of viewing at 10-15 different settings, give 
a fairly satisfactory confirmation of the mechanism 
discussed below. 


DISC USSION OF RESULTS 
In the initial stages of the cavitation rupture of 


steel 1Kh13, as a result of the thermal and mechan- 
ical action of the cavitation zone on the surface of 
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FIG. 2. Relief of the surface of a specimen of steel 1Kh13 after cavitation 
experiments. The peripheral (a) and central (6) part of the specimen after 
3 min testing; (c) the same specimen after 90 min. 


the metal, toroidal “excrescences” are formed which 
give a spherical shape to the compressed bubbles 
(Fig. 2A). In the centre of the microvolume affected 
small particles of the metal up to about 1 yp in size 
are usually pushed out. 

The same test specimen has in the central more 
fractured part, the relief shown in Fig. 2B. The 
slip planes are clearly visible, bearing evidence 
of the cavitation erosion which is a sign of brittle 
fracture. At this stage part of the grains are fractur- 
ed, as the size of the slip planes is 3-5 u and the 
size of the grain in steel in 5-7 pu. A charateristic 
feature of the initial stage of erosion is the multi- 
plane type of fracture, i.e. the considerable disor- 
ientation of slip planes along which fracture occurs. 
This indicates the selective fracture of individual 
crystals which has already been established by 
X-ray analysis [7]. 

If the duration of the test is increased to 90 min 
the comparatively flat surface of the slips is main- 
tained (2C) and indicates that the fracture will be 
of a brittle character. Here, together with the in- 
crease in the rate of erosion, increase in the size 


of the slip planes is observed up to that of the grain. 


The latter appears to be due to the considerable 
development of relief in the process of erosion and 
the creation as a result of this of more favourable 
conditions for brittle fracture. The data obtained 
regarding the brittle character of the fracture on 
cavitation erosion in stee] 1Kh13 are in agreement 


with the results of X-ray analysis of erosion of the 
same steel [7]. 

The effect of heat treatment on the character of 
the erosion fracture was studied on specimens of 
steel U7. Fractrographs of steel specimens temper- 
ed at 100-400° with subsequent 3 hr cavitation 
tests, are characteristic of single plane dissemina- 
tion of fracture (3 A-B). Only as a result of tempering 
at much higher temperature do slip planes appear 
which have different orientation (Fig. 3C). The 
orientation of these planes is apparently due to the 
anisotropy of the mechanical properties and to the 
size of the crystallites. With the general recovery 
of the steel as the result of increase in tempering 
temperature, increase in the anisotropy of the mech- 
eanical properties of crystallites and of their mea- 
surements is observed, which creates conditions 
favourable for the fracture of the crystallites in cer- 
tain crystallographic planes, which appears in the 
disorientation of the slip planes. Other features of 
the fracture are the increase in the size of the slip 
planes with increase in tempering temperature. 

As tempering over 400° causes a considerable loss 
in weight as a result of erosion, it seems that the 
resistance of a steel to erosion is determined by 
the orientation of the slip planes and by their size. 
Increase is the size of the planes of slip and in 
their disorientation causes a reduction in the resist- 
ance of the steel to erosion. The brittle fracture of 
the steel is observed after all the different heat 
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FIG. 3. Relief of a test specimen of stee] U7 after tempering at temperatures: 


a — 100°; b — 400°; 


c — 600° and cavitation experiments for 3 hr. 


TABLE Il. Size of shear planes and rate of erosion of bronze after annealing 
(annealing at 500° for 3 hr) 


Hardness Size of shear 


Material H 
Rp 


Br. 
Br. 
Br. 
Br. 
Br. 
Br. 


| Rate of 
erosion 
planes, pt mg/min 
| cm? 

16 027 
10 
9 800 
8 
6 -110 
067 


treatments which were applied. 

The influence of the chemical composition of the 
alloy on the nature of cavitation fracture was studied 
on the specimens of aluminium bronze. It can be 
seen from Figs. 4A-B that the size of the slip planes 
in eroded specimens is reduced from 15-20 y in bron- 
ze BrA2to 7-10 in bronze Br A6. This explains 
the different resistance of these alloys to erosion. 
The comparatively great size of the slip planes and 
also the multiplane character of the fracture indicate 
the low resistance of these bronzes to erosion, which 
is also confirmed by the data in the Table. Further 


increase in the content of aluminium in annealed 


bronze causes, without changing the character of the 
brittle fracture, a reduction in the size of these 
planes and approach to a multiplane type fracture in 
bronze Br A6 and sinele plane in bronze Br Al3 

(Fig. 4B-C). As in .1e alloys studied earlier, the 
mutual orientation of the slip planes and their sizes 
appear to be connected with losses in weight on 
erosion (see Table 1). 

The erosion relief of quenched aluminium bronze 
is characterized by the single-plane location of the 
fracture, and also by the small spread and windiness 
of a great number of the micro cracks (5 A-B). The 
latter indicate that, as a result of the increased 
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FIG. 4. Relief of specimens of annealed aluminium bronze marks: 
a — BrA2; b — Br A6; c — BrAl3 
after 3 hr cavitation testing. 


FIG. 5. Relief of specimens of annealed aluminium bronze marks: 
a — BrAl0O and } — BrAl3 after 3 hr cavitation experiments. 


ductility, the dissemination of micro-cracks in conducted it can be asserted that a metal alloy will 
quenched alloys is more difficult and there is a re- possess high erosion resistance under conditions of 
duction in the size of the shearing planes and in- the single plane type of fracture and small (3-6 y) 
crease in the resistance of the alloys to erosion. for the planes of shear. The orientation of the planes 
The nature of the fracture in quenched alloys remains _is determined by the anisotropy of the mechanical 
brittle. properties of the crystallites. The reduction in the 
Thus, strength hardening of bronze with change in anisotropy of the crystallite properties which pro- 
chemical composition does not alter the character of vides for the single plane type of fracture, can be 
the fracture but leads to a reduction in the size of achieved by strain hardening the alloy by means of 
the shear planes and to gradual transition from a any heat treatment or by further alloying. The size 
multi-plane type fracture to a single plane one, due of the shear planes along which fracture occurs, de- 
to increase in the erosion resistance of the material. pends on the size of the micro-and submicro-struct- 
On the basis of the investigation which has been ural components of the alloy. With reduction in grain 
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size and in the fields of coherent dispersion of 
X-rays, the size of the shear planes is reduced. Re- 
finement of the structure can be achieved by the 
same means, as for reducing the anisotropy of mech- 
anical properties. 

The heat treatment of eutectoid alloys (quenching, 
tempering) can thus be indicated as the method of 
obtaining erosion resistance, while in the case of 
solid solutions of limited solubility, an alloy must 
be selected with a limited concentration of the solute 
component and it must be given a subsequent quench- 
ing. 


CONCLUSIONS 


1). Cavitation erosion of the alloys investigated 


occurs by the brittle fracture of crystallites. 

2). The size of the shear planes along which 
fracture of the crystallites occurs and also their 
mutual orientation, determine the erosion resistance 
of the alloy. Reduction in the size of the planes and 
in the extent of the disorientation leads to increase 
in the erosion resistance of the alloy. 

3). Increase in the erosion resistance of an alloy 
can be achieved only by strain hardening, by means 
of heat treatment (quenching, tempering), or by ad- 
ditional alloying. 


Translated by V. Alford 
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THE CAUSES OF THE LACK OF STABILITY OF ALLOYS USED FOR PRECISION 
RESISTANCES AND WAYS OF REDUCING IT* 


V.S. MES’KIN and E.A. AL’FTAN 


(Received 21 October 1959) 


A hypothesis is put forward concerning the reasons for the instability of alloys used for precision 
resistances. The results are set out of the experimental verification of this hypothesis. Methods are 


recommended for reducing the instability of alloys, particularly for calibrating resistances and resist- 


The high time stability of electric resistances is 
one of the most important requirements, and some- 
times the decisive one, which are specified for al- 
loys used for precision resistances. Of these alloys 
the one still most in use is the classic manganin, a 
copper alloy with 12% Mn and 2.5-3.5% Ni. The 
stability of this alloy, which is characterized by 
change in resistance which does not exceed 0.005 - 
0.01 % per annum, is quite adequate for the manufact- 
ure of resistances for ordinary instruments. However, 
if the alloy is intended for the manufacture of calibr- 
ating resistances then the change in the value of the 
resistance should not exceed 0.0001 % per annum. It 
is observed that with ageing, manganin mainly shows 


a reduction and more rarely an increase in resistance. 


The factors which cause the instability of resist- 
ance alloys in time, may be divided into two groups: 
1) factors connected with their use (voltage from the 
winding to the frame, absorption of moisture by the 
insulation etc. etc.) and 2) physico-chemical proces- 
ses which occur inside the alloy. The first group 
of factors have already been investigated in various 
degrees and can be reduced by modifications to de- 
sign or production process, although effective 
methods of eliminating them have not yet been de- 
veloped for all the cases where the alloy is used. 
The nature of the processes going on inside the al- 
loy has not, judging from the amount of material 
published, been adequately studied. 


THE SUGGESTED CAUSES OF INSTABILITY 


In the process of developing and investigating 
various different alloys for precision resistances one 
of the writers (MES’KIN) put forward a working 


* Fiz. metal. metalloved., 10, No. 1, 90-100, 1960. 


ances of precision instruments. Some of these methods have been checked experimentally. 


hypothesis, according to which the principle 
physico-chemical process which causes changes in 
resistance with time, consists in the gradual with- 
drawal from the alloy of the hydrogen contained there- 
in. While it is true that this should lead to very 

small changes in resistance, it has already been 
shown above that the changes in resistance which 

do occur in practice and are due to instability, are 
extremely small. The following facts may provide a 
basis for this hypothesis. 

Resistance alloys (particularly manganin) are 
equilibrium solid solutions which after annealing 
approach even more closely to equilibrium state. It 
is therefore in theory difficult to imagine that at room 
temperature any part of the solid phase of such a 
solid solution could be separated. There remains 
however, the possibility of the gradual liberation of 
the gases contained in the alloy. Oxygen and nitro- 
gen however, can only be liberated in an alloy in the 
form of solid phases - oxides and nitrides. The only 
one of the component alloys which could be separ- 
ated at room temperature in a pure form, is hydro- 
gen. According to Olevskii’s representation, the 
change in resistance can be due to the dissociation 
of boundary films of one or other of the low resist- 
ant oxides of manganese. We suggest however, that 
in this case the dissociation of the oxide is consi- 
derably promoted by the hydrogen reacting with it. 
Besides this, this process is in general ruled out 
and in any case it cannot play the major role in al- 
loys which are not based on manganese (e.g. evan, 
Karma etc.). 

In support of our hypothesis there is the gradual 
dying down of the process with time and its final 
cessation (after many years). The reduction in the 
specific resistance of manganese after a stabilizing 
annealing could also be explained by the removal 
of a certain quantity of hydrogen from it. However, 
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FIG. 1. The kinetic of the ageing of manganin at room temperature: 
1 — hydrogenized specimen; 
2 -~- non-hydrogenized specimen. 


even if the holding time at annealing temperature is 
large, enough hydrogen should remain in the alloy 
for equilibrium to be maintained at the temperature 
in question. At the rates of cooling which occur in 
practice, a considerable part of this hydrogen re- 
mains in the alloy and is removed from it very slow- 
ly at room temperature which, according to our re- 
presentation also causes instability. 

Finally, our “hydrogen” hypothesis is confirmed 
by the experimentally established fact [1, 2], that 
instability, i.e. the change with time in electric 
resistance, is also observed in pure metals includ- 
ing platinum. 

The hydrogen content of alloys used for precision 
resistances should be particularly high, as electro- 
lytic metals are usually used for the charge materials 
(for instance when melting manganin — electrolytic 
manganese — nickel and copper are used) which have 
a high hydrogen content. 


EXPERIMENTAL VERIFICATION OF THE 
“HYDROGEN” HYPOTHESIS OF INSTABILITY 


For the purpose of the experimental! verification 
of the working hypothesis set out above, classical 
manganin was artificially enriched with hydrogen 
by two methods. In the first method hydrogen was 
blown through the melted alloy before casting, for 
various periods of time. These investigations have 
not yet been completed. In the second method hydro- 
gen was introduced electrolytically into a manganin 
wire 0.8 mm in diameter in the post-annealing state. 
The composition of the alloy was: Mn — 12.42%; 

Ni — 2.52%; Co—1.10%; Cu —remainder. 

To compare the kinetics of ageing the same wire 

but without extra hydrogen, was studied and also 


work hardened wire 0.4 mm in diameter. 

To introduce the hydrogen the wire was wound 
into a cylindrical spiral on a spider and put between 
four symmetrical arranged lead anodes in a 6% solu- 
tion of sulphuric acid. Each winding of the spiral 
was directly connected with e current-carrying cop- 
per busbar. Hydrogen impregnation was carried on at 
a current density of about ~ 2 A/Dm? for 4 hr. Dur- 
ing this time the electrolyte was heated from 20- 
70°. The hydrogen content in the manganin, deter- 
mined by the hot extraction method, increased during 
this time from 1.001 to 0.005 %. 

To rule out the influence of static stresses, the 
specimens were not wound on a frame but were in 
the form of sections of the wire with copper con- 
ductors connected to them for switching in to the 
measuring instrument. The measuring precision was 
+ 0.002 %. Apparatus and specimen were placed in 
an oil thermostat with a temperature of 20+ 0.1°. 
Specimens for which the kinetics of ageing were to 
be compared, were usually measured during the 
same day in closely similar temperature conditions. 
3-10 specimens were investigated for each set of 
conditions. 

It can be seen from Fig. 1 that at room tempera- 
ture the resistance of a specimen which had been 
hydrogenized for the months preceeding the begin- 
ning of measurement is reduced to a much greater 
degree than that of the unhydrogenized specimen. 
This can be explained most simply by the with- 
drawal of a iarge quantity of hydrogen from it. How- 
ever, the effect of hydrogen impregnation is not 
always the same. 

It can be seen from Fig. 2 that at 100° that in the 
parts which have been hydrogen impregnated for a 
whole day prior to the beginning of measurement the 
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FIG. 2. The kinetics of the ageing of manganese specimens at 100°: 
1-4- hydrogenized for 1 day up to the commencement of 
measuring; 
5 — 6 — annealed unhydrogenized; 
7 — work hardened. 
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FIG. 3. The kinetics of the ageing of manganese specimens at room temperature, 
beginning one month after a 30 hr ageing at 100°: 

1 — 4 — hydrogenized for the month prior to measuring; 

5 — 6 — annealed, unhydrogenized. 
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FIG. 4. The kinetics of the ageing of specimens at room temperature 
after a 30 hr ageing at 100°; 
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1 — annealed; 
2 — hydrogenized; 


in the other part (curve 3) on the other hand, it is 
weaker than in the non-hydrogen impregnated ones 
(curves 5 and 6), while in one specimen (curve /) it 
starts considerably greater and then becomes weaker. 
In absolute figures the change in the resistance of 
annealed specimens is noticeably less than in a 
work hardened one (curve 7) in which there is also 
evidence of the same factors such as reduction in 
residual stresses, recovery etc. etc. Ageing at room 
temperature, beginning a month after the 30 hr age- 
ing at 100°, as can be seen from Fig. 3, causes still 
greater changes in resistance. In one part of the 
specimens it is increased and in the other part it 
begins to grow less and then becomes greater. The 
amplitude of change in the hydrogen impregnated 
specimens (curves / to 4) is as a rule noticeably 
greater than in the other ones (curves 5, 6). 

As far as can be seen from the curves in Fig. 4, 
the main tendency in the changes in resistance at 
room temperature after a preliminary ageing at 100° 
for many hours, has been plotted from the average 
results of the measurement of 4-10 specimens. It 
amounts to this, that resistance is somewhat higher 
in the specimens which have not been hydrogen 
impregnated while in the hydrogen impregnated ones 
it becomes less in the course of a certain period of 
time, where the extent of the reduction which appears 
to be the result of loss of anever increasing quantity 
of hydrogen, becomes smaller. Finally resistance 
remains constant and then it becomes greater again. 
Under these conditions resistance is increased even 
in work hardened specimens (Fig. 4). The increase 
is greater here than in the annealed ones and great- 
est in the hydrogen impregnated specimens. 

From these experimental results the conclusion 


may be drawn that the liberation of hydrogen from 


3 — work hardened. 


the alloy is actually quite substantial but is not the 
only factor which determines the instability of alloys 
used for precision resistances. It appears that an 
important part is also played by the formation of 
very fine oxide films on the surface of the alloy. 
Besides this of course a well known part is played 
by the redistribution of hydrogen in the alloy in the 
course of time and at various different temperatures. 
The redistribution of hydrogen can in particular be 
the result of the selection of neighbouring atoms in 
solid solution which becomes changed with temper- 
ature. This is to some extent confirmed by the 
course of the temperature curves for the solubility 

of hydrogen in the components of manganin (See 

Fig. 6). 

The liberation of oxygen from the alloy, which 
causes reduction in resistance, also determines its 
instability in the initial stage. This could explain 
the considerably greater reduction in resistance in 
the hydrogen impregnated specimens (See Fig. 1). 
Resistance is reduced even more strongly at 100° 
(See Fig. 2) as a large quantity of hydrogen is liber- 
ated at this stage. The somewhat smaller reduction 
in resistance in the hydrogen impregnated specimens 
could be explained by redistribution of the hydrogen 
as a result of its diffusion into the inner layer of 
the alloy, as the hydrogen was introduced into the 
finished wire electrolytically so that its outer layer 
was particularly enriched. 

Evidence of surfaces oxidation becomes apparent 
after a considerable part of the hydrogen had been 
liberated from the alloy. This might explain the 
course of the curves in Fig. 3 and particularly the 
main tendency which is characterized by the curves 
in Fig. 4. In the non hydrogenized specimens resist- 
ance increases all the time while in the artificially 
hydrogenized ones evidence of hydrogen liberation 
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FIG. 5. Diagram of the change in the resistance of manganin in time as a 
result of the simultaneous influence of several factors; 


a — at constant temperature; 
b — short-time heating at a temperature of T; 
¢ — short-time cooling at a temperature of T. 


1 — the resultant curve; 


2 — the influence of hydrogen liberation; 
3 — the influence of oxidation; 


appears for a certain time to a greater degree, and 
only after this does increase in resistance begin. 
Work hardened specimens are easily oxidized. Be- 
sides this the diameter of the wires was only half 
that of the others (0.4 mm instead of 0.8. mm) and 
consequently the relative surface was greater than 
in the annealed ones. For this reason in the work 
hardened specimens the signs of oxidation were 
greater and resistance was more rapidly increased 
(Fig. 4) than in the annealed ones. 

It should be noted that, allowing for the uneven 
distribution of hydrogen and its redistribution (not 
only in macro but also in micro volumes), with 
change in temperature and in the course of time the 
increase in resistance could once more change to 
reduction. Resistance measurements which were 
carried out for half a year after the beginning of ex- 
periments have shown for instance, that in all cases 
it becomes less. This probability is twice as great 
in work hardened pieces due to the process of re- 


covery. 
The graph in Fig. 5 shows that, as a result of the 


simultaneous influence of several factors, the resist- 


ance of manganin may remain temporarily stable but 
will subsequently change considerably. If this is 


4 — the influence of redistribution of hydrogen. 


not allowed for considerable error is possible in 
determining the degree of stability of manganese and 
the effectiveness of stabilizing treatment. 


THE METHODS OF REDUCING INSTABILITY 


It follows from what has been said above that in 
principle the instability of resistance alloys may 
become less where two factors are equal — liberat- 
ion of hydrogen and surface oxidation, which have 
the opposite effects on resistance. This is confirm- 
ed by the curve for the hydrogen impregnated speci- 
mens, shown in Fig. 4. 

However, the necessary adjustment of the degree 
of artificial hydrogenation required for this needs a 
long and cereful study. The most practical method 
seems to be in bringing about the maximum possible 
weakening of both these factors. 

To reduce surface oxidation durin the life of a 
resistance it should work in a vacuum or in a neutral 


medium. This method is already applied with success 


in the case of a calibrating resistance. It can also 
be realized for high precision instruments without 
very great difficulty. 

To reduce the hydrogen content measures should 
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FIG. 6. The solubility of hydrogen at various temperatures in the metal 
components of manganin: copper, cobalt, nickel, manganese: 
1 — according to Siverts; 
2 — according to Potter. 


be taken to prevent it impinging on the alloy in all 
the stages of the production process and in particul- 
ar, in the process of smelting. The maximum effect 
should be obtained by melting and casting in a vacu- 
um but in this case a large amount of the manganin 
will become volatile. For alloys contain manganese 
therefore, it is recommended that there should be a 
careful re-melting (and degasification while still in 
the solid state) in a vacuum of all the other charge 
materials, while the alloy itself should be melted, 
for instance, in an argon atmosphere. Other well 
known methods may also have a good effect on the 
melted metals, particularly ultrasonics. 

Etching operations should be kept to the minimum, 
as here the alloy could absorb a certain quantity of 
hydrogen *. If it is impossible to get by without 
etching then the hydrogen absorbed by the metal 
must be removed (where possible not immediately 
after etching). This operation should be carried out 
in oil at elevated temperature. In our experiments on 
etched manganin specimens held at room tempera- 
ture in transformer oil, resistance was reduced by 
0.1% after 7 hr and by 0.03% after 48 hr. 

It seems that in the case of holding in air, the 
oxygen which is being liberated from the alloy will 
first of all be absorbed (chemisorption) by the sur- 
face of the latter, which is more favourable from the 
energetics point of view than its separation into the 


* Etching manganin in acid in the presence of an oxidiz- 
er will reduce the hydrogenization process but will not 
eliminate it altogether. 


atmosphere. It has been established [6] that the 
heat of chemisorption of hydrogen on metals becomes 
considerably less as their surface becomes filled 
and it may also occur at much lower temperatures. 

In these circumstances of course the diffusion of 
hydrogen from the alloy is difficult. As the process 
of hydrogen separation from an alloy is considerably 
intensified in an oil medium, the main reason for 
this will of course consist in the fact that the separ- 
ating hydrogen interacts chemically with the oil to 
change the composition of the hydro-carbons, and 
this is energetically more satisfactory than its 
chemisorption on the surface metal. The diffusion 

of hydrogen from the alloy is consequently facilitat- 
ed. For this reason we will investigate the influence 
of a number of oils and also other liquid media, in 
this direction. Manganin, which includes in its com- 
position cobalt, nickel and copper, is a good catalyz- 
er. This is a process which is used in the hydro- 
genation of oils although at a much higher tempera- 
ture (200- 400°) and for this reason it occurs at a 
much greater rate. 

In the method recommended of holding in oil or 
another liquid medium it is also advisable to agitate 
it intensively around the surface of the metal, which 
is best achieved by ultrasonics. 

Finally, allowance must be made in all the heat 
treatment operations for the possibility of hydrogen 
being withdrawn from the alloy. The annealing of 
matganese in a vacuum at 550° which is used in 
operation at the moment for the purpose of increas- 
ing its stability, is not to be recommended, as it 
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FIG. 7. Diagram of apparatus used for the ultrasonic treatment of manganin wire: 
1 — ultrasonic generator BAR with output of up to 800w; 


2 — autotransformer LATR-1; 


3 — rectifier type VSA-6m; 


4 — ultrasonic vibrator 24c/s; 


5 — tank with water; 
6 — heater; 
7 — wire; 


8 and 9 — checked specimens of manganin wire; 


10 — lead weight; 


11 — hose for water cooling of vibrator. 


leads to the removal of a large amount of hydrogen. 
For this reason it is better to carry out the anneal- 
ing in the medium of argon as here the manganese 
will become volatilized to a lesser degree. For the 
purpose of removing hydrogen, an annealing temper- 
ature of 550° should be regarded as the maximum. 
Actually, as can be seen from Fig. 6 (3, 5, 7], the 
solubility of hydrogen in copper, nickel and cobalt 
increases with temperature while in manganese it 
becomes less up to 550°. Therefore the maximum 
quantity of hydrogen should be withdrawn from man- 
ganin at 550°. 

According to data available in literature [4] ultra- 
sonic operations accelerate the diffusion of oxygen 
through a platinum plate. Proceeding from our con- 
ception of the great importance of the role of hydro- 
gen in the instability of resistance alloys it could 
be suggested that ultrasonic operations should aid 
stabilization. To investigate this question 350 mm 
long sections of manganin wire were treated by ultra- 
sonics in the apparatus illustrated in Fig. 7. The 
specimens were treated by ultrasonic waves in water 
at temperatures of 10 and 90° for 5-30 min, and some 
of them were treated in air. In the latter case, the 
temperature of the specimens changed as a result of 
a certain amount of reheating by the ultrasonic 
waves. Due to the difficulty of attaching the wire 
satisfactorily to the vibrator, which has a consider- 
able effect on the intensity of the ultrasonic vibra- 
tions, a greater number of specimens was tested at 
each stage. In a number of cases however the effect 
of the ultrasonics was so intensive that the wire 


broke in several sectors. 

Ageing at 100° and also at room temperature after 
boiling for 30 hr, did not reveal any noticeable 
change in the variation of resistance in the treated 
and untreated specimens, either work hardened or 
annealed. However at room temperature with no pre- 
liminary boiling, as can be seen in Fig. 8, the time 
change in the resistance of the specimens which had 
undergone ultrasonic treatment is about half that 
which occurs in those which have not been so treat- 
ed. Static load applied to a check specimen appear- 
ed to have no effect. 

Artificially hydrogenized specimens were also 
treated with ultrasonics immediately after the hydro- 
genation. As a result of this treatment the mean 
hydrogen content in specimens was reduced from 
0.005 to 0.003 %. However, this had practically no 
effect on the change in resistance on ageing, as can 
be seen from the examples given in Fig. 9 for the 
case of accelerated ageing at 100°. 

The reason why ultrasonic treatment, despite the 
removal of a large amount of hydrogen from the alloy, 
fails to bring about any increase in stability, was 
found after a second determination of the hydrogen 
content 10 days after hydrogenation. For this period 
at room temperature the quantity of hydrogen was 
reduced by the same amount as occurs after 20-30 
min ultrasonic treatment. At 100° of course, the hy- 
drogen content in the treated and untreated speci- 
mens will have been equalled out in the course of 
the first few hours. 

Ultrasonic treatment therefore, which intensifies 
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FIG. 8. The kinetics of the ageing of annealed manganin three months after 
ultrasonic treatment: 

1 — average change in the resistance of the three check specimens held for 
20 min in water at 10°; 

2 — average change in the resistance of 7 specimens treated by ultrasonics 
for 20 min at 10°; 

3 — average change in the resistance of 3 check specimens held for 20 min 
at 90°; 

4 —the average change in the resistance of 3 specimens treated by ultra- 
sonics for 20 min at 90°. 
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FIG. 9. The kinetics of the ageing of hydrogenized specimens of manganin at 100°: 
specimens | — 6 — treated with ultrasonics at 10 for 11-30 min; 
specimen 7 check specimen. 
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the diffusion of hydrogen and its removal from the 
alloy, promotes the stabilization of the latter, it is 
therefore possible to recommend ultrasonic treat- 
ment in addition to stabilizing heat treatment, es- 
pecially in the case where an alloy is intended for 
the manufacture of calibrating resistance for resist- 
ance for precision apparatus, where even a small 


additional increase in stability is extremely valuable. 


Proceeding from the “hydrogen” conception of 
instability, it can be suggested that the passing of 
a direct current through the wire should also increase 
its stability as a result of the migration of hydrogen 
ions in the direction of the cathode (as has been 
established experimentally for carbon in steel) with 
its subsequent removal from the alloy. Experiments 
which we carried out showed that the resistance of 
a wire through which a direct current 8-10 A/mm? 
density had been passing for 15 hr (in oil at a tem- 
perature of 25°) became 2-3 times less after ageing 
for 30 days than in a wire which had not undergone 
the current treatment with all other conditions other- 
wise equal. A similar effect was obtained by passing 
an alternating current of the same density through 
the wire. 

It appears that in both cases this effect is the 
result of the heating of the wire by the current. Inde- 
pendent of the mechanism of the influence, this 
treatment could be put into practice in a number of 
cases. 

Thus the method which is known as the pulse 
stabilization of manganin and which consists in 
passing a current of very high density through a 
wire (or part) for a short time, may increase stability 
only as a result of the process of recrystallization 
or of other processes which bring the solid solution 
nearer to equilibrium. It cannot however have any 
substantial effect on the amount of hydrogen with- 
drawn from the alloy. 


. A.H.M. Arnold, Proc. Inst. Elect. Eng. 100, p. 11 
No. 75, 319 (1953). 
2. J.L. Thomas, Proc. Inst. Elect. Eng. BUR. Stand. 
Journal Res. 12, No. 3, 313 (1934); 
Arch. techn. Messen. 4, No. 37, S.T. 98 (1934). 
3. A.N. Morozov, Vodorod i azot v stali (Hydgrogen and 
Nitrogen in Steel) Metallurgizdat, Page 45 (1950). 
4. N. Marinesco, Chim. et Ind. 55, No. 3, 180 (1946). 


REFERENCES 


CONCLUSIONS 


1. The instability of alloys used for precision 
resistances is due to 2 basic factors: the slow grad- 
ual separation of hydrogen from the alloy and the 
formation of an oxide film on its surface. The role 
of the redistribution of hydrogen in the alloy at dif- 
ferent temperatures in the course of time is well 
known. 

2. According to this the stability of precision re- 
sistance alloys (particularly manganin) could be in- 
creased by the following methods: 

a) prevention of surface oxidation during service; 

b) prevention of the recess of hydrogen during the 
melting process; 

c) the reduction to a minimum of production pro- 
cess operations which cause the alloy to ab- 
sorb hydrogen in the solid state; 

d) maximum removal of hydrogen by heat treatment: 
annealing in an inert gas, for example argon, at a 
temperature of about 550° holding in oil (after etch- 
ing) preferably with heating and intensive agitation 
by ultrasonics. 

3. Further increase in stability can be achieved 
by ultrasonic treatment and by passing high density 
current through the wire. It is recommended that 
these methods should be used in addition to stabi- 
lizing heat treatment, particularly in cases where an 
alloy is intended for the manufacture of calibrating 
resistances or for high precision instruments. 


Translated by V. Alford 


5. C. Smithells, Gases in Metals, Metallurgizdat, 134 
(1940). 


6. O. Beak, Symposium, Catalysis. Problems of the 
Theory and Methods of Investigation, Foreign 
Literature Publishing House, 198 (1955). 


7. N.A. Galaktionova, Vodorod v metallakh. (Hydrogen 
in Metals) Metallurgizdat, 33, 148 (1959). 


L 


VOL. 
lo 
1960 


THE INFLUENCE OF HEAT TREATMENT BEFORE GRINDING ON THE 
DEVELOPMENT OF SURFACE MARTENSITE* 
O. BAKALIKOVA and A. MASIN 
The Research Institute for Vacuum Electrotechnology 
Physical Laboratory of the Transport Research Institute, Prague 
(Received 3 March 1960) 


A study has been made of the influence of annealing temperature and various different media on 
the development and amount of surface martensite. The amount of surface martensite increases some- 
what with increase in annealing temperature. Annealing in a decarburizing medium causes the gradual 
growth of a quantity of surface martensite. Annealing in a carburizing medium on the other hand, pre- 
vents its development in the kovartype alloys which were investigated. This can be attributed to the 
difference in the tendency of alloys to martensitic transformation as a result of annealing. 


The development of surface martensite, as can be 
seen from paper [1], is due to the tendency of an 
alloy toward martensitic transformation, which is 
dependent in the first place on its chemical compo- 
sition and irregularities'in the distribution of ele- 
ments in the alloy. Grinding which is carried out in 
the preparation of metallographic specimens [1, 2] 
has an effect on the development of surface marten- 
site. The simultaneous existence of both these fact- 
tors is necessary for the development of surface 
martensite. The determining factor given in paper 
{1} — the effect of the orientation of the crystal lat- 
tices of the austenitic grains and twinning — inter- 
acts more or less with the effect of grinding from 
this point of view that it has an effect on the break 
up of the crystals, the rotation of the developing 
blocks etc., in the process of grinding. The object 
of this investigation was to find out the influence of 
annealing temperature and of small changes in the 
cerbon content before grinding on the development 
of surface martensite. The treatment of the speci- 
mens before the grinding which causes surface mar- 
ieasite is the factor which differentiates our work 
from paper [2] where the influence of temperature 
was studied after grinding, i.e. its influence on sur- 
face martensite which had already arisen. 


EXPERIMENTAL PROCEDURE AND 
RESULTS OBTAINED 


Three Kovar-type alloys were investigated each 


* Fiz. metal. metalloved., 10, No. 1, 101-105, 1960. 


with a different tendency toward the formation of 
surface martensite. Their chemical compositions 
are set out in Table 1. Bands whose approximate 
dimensions were 20 x 20 x 1.5 mm were used as the 
test specimens. Two specimens of each alloy were 
ground on grinding paper and polished on velvet with 
suspensions of spinelline in water, for the purpose 
of verifying the tendency of the alloy to the forma- 
tion of surface martensite. Specimens of the alloy 
designated by the letter A, showed a considerable 
amount of surface martensite, that in alloy B was 
less and in the testpieces C there was none at all, 
the structure remaining purely austenitic. 

Six specimens of each alloy were used for each 
method of heat treatment. They were heated up to 
temperatures of 900, 1000 and 1100° in a furnace 
with a dry hydrogen protective atmosphere (heat 
treatment I). Holding time was one hour. After an- 
nealing two of the specimens remained without 
farther treatment, two were cooled to a temperature 
of —-78° in solid CO, and two were cooled to —193° 
in liquid air (heat treatment If). After this all the 
specimens were ground by the wet method [1] and 
polished mechanic=!’~ on velvet with spinelline. 

Different carbon contents were obtained by anneal- 
ing in various media. The carbon content was in- 
creased by annealing in charcoal. To reduce the 
carbon content the specimens were annealed in air. 
The annealing temperatures were 900, 1000 and 
1100° and part of the specimens were cooled again 
to — 78 and —193°. The percentage content of sur- 
face normal martensite is given in Table 2 
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TABLE 1. Chemical composition 


Content after 
Content of element, % annealing, % 


0.065 Rest 0,068 | 0,010 
0.047 ‘ Rest 0.089 | 0.025 
0,053 , Rest Not done 


TABLE 2. Content of surface and normal martensite after various types of heat treatment 
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* In all heat treatment conditions alloy C only has austenitic structure. 


ANALYSIS OF THE RESULTS a considerable quantity of surface martensite; the 
basic structure already consists of martensite need- 
At first glance at Table 2, a direct relationship les. On cooling to — 78° practically all the austenite 
can be seen between the development of surface transforms into martensite. ; 
martensite and the tendency of the alloy to normal In alloy B the tendency to martensitic transforma- 
martensitic transformation. This is in agreement with _ tion is less. In uncooled specimens of this alloy 
paper [1]. It can be demonstrated in detail on the there is an insignificant amount of surface martensite . 
specimens which were annealed in hydrogen. The and no martensite needles in the basic structure. 
greatest tendency toward martensitic transformation They do not appear until the specimen is cooled to 
is that shown by alloy A. At 28° the specimens have — 78°. In these specimens still quite a large quantity 


Name 
of 
A 21.5 18.3 0.30 
: B 26.7 18 2 0.39 
c 28.0 17.97 0.48 
walled 
A 25 
900 95 
: 100 —193 
25 20) VOl 
1000 100 1006 le 
) 
100 9 19% 
| 25 20 
14100 106 OU 1800} —78 
Ono on 78 900] —78 
—193 
20 
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FIG. 1. Constitution diagram of the system Fe—Co—Ni [3] (extracted from 
Journal of Metals 1952, 5, 464). 


of surface martensite is seen. 
In the specimens of alloy C martensite needles do 
act develop in the basic structure under any condi- 


tions of heat treatment and there is no surface mar- 
tensite. 

The reason why surface martensite only appears 
in the uncooled specimens (20°) in the case of alloy 
A, while in alloy B it also developes in specimens 
cooled to —78°, is that the development of both norm- 
al and surface martensite is dependent on chemical 
structure. If an alloy has such a large tendency 
toward martensitic transformation as that shown by 
alloy A, then on cooling to —78° practically all the 
austenite will be transformed into martensite, so that 
the capacity of these fields for the development of 
surface martensite will have disappeared on marten- 
sitic transformation before grinding is started. Deve- 
lopment of surface martensite in specimens cooled 
to — 78° is not possible. 

The position is different with alloy B. In these 
specimens ordinary martensite does not develop at 
20° and on cooling to — 78° it only approaches 50- 
60%. The greater part of the austenite is only trans- 
formed into martensite by cooling to —193°. The 
capacity of certain fields to martensitic transforma- 
tion in the specimens cooled to —78° and uncooled, 
has not been completely exhausted by the normal 
martensite. With subsequent grinding the development 
of surface martensite is possible in specimens cool- 
ed to —78°. Cooling to —193°, when the austenite 
is almost 100% transformed into martensite, provides 


the possibility, as in alloy A, of surface martensite 
developing with subsequent grinding. 

As can be seen from Table 2, increase in anneal- 
ing temperature causes a small increase in the con- 
tent of surface martensite, as occurs in the case of 
alloys A and C. This is not difficult to explain if 
one allows for the differences in structure which 
are brought about by annealing Kovar alloys [2]. As 
shown by that work up to 850° there is no change in 
structure. Around 1900° any normal or surface mar- 
tensite is transformed back into austenite. At 1100° 
transformation of the martensite has already taken 
place and the boundaries of new grains can be seen 
in the structure. Recrystallization follows on further 
increases in temperature. Both recrystallization and 
the secondary transformation of martensite into aus- 
tenite, in view of the high annealing temperature, 
cause transfer of elements as a result of diffusion 
which in its turn causes alteration of their distribu- 
tion in the specimens. Thus new fields may arise 
with a tendency to martensitic transformation or the 
existing fields mi, ve extended, which will lead to 
increase in the content of surface marteasite on 
grinding. The relationship between the amount of 
surface martensite and chemical composition can be 
seen on specimens which have been annealed in air 
or in charcoal. Decarburization is achieved by an- 
nealing in air and further increase in the instability 
of the alloy. This can be seen from the constitution 
diagram of Kovar type alloys (see Fig. 1). * Before 

(see footnote on the next page) 
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annealing in air or charcoal alloys A and B lie in alloys A and B when they have become stable. in- 
the points 1 and 2 i.e. not far from the limit which crease ia the carbon content on annealing in char- 
determines the field of equilibrium of martensite and _—coal will only lead to further stabilization. 
austenite. As is well known, carbon is an element The influence of heat treatment before grinding 
with a highly stabilizing y-phase and reduction in its | can be explained by the change in the heterogeneity 
content will for this reason reduce the y field. As a of the specimens: the development of new fields, 
result, displacements of the boundary ay + y/y to the expansion or even removal of existing ones with 
the right of the alloy go deeper into the field a, + y a tendency to surface martensite formation or mar- 
and the amount of surface martensite developed on tensitic transformation in general. 

grinding increases. The change in the carbon content 
of alloy A (see Table 1) was only 0.020-0.011 = 

= 0.009 % and in alloy B 0.035- 0.025 = 0.10%. The 
change in the content of surface martensite wi!l not 
be very great. 


CONCLUSIONS 


Similarly to the way in which heat treatment be- 
fore grinding effecis the development of surface 

On annealing in charcoal on the other hand, there martensite, it is to be expected that mechanical 
is an increase in the carbon content of the specimens. treatment at high temperatures, rolling, forging etc., 
The increase is 0.068 to 0.020 = 0.048% in alloy A during which displacement of elements is possible 
and 0.089- 0.035 = 0.05 % in alloy B. Increase in the by diffusion, will have an influence on the develop- 
carbon content leads to an increase in the y-fieid ment and amount of surface martensite which occurs 


i.e. in the diagram (Fig. 1) to displacement of the on grinding. The cause of this appears to be the 

boundary ay; + y/y to the left. development of the type of distribution of surface 
The fact that neither normal nor surface martensite 40d norma! martensite which has been noted in pa- 

develops in specimens after carburization indicates pers [1] and [4]. 

that alloys A and B must lie outside the field In conclusion we feel obliged to extent our thanks 

ayo + y, they have become stable. to Mr. Kvarde the head of the Materials Department 
Considering that on annealing in air the carbon in the Research Institute for Vacuum Electro- 

content is reduced by approximately 0.01 % and that Technology, for giving us the opportunity of carry- 


alloys A and B became stable with their carbon con- ing out this work. 
tents increased respectively to 0.068 and 0.089 %, it 

is easy to see why alloy C did not lose its stability 

even after annealing in air and why neither normal 

not surface mertensite was found. This alloy contains 

0.1% carbon with all the remaining alloying elements 

practically equal in content. On annealing in air their 

carbon content is reduced by 0.01 % but there still 
remains 0.09%, i.e., more than the carbon content of 


Translated by V. Alford 
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The fracture of metals at high temperatures along 
grain boundaries is a fact which is widely known 
and was discovered as early as 1912([1, 2]. Ina 
number of works devoted to investigation of the long 
time strength of steel [1-5], the connexion has been 
demonstrated between the nature of fracture and 
creep resistance. 

To explain the influence of the type of fracture on 
the strength of a material it is usual to turn to 
Jeffries’ scheme. According to this the crystals are 
already fractured before reaching a certain tempera- 
ture and before the experiment has gone on for a 
certain time, and the creep resistance of a material 
is determined by its “intracrystalline strength”. With 
increase in the testing temperature and extension of 
the time up to fracture, it is the intercrystalline 
strength of the metal which is decisive. The temper- 
ature corresponding to the transfer from one form of 
fracture to the other is known in literature as “equi- 
cohesive” or the temperature of equal strength. 

Thus Jeffries’ system envisages a sharp change 
from intra -to intercrystalline fracture. Besides this 
the data available on the investigation of the nature 
of fracture by microscopic analysis both of speci- 
mens after testing for long time fracture, and of the 
materials of which parts have been made which have 
fractured in the process of operation, shows that the 
term “intercrystalline fracture” embraces a large 
number of different types of fracture. The term also 
includes intercrystalline discontinuities in the form 
of pores which are revealed under a microscope at 
comparatively high magnification, and cracks which 
are visible with the naked eye. 

In this work the results of the investigation of 
various different metals are set out, obtained after 
testing in conditions where intercrystalline fracture 
was prevalent. An attempt has been made to differ- 
entiate the types of intercrystalline fracture and to 
establish a connexion between the degree of their 
development and plasticity. 

In carrying out this investigation use has been 
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made of methods of testing at constant rates of de- 
formation. By this method it is possible to deter- 
mine the mechanism of the change in percentage 
elongation on fracture in association with the rate 
of deformation and temperature. 

The method for testing at a constant rate of defor- 
mation has already been described [6]. The figures 
obtained by this method can be presented in the form 
of a series of V-shaped curves [6]. The lower the 
rate of testing, the greater is the movement of a 
V-shaped curve towads lower temperatures and its 
minimum appears more abruptly. For this experiment 
a pearlitic steel EI 10 and two austenitic steels 
were used: Fe-Cr-Ni steels strengthened with 
tungsten and titanium — E1612 and a high-strength 
steel on ar NI-Cr basis strengthened with moly- 
bdenum, tungsten, aluminium and titanium (alloy A). 

Before testing all the specimens were given the 
heat treatment specified for each mark of steel, as 
shown in Table 1. The mechanical properties of the 
material are also shown in this Table. 

Testing at constant rates of deformation was car- 
ried out in the temperature range 450- 800° (about 
every 50°) at rates of 180, 3.6, 0.6 and 4 x 107 %/hr 
In our article more detailed attention is paid to the 
results of testing at maximum and minimum rates. 

To find out the nature of the fracture, metallogra- 
phic specimens were taken from the test length of 
the piece close to the point of fracture. The speci- 
mens of steel EI10 were subsequently etched in a 
2% alcohol solution of nitric acid and a 4% alcohol- 
ic solution of picric acid. 

To reveal the structure of the austenitic alloys 
etching was used in a reagent of the following com- 
position: CuSO,-2. (specific gravity 1.19)- 
10 ce, H,SO, (specific gravity 1.84)-1 cc, H,0- 

10 cc. Etching was carried out at room temperature 
by wiping the specimen with cotton wool soaked in 
the reagent until the macro-structure was revealed. 

In order to establish the extent of the damage to 
the material and the nature of the fracture several 
photographs were taken of the metallographic speci- 
mens, and then from these photographs the number 
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TABLE 1. Heat treatment and mechanical properties of the steels investigated 
Testing temperature 20° 


—- 


Heat treatment 


Mechanical properties 


Sp, 


% 


Quenching at 030— 950 in oil 
Tempering at 620—630@ in air 


59 


50 hr 


Quenching at 1150°—1 hr in water 
Tempering at 750 — 20 hr + 710° — 


Ageing at 900° — 8 hr 


Quenching at 1200? —5 hr in air 


FIG. 1. Microstructure of steel EI10. T = 600°C; v = 180 %/hr; 5 = 14.6%; x 400. 


of cracks was estimated and their total coverage per 
unit of surface was calculated and then averaged to 
one crack. These calculations were made for 3-4 
regions of a specimen. 

Percentage elongation was determined either from 
extensometer readings or from the diagram. True 
tensile stress (S,) was found by dividing the stress 
at the end of the test by the cross sectional area in 
the point of fracture. It should be noticed that in this 


case the value S; characterizes the state of the 
material at the moment of fracture. 


RESULTS OF THE INVESTIGATIONS 


Microstructural analysis of the material of the 
testpieces of steel E110 after testing showed that at 
maximum rate of testing — 180%/hr, beginning at 
500° discontinuities appear in the metal in the form 


| Type | 
| kg/mm?*|kg/mm?| % | 
| 
| | 
E1612 90 53 | 9 | 4! 
O00 | | 
Allo 
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gation (8-8), % 
S 


Elon 


No. of cracks 


S 


Average length of one crack, p 


o/ 


( 2-85), 


Elongation 


No. of cracks 


Average length of one crack, p 


Q 
600 700 600°C 


FIG. 2. Alteration in elongation, and the number and length of microcracks in relation to testing 
temperature. Steel E110 (from micro-structural analysis of an area about equal to 
= 1.4x 10% mm’): a — v = 180%/hr; 
1 — number of cracks; 2 — coverage; 3 — percentage elongation; 4 — average length of one crack; 
b-—v=4x 107 %/hr; 
1 — number of cracks; 2 — coverage; 3 — percentage elongation; 4 — average length of one crack. 


of round pores. When the testing temperature is in- When the rate of deformation is reduced to 

creased to 600-650° the number of pores increases 4x 107%/hr intercrys .ailine cracks or pores appear 
considerably and there is a corresponding growth in even at temperatures much lower (450°) than in the 
their coverage (Fig. 1, 2a). This temperature range case of testing at maximum speed. Further increase 
corresponds to minimum plasticity on the V-shaped in temperature leads to increase in the length of in- 
curve. When the testing temperature is increased to dividual cracks (Fig. 3a). 

700 - 800° there is no change in the nature of the It can be said that with a decrease in the rate of 
fracture although at this temperature there is a con- testing in circumstances corresponding to the notice- 


siderable increase in percentage elongation on able drop in plasticity, there is an increase in the 


fracture. length of the cracks and reduction in their number; 


99 
a 
| 
| 
Grain size | 
A 
0 
10 | 
400 500 600 700 b00°C 
160 
FO — 
100 
on 16 
lo Grain size ‘ed 
.f 
/0 y 
“00 500 


Plasticity of steel 


FIG. 3. Microstructure of steel E110; 


a —T = 600°, v = 4x 107%/hr, 5 = 6.07%; 


the total spread of the cracks is increased (Fig. 2B). 
The change in the degree of development of inter- 
crystalline fracture at 600° is shown in Fig. 4. 

When testing temperature is increased to 700- 750° 
and at rates of deformation 3,6 and 4 x 107%/hr, 
plasticity becomes so high that the testpiece only 
fractures after more than 50% deformation. 

After testing at 650- 700° the formation of a large 
number of cracks on grain boundaries is observed. 
The length of these cracks is somewhat less than 
the diameter of the grains. The majority of bound- 
aries which are at angles of about ~ 90° to the dir- 
ection of the tensile stress, are damaged by inter- 
crystalline cracks. 

It could be suggested that under testing conditions, 
there will be an increase in the number of cracks on 
the ascending branch of the V-shaped curve, in the 
presence of which the metal will not fracture until 
a certain moment. This is apparently due to the fact 
that when cracks encounter grains on their paths 
their do not proceed any further. Under the influence 
of the tensile forces this type of crack will open out 
and its ends will become rounded (Fig. 3b). 

Thus, in the temperature range 450- 700° an inter- 
crystallite type of fracture was obtained for steel 
EI10 in most of testing speeds. The quantity, length 
and form of the cracks depends upon testing condi- 


b — p = 650°, v = 3.6%/hr, 5 = 6.97%; x 400. 


tions. At maximum rates of testing cracks/pores will 
appear: at testing temperatures which cause maxi- 
mum reduction in plasticity, long thin cracks with 
sharp ends will be formed; at testing temperatures 
appropriate to the rising branch of the V-shaped 
curve there will be a large number of open cracks 
with rounded ends. These cracks will be shorter in 
length than the diameter of the grains. 
Microstructural analysis of testpieces of steel 
E16.2 after testing disclosed a still further develop- 
ment of intergranular fracture than had been establish- 
ed for steel EI10. The presence of elements of in- 
tercrystalline fracture was revealed at practically 
all temperatures and rates of testing. The results of 
calculations made from the micro photographs to 
establish the type of fracture, are set out in Fig. 5. 
At a testing temperature of 450° which is compar- 
atively low for steel, and testing rate of 180%/hr, 
simultaneously with marked deformation of the grains 
several small intercrystalline fractures are observ- 
ed. With further increase in temperature the number 
and total spread of the cracks increages (Figs. 5, 
6A). At a temperature corresponding to the maximum 
drop in percentage elongation, together with increase 
in the number of cracks there is an increase in their 
length (Fig. 5). Here the majority of the cracks are 
not as large as the cross section of a grain, but 
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FIG. 4. Change in the number and length of microcracks in relation to the rate 
of deformation. Stee] EI10 (from structural analysis): 
1 — iengih of cracks; 
2 — number of cracks; 
3 — average length of one crack. 


individual cracks do cover 2-3 grains. 

At testing temperatures corresponding to growth 
in plastic properties (on the ascending branch of the 
V-shaped curve) a large number of comparatively 
small cracks is formed on graia boundaries (Fig. 6b). 
Unlike the thin cracks with the sharp ends which 
form in the temperature range formation drop in plas- 
ticity, at high temperatures very open cracks with 
rounded ends appear. 

When the rate of deformation is reduced to 0.6%/hr 
a reduction in the number of cracks is observed after 
testing at 550- 650°, while there total spread in- 
creases as a result of the joining up of several 
cracks into one (Fig. 5b). This type of crack pro- 
pogation, as in the case of testing at a rate of 
180°/hr, causes the maximum drop in percentage 
elongation. Increase in temperature causes the num- 
ber of cracks and their brittle coverage to be reduced, 
with subsequent considerable increase in plasticity 
(see the same Fig.). 

Investigation of a microstructure of specimens of 
steel E1612 at great magnifications, reveals a de- 
formed layer close to the point of fracture on the 
boundaries of the grains, which surrounds a whole 
grain (Fig. 6c). The developing intercrystalline 


fracture cannot proceed beyond this layer. 

Of the materials investigated the more high- 
strength alloy A is also the least plastic. 

In investigating the structure of metals which have 
fractured with minimum elongation, separate inter- 
crystalline cracks are revealed which are apparently 
branches of the main crack which causes fracture 
of the piece. In a number of cases the crack causing 
fracture intersects a grain. Outside the zone of 
fracture there are practically no intercrystalline 
cracks. 

Some growth in plasticity was obtained in these 
testing conditions at a temperature of 900° (Table 2). 
Here, close to the point of fracture a considerable 
number of intercrystalline cracks appeared in the 
material. These cracks did not develop after their 
size had approached that of the diameter of the 


grain. 
DISC USSION 


The mechanism of fracture at high temperature 
may be conveniently divided in materials with poly- 
crystalline structure into the following stages: 

a) The formation of sub-microscopic discontinuities: 
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FIG. 5. Change in percentage elongation, number and length of microcracks in 
relation to testing temperatures. Steel E1612 (from microstructural analysis, 
area about equal to 2.4 x 10° mm’): a — v = 180%/hr, 

1 — number of cracks; 2 — coverage; 3 — percentage elongation; 4 — average 
length of one crack. 
b — v = 0.6 %/hr; 
1 — number of cracks; 2 — coverage; 3 — percentage elongation; 4 — average 
length of one crack. 


ities; The formation of submicroscopic discontinuities 


b) the merging of discontinuities into a microcrack on grain boundaries in the points where there is 
about the same size as the diameter of the concentration of a fractured crystal lattices and 
grain; greater mobility of the atoms, can be satisfactorily 


c) development of micro-cracks into macro-cracks. explained by the process of the diffusion of vacan- 
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FIG. 6. Microstructure of steel EI 612: 
a —T = 700, v = 180%/hr, 5 = 10.9% x 150; 
b — T = 850, v = 180%/hr, 5= 43% x 150; 
c — T= 650, v = 3.6%/hr, 5 = 4.05% x 400. 
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TABLE 2. Results of tests on alloy A at constant rate of deformation 
equal to 6.7 x 107 %/br 


Testing | 
temperature % +, % | 6», kg/mm zs, kg/mm kg/mm? 
°C 
650 1.25 1.4 | 67.1 62 61.6 
700 0.75 2.9 61,2 — 58 
750 0.1 0.25 | 55,2 52.8 47,2 
800 0.16 3.2 | 36.8 36,8 37.8 
850 0.86 , 2.73 29.1 26.7 -— 
900 4.4 | 18.3 17 


cies [7-9]. The process of the build up of intercryst- 
alline discontinuities which in conditions of vis- 
cous flow are formed on grain boundaries will pro- 
ceed in time under the action of tensile forces in a 
definite range of temperatures. 

The appearance on deformation of the metal of a 
deformed zone on the surface of grains (Fig. 6c) 
will promote both the emergence of submicroscopic 
discontinuities and their development into micro- 
cracks. It is clear from the micro-structural analysis 
data obtained that the temperature at which small 
intercrystalline micro-cracks first appear decreases 
when the rate of deformation is decreased (Fig. 2,5). 

With decrease in the rate of deformation (or increa- 
se in the duration of the test) the micro-cracks will 
be propagated by the emergence of individual cracks, 
increasing their general coverage and reducing their 
quantity (Figs. 2b, 5b). 

It can be seen from Figs. 2, 3b and 5 that in all 
cases the average size of a crack, where a consider- 
able number are formed, approximates to the aver- 
age diameter of the grain. This shows that once the 
micro-cracks have reached this size they encounter 
obstacles which prevents their further growth. Neigh- 
bouring grains may, as seen in Fig. 3b, provide 
such an obstacle. In order to grow, a crack must 
either follow grain boundaries and deviate consider- 
ably from the plane of the maximum normal stresses 
which create fracture, or it must intersect the grain. 

If the material is sufficiently plastic and the 
limit of its elastic resistance is low, then the stress 
concentration at the end of micro-cracks will be 
removed by the considerable piastic deformation 
which occurs in individual grains. This can be seen 
in Fig. 6b. 

If the material has high elastic resistance and low 
plasticity as a result of stress concentration in the 
end of the cracks, the brittle strength of the grain may 
be overcome. That is, in the case in question it can 
be assumed that the mechanism of fracture is similar 


to that suggested by Glikman to explain the pheno- 
menon of corrosion cracking [10, 11]. This type of 
fracture is characteristic for an alloy on a nickel 
base, and occurs with the first micro-cracks. 

If the figures for the plastic properties of the 
materials under investigation are compared with 
those from microstructural analysis it can be seen 
that for steels EJ10 and E1612 the changes in elon- 
gation are directly connected with the extent of the 
damage done to the material by intercrystalline 
cracks. The greater the coverage of the cracks per 
unit of surface, the lower is the deformation on 
fracture (see Figs. 2b, 3a, 5b, 6a). 

At relatively low temperatures a considerable time 
is required for the development of intercrystalline 
cracks. At the testing speeds used, up to a certain 
stage in the development of the damage which 
causes fracture, there is considerable shear deform- 
ation and total elongation is quite extensive. [If the 
temperature is increased or the test prolonged, the 
degree of development of the intercrystalline cracks 
will increase and the process of plastic deformation 
will be interrupted by fracture at lower elongation. 

The extent of the damage to the section of mater- 
ial by intercrystalline cracks at the moment of fract- 
ure can also be judged from the figure for true tens- 
ile stress S,. In cases where a considerable degree 
of development of intercrystalline fracture is cbserv- 
ed with increase in temperature or duration of the 
test, there will be a sharp reduction in S,. The ratio 
between true tensile stress and UTS 


Sk 
will have fallen. 
Fig. 7 shows the change in the ratio 
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FIG. 7. Change in the ratio of true tensile strength to UPS in relation to 
temperature at different rates of deformation. 
Steel E110: 1 — v = 4x 107 %/hr; 
2 —v = 0.6 %/hr; 
3 —v = 3.6 %/hr; 
4—v= 180 %/hr. 


in relation to temperature and different rates of de- 
formation for steel E110. At low temperatures this 
ratio is 1.5- 2; at high ones, which cause the maxi- 
mum development of intercrystalline fracture, the 
ratio will fall to a value 3-4 times less. A similar 
picture is observed for steel £1612. 

For the high strength alloy A on the nickel base, 
for which fracture is a characteristic from the first 
intercrystalline cracks, the change in S;, is consi- 
derably less. The ratio 

Sk 


Sb 


in all cases is close to one. 

Such considerable differences in the nature and 
degree of development of intercrystalline fracture in 
different materials can apparently be explained by 
the stress level which can be reached in the pres- 
ence of micro-concentrators — the intercrystalline 
cracks. The high temperatures at which the creep 
resisting alloy A was tested and the low capacity of 
its grains for deformation, created conditions in 
which the brittle strength of the material is over- 
come on the appearance of the first considerable 
intercrystalline cracks. In steel E1612 on the other 
hand, and even more in steel EJ10, testing of which 
was carried out at considerably lower stresses, the 
local increase in brittle strength is reached after 
considerable reduction in the section as the result 
of the formation of a large number of intercrystalline 
cracks. 

Improvement of plastic properties at maximum 


testing temperatures is the result of reduction in the 
intensity of development of intercrystalline cracks. 
The intercrystalline nature of the fracture is pre- 
served but the shape of the cracks is changed. While 
under testing conditions which cause maximum drop 
in plastic properties, formation of fine and long 
cracks with sharp ends is observed, in conditions 
corresponding to the ascending branch of the V-shap- 
ed curve, small open cracks with blunt ends are 
seen. 

Such a change in the shape of the cracks could be 
explained by the change in the nature of deforma- 
tion — the spread of diffusion plasticity from the 
boundaries to the insides of the grains. 


CONCLUSIONS 


1. In the creep-resistant materials investigated 
the formation of intercrystalline cracks is observed 
at high rates of deformation, beginning with temper- 
atures 450-500°. 

2. If the temperature is increased and the rate of 
deformation reduced, there is an increase in the 
damage of the material by intercrystalline cracks. 
Their quantity, length and shape are dependent on 
the actual conditions of testing. At maximum test- 
ing rates and relatively low temperatures crack-like 
pores are observed. In testing conditions which 
cause the maximum drop in plastic properties, long 
thin cracks with sharp ends are formed. 

3. The plastic properties of alloys at high temper- 
atures are directly connected with the extent of the 
damage to the material as a result of intercrystalline 
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intensity of the propagation of intercrystalline 
cracks. 

In these circumstances intercrystalline fracture 
is characterized by the formation of relatively 
small wide cracks with blunt ends. 


cracks. 

4. At reduced speed and higher temperature the 
length of an average crack will be close to the 
grain diameter of the steel. Neighbouring grains pre- 
vent the development of cracks. 

5. Increase in plastic properties at a testing tem- 
perature above 600- 650° for pearlitic and 650- 700° 
for austenitic steel, has the result of reducing the 
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A study has been made of the influence of the temperature of deformation on the nature of the 
mechanism by which the latent energy of deformation is accumulated. The investigation was conducted 
on silver deformed at — 196° and + 20°. A relationship has been found between the amount of energy 
absorbed and the degree of deformation, between the work expended in deformation and the increase in 


electric resistance. 


INTRODUCTION 


The degree of imperfection of the crystal lattice 
of a plastically deformed metal can be quantitative- 
ly characterized by the extent of the energy absorb- 
ed by it in the process of deformation. A study of the 
mechanisms of the accumulation and liberation of 
this energy is a considerable aid to the development 
of representations concerning the processes which 
go oa in the metal during deformation and of the 
nature of residual lattice distortions in it. 

Investigations of this type which have been des- 
cribed in literature relate in the main to metals which 
have only been deformed at room temperature. Com- 
parison of these ‘ata with the results of measure- 
ments made on metals deformed at other temperatures 
is however exceedingly important, especially at tem- 
peratures considerably lower than room, i.e. where 
recovery during deformation plays no essential role. 
Unfortunately the number of publications devoted to 
this problem is exceedingly small. 

The fullest information on the nature of the accu- 
mulation of energy on low temperature deformation of 
metals is given in paper [1]. These figures were 
however, obtained for low melting point metals (cad- 
mium and lead) and only relate to one fixed temper- 
ature of deformation (— 196°), which does not permit 
their comparison with analogous data on the same 
metals at different temperatures. 

More direct though less complete information on 
the effect of reduction in the temperature of deform- 
ation on the process of energy absorption is con- 
tained in papers [2], [3] and [4]. The first of these 
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gives the values for the latent energy of deformation 
for nickel plastically deformed under the same load 
at different temperatures (from —196 to + 20°) and 
establishes a correlation between these figures and 
the increase in electric resistance which is caused 
by deformation. The other two papers are devoted to 
the study of the kinetics of the liberation of energy 
on heating a gold/silver alloy deformed at —195, 
—79 and + 20°. 

In the publications enumerated, which embrace all 
that is known in literature of investigation in this 
direction, there are unfortunately no figures on the 
influence of the deformation temperature on a num- 
ber of important mechanisms such as, in particular, 
the relationship between the latent energy of deform- 
ation and the extent and nature of deformation, the 
work expended in the deformation and increase of 
electrical resistance. 

Bearing this fact in mind we carried out a number 
of measurements of the latent energy of deformation 
of silver, plastically deformed at different tempera- 
tures (—196 and + 20°). 


METHOD OF MEASUREMENT AND RESULTS 


The differential impulse method was used for the 
investigations, as developed by one of the authors 
and described in paper [1]. This method does not 
require special heat insulation of the specimen from 
the surrounding medium, which is particularly im- 
portant in low temperature investigation. 

The test specimens used were silver wires 
(99.99 % pure) 0.1 mm in diameter and about 60 mm 
long. Deformation was carried out by compressing 
the wires between polished steel plates at room 


_ 


FIG. 1. Relationship between the amount of energy 
absorbed on deformation Q and the degree of de- 
formation Ad/d at temperatures — 196° (1) 
and + 20 (2) in silver test specimens. 


temperature and in liquid nitrogen. 

Fig. 1 shows the relationship between the amount 
of energy absorbed Q and the degree of deformation. 
Curve ] relates to measurements made at the temper- 
ature of liquid nitrogen while curve 2 relates to 
measurements made at room temperature. The high- 
est values of Q obtained were in the first case about 
0.7 cal/g (A d/d = 50%), in the second —0.45 cal/g 
(A d/d = 70%). These are not maximum values as 
can be seen from the course of the curves. 

Both graphs are similar to the curves given in 
papers [1 and 2] for nickel and copper deformed at 
room temperature, and also for cadmium and lead de- 
formed in liquid nitrogen. A characteristic feature of 
the curves is the continuous increase in slope with 
increase in A d/d. This is apparently due to the fact 
that in all the cases indicated above the specimens 
used were cylindrical. With transverse compression 
of this type of specimen, in the first stages of de- 
formation small loads will cause considerable relat- 
ive strains, while at the same time the increase in 
the area over which the stress is distributed will 
cause reduction in the growth of unit strain with 
increase in load. Thus the axis of unit strains is 
drawn out at the beginning and compressed at the 
end. This fact should always be borne in mind when 
comparing these results with similar figures in other 
works. In particular, it might explain the lack of 
agreement between our figures and the results given 
in paper [5] where, from analysis both of original 
investigations and of work by other authors, the con- 
clusion has been drawn that in the graphs for the 
relationship between Q and A d/d the points of in- 
flection are a special feature characteristic of the 
process of deformation. 


Plastic deformation of silver 


It is interesting to note that the figures for the 
latent energy of deformation which we obtained at 
room temperature are exceedingly close to the cor- 
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FIG. 2. The change in the latent energy of deformation 
Q with increase in work expended on deformation A 
in silver at deformation temperatures — 196° (1) and 
+ 20 (2). 


responding values for the degree of deformation, 
given in paper [6] for silver test specimens in tens- 
ion. 

In Fig. 2 the latent energy of deformation is pre- 
sented in relation to the work expended on deforma- 
tion A. As might be expected this relationship has 
a tendency toward such relation. 

Comparison of the figures for latent energy of de- 
formation obtained at the temperatures indicated 
above and related to one or the other degree of de- 
formation or to the same degree of work expended on 
deformation, show that the value of the energy ab- 
sorbed on deformation increases considerably with 
reduction in temperature. 

It also follows from Fig. 2 that, with a reduction 
in temperature not only is there an increase in the 
absolute amount of absorbed energy but also in its 
relationship to work expended Q. This is illustrat- 
ed more easily by the curves for the relationship — 
between Q and work expended A, which are shown 
in Fig. 3. It can be seen from the graphs that re- 
duction in the temperature of deformation from + 20 
to — 190° increases the relative absorption of ener- 
gy by about twice, with the same figures for work 
expended on deformation. Both curves have a simi- 
lar form and are characterized in the initial stages 
of deformation by a relatively high absorption of 
energy which is reduced with increase in the degree 
of deformation. In particular, in the initial sector 
of the graphs the ratio Q at low temperature reaches 
40-45 %, while at room temperature it is 15-20% 
and at high degrees of deformation this figure does 
not exceed 10 and 5 % respectively. 

A similar relationship has been obtained at low 
temperatures for cadmium and lead and has been 
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FIG. 3. The relative values for energy absorbed Q/A 
relative to work expended in deformation A at 


temperatures — 196° (1) and + 20° (2). 


noted in paper [1]. The authors explain the form of 
the curves by the fact that, with increase in the 
degree of deformation there is a reduction in the 
energy of activation of relief of distortion (recovery) 
and the role of macroscopic displacement increases. 
The authors are therefore suggesting that in the pro- 
cess of deformation for the low melting point metals 

dicated above, there is a comparatively intensive 
-ecovery even at the temperature of liquid nitrogen. 
‘ft this suggestion is correct then, according to our 
results, it could also apply to a comparatively high 
melting metal like silver. 

At the same time as the calorimetric investiga- 
tions, on the same specimens we measured increase 
in electric resistance due to deformation. The results 
of these measurements are given in Fig. 4 where 
the latent energy of deformation is plotted along the 
ordinate axis and the ratio of the growth in electric 
resistance AR to the value of the resistance of the 
specimen at room temperature R, is plotted on the 
abscissa axis. It can be seen from the graph that the 
points obtained both at low and at room temperatures, 
lie ia one straight line. 

This relationship between Q and AR may facilitate 
tbe study of the processes of the accumulation and 
iiberation of the latent energy of deformation as 
carried out for instance oa silver, in the temperature 
range indicated above. Measurements of electrical 
resistance may replace calorimetric investigations. 

The coefficient of proportionality between the 
latent energy and increase in resistance is equal 
to 7.9 x 10° calories/g. ohm. cm. It is interesting 
to note that this result is close to the value indic- 
ated in paper [7] for silver which has been put in 
tension at room temperature. Divergence is about 


30%. 


/ 


t=+20° 
Ot=-/96° 


FIG. 4. Relationship between the latent energy of 
deformation and the relative growth in resistance 
in silver. 


CONCLUSIONS 


1. Relationships have been found between the 
latent energy of deformation Q and degree of deform- 
ation Ad/d and the work expended in deformation 
A for silver testpieces deformed in compression at 
temperatures —196 and + 20°. 

2 Reduction in the temperature of deformation 
leads to a noticeable increase in the amount of 
energy absorbed. The highest value obtained for 
this at room temperature was 0.5 cal/g (Ad/d = 70%), 
and the temperature of liquid nitrogen it is about 
0.7 cal/g (Ad/a = 50%). 

3. Reduction in temperature leads to an increase 
in the ratio between absorbed energy and work ex- 
pended on deformation Q/A, in whick the nature of 
the relationship is the same at both temperatures — 
at low degrees of deformation the proportion of 
energy absorbed is greater than at considerable 
deformations. The latter apparently indicates that 
the process of recovery during deformation at 
T = 196° still goes on quite intensively. 

4. The relationship between energy absorbed and 
the increase in resistance (AR) due to deformation 
is expressed in both temperatures (—196 and + 20°) 
by one aud the same linear relationship Q = k+AR, 
where k= 7.9x 10° /grammes. ohms. cm. 

5. With the same degrees of deformation the 
amount of energy absorbed at room temperature and 
the corresponding increase in electrical resistance 
for silver deformed in compression, is close to that 
obtained in tension. 

In conclusions the authors extend their thanks to 
laboratory technician N.L. Zheldakova for her as- 
sistance in setting up the apparatus and carrying out 


the measurement. 
Translated by VY. Alford. 
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Austenitic steels containing 0.4-0.5%C and 18% Mn suffer from cold brittleness. 
Cold brittleness can be considerably lessened or completely reduced by additions of chromium 


and nickel. 


The reason for cold shortness in the austenitic steels investigated is the formation of the mar- 
tensite of deformation in the process of impact testing at low temperatures. The beneficial effect of 
additional alloying of manganese austenitic steel] with chromium and manganese is explained by the 
increase in the stability of the austenite with regard to martensitic transformation. The formation of 
deformation martensite is the reason for the greater strain hardening of manganese austenitic steels 
with cold plastic deformation as compared to the same steels which have been additionally alloyed 


with chromium and nickel. 


1. INTRODUCTION 


Like other metals with a face-centred cubic lat- 
tice austenitic steels do not generally suffer from 
cold brittleness as their yield point does not increa- 
se with reduction in temperature [1] and consequent- 
ly, according to Joffe’s theory, the value of the 
yield point will not reach the technical cohesive 
stress even at low testing temperatures. 

In investigating a number of steels of the austeni- 
tic class however it has been found that some of 
them have a tendency to brittle fracture at low tem- 
peratures. Brittle fracture in austenitic steels may 
he due to the following reasons: 

a) the presence of an extraneous phase on the 

grain boundaries of austenite, 

b) the formation of a-phase (martensite) in the 
process. of temperature testing for cold short- 
ness. 

The first cause was ruled out in our investigations 
by the fact that all austenitic steels, before impact 
testing, undergo heating to 1150° with cooling in 
water. 

The formation of martensite in the process of tem- 
perature tests for impact toughness is due to the 
plastic deformation which occurs in the metal be- 
fore fracture. 


It is known that the tendency of austenitic steels 
toward the formation of martensite under the influ- 
ence of plastic deformation is determined by the 
position of the deformation temperature relative to 
T, — Martensitic point for the steel in question [2] 
and 7, — equilibrium temperatures for the free ener- 
gies of austenite and martensite. 

At temperatures above 7, — in the field of thermo- 
dynamic stability for austenite, no deformation can 
cause martensitic transformation *. 

At temperatures below 7, the formation of marten- 
site by deformation becomes more likely as the de- 
gree of deformation becomes greater and the tem- 
perature of deformation becomes closer to the mar- 
tensitic transformation point for the austenitic 
steel in question. As temperatures 7, and 7, are 
dependent on chemical composition, then in insuffi- 
ciently alloyed austenitic steels the austenite of 
which will, as a result of this, not possess ade- 
quate thermo-dynami- stability at low temperatures, 
there will be the pussibility of martensite formation 
as a result of strain in the process of testing. The 
appearance of a body-centred a-phase (martensite) 
in austenite leads to increase in yield point which 
becomes greater as the testing temperature becomes 
lower. At any testing temperature the yield point 


* Fiz. metal. metalloved., 10, No. 1, 122-130, 1960. 


* The literature beside To, the practical temperature 
Md is put forward above which no deformation can 


cause the formation of martensite. 


The martensite of deformation 


TABLE 1. Chemical composition of austenitic scels 


Composition, % 


} 
Mark of steel | | 

a. = | Si | Mn Cr | Ni; W $ P 
40G 18KB | 0.44 0.52 18.60 — 0.005 | 0.067 
40G 18KH4 | 0,42 — | 17.55] 3.50] 0.26 | — 
40G 18KH8 | 0.44 | 0.55 | 18,20} 8.00 | 0.39 | — | 0,007 | 0.025 
40G 18KH4N4 | 0.44 | 0.58 | 18,10; 3.89 | 3.51 — | 0.010; 0.011 
40G 18KH4N8 | 0.40 | 0.56 | 17720 | 3,82 | 8.32 | — | 0.008 | 0.0!0 
40G 18K H4N8V | 0.41 | 0.68 | 18.40! 3.76 | 8.20 | 0,63, 0,005 | 0.014 
50G18 | 0.54 | 0.71 | 18:00 0.20 | | | 0.005 | 0.085 
50G 18KH4 | 0.52 | 0.61 | 17.30; 3.89 | 0.49 | — | 0,005 | 0.041 
50G 18KH4N4 | 0.55 | 0.56 | 17150} 3.66 | 4.02 | — | 0,005 | 0,045 
50C 18KH4N8V | 0.54 | 0.43 | 18.40] 4,07 | 8,32 | 0.71 | 0.006 | 0.040 

i | 


will be above technical cohesive strength and brit- 
tle fracture will occur. 


2. THE EXPERIMENT 


The chemical compositicn of the austenitic stee!s 
investigated is shown in Table 1. The steel! was 
melted in « high frequency induction furnace and 
cast in ingots weighing 30 kg. The ingots were forg- 
ed into bars (12 x 12 mm) and were cut up into pieces 
60 mm long. 

The pieces from all the steels were heated to 
1150° with cooling in water. Grain size ia the steels 
investigated after quenching from 1150° was in the 
region of 2-4° on an 8° scale. Magneto-metric invest- 
igations did noi disciose any martensitic transforma- 
tion on cooling in liquid nitrogen (— 196°) in any of 
the melts. Low temperature series impact tests were 
carried on standard testpieces with 2 mm notches 
with a radius of 1 mm, in the temperature range from 
room to that of liquid nitrogen. 

To reveal the a-phase (the martensite of deform- 
ation) the magnetic susceptibility of the austenite 
was determined close to the surface of fracture in 
impact testpieces. For this purpose in the immediate 
vicinity of the surface fracture in the impact pieces 
tested, rectangular pieces 3 x 4 x 9 mm were cut 
out with a grinding wheel, to be used for magnetic 
tests. A magnetic balance [3] was used for measur- 
ing magnetic susceptibility. The method of deter- 
mining susceptibility consists in the meesurement 
of the mechanical forces acting on a specimen plac- 
ed in a heterogeneous magnetic field. 

The standard used for comparison of magnetic 
susceptibility was Mohr’s salt with magnetic sus- 
ceptibility 9500/T + 1 x 10°. Using this method 
hundredths percent of dispersed a-phase may be dis- 
covered in austenite. 


In the second part of the work the austenitic 
steels were plastically deformed by rolling in a 
grooved laboratory mill. Testing for mechanical pro- 
perties was done on tensile specimens 3 mm in dia- 
meter and 32 mm in length. 


3. COLD SHORTNESS IN AUSTENITIC 
STEELS 


Fig. 1 shows the relationship between impact 
toughness and testing temperature for austenitic 
steel 40G18 and the same steel with an additional 
alloying of 4 and 8% chromium. At room temperature 
all austenitic steels have high impact toughness 
(above 37 kg/cm?), and at low testing temperatures 
brittleness develops in them. For steel 40G18 the 
critical range for transition to the brittle state is 
between —40 and —100°. With increase in chromium 
content, the critical range for development of brit- 
tleness is reduced and for steel 40618 KH¢4 it lies 
between —60 and —120°, while for steel 40G18 
KH®8 it is between —80 and — 160°. 

Fig. 2 shows the influence of nickel on cold 
shortness in austenitic steel 40G18 KH4. An addit- 
ion of nickel will sharply reduce cold shortness. 
The impact toughness of a steel with nickel 40G18 
KE4N4 and 40G18KH4N8, even at the temperature 
of liquid nitrogen will be on average 30 kg/cm*, 
and in steel 40G18KH4N8V specimens do not frac- 
ture at this temperature. 

A similar effect by additions of chromium and 
nickel is also observed in stee] 50G18 (Fig. 3). 
Austenitic steels with aickel 50G18 KH4N4 and 
50G18 KHA4N8V do not suffer from cold shortness. 

The change in the magnetic susceptibility is 
completely in accord with the development of brit- 
tleness in austenitic steels at low testing tem- 
peratures. A sharp increase in the magnetic 


112 
le 


The martensite of deformation 


impact toughness kg/cm? 


Gy 


| 
-200 -120 -80 -4W0 0 +40 


FIG. 1. The influence of chromium on the impact 


toughness of austenitic steel 40C 18: 
o — 40G18KH4; o 40G18KH4; x — 40C18KH8. 
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FIG. 3. The influeace of chromium and rickel on the 
impact toughness of austenitic steel 50G18: 
o — 50G18; x — 50C18KH4; o — 50G18KH4N4; 
A — 50G18KH4N8V. 


susceptibility is observed in steel 40G18 at —40°, 

in steel 40G18KH4, at —60° and in steel 40G18KH8 
at —80°. These are the temperatures of the beginning 
of their transitions to the brittle state (Fig. 4). In 
steel 50G18 accordingly, magnetic susceptibility 
grows in bounds at —80°, and in steel 50G18KH4, 

at —120° (Fig. 5). In the austenitic steel 40G18KH 
4N8 (Fig. 4) and other steels containing nickel 
which do not suffer from cold shortness, magnetic 


S 


AS 


Impact toughness kg/cm? 


3, 
-200-160 -120-80 -40 O % 


FIG. 2. This influence of nickel on the impact toughness 
of austenitic steel 40G18KH4: o — 406 18KH4; 
x— 40G 18KH4N4; o — 40G18KH4N8; A — 40G18KH4N8V. 
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FIG. 4. The relationship between magnetic susceptibility 
and the temperature of the impact test in austenitic 
steels: 1 — 40G18; 2 — 40G18KH4; 3 — 40G18KH8; 

4 — 40G18K K4N8. 


susceptibility remains constant and does not change 

with reduction in temperature during impact testing. 
The increase in magnetic susceptibility which is 

observed in the steels investigated, may be caused 

by the formation of the deformation martensite or 

by liberation of the dispersion carbide phase (by 

ageing) under the influence of plastic deformation 

in the process of impact testing. However, the mea- 

surements of magnetic susceptibility which were 
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FIG. 5. The relationship between magnetic permeability FIG. 6. The martensite of deformation in a testpiece 
and the temperature of impact testing in austenitic of austenitic steel 40G18 fractured at 
steels: 1 — 50G18; 2 — 50G18KH4. — 80; x 700. 


FIG. 7. The martensite of deformation in a testpiece of austenitic steel 
50G18KH4 fractured at — 80°; x 700. 


carried out at different temperatures right up to 350°, — ation under impact. Metallographic investigation of 
did not reveal any essential drop in the extent of the structure of brittle specimens of austenitic 
magnetic susceptibility in comparison with measure- steel close to the surface of fracture lead to the 
ments at room temperature. It is known that the Curie same conclusion. The martensite of deformation has 


point does not exceed 300° even in complex alloyed —_ the nature of very fine needles (Fig. 6) or even 
carbides. more highly dispersed round inclusions (Fig. 7). 

There is thus very good grounds for assuming Globular precipitates of a-phase have been observed ‘ 
that the increase in magnetic susceptibility and de- | 0n deformation also by Maksimova and Nikanorova 
velopment of brittleness in austenitic steels are due [4] and Biryulin and Sadovskii [5]. 
to one and the same cause — the formation of a- It should be noted that precipitations of deforma- 


phase (martensite) in the process of plastic deform- — tion martensite in test specimens which have shown 
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FIG. 8. Fractures of austenitic steels 40G 18 (a) and 40G 18KH4N9 (5) after 
impact testing in the range — 120-— 196°; x 2. 


9079700 200. 300 400 500 600°C 


FIG. 9. The relationship between ultimate tensile stress 
in austenitic steels and deformation temperature: 
i— 40G18; 2-—40G18KH4; 3 — 40G18KH8; 

4— 40G18KH4N4; 5 — 40G15KH4N8. 


signs of cold shortness are only noticeable close 
to the surface fracture, that is, in the layers which 
have been tested at maximum plastic deformation 
under impact; at any slight distance from the point 
of fracture the structure is homogeneous austenite. 

Brittle fracture in austenitic manganese and 
chromium manganese steels at low temperature is 
accompanied by transcrystalline (through the grain) 
fracture (Fig. 8). In steels alloyed with nickel and 
not liable to cold shortness, the fracture remains 
fibrous and ductile at all temperatures in impact 
testing (Fig. 8). 


130} 
x. 
3 
2 


200 309 400 500 600°C 
FIG. 10. The relationship between the yield point of 
austenitic steels and temperature of deformation: 
1— 40618; 2—40G18KH4; 3 40G18KH4; 
4— 40G18KH4N4; 5 — 40C18KH4N8. 


100 


4. THE MECHANICAL PROPERTIES OF 
AUSTENITIC STEELS ON PLASTIC 
DEFORMATION 


The different tendencies to cold shortness in the 
austenitic steels investigated is undoubtedly con- 
nected with the different strain hardening of these 
steels on plastic deformation. 

Testpieces of austenitic steels after quenching 
from 1150° were rolled at different temperatures 
ranging from 20- 600°, with one and the same degree 
of deformation 30%, after which they were cooled 
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FIG. 11. The relationship between the impact toughness of austenitic steels 
and deformation temperature: 


1 — 40618; 


2— 40G18KH4; 3-—40G18KH8; 40C18KH4N4; 


5 — 40G18KH4N8. 
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FIG. 12. The relationship between the magnetic susceptibility of austenitic 
steel] 40G18KH4 and deformation temperature. 


in water. Figs. 9 and 10 show the relationship 
between ultimate tensile stress and proof stress 

and the temperature of deformation. A characteristic 
feature of chromium manganese austenitic steels 
40G18, 40G18KH4 and 40G18KH8 is the sharp fall in 
strain hardening in the range from 20- 200°, which is 
virtually absent in steels containing nickel: 40G18 
KH4N4 and 40G18KH4N8. 

As the changes in the temperature of deformation 
from 20-200° provide no basis for expecting a chan- 
ge in the mechanism of plastic deformation or any 
noticeable stress relief, then the anomolous rela- 
tionship between the strain hardening of chromium 
manganese steels and deformation temperature can 
only be explained by martensitic transformation. In 
view of the inadequate thermo-dynamic stability of 
austenite in these steels, deformation at room tem- 


perature causes the formation in them of a certain 
amount of martensite in connexion with which the 
the strain hardening is sharply increased. Increase 
in the temperature of deformation to 200° with equi- 
valent departure from martensitic transformation 
point will also cause an iacrease in the thermo- 
dynamic stability of austenite. As a result of this 
plastic deformation at 200° will not cause the form- 
ation of martensite and strain hardening will rot 
reach the magnitude it achieves on cold deformation. 
Austenitic steels with nickel additions have a 
stable austenite and for this reason the strain hard- 
ening in them is slightly dependent on deformation 
temperature. The change in impact toughness in 
relation to the temperature of deformation (Fig. 11) 
agrees completely with what has been said above. 
Direct indication of the formation of martensite 
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TABLE 2. Cold shortness temperatures in the austenitic steels investigated 


Cold shortness 
temperature, °C 


Cold shortness 
temperature, °C 


—70 
— 120 

— 180 

Below — 196 
The same 


40G18KH4N8V 
50618 

50G 18KH4 
SOG18KH4N4 

SOGISKH4AN3V 


40G18 
40G18KH4 
40G 18KH8 
40G18KH4N4 
40G 18KH4N8 


Below — 196 
The same 


TABLE 3. The hardness of austenitic steels after quenching from 1150 


Mark | 


Brinell hardness, H B 


VOL. 
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40G18 
40G18KH4 
40G18KH8 
40G18KH4N4 
40G 18KH4N8 
40G 18KH4N8V. 


in the process of cold plastic deformation is the 
relationship between the magnetic susceptibility of 
austenitic steel 40G18KH4 and the deformation.tem- 
perature (Fig, 12). In this case plastic deformation 
(30%) was affected by tension at different tempera- 
tures in the range 20-.600° with subsequent cooling 
in water. The abrupt increase in magnetic suscepti- 
bility: with reduction of the deformation temperature 
from 200'to. -50° shows that there-is progressive 
formation of the a-phase (the martensite of deforma- 
tion). 

It may thus: be: concluded: that the reason for the 
anomalous strain: hardening om plastic deformation. 
im austenitic steels: is the: same for the cold short- 
ness observed: the inadequate thermo-dynamic 
stability of austenite and the formation of the a- 
phase (martensite) under the influence of plastic 
deformation. 


5. DISCUSSION 


The austenitic manganese steels 40G18 and 
50G.18 have clearly defined cold shortness. It has 
been established that cold shortness. is due to the 
formation of the martensite of deformation in the 
process of low temperature impact testing. The in- 
troduction of chromium or nickel into a manganese 
austenitic steel will cause a reduction in the 


tendency to brittle fracture, and the onset of cold 
shortness will be displaced to lower temperatures 
(Table 2). This influence of the alloying elements 
Cr and Ni can only be explained by the reduction 
which they cause in martensitic transformation 
point and in the temperature T, (M,,), i.e. increase 
in the thermo-dynamic stability of austenite. The 
increase in the stability of austenite reduces the 
possibility of deformation martensite being formed. 
Alloying with nickel causes a noticeable reduction 
in the hardness of manganese austenite (Table 3). 

The results obtained could also be explained by 
the insufficient stability of the austenite in steel 
40G18 and formation of the martensite of deformation 
as a result of the Brunnel test. The inadequate 
thermo-dynamic stability of austenite may be the 
reason for the formation of a-phase (martensite) 
when austenitic steels are cold worked. 

If the deformation temperature is increased to 
200 - 300° the stability of the austenite will be in- 
creased and separation of a-phase on plastic de- 
formation will be prevented, but as a result of this 
strain hardening will be reduced. From this 
is follows that the semi-hot work hardening 
is preferable to cold work hardening in cases 
where austenitic steels are required to have 
not only high strength but also low magnetic 
permeability. 
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6. CONCLUSIONS 


The manganese austenitic steels 40G18 and 
50G18 have clearly defined cold shortness. This can 
be considerably reduced or completely eliminated by 
the addition of chromium or nickel into the composi- 
tion of the steel. 

2. It has been established by the methods of mag- 
netic susceptibility and metallographic investigat- 
ion that the reason for cold shortness in the austeni- 
tic steels under review is the formation of deforma- 
tion martensite in the process of impact testing at 
low temperatures. 

3. The beneficial effect of edditional quantities of 
chromium and nickel in the composition of manganese 


austenitic steels is explained by the increased 
stability of austenite as regards martensite trans- 
formation which develops under the influence of 
plastic deformation. 

4. The formation of martensite of deformation is 
the reason for the higher strain hardening of mangan- 
ese austenitic steels on cold plastic deformation as 
compared with that which takes place at a tempera- 
ture of 200-300°. In stable austenitic steels which 
have received additions of chromium and nickel, 
strain hardening is practically identical for cold 
and semi-hot working. 


Translated by V. Alford 
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THE WORK HARDENING OF CRYSTALS OF ROCK SALT* 
V.D. YEVDOKIMOV 
Odessa Polytechnic Institute 
(Received 13 December 1959) 


The mechanical and physico-chemical properties 
of rock salt have been so extensively studied [1] 
that it is very suitable for a number of investigation 
purposes. The high brittleness of the monocrystals 
in combination with low plasticity in the “dry” form 
are interesting from the point of view of strain hard- 
ening under the influence of applied load. 

We have made a study of the strain hardening of 
the surface of monocrystals of rock salt in condi- 
tions of unilateral and reversed slip friction. 

In paper [2] it has been shown on a number of dif- 
ferent materials that beyond the limits of the con- 
tact zone elastic deformations arise as a result of 
slip friction and their magnitude is independent on 
the circumstances of the friction and the materials 
of which the two rubbing surfaces are made. 

It can be assumed that there is no abrupt transi- 
tion between the plastic deformation in the contact 


Tension 


up monocrystals of rock salt to a size of 9x 9 x 40 
mm. The freshly sheared surface (100) was attached 
by a weight through a lever system to ring 2 of 
steel 45 with the working surface finished to class 
5. The ring was rotated either in the one direction 
or reversibly, at a set speed of 0.2 m/sec; at 15 mm 
the width selected for the ring it overlapped with 
the width margin of the testpiece J. The load on the 
testpiece was 5 kg and rotating time 1 min. Before 
testing a check measurement of microhardness was 
made on the apparatus PMT-3 in all fields of the 
test specimen. 

It can be seen from Fig. 1b that, depending on 
the direction of slip, outside the zone of contact on 
the surface in the slip direction a compression zone 
is formed, while on the other side of the contact 
zone there is a zone of tension. If rotation is revers- 
ed the type of strain is changed. 


7Contact zone 
— 
Compression] 


FIG. 1. a — a diagram of experiment; 
b — division oi the surface of the specimen 
into compression and tension zones. 


surfaces and elastic deformation beyond, i.e. that 
there is a transition sector beyond the zone of con- 
tact where there is elastic-plastic deformation. This 
assumption requires experimental proof from the 
point of view of unilateral and reverse slip. 

Fig. 1a shows a diagram of the experiment conduc- 
ted. The test specimen ] was obtained by breaking 


* Fiz. metal. metalloved., 10, No.1, 131-134, 1960. 


Fig. 2 shows a representation of the distribution 
of strain hardening in the contact surface and out- 
side on rotation of the wheel in one direction only. 
It can be seen from this illustration that the contact 
zone is not equally strain hardened with one-sided 
slip, there are two clearly sectors with different 
degrees of micro-hardness. The zero line on the 
graph divides the contact zone in length into 2 
equal parts, it does not however correspond to the 
strictly symmetrical separation boundary between 
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FIG. 2. Distribution of strain hardening on the surface 
of a test specimen of NaC] on slip in one direction. 


the compression and tension strain hardened zones. 
From the distribution of micro-hardness in the 
contact surface it follows that in the direction of 
slip there is considerably more surface strain hard- 
ening which is apparently due to the consolidation 
of the surface as a result of compression, and less 


strain hardening in the zone of plastic tensile strain. 


This relationship is also maintained outside the 
zone of contact where the maximum strain hardening 
in the compression zone is greater than in the tens- 
ion one. A further drop in micro-hardness occurs in 
both zones extremely abruptly and at a certain dis- 
tance from the contact surface it returns to the ori- 
ginal state. It can also be seen from Fig. 2 that the 
strain hardening in the compression zone is spread 
over a greater part of the surface than in the tension 
zone. 

We note that it is not strictly accurate to use the 
term “tension” in reference to the zone of contact 
in view of the complex aggregation of compression 
processes: from normal pressure, plastic flow of the 
material in the direction of slip and also movement 
of the products of abrasion. The contact surface is 
divided into two zones by analogy with the distribu- 
tion of deformation and strain hardening on the sur- 
faces outside that of contact in relation to the dir- 
ection of the forces of friction and also the inflexion 
of the work hardening curve at the point of contact 
itself. 

Clearly defined zones with different degrees of 
strain hardening as found in unidirectional slip, do 
not occur reversed slip. Reversed slip (Fig. 3) pro- 
duces a symmetrical graph for the distribution of 
micro-hardness in the point of contact and beyond. 
The strain hardening curve in the contact zone is 
almost rectangular with a slight dip in the middle. 


Work hardening of crystals of rock salt 


tf Contact 

10} zone 

ras 
= | 


239 4 5 
Distance, mm 


FIG. 3. Distribution of strain hardening on the surface 
in reverse rotation of the wheel. 


This is explained by a slight consolidation of the 
material at the edges with a corresponding increase 
in micro-hardness which is similar to Fig. 2, and 
also by error inthe measurement of micro-hardness 
as a result of the arc shaped profile of the contact 
surface in the longitudinal section of the test speci- 
men. The kind of relationship shown in Fig. 3 in the 
distribution of micro-hardness, only occurs if the 
ring is rotated the same amount in both directions. 
In this case, despite abrasion, long time slip is not 
involved in the type of strain. 

Comparison of the micro-hardness curves in the 
zone of contact in Figs. 2 and 3 shows that strain 
hardening in reverse slip is less than the maximum 
strain hardening in one direction slip and somewhat 
higher than the minimum strain hardening which 
occurs in the contact zone. The same tendency is 
also shown by the strain hardening of the surface 
beyond the zone of when the wheel is reversed. 

The points on Figs. 2 and 3 are the arithmetical 
means of a great number of measurements made on 
the same testpieces. 

Relationships analogous with those shown in 
Figs. 2 and 3 were found by us for a number of other 
materials. 

It should be noted that the small amount of strain 
hardening observed on reverse slip as compared 
with that in one direction, is in agreement with the 
data in paper [3]. 

It is known from [4-6] that in solids under the in- 
fluence of applied load a build-up of dislocations 
may occur such as to cause appreciable changes in 
the strength properties of the material. The exist- 
ence of strain hardening with correspondingly high 
strength properties in solids is at the moment con- 
nected with a field of dislocation of a certain density. 
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Work hardening of crystals of rock salt 


FIG. 4. Concentration of dislocations in the contact zone on friction: 
a — slip in one direction. Compression zone. p = 5 kg; t = 1 min; 
b — slip in one direction. Compression zone. p = 15kg;t = 2 min; 


350: 


On monocrystals of NaC] in the immediate vicini- 
ty of the contact zone where there is an increase in 
strain hardening on the surface as a result of friction 
(Figs. 2, 3) we observed a considerable increase in 
the density of dislocations as compared with their 
original background. 

The selection of an etching medium presents some 
difficulty in the problem of disclosing dislocations 
on rock salt. The formulae given in paper [7] for the 
selective etching of NaCl crystals are not entirely 
satisfactory, and for this reason we selected another 
etching medium — carbon tetrachloride for this pur- 
pose. Etching time was approximately 20 seconds 
after which the test specimens were dried for 20- 

30 seconds in a current of hot air. 

Fig. 4a shows the concentration of dislocations 
immediately in the compression zone. The photo- 
graph was made under a load of 5 kg with rotation in 
ene direction for 1 min. Slip plane (100) was etched 
and the direction of the tangential compressive 
forces was found to be [010!. 

Fig. 4b gives an idea of the density of the accu- 
mulation of dislocations in the compression zone at 
normal load 50 kg and t—2 min. Figs. 4 a and b 
show that the density of dislocations at the edges of 
the contact zone are practicaliy identical under dif- 
ferent conditions. However, the dislocations in Fig. 
4 b show a slightly less abrupt fall in density with 
distance from the contact surface than is the case 
in Fig. 4a. It should be noted that while the density 


of dislocations is practically identical at different 
degrees of strain hardening it is greater for the spe- 
cimen in Fig. 4b. It appears that there is a limit to 
the density of accumulated dislocations and further 
increase in strain hardening will take place not with 
the mechanical appearance of new dislocations but 
with changes in the energy of the field of their accu- 
mulation. 

This representation is understandable also as the 
explanation for the identical densities of dislocation 
which we observed in the compression and tension 
zones at different degrees of strain hardening (Fig. 
2a). As might be expected, reverse slip produces 
the same density of dislocation on both sides of the 
contact zone. 

Photographs 4 a-b were made from an etching of 
the slip surface after friction and reflect the total 
number of both static dislocations and those formed 
as a result of the application of load. 


CONCLUSIONS 


1. Strain hardening of the surface occurs outside 
the contact zone on monocrystals of rock salt as a 
result of friction forces. The extent of this strain 
hardening is dependent on the conditions of friction 
and the direction of slip. In the compression zone a 
larger and more extensive amount of strain harden- 
ing of the surface is observed than in the tension 
zone. 
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Work hardening of crystals of rock salt 


2. With slip in one direction the contact zone has 
two clearly defined sectors with greater and less 


strain hardening. 
With reverse slip strain hardening on the surfaces 


in the contact zone is practically equal, but the 
maximum is slightly below that which occurs on 
slip in one direction. 

3. The presence of strain hardening on surfaces 
outside the zone of contact is confirmed by the in- 
creased density of accumulated dislocations. Differ- 
ent degrees of strain hardening produce the same 


density of dislocations. There appears to be a 
maximum density of dislocations after which increa- 
se in strain hardening does not occur by the forma- 
tion of new dislocations but because of a change in 
the energy of the field of their accumulation. 

The author wishes to express his thanks to 
Professors Klassen - Nekludova and Urusovska for 
their valuable advice and their present of the spe- 
cimens of rock salt. 


Translated by V. Alford 
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THE PROBLEM OF FRICTION AND DISLOCATIONS AT HIGH CONTACT PRESSURES * 
V.F. VERSHCHAGIN, V.A. SHAPOCHKIN and Ye.V. ZUBOVA 
Institute of the Physics of High Pressures, Academy of Sciences U.S.S.R. 
(Received 3 January 1960) 


Investigation of the problem of friction and slip, 
which is of considerable theoretical and practical 
significance, has been carried out at relatively low 
normal specific pressures (usually below the yield 
point in shear) [1]. A relationship has been establish- 
ed between the forces of friction and a number of 
factors including normal forces, and it is explained 
by the molecular-mechanical nature of friction. In 
particular some very fine and accessible methods of 
solution ' have been developed for equiaxed contact 
problems based at the following physical picture. 

The application of torque leads to the formation 
on the contact surface of an annular slip band which 
expands with increase in the torque and moves to- 
wards the centre. In the extreme case which is post- 
ulated on the basis of calculations, slip sets in over 
the entire contact surface. For simplification the 
coefficient of friction is taken to be constant though 
its value will be variable in relation to the elastic- 
plastic deformation of the fine surface layer. 

In the works carried out by Bridgeman [2] and by 
us [3], [4] the contact pressures were considerably 
greater, and in our experiments reached 1/2 million 
kg/cm?, by which means it is possible to follow the 
change in friction forces and internal dislocations 
at very high pressures and also to study the pheno- 
menon of the “freezing together” 't of the contact 
surfaces. The operating principles of the testing 
machine which causes slip under pressure have 
already been described [5]. The system for the appli- 
cation of normal pressure and torque is shown in 
Fig. 1. An extremely thin plate of the material under 
investigation is squeczed between pistons of the 
hard metal type VK, which are then rotated in res- 
pect to one another. 


* Fiz. metal. metalloved., 10, No. 1, 135-139, 1960. 

t A bibliography is available in L.A. Galin’s book 
“Kontaktnye zadachi teorii uprugosti” (Contact pro- 
blems inthe theory of elasticity) Moscow, 1953. 

tt The term, introduced by Bridgeman, indicates the melt 
in slip in the contact surfaces as a result of the 
transition from external friction to internal 
shear. 


FIG. 1. Diagram showing the application cf normal 
pressure and torque. 


Rotation is carried on until torque ceases to be 
increased. The rate of revolution was constant and 
exceedingly small which means that some effects 
could be ignored. A relationship was established 
between the angle of rotation and the value of tor- 
que for various different normal specific pressures. 
Under the action of normal pressures the plate was 
deformed and assumed the shape of a double sided 
convex lens while the surface of the pistons became 
dish shaped. 

This method of applying normal pressure and tor- 
que only led tothe ure described above up to a 
certain level of pressure. With further increase in 
contact pressure the moment arrived when the forces 
of surface friction became equal to the yield pvint 
in shear (the limiting friction stress). From this 
moment the surface of the test specimen began to 
“freeze” to the surface of the piston while the sur- 
face slip was replaced by slip inside the layers of 
material. This led to the formation of two regions 
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Shear stress 


A’ B' Normal specific pressures 


FIG. 2. Typical curve for the relationship between shear stress and normal 

specific pressures: QA — sector of external friction; AB — sector where 

external friction and internal slip exist simultaneously; sector of curve 
beyond point B — internal slip. 


7 «10? kg/cm? 


20 30 50 kg/em 


FIG. 3. Relationship between shear stress and normal specific pressures: 
1 — copper (Points A, B, C — testing with radial grooves on pistons); 


2 — tin (Pistons with radial grooves); 


3 — tin (smooth ended pistons). 


with different slopes for the relationship between 
shear stress and pressure (Fig. 2). 

The first region of the curve indicated the pres- 
ence of contact friction and the second — the pres- 
ence of internal slip. The transition from surface to 
internal slip proceeded smoothly. This may be ex- 
plained by the fact that the deformations in the plate 
and the shearing stresses are not equal but grow from 
the centre towards the periphery. This means that 
the transition from surface to internal slip takes 
place at different times: “freezing” starts from the 
annular band at the periphery and gradually embraces 
the inner field. The field of critical pressures at 
which transition occurs from external friction to in- 
ternal slip, is mainly dependent on the physico- 
mechanical properties of the contact surfaces, their 
crystal structure, and fluctuates for soft metals 
(bismuth, magnesium etc.,) in the range 15- 30,000 
kg/cm?, and for steels and industrial alloys — about 


2% times greater. 

Most of the experiments were carried out with 
chemical elements, steels and industrial alloys 
without any special chemical treatment of the con- 
tact surfaces. The mechanical treatment of the con- 
tact surface between piston and plates was always 
constant. The application in certain cases of special 
chemical treatment and the deposition of special 
films to worsen (a layer of adhesive BF'-2) and im- 
prove (a layer of machine oil) friction, only caused 
a change in the slope of the first sector of the curve 
“shear stress — normal pressure” and increased the 
range of critical pressures. 

In order to confirm experimentally the phenomenon 
of “freezing” and the change over from external fric- 
tion to internal slip experiments were carried out 
with special pistons on the contact surfaces on 
which radial grooves were made. This caused the 
complete elimination of slip after the material 
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FIG. 4. The relationship between friction forces and normal specific pressure: 
1 — the pair VK8-SHKh15; 
2 — the pair SHKh15-SHKh15; 
3 — the pair VK8-VK8. 


TABLE 1. The values of the mean coefficient of friction at different normal 
specific pressures 


Range of 
nominal 
spec. pressures 
Thon. kg/cm? 


1—10 
10—30 
30—60 
60—100 j 

100 and more | — 


In the same illustration there is a similar curve 
for copper. Two sectors of the curve are visible: the 
first for surface friction and the second, for internal 
slip. Points A, B, C, which relate to tests with 
radial grooves on the pistons, coincide with the 
second sectors of the curve, which is an indication 
of internal slip and “freezing”. 

For investigation of the surface forces of friction 
there was the direct contact between pistons. 


investigated had flowed in at a certain not very high 
initial pressure. 

Fig. 3 shows the second sectors of the curves of 
shear stress /pressure for tin (curves 2 and 3) with 
smooth surfaces and with surfaces with radial 
grooves. The small divergence between the curves 
is explained by the fact that in the case of the 
smooth pistons, “freezing” did not take place over 
the whole surface (in the central part there was slip). 


Friction and dislocations 125 . 
kg/cm 
25 
15 3 a 
10 
5 
Pair Pair Pair 
VK8-VK8 | VK&ShKh15 | ShKhi5-ShKh]5 
7 0,40 0,17 
8 0.37 0,18 ; 
9 0,26 0,16 
5 0,22 0,17 
wis 0,20 
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Fig. 4 shows curves for the relationship between 
friction forces and normal pressure for the pair 
PK8-VK8 (curve 3). The contact surfaces had no 
special treatment or finish. Monotonic growth in 
friction forces was observed right up to pressures 
of 100,000 kg/cm’. Similar curves are shown in the 
same illustration for pairs SHKH15-SHKH15 and 
SHKH15-VK8. Values for the mean coefficients of 
friction are given in Table 1. The moment when 
steel test specimens ‘freeze” to the pistons may be 
determined by comparison between the curves for 
“slip forces — pressures” and “friction forces — 
pressure”. 

The fluctuation of the friction stresses at pres- 
sures considerably higher than the yield point of the 
material and their monotonic increase is due to in- 
crease in yield point at high normal specific pres- 
sures. 


CONCLUSIONS 


From experiments in slip under pressure it has 
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LETTERS TO THE EDITOR 
THE INFLUENCE OF HETEROGENEITIES OF MAGNETIC STRUCTURE ON THE WIDTH 
OF FERRO-MAGNETIC RESONANCE LINES* 
Yu.A. IZYUMOV 
Urals State University 
(Received 28 September 1959) 


The dipole interaction of magnetic electrons in an ideal lattice cannot be the main reason for 
the broadening observed of resonance lines in ferro-magnetic materials as it has the effect of caus- 
ing a strong temperature dependence of the width of lines in fact this is only weakly deperdent on 
temperature even in the vicinity of absolute zero. For this reason Clogston and others [1] regarded 
the scattering of spin waves on natural heterogeneities in magnetic structure as the reason for the 
broadening observed in the lines of certain ferrites. They found a formula for the width of the lines 
in agreement with experiments on temperature relationship. The actual width however was always 
slightly less than required. 

Accepting the basic idea concerning the role of the heterogeneities of a lattice, we will invest- 
igate this problem from another point of view. 

On a ferro-magnetic crystal traced in a permanent magnetic field H directed along axis z, let a 
variable magnetic field operate, with frequency w, polarized in the pependicular direction along axis 
x. The absorption of the energy of radiation will be characterized in this case by the imaginary part 
of the tensor of complex susceptibility 


which, according to Kubo and Tomita [2] is 


= ©, , (t) sin wt dt, 
0 


(0) 


is a function of the after effect. 


i A A 
A 
M, 
is the operator of the magnetic moment of the specimen; 
A 
M, (6) 


is th. sane operator in the !leisenberg representation; h is Planck’s constant divided by 27; <..> 
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indicates statistical averaging from the canonical ensemble with Hamiltonian H. 
We will divide the Hamiltonian into two parts 


H= Ho +H’, (3) 


where Hy is the sum of the exchange operator of the spin system and the energy in a constant field 
H, and H’ is the energy of dipole-dipole interaction which can conveniently be represented in the 


form 


ae=0; +1: 42. 


Hy Si: Hy =>) SiS}; > st St. 
ik ik 


=(H;)*: =(H3)*: S# = Si + 


(4) 


3 
4° # (3176 1); Pip — i3jx) Wk: 


3 


Bik» Vik 


are the controlling cosines of vector 


Ti —Tr, 


and D., are dipole coefficients. As we are within the framework of spin wave approximation, we will 
simplify operator H’. In formulae (4) we will replace operator S” by its statistical mean 
] 


A, A, 
Si > = su, 


where p is the relative intensity of magnetization and we also ignore the terms H/,° 
If a magnetic lattice is completely ordered the coefficients 


Die 


will only be dependent on the difference in indices. This case was investigated in detail in paper 
[3]. It appeared that in a simple cubic lattice, for test specimens having the form of a rotating body, 


=o. 
while the sum P 


k 


will lead to Kitter displacement of the resonance frequency with demagnetizing factors [4]. If the 
order is disturbed in the distribution of spins, then 
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will cease to be dependent on the difference in indices j and K but as the disturbance will however not 
be great we will write 


is the term representing order. 
Allowing for all that has been said let us instead of H’ consider the model operator (6). 


= Su A;,') Si + (2 + (2 Si}. (6) 


This formula can be regarded as the energy of a system of spins in a certain internal heterogen- 
eous affective field damaged by disturbance of magnetic order. Taking H ‘4,54 as the disturnance, we 
1960 can find on the basis of formula (2) in spin wave approximation 


21 3 


where w is the Kitter resonance frequency and 


2! <4D?.> 


< 4D},> 
is the mean quadratic fluctuation of the dipole coefficient between nearest neighbours; z is the num- 
ber of nearest neighbours; NV is the number of atoms and 
E, = 2sJ (3 — cosg,a — cos gya — cosg.a} 


is the enrgy of a spin wave with quasi impulse gs J is the exchange integral. 
It is easy to show that 
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where J, (x) is the Bessel function of zero index. 

The function w (t) describes the process of the relaxation of the system in time and for us its 
essentially asymptotic behaviour at high values of t. It can be shown that in this case the equation 
embraces (8) 


t 
~0.02——. 
2sJ /h 


Then, using the relationships (1) (7), and (8) we shall find 


© + (w — 


2 


we have found the Lorentz absorption curve with a hemisphere 


Ay,” 
proportional to u. In paper [1] it was found that 
byw~ Ve. 


Both formulae give a slight reduction in the width of the lines with increase in temperature (at low 
temperatures), which is confirmed by experiment [5]. If it is assumed that the fluctuations in the dipole 
coefficients are of the order of the value of the coefficients themselves, i.e. 


< AD}, >*~108 9, 


oersteds, and it is also assumed that 


J ~1083, sz~ 10, p~l, 
then on the basis of (11) we find 
=~ 109. 


oersteds. This is the order of the experimental width. In these calculations using Clogston’s formula 
the width of the lines is less than 1 oersted. . 

We made the calculation for width without allowing for the boundaries of the specimen or for its 
shape. As reported by Clogston and others, the expansion effect they obtained was connected with 
the spectrum of the spin waves allowing for the boundaries of the specimen and this effect was 
exceedingly small for an infinite medium. Using another method we came to the conclusion that dis- 
persion of spin waves on heterogenities of magnetic structure could produce the required value for 
expansion. This contradiction might perhaps be resolved by a more detailed comparison between 
theory and experiment. 
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THE THEORY OF OXIDIZING-DEOXIDIZING EQUILIBRIUM IN WURTZITE * 
A.N. MEN’ 
Institute of Metallurgy, Ukrainian Branch of the Academy of Sciences USSR 
(Received 19 January 1960) 


In the work by Brynestad and Flood [1] (formulae (6) and (7)) formulae were deduced which con- 
nected the composition and elasticity of oxygen disociation for wurtzite and a solid solution of mag- 
nesium oxide in wurtzite. In calculating entropy the writers proceeded from two postulates: 

I. Two vacancies cannot be nearest neighbours in a cation sub-lattice. 

II. Ions of trivalent iron can only occupy those sites with a cation sub-lattice which are nearest 
neighbours to a vacancy. 

The subsequent representation is in agreement with the data in [2] concerning the considerable 
degree of association between vacancies and trivalent iron in wurtzite. In this note we will show 
that the deviation from statistical distribution for vacancies is essentially dependent on the distri- 
bution among each other of vacancies and ions of trivalent iron, and this will lead to a contradiction 
between the first and second postulates. 

Let us consider a three component non-ordering solid solution consisting of N; atoms of type 


(i = 1, 2, 3). From paper [3] (formula (7) ) we find 


3 
+ dij) Qij = 2Nij, (1) 


where Q;, is the number of nearest neighbours consisting of atoms of type i and J; z is the co-ordina- 
tion number. As the number of independent parameters of close range order will be 3 (see [3] formula 
(12)), then, taking for the parameters 

Qn = %, Qi =y, = 
we find from (1) 


= ZN, — 2x — y, = > — y +0), = 2N, — y — Qu. 
the equilibrium figures for x, y and u are found from the conditions of equilibrium 


(3) 


where F is the free energy of the solid solution which, allowing only for the interaction of nearest 
neighbour atoms and without allowance for thermal fluctuations, can be written in form 


F=U—arinW =~ Qy0y—AT Inge, 
ij: 
ij ij 
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where v;; is the absolute value of the energy of pair (ij); 
N3+ N,)z 


H is a multiplier which is independent on z, N; and is independent of Q;; (see e.g. [4] formula (2). 
Transforming (4) and allowing for (2) we find 


Q 


F=— {aus + +z [Mion + (Nz — Ny — 


— AT (Ink + QiInQ — x Inx — yIny — w Inu — (2zN, — 2x — y) In(zN, — 2x — y) — 
— (zN; — y — 2u) In(zN, — y — 2u)}, 


= — 205g = — — 99, Fs = Vee — 2093 + 55. 


from (3), allowing for (5) we find: 


(zN, — 2x — 2— ep — , 
(2N, — 2u — y)* uB exp —2 
— 2u— st exp — 
PRT 
— 2x — y) (2N3 —y —2u) = yB exp 


B= — (Nz — Ny) +(x + 


from (7) we find 


Inserting u from (8) in B we find from the first equation (7) 


2 (1 — 
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if x is less than <N,, then, expanding the route in equation (9) into a series and restricting our- 
selves to the linear term we find two solutions for y and u. 


n= uw; — 68? 


(11) 


N, 
"= (2m, $3 [2 — 2) — 2.) 


Bz*N? 
= 


r N, 
[ (1— 2881] x 


(12) 


Investigating 
a*F 


dx? 


allowing for (11) and (12) we find that the minimum is appropriate to y, and u,. 
Consequently, if there is a small of type Q,, = x pairs there will be a small number of pairs 

Q,; and Qs; (see (11), i.e. if it is assumed than an atom of type 1 cannot have atoms of this sort as 

nearest neighbours, then it means that in this kind of solid solution type 1 and 3 atoms can only be 


the nearest neighbours to atoms of type 2. 
Let us consider a wurtzite with composition 


Fe3* 0,9, 


where © is a vacant octahedral site. If it is assumed that 


(14) 


N,=Ny, Nz = N (1 — 37), N, = 2Ny, 


where A is the number of atoms in the cation sub-lattice, then the results obtained for a 3-component 
solid solution show that postulates I and II in paper [1] are contradictory. If it is assumed that the 
two vacancies cannot be nearest neighbours in a cation sub-lattice (postulate I), then this logically 
means that vacancies and ions in trivalent iron can only have the ions of bivalent iron in the number 
of cation nearest neighbours, and for the configuration entropy of wurtzite, instead of formula (5) 


from paper [1] we find 


( N 
(z + 1) as) 


N 
Ni!N,! —N,—N,)! 


S=kTinW =kT in 


If the equation for oxidation is written in the form 
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1 ] 1 
— — iz 2— 
4 O, = Fe o+ orm, 


then, if we pass to activities A, allowing for (15) from the law of active masses we can find 


! 3 
18 Pos = 4 Ns + > — Ig K — Ig (z+ + Nol 


where K is the constant of equilibrium, and A; is found from the condition 


Ind; = — (18) 


If a solid solution of magnesium oxide is considered in wurtzite, proceeding from postulate [1], then 
for configuration energy we shall find 


(N — N, — Ny)! (z+ ( 
S=AT In ; 


N 
.., 
ja a| +1 (Na 


where N, is the number of Hg atoms. Using (18) we find from (16) with reference to (19) 


3 


3 


Here it should be remembered that the conditions of electric neutrality of the solid solution add 
another bond to the number N;: 


N,=N—3N,—N,, Ny = 2N,. 
For comparison with the date in paper [1] let us write 


N,. 


(23) 


Inserting (21) in (20) and allowing (23), we can find ont the influence of additions of magnesium 
oxide to wurtzite on the process of oxidation 
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Ov \ OY dc (24 — dc 
ac (a 2 ab 
Op ac} dy 


3 
@ = 4 — > — — Ny) K — Ig — 


] 3 
Ig N — > (z+ + No} — Ig Pog. 


As » and v is less than < 1 close to one another in wurtzite (see [1], Fig. 1), then the significance 
of 

de 

dv 


will be dependent on the product of 


a0 
dc dy’ 


which it is easy to see will be positive, i.e. an addition of magnesium oxide to wurtzite will promote 
the reduction of trivalent iron. From (17) it can be found that for pure wurtzite 


there is an increasing function p, which is also in agreement with available experimental data. 

We have restricted ourselves to qualitative comparison of the theoretical conclusions with ex- 
periment, as it follows from the information produces by Ariya and Grossman [6] on the magnetic 
susceptibility of iron oxide, that the ions of trivalent iron will be close to one another forming separ- 
ate islands, and this is in contradiction of postulate I which has been the subject of discussion in 


this note. 


Translated by V. Alford 
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THE DETERMINATION OF SHORT RANGE ORDER IN A MULTI-COMPONENT 
DISORDERED SOLID SOLUTION * 
A.N. MEN’ 
Institute of Metallurgy, Ukrainian Branch, Academy of Sciences "J.S.S.R. 
(Received 19 February 1960) 


Let us consider an n-component solid solution containing N; atoms of type i G = 1.2...n), 
arranged in equivalent ({1] para 121) sites. Let us describe the chain of length / as an open poly- 
gon joining / + / lattice sites 


so that a site a, will be a first order neighbour of site a,, site a, will be a first-order neighbour of 
site a, having at the same time site a, as a second-order neighbour etc. etc. Finally, the sitea, , , 
will be the first-order neighbour of site a,, and is at the same time the second order neighbour of 


site aj_ ,, third order neighbour of sites a;_ , etc, of the J order of site a,'. 
From the determination of / it follows that for a crystal of finite size it can change from 1 to 


lax» Where 


ly = <N = DN; 
he (1) 


As in each site of a chain of length / there will be an atom type i, then we will form all possible 
arrangements with repetitions of N elements through / + 1 in the form 


2141 
Considering that the signs a, remain unchanged, it is possible to find the number m; of structural 


non-equivalent arrangements ([3], formulae 5-9) 


— —— (pl+! 


l 
if is even 


b= 
9 iflis uneven 


Let us write all the m; structural non-equivalent arrangements and renumber then 


--- Fim, 


Having done this for all 
2...b, 


* Fiz. metal. metalloved., 10, No. 1, 145-148, 1960. 
t Clarification of the understanding of lst order neighbours for multi-component Solid Solutions is given in 


paper (al, para 2. 
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matrix A can be compiled 


ay; = 0, if j > my). 


(5) 


For a solid solution the function f must be given of the distribution of atoms over the lattice 
sites. The number of methods of distributing N; atoms among N sites is 


a 
W = (6) 
Let us select one of these arrangements, for example, the k one, and compose for it matrix B, 
which characterizes short range order for the given function f, 


Qk (2,1) --- my, ) 


Qk (a1j) 


is the number of configurations of form a); for the given f,,, in which Q, (0) = 0. Let 1, be the num- 
ber of functions f, for which B, = By in which there will be r different types of k, then 


=W. (8) 


It should be noted that, having the elements of the i row in matrix B;,, it is possible to find the 
elements of any j row of this matrix if j <i. 


V.eg. (14) [3]. The number 


of linearly independent values of 


(Ss = ] tee ms) 


for matrix A can easily be found from formula (16) in paper [3], if it is reckoned that, for a disordered 
crystal for equivalent sites 


pl) — pl) — 


(n't! + — 2n). 


If for the solid solution in question we know the explicit form of the equation for free energy F 
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then, expressing the dependent parameters Q, through the selected 


independent parameters and having resolved the system 


of equations 


for each j we find 


= (12) 


To determine the close range order let us introduce parameters of corelation similar to the way 
in which this has been done by Smiraov and Krivoglaz [4, page 11], 


{f) 
a=! 


where 


is the number of configurations of a given type in which 
is one of the configurations 
a 


Q is the total number of configurations. As A; can have different meanings, then the short range order 
of a solid solution will be characterized by the function o. 


(15) 
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It follows from the form of formula (15) that function.o (7) will not necessarily be monotonic 
and consequently, calculation of the mutual arrangement of more distant neighbours may explain the 
anomalies on the curves of electric resistance and thermal capacity of solid solutions, in which K- 
states are formed [5]. In particular, if we restrict ourselves, in a binary alloy, to calculation of 
second-nearest neighbours and ¢4p is expressed through A; (see [3, formula (14)], using (13) and 


(14) we shall then, find 


2 N,N 
= (tana + + + 1) (16) 


Q = 


z is the co-ordination number; y for a face-centred, body-centred and simple cubic lattice is respect- 


ively equal to 2, 3 and 4. 
Substituting (16) in the formula for specific residual resistance [4, page 348] 


Po = €1— 


the non-monotone course of the temperature relationship 


Po (7) 


can also be found. 
If it is assumed that the four function 


Sijk 


have at least two different temperature variations, then 


"AaB 


can be presented in the form of the sum of the two terms 


=:() + (18) 


The existence of the two types of relationship 


for binary alloys has already been studied by us in detail [6]. 
The scheme suggested for studied short-range order with allowance for the further removed 


spheres is more logical than that in paper [7] as it allows not only for distance but also for the distri- 


bution of the atoms in intermediate spheres. 
A study of ordered alloys and also a method of calculating A; will be presented separately. 


Translated by V. Alford 
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INVESTIGATION OF THE K ABSORPTION SPECTRUM OF SMALL ADDITIONS OF 
ZINC IN ZINC ALUMINIUM ALLOYS* 
S.A. NEMNONOV, M.F. SORDKINA and L.D. FIN 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received 4 December 1959) 


From investigation of the X-ray absorption edges 
of the atoms of a small alloying addition in metal 
information can be obtained concerning the energy 
state of its valence electrons. Due to difficulties in 
experiment, the problem has however not been deeply 
studied'. The main difficulty consists in the fact 
that to obtain a sufficient difference in the intensi- 
ties from the long and short wave sides of the edge 
the absorbent used must be some tenths of a mm in 
depth. At these depths the processes of absorption 
and dispersion of X-rays by atoms of the matrix 
(which is particularly noticeable if this is a heavy 
element) cause an immense extension of exposure 
and reduce the contrast of the reflection. Alloys on 
an aluminium base are one of the many which are 
suitable for this type of investigation. As the matrix 
atoms absorb only slightly and disperse only a small 
amount, a completely satisfactory spectrogram can be 
obtained of the K absorption edges of an addition. 

We undertook investigation of the K absorption 
edge of zinc and aluminium in the alloy Al + 1.7% Zn 
(0.7 at. %) which is a solid solution on the basis of 
the face-centred lattice of aluminium. The K absorp- 
tion edge was photographed in the first order of re- 
flection from a quartz crystal (reflecting surface 
(1340) ) with an absorbent 210 in depth. Exposure 
was 100 hr at 18 k/V and 60 mA. The K absorption 
edge of aluminium was alsc photographed in the first 
order reflection from the quartz plane (1010); the 
depth of the ahsorbent was about 3 p. 

The illustration shows the K absorption edges of 
aluminium and zinc in the alloy and also, for compar- 
ison, the K absorption edge of pure zinc''. The K 
absorption edges of aluminium in the alloy Al + 1.7% 
Zn shift along the energy scale until the centre of | 
the sector where there is a steep rise in the coeffi- 


cient of absorption (point 5) coincides with the 
centre of the whole absorption edge for zinc in this 
alloy (point 5)*. 

It can be seen from the illustration that: 

1) beginning roughly from point b, the K absorpt- 
ion edges of zinc bear no relationship in this alloy 
to the K edges for zinc. 

2) the fine structure of the zinc K absorption edge 
in the alloy, including the first maximum, is very 
similar in shape to the fine structure of the alumin- 
ium K absorption edge. The energy distances bet- 
ween the individual extreme r of fine structure and 
the corresponding points b coincide very well in 
both edges (see Table 1). 

3. however, in the first sector of the K absorption 
edge for zinc in the alloy, the variation of the absorp- 
tion coefficient is substantially different from that 
in the K absorption spectrum of aluminium and is 
similar to the variation of the absorption coefficient 
in the K edge of pure zinc. 

4) the K absorption edge of zinc will be seen to 
have shifted by 0.8 eV towards the long wave side 
as compared with that of pure zinc. This effect is 
apparently due to re-arrangement of the structure 
of the second half of the main K absorption edge of 
zinc, which causes the main absorption edge to 
have a slope slightly greater than that for pure 
zinc. 


DISCUSSION 


The similar variations of the absorption coeffi- 
cient of zinc and aluminium in the alloy, which re- 
flect the structure of the unoccupied part of the con- 
duction band, appear to indicate that the conduction 
band of the alloying common to electrons of both 


* Fiz. metal. metalloved., 10, No. 1, 148-150, 1960. 

t The first attempt to investigate the absorption 
spectrum of a small alloying addition was undertaken 
by Karal’nik and Nikolayev (Kiev University). 

tt The K-absorption boundary of pure aluminium differs 


from that presented only in the rather greater sharpness 
of the extremities, and is therefore not shown in this 


work. 
* Points t correspond to the Fermi surface. 
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FIG. 1. Comparison of the K absorption edge of zinc in the alloy (Al + 1.7% zinc) 
with those of aluminium and pure zinc: 
1 — K absorption edge Al (Al + 1.7% Zn); 
2 —K absorption edge Zn (Al + 1.7% Zn); 
3 — K absorption edge of pure zinc. 


TABLE 1 


Investigated 
absorption 
edge 


K- Absorption Al of alloy 
Al + 1.7% Zn 


k-Absorption Zn of alloy 
Al +1.7% Za 


K- Absorption Zn (metal) 


components. The high degree of collectivization of 
the valcence electrons of zinc and aluminium close 
to the Fermi surface will, on formation of a common 
conduction band, cause the individual features of 
the outer energy levels of zinc to be lost. The con- 
duction band of the alloy has a distinct similarity to 


that of pure aluminium. 
This result was not expected as the characteristic 


face-centred lattic of aluminium is maintained in 
the alloy, in which only a few aluminium atoms are 
displaced by zinc atoms. Besides this, the lack of 
intermetallic compounds in the system Al-Zn and 
the presence of a fairly extensive (at temperatures 
above 350°) field of solid solutions indicate the 
metallic nature of the interaction between the alum- 
inium and zinc atoms. It is difficult to indicate with 


a 
| | | 
b 
| | 2. 
A | 
fe) ! 
| 
| | 
| i i | 
| | | 
| 
| | 
| | | | | 
| 
10 20 | 
Extremety eV 
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any certainty however, what is the main factor in 
the formation of the changed structure of the K 
absorption edge of zinc in the alloy: the absolute 
predominance of aluminium atoms in the immediate 
vicinity of a zinc atom or the transition to the face- 
centred lattic which is unnatural to it. 

The answer to this question might be found in 
photographs of the absorption spectra of zinc and 
aluminium in alloys with higher concentration at 
temperatures above 320°. In these alloys, where there 
is a considerable amount of zinc surrounding the 
absorbing zinc atom, the face-centred lattice is still 
preserved. We were unable to carry out such an ex- 


periment due to considerable evaporation of the 

zinc; considerable improvements in experimental 
procedure will have to be made before it can be 

undertaken again. 

The different course of the coefficient of absorp- 
tion at the beginning sector of the K absorption 
edges of aluminium and zinc in the alloy could appar- 
ently be explained by the different width of the ini- 
tial absorption levels of aluminium and zinc atoms: 
the width of the one s level for an aluminium atom 


is 0.6 eV [1], and for zinc it is 1.5 eV [2]. 


Translated by V. Alford 
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THE DETERMINATION OF SOME OF THE PHYSICAL CHARACTERISTICS OF 
HIGHLY COMPRESSED METALS* 
Yu.N. RYABININ, K.P. RODIONOV and Ye.S. ALEKSEEV 
Institute of the Physics of High Pressures, Academy of Sciences U.S.S.R. 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received 6 February 1960) 


As a quantum-mechanical theory of the solid state 
which allows for high pressure has not so far been 


created, when carrying out a number of determinations 


of the state of solids under high pressure, model re- 
presentations may be used and also the classical 
theory of the solid state developed by Debye [1], 
Gruneisen [2] Lindemann |3) and others. 

The characteristic frequency of oscillation v of 
atoms in a crystal lattice, and consequently the 
value of the Debye temperature 


8p 


are known to increase with increase in pressure. For 
an isotropic body the characteristic frequency is 
connected with volume in the following manner: 


4xnV 


(1) 


where c is the average rate of propogation of elastic 
oscillations in an isotropic body which, in its turn, 
can be expressed through the elastic moduli of the 
isotropic body, particularly by the moduli of elastic- 
icity in tension and in shear. If the pressure rela- 
tionship of the moduli is known the relationship 
between pressure and characteristic temperature can 
be found, and subsequently the different physical 
characteristics of the solid can be expressed through 
it in relation to high pressure: thermal capacity, 
coefficient of thermal expansion, melting point. 

It should be noted that the relationship 


8p 
0, =f (p), 


as given in paper [4] only shows a qualitative pic- 
ture of behaviour at Debye temperature under pres- 


* Fiz. metal. metalloved., 10, No. 1, 150-153, 1960. 


sure, and for this reason it cannot be used in nu- 
merical calculations. 

The change of Debye temperature with pressure 
can be calculated in the following way: 


where V is volume; 
K is the bulk modulus of elasticity; 
o is Poisson’s ratio and 


3/2 


21 3(1—-a | 


As the relationship o = f (p) cannot always be deter- 
mined let us see how the value 


]'/s 


influences the characteristic temperature. Using the 
experimental data produced by Lazarus [7], Gilvarry 
[6] calculated that in the range up to 10,000 kg/cm? 
the Poisson’s coefficient for copper and aluminium 
will have a constant value. In this case therefore 

q = 1. In this way we shall limit the number of par- 
ameters affecting characteristic temperature and, 
for determination of 


@p 


we can use the relationship V = f (p) measured by 
Bridgeman [8] at room temperature for iron, copper, 
silver and aluminium in the pressure range up to 
30,00 kg/cm?. 

The results of this calculation are set out in 
Fig. 1. From this illustration it can be seen that the 
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FIG. 1. 


characteristic temperature increases with pressure 
while the changes in 


8, 
are greater as the compressibility of the substance 
becomes higher. Using the results obtained for 


8, 
the pressure relationship of thermal capacity at 
constant volume can be found from the well-known 


formula by Debye. 
Assuming that the thermodynamic potential can be 
represented in the form of a two-term formula 


fi 
= ip) + 


in which the first term is not dependent on tempera- 
ture, the connexion between thermal capacity at 
constant volume and the coefficient of thermal ex- 
pansion can be found, which is known as Gruneisen’s 
law. 


(4) 
Cy KV 


Here y is Gruneisen’s constant. Using formula (4) 
and knowing equation 
8 = [(P), 


the relationship may be found between the coeffi- 
cient of thermal expansion a and pressure. By cal- 
culation from (4) and (4a) it can be shown that y 
is not dependent on pressure. _ 

According to Lindemann [3], when a solid is melt- 
ed the amplitude of inter-atomic oscillation is com- 
posed of a definite proportion of the inter-atomic dis- 
tances. The frequency of this oscillation is equal 
to the characteristic of Debye frequency. If it is as- 
sumed that thermal energy kT,, where 7, is melting 
point, is proportional to the energy of elastic oscil- 
lations, i.e. kT, is about equal to ~ mv’?’, then 


Ts T> Ts ( ) 


For this reaon, knowing the relationship between 
Debye temperature and volume under pressure, we 
can describe melting point in the following equation: 


ve. 


‘wp p 
\( 
K ; V 


where . is the melting point at pressure p; 7’* is 
melting point at normal pressure and similarly tor 
other values. The values 


Kr, VF, Vr, 


can be arranged in order, knowing the relationship 


v= 


measured at room temperature [8]. The value of z 


_ 
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can be calculated if it is known how volume and 
modulus of compressibility change with temperature. 
It is known that there is a slight change in the 
volumetric modulus of elasticity and the volume of 
solids with increase in temperature. If we assume 
therefore, that z = 1, we shall be permitting an 
error which is not greater than the precision of ex- 
perimental! determination of the melting point under 
high pressure (about + or — 10%). 

Using the relationship 


=f (Ts), 
found by Hughes and Marretti [9] even for substances 


with high melting point, for instance, for iron under 
a pressure of up to 30,000 kg/cm?, we found that 


z= 1.01. 

Using equation (6) and assuming that z = 1, we 
calculated the melting points of iron and aluminium. 
The results are shown in Fig. 2 by the dotted line, 
while the continuous line shows the experimental 
measurements of these values (11, 12]. 

It can be seen from what has been said that the 
models which have been studied do provide the pos- 
sibility of accurate determination of a number of 
parameters for a solid under high pressure. 

In conclusion we wish to extend our thanks to 
R.G. Arkhipov for his discussion of our work and 
valuable advice. 


Translated by V. Alford 
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ELECTRON FRACTOGRAPHY AND ITS APPLICATION TO FERRITES * 
V.N. BOGOSLAVSKII and 0.K. SHABALINA 
Institute of Metallurgy, Ukrainian Branch, Academy of Sciences U.S.S.R. 


Urals Polytechnic Institute 
(Received 23 December 1959) 


The investigation of the microstructure of ferrites 
is of considerable theoretical and practical interest 
in their production and use, as many of their proper- 
ties (initial permeability, degree of “rectangularity” 
of the hysteresis loop, electric conductivity etc.,) 
are strongly dependent on micro-heterogeneities and 
defects. However, these defects are encountered in 
the preparation of a metallographical specimen for 
microstructural investigation of ferrites as a result 
of the brittleness and the chemical passivity of the 


substances. On the other hand, due to the easy cleav- 


age and separation of the crystals of ferrites, it is 
quite easy on fracture of this specimen to observe 
those details of microstructure which are hard to 
reveal by polishing and etching. The use of the 
thermal method of revealing microstructure [1] does 
not seem to us to be reliable: even a short heat 


treatment may produce on a free mechanically worked 


surface substantial changes in details of the sub- 
structure. Investigation of the outer surface of parts 
[2] by this means may prove unsatisfactory for dis- 
cussion of the internal structure. 


The analysis of fractures by the use of an electron 


microscope, with its high resolution and great defi- 
nition, is very satisfactory, particularly if one con- 
siders the fine grain of most manufactured ferrites 
and the great importance of submicroscopic details 
of structure. This method of studying the micro- 
structure of certain metals and non-metals [3 - 6] is 
known to produce some interesting and useful con- 
clusions. 

We used the two-stage polystyrine-carbon method, 
as the chemical passivity and highly developed 
relief of the specimens made the use of the one- 
stage method difficult. Fractures were examined in 
the planes of the first and second cleavage of natur- 
al monocrystals of magnetite, artificial monocrystals 
of some ferrites and the fractures of polycrystalline 
ferrite parts. 
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FIG. 1. Fracture surface of a monocrystal. 
Intrusion; x 10,000. 


FIG. 2. Fracture surface of a monocrystal. 
Relief; x 15,000. 


The shining fracture surfaces (primary cleavage) 
of monocrystals are very free and are only infrequent- 
ly interupted by small islands, interlayers of a for- 
eign substance (Fig. 1); relief is encountered in the 
form of groups of branching folds, steps or more com- 
plicated formations (2). Highly characteristic are the 
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FIG. 4. Fracture surface of a monocrystal. 
Multi-stage relief; x 10,000. 


fine “combs” (stereophotograph Fig. 3) analogous 
in form to those observed in paper [4], although in 
this case they should be considered as the reflect- 
ions of cracks and not projections, as they are 
always oriented towards the more dense sector of 
the carbon replica. The densely packed centre is the 
projecting sector on the polystyrine replica, and as 
this is the negative reflection of relief, in this sec- 
tor also the “combs” will be in the form of hollows 
on the surface of the specimen. Big cracks seen on 
a microscope are reflected in a similar manner. 
Cracks encountered either on the relief or smooth 
sectors, may sometimes be bordering on an intrusion. 

While the majority of cracks were formed on frac- 
ture of the specimen, the places where they were 
formed were the defective parts of the crystal. 

On the matt fracture surfaces (secondary cleavage) 
of magnetite a complex multi-stage relief is visible, 
revealing different degrees of mosaic — course 


layers (1-2 4) and fine laminations (0.1-0.2 
groups of which are perpendicular to the plane of 
the big layer which they comprise (Fig. 4). 

Growth figures are encountered on the fractures 
of some of the crystals (Fig. 5). 

In the polycrystalline specimens (ferrite parts) 
the fractures reveal cleavage planes for each crys- 
tallite, which in the majority of cases are quite 
complete (stereophoto in Fig. 6). Defects are en- 
countered in the form of pores and rarely, in the 
form of relief similar to that of fracture in mono- 
crystals. A characterrstic feature of these specimens 
if the “non-sintered cracks”*, i.e. cracks which 
form on the surface of a grain and have not sintered 
well with the neighbouring crystallites. All three 
types of defects are shown in Fig. 7. 


* The stereophotograph shows that these are cracks and 
not projections as in the case of monocrystals. 


149 
FIG. 3. Fracture surface of a monocrystal. Crack (stereophotograph); x 10,000. : 
i 
| 


Letters to the Editor 


FIG. 6. Fracture of poly-crystalline specimen. 
Cleavage plane of crystallites (stereophotograph); 
x 10,000. 


CONCLUSIONS 


1. Electron-fractography is highly applicable to 
ferrites (mono- and polycrystals). Instead of metal- 
lographic specimens it is simpler and more useful to 
examine fractures, using stereophotographs where 


necessary. 

2. Features of the relief and different defects can 
be observed on the fracture surfaces of monocrystals 
and on individual grains of polycrystalline speci- 
mens. 

3. Non-sintering defects and pores may be 
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FIG. 7. Fracture surface of a poly-crystalline specimen. “Non-sinter cracks”, 
pores, relief inside grain; x 12,000. 


observed on poly-crystalline specimens; grain size and it seems that the connexion can be established 
can also be determined. between their properties and micro-structure. 

4. Defects in technology can be explained by the 
investigation of ferrites by electron fractography Translated by V. Alford 
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THE STRUCTURE OF SLIP LINES IN METALS* 


V.G. RAKIN and N.N. BUINOV 
Institute of Physics of Metals 


In the investigation of plastic deformation in the 
alloy Ai-Cu [1] the existence of two maxima was 
discovered in the curves for the distribution of the 
extent of slip in slip lines and on the distribution 
curves for distance between slip lines. In this report 
certain results are set out which were obtained from 
a study of electron photographs of deformed mono- 
crystals of aluminium and polycrystalline aged al- 
loys Al-Si (1.21 Si) and Al-Mg-Si (1.41 Mg, Si)', 
which had first been quenched from homogenizing 
temperature (530°). 

In this case the alloys did not have sufficiently 
clear etching figures and separation particles from 
which to determine the crystallographic orientation 
of the surface and the indices of the slip planes. 
For this reason, without allowing for orientation, 
measurements were made on electron micrographs of 
the width of slip lines and the intervals between 
them and graphs. 

Nearly all the curves shown (each of them was 
plotted on the basis of 100-200 measurements) have 
a maximum, and after this a more or less clearly de- 
fined plateau or additional maximum. In Fig. a two 
maxima are observed for the alloy Al-Si after > % 
compression, and in Fig. b, for the alloy Al-Si de- 
formed in tension by 16% and monocrystals of alum- 
inium extended by 20%. By analogy with the alloy 
Al-Cu [1], it can be assumed that all curves for 
these alloys will have two maxima if the extent of 
slip is measured in the slip lines and not in the 
width of the slip lines, as has been done in this 
case, and the distance between slip lines perpen- 
dicular to the planes in which slip has occurred. 

In the paper by Fourie and Wilsdorf [2] two maxi- 
ma are observed on the slip histograms for mono- 
crystals of a-brass (Fig.5). The distribution curve 
for the distances between slip lines, plotted for de- 
formed monocrystals of copper in the paper by 
Mader [3], also have two maxima (Fig. 9c). Neither 


(Received 27 January 1960) 


Fourie and Wilsdorf nor Mader however have dis- 
cussed this feature of the curves. From the electron 
photographs shown in paper [4,5] it may be assumed 
that curves similar to those shown in Figs. a and b, 
can also be obtained for ordering alloys as Au Cu, 
and permalloy. On the deformed surfaces of these 
alloys fine and coarse slip lines may be observed. 
The quantitative relationship between the two types 
of slip depends on the constitution of the alloys and 
the degree of deformation *. 

The existence of two maxima on the curves of 
slip and distance between slip lines for alloys of 
different types with different structures of slip lines 
and in different states, and also for monocrystals of 
alloys and pure metals, leads one to suppose that 
the maxima exist for all crystalline materials. 

Proceeding from this, the features observed in the 
curves being studied may be due to the fact that: 

1) either there are two maxima for the emergence 
or multiplication of dislocations, or one of them 
leads to fine and the other to coarse slip lines; 

2) two different conditions for the action of sour- 
ces of dislocations must either exist in the 
materia! in its initial state or be generated in 
the process of deformation. 

It is not possible from the study of existing dis- 
location theories of plastic deformation [6-11] to 
find any satisfactory explanation for the formation 
of the fine and coarse slip lines. The fact that the 
quantitative relationship of the two types of slip 
lines is dependent on the degree of deformation 
(see for instance paper [3] ), causes one to think 
that the fine slip lines must arise mainly in the 
initial stages of deformation when the material is 
fairly equally stressed throughout. The coarse slip 
lines usually appear under considerable degrees of. 
deformation and are connected with the comparative- 
ly non-homogeneously stressed state of the mater- 

ial. Confirmation for this representation is provided 


* Fiz. metal. metalloved., 10, No. 1, 156-158, 1960. 
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* In all the cases mentioned including ours, deformation 
was carried out at room temperature. The rate of de- 
formation varied in the different experiments in ranges 
not great enough to warrant any allowance for time. 
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FIG. 1. Distribution of the width of slip lines (a) and intervals between them (b) for 
deformed aluminium and alloys Al-Si and Al-Mg-Si: 
o — Al (99.95 %) monocrystal, deformed in tension by 20%; 
o — Al-Mg-Si extended 22.5 %; 
A — Al-Si extended 16 %; 
C — Al-Si 5 % compressed; 
x — Al-Si compressed by 13.5 %. 
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satisfactory theoretical and experimental data to 
provide a possibility of explaining the existence of 


fine and coarse slip. 
Translated by V. Alford 


by the fact that the coarse slip lines arise as a 

rule, after the appearance of lines on the deformed 

surface, from some of the systems of slip planes. 
At the moment however, there are still not enough 
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HALL EFFECT IN THE COMPOUND MnAu, * 
I.G. FAKIDOV and V.N. NOVOGRUDSKII 
Institute of the Physics of Metals 
(Received 18 February 1960) 


To develop the physics of solids it is very import- 
ant to study the electric properties of substances in 
which there is ordering of the spin magnetic moments, 
such as ferro-magnetic, anti-ferro-magnetic, meto- 
magnetic and ferri-magnetic materials. Although 
there is a considerable quantity of experimental and 
theoretical papers relating to ferro-magnetic subst- 
ances, there is still no complete understanding of 
the mechanism of their electric conductivity and 
galvano-magnetic properties. This affects anti-ferro- 
magnetic materials, as their electric properties are 
very little studied either experimentally or theoretic- 
ally. For these reasons we started investigation of 
the electric and galvano-magnetic properties of the 
inter-metallic compound MnAu,. 

Meyer and Tagland [1], studying the magnetic pro- 
perties of this compound, disclosed that the relation- 
ship between the intensity of magnetization and 
field us of an unusual character. Up to a field 
strength of 8 k.oe., the curve of magnetization is a 
straight line and then (field strength from 8-15 k.oe) 
magnetization increases sharply andon further in- 
crease in the magnetic field it begins to approach 
saturation. 

Neel [2] explained this sharp increase in magnet- 
ization by the fact that MnAu, begins to pass out of 
the anti-ferromagnetic state into the ferro-magnetic 
when magnetic fields are applied with a strength 
greater than 8 k.oe.; the Neel’s temperature in this 
paper [1] was 90°. 

Investigation of magnetic structure by the neutron 
diffraction method [3] showed that where there is no 
magnetic field complex “spiral” anti-ferromagnetic 
ordering of the spin magnetic moments takes place. 
Investigation of the physical properties of MnAu, is 
interesting therefore, as it also provides a possibi- 
lity of investigating one or the other substance in 
the anti-ferromagnetic and ferromagnetic states. 

In the paper by Smith and Street [4] the tempera- 
ture relationship of electric resistance was invest- 
igated and the change in resistance in the transverse 
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and longitudinal magnetic fields for MnAu,. The 
writers indicate that this compound is a metal and 
at the Neel’s temperature there is a break in the 
temperature curve of electric resistance. MnAu, is 
therefore different from the ordinary anti-ferro- 
magnetic materials which are in most cases semi- 
conductors. 

Our work is devoted to investigation of Hall effect 
in MnAu,. 

The alloy used for the investigation was produced 
by a method similar to that described in paper [1]. 
The test specimen was a plate 10.59 x 5.53 x 0.33 
mm in size. Magnetic measurements showed that the 
specimen had the properties belonging to MnAu, and 
that the Neel’s temperature was 92°. The Hall e.m.f. 
was measured with a low-ohm potentiometer type 
“Disselhorst” and a galvanometer with sensitivity 
2x 10°* V/mm. Magnetic measurements were made 
with a pendulum magnetometer [4]. 

Fig. 1 shows the relationship between Hall e.m.f. 
and the field strength of the external magnetic field 
at room temperature (curve /) and 96° (curve 2). It 
can be seen from curve / that the relationship bet- 
ween the Hall difference in potentials and the field 
in the anti-ferromagnetic range is linear. 

On transition to the ferro-magnetic state Hall 
e.m.f. is increased and the relationship 


ceases to be linear. 

The linear course of the curves of Hall effect, 
which was obtained at a temperature above Neel 
point, is also maintained with the application of 
magnetic field above 8 k.oe. Unfortunately, the 
high demagnetization factor of the plate and the 
lack of sufficiently strong permanent magnetic 
fields (field strength about 35-40 k.oer) did not 
allow us to carry out measurement of magnetization 
in a field approaching saturation. The maximum in- 
ternal field which could be obtained in our experi- 
ments was 17 k.oe. for which reason we decided to 
restrict ourselves in the main to investigation in the 
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FIG. 1. The dependence of Hall e.m.f. on the strength of 
the external magnetic field at different temperatures: 
1-18; 2-96. 


field of transition to ferromagnetism*. 

As can be seen from Fig. 1 Hall e.m.f. is substan- 
tially dependent on temperature. In field strength of 
5 k.oe, i.e., in the anti-ferromagnetic field E, in- 
creases by about twice with change in temperature 
from 18-96°. In ferro-magnetic fields this depend- 
ence is noticeably less. The situation is quite dif- 
ferent with para-magnetic and dia-magnetic metals 
in which the Hall constant is weakly dependent on 
temperature, in which connexion it can be assumed 
that in the case of the alloy MnAu, Hall effect is 
dependent on the degree of anti-ferromagnetic long 
range order. To confirm this assumption and to se- 
parate that part of the Hall effect which is immediat- 
ely due to anti-ferromagnetism, further investigations 
must be carried out in the paramagnetic field. 

The dependence of Hall e.m.f. on the intensity 
of magnetization (as seen in Fig. 2) is represented 
in the form of two straight lines. Thus, bearing in 
mind all that has been stated above, the conclusion 
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FIG. 2. The dependence of Hall e.m.f. on intensity 
of magnetization at a temperature 
of 18°. 


may be drawn that when the specimen is transformed 
to the ferro-magnetic state there is a change in the 
mechanism by which Hall effect arises. However, 
the ratio of the Hall constants corresponding to the 
two straight line sectors (Fig. 2), is equal to 3, i.e., 
the effective fields acting on an electron in the 
ferro-magnetic and anti-ferro-magnetic states are 
apparently of one and the same order. Confirmation 
of this is provided by the fact that the value of 
Hall e.m.f. obtained by extrapolation in the ferro- 
magnetic part of the linear sector which corresponds 
to the anti-ferro-magnetic state, differ very little 
from those obtained in actual experiment. For inst- 
ance, at a field strength of 20 k.oer the difference 
between the observed and extrapolated figures is 
40 %. 

At the present time we are continuing investiga- 
tion of the galvano-magnetic properties of MnAu, in 
a wider field of temperatures. 


Translated by V. Alford 
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TO THE THEORY OF NUCLEATION OF MARTENSITE * 
A.L. ROITBURD 
Institute of Metallography and the Physics of Metals, Central Research Institute of Ferrous Metallurgy 
(Received 15 February 1960) 


When analysing phase transformations in the solid state, particularly those connected with the 
co-operative re-arrangement of the crystal lattice, it must be remembered that the free energy of the 
parent phase-nucleus system of the new phase is dependent not only on the volume and form of the 


latter but also on its internal structure. 

The process of the formation of a centre of the new phase is considered as the movement of a 
figurative point along a hypersurface representing the dependence of the free energy of the system 
on the volume, form and parameters which characterize the internal structure of the nucleus. The 
kinetics of the formation of these centres is determined by the form of the hypersurface. 


structure of the nucleus and give too high a value for the activation barrier of the process of growth, 
and that there is insufficient basis for the conclusion which is made from this analysis, that flucta- 
ting formation of centres of martensitic transformation is not possible in the absence of prepared 
positions. 


At the present time the majority of people who have studied martensitic transformation maintain 
the point of view that the nucleation of centres of transformation can only occur at Positions which 
have been previously prepared, having higher energy and approximating in structure or composition 
that of the martensitic phase [1-3]. Moreover it is suggested that it is extremely difficult or almost 
impossible for centres of transformation to be formed in regions having the ideal structure of the 
parent phase, because of the high value of the energy barrier to the process of nucleation. No-one 
expresses any doubt that the existence of prepared positions should substantially influence the 
process of the nucleation of centres of the new martensitic phase, reducing the work of nucleation 
to a degree comparable with that which occurs during other phase transitions: condensation, crystal- 
lization etc. etc.. Moreover, because of the limited growth of individual crystals, nucleation at pre- 
pared positions during martensitic transformation may, unlike the other cases, lead to incomplete 
transformation during isothermal holding. However, despite the obviousness of these propositions 
and the despite many theories which are put forward on the basis of different assumptions to explain 
the nature of the prepared positions and the mechanism of the formation there of centres of new 
phases, the kinetics of martensitic transformation and the description of nucleation which occurs 
mainly at the prepared positions remain hypothetical, as so far no-one has produced any direct evid- 
ence to support them. The attractiveness itself of this hypothesis to explain the main features of the 
martensitic transformation can hardly be acknowledged as necessary. 

First of all the question arises as to whether the energy barrier to the formation of nuclei of a 
new phase in an ideal lattice is really so high that the process is practically impossible without pre- 
vious preparation of sites. 

The height of the activation barrier equal to the work of forming nucleii of a critical size, is 
usually estimated on the basis of the theory put forward by Fisher, Holloman and Turnbull [5] and 
subsequently developed by various writers [6, 7]. Within the framewoek of the classical theory of 
nucleation which was created to explain the processes of the formation of nuclei in non-condensed 
systems [8, 9], this theory does account for certain features of martensitic transformation, particu- 
larly the non-spherical form of the particles of the new phase and the energy of elastic distortion. 
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FIG. 1. A concept of activation energy. 


Unlike the case of transformation in non-condensed systems, e.g. vapour ~ liquid, where it is con- 
sidered that the free energy of the parent phase-nucleus system is dependent only on one parameter 
— the nucleus volume — for the analysis of the martensitic transformation, besides the volume of 

the nucleus another parameter must be introduced which characterizes its form. If it is assumed 

that the nucleus has a form which, for a given volume, provides for the minimum energy of distortion, 
it is then possible to express the parameter of form by the volume of the nucleus and in studying the 
process of nucleation, to consider only the change in volume or the linear dimension of the forming 
centre which is directly related to the volume. If the volume v increases from the zero value the 
energy of the system will at first grow, and then it will be reduced, passing through its maximum at 
some critical volume v,,. The maximum value of the free energy AF,, is taken as the height of the 
activation barrier on nucleation. If this barrier is exceeded due to thermal fluctuations, the rate of 
nucleation should be proportional to exp (— AF,,/kT). It has, however, been shown in a number of 
works that the height of the barrier, which is dependent on the difference between the chemical free 
energies of the initial and final phases AF», surface tension o and the elastic constants of the 
material, is too great at any reasonable values for these. This would explain the rates of transform- 
ation which have been observed experimentally [1-4]. This is taken as evidence that in martenstitic 
transformation fluctuation nucleation either does not take place at all [2], or can only occur on pre- 
pared sites where AF,, is considerably reduced. It will be’ shown below that the generally accepted 
so-called classical theory of Fisher, Holloman and Turnbull produces exaggerated figures in deter- 
mining the height of the activation barrier. 

When analysing transformation in the solid state, particularly where it is conncected with the 
co-operative re-arrangement of the lattice, the parameters of volume and form of the nucleus are 
insufficient to describe the parent phase-nucleus system of the new phase. Its internal structure 
should also be known, which may be different both from the parent and the final phase. The re- 
arrangement of a crystal lattice is accompanied by complex changes in the position of the atoms. 
This may be characterized by means of a certain number of parameters whose values are changed 
from those which are appropriate to the parent phase A with a chemical free energy F'4, to final 
values corresponding to the undistorted structure of the product of transformation M, with chemical 
free energy F¥(Fig. 1). Composition may also be included in these parameters if the transformation 
is accompanied by change in the chemical composition of the phases. As in either the stable (M) or 
the metastable (A) phases, the translation of atoms from the equilibrium position is due to increase 
in their potential energy and in the free energy of the crystal as a whole, there will be a certain 
potential barrier on the curve giving the dependence of the free energy of a unit volume on the 
structure parameters. The concept of the free energy of activation F,{10, 11] is introduced as the 


characteristic of the height of this barrier. 
Thus, the change in the free energy of the parent phase-nucleus system should proceed as the 
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FIG. 2. The change in the free energy of the nucleus-parent phase system. 


result of change in the volume and form of the nucleus and of its internal structure. 
During the martensitic transformation of a face-centred cubic lattice to a body-centred one, the 
re-arrangement of the lattice can be treated approximately as a homogeneous shear with the value of 


the shear & [12] as the parameter which describes structure. 
If it is assumed that martensite crystals have the shape of a straight elliptical cylinder, then 


the change in free energy calculated per unit length of the crystal along the forming cylinder will 
be [13] 


AF = AF, (k) ab + 4a0(k) + Bk*b?, (1) 


where a and b are the large and small semi-axes of the cross-section respectively; 


mab is the volume of a crystal of unit length; 
4a is approximately equal to its area where a > b. The coefficient B is dependent on the elastic 


constants of the material. The dependence of AF, (k) has the same form as the curves shown in 
Fig. 1. At & = 0, corresponding to the initial structure, AF, (k) = 0; at k = ko (the value of the para- 
meter for the structure of the final phase) 


AF, —Fo = —AF,. o (), 


which appears to increase in a monotonic fashion from 0 at k = 0 to o (ko) = a» which is the value of 
surface tension on the boundary of the undistorted phases. If use is made of the usually accepted 
theory that the shape of a crystal at a given volume is dependent on the minimum energy of distort- 
ion, then the factor of shape can be excluded and the change in free energy of the system can be 
regarded as the function of the two variables v and & which permits a graphic interpretation of the 


process of nucleation. Actually the expression 
AF (k, v) = AF, (k)v + 3B"? (2) 


obtained from (1) using the relationship dAF = ) in the conditions where dv = 0, is the surface 
equation in space of the three measurements k, v and AF (Fig. 2). Representations of the form of 
this surface may provide its cross-section in co-ordinate planes. The surface section AF (k,v) at 


plane k = ko produces the curve AF (v) which is usually studied in the theory of nucleation, with its 


maximum xt the point 
32 Bote? 


Cc. 


The section parallel to the other co-ordinate surface v = const where v is sufficiently large 
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FIG. 3. Surface contour of the change in free energy at p = %. The numbers on 
the iso-energy lines indicate the height of a given point of the surface relative 
to AF,, & = 1, p = 1). The “saddle” has the co-ordinates 


(x = 0.5; 0 = 1.5; AF, /AF,, = 0.5). 


to ignore the second term in formula (2), will produce a curve similar to AF, (&), the maximum height 
of which and the difference between the value in the beginning (k = 0) and final points (k = ko) are 
proprtional to v. 

The state of the system at each moment in time is represented by a point on the surface 
AF(k,v). The initial state, at which there are no nucleii of the new phase in the system, is represent- 
ed by points on the co-ordinate axes of the planes v,k, i.e. by the straight lines v = 0 and k = 0. At 
these points AF = 0. The final state where there are stable crystals in the system is represented by 
points on the surface with the negative ordinate AF. This is of course a field where values of v are 
high and those of & are approaching ko. Between the field of the negative values of AF and the co- 
ordinate angle formed by the axes v and k, there is a field of positive values of AF through which 
the point describing the change in the state of the system in the process of nucleation must pass. 
The moment of nucleation can be regarded as the passage of the point through the “divide” after the 
intersection of which the point, moving in the direction grad AF (k,v), falls into a field of stable 
states (AF < 0). On the other hand, for the points which do not pass along this line, the gradient is 
directed in the field of the initial states*. The process of the transition of the system from the initial 
state is related to the increase in the free energy of the system and may occur either as a result of 
external action or as a result of thermal fluctuation. 

Under certain relationships between the height of the energy barriers along the axes v and k 
there may be a minimum point on the “divide” which will be the “saddle” or “the hurdle” point of 
the surface AF (k,v). It seems that at this point it is easiest for transition to occur from the initial 
position to the field of stable states. The probability of fluctuation transition and consequently, the 
rate of nucleation will be proportional to 


exp (k,, 


where v, and k, are variables in the “hurdle” point. In more precise calculations attention should 
be paid to the possible transition in other points of the “divide”. In this case the multiplier 


exp (—AF/kT) dL, 


f. 


* It is assumed here, as in the theory of absolute rates of reaction, that the system behaves like a heavy 
material point on any surface in the field of gravity | 14}. 
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should be inserted in the formula for the rate of nucleation, where the integral is selected along 
the “divide”. 
As an example in Fig. 3 the potential contour is given 


AF, (x) 
3 (x) AF, (1) 


AF (x, p) = BRi ber | 2 x73 


where x and p are dimensionless variables 


In constructing the energy diagram it was assumed: 


a(x) =a(l)x? = AF , (x) = —Ax (x — p), 


A=2AF (r+ V p= 1— 27 (Vy), 1 = Fy/AF 


In this case the surface 


AF (x, p) = BR? b?, 


has its “saddle” at point 
Xn = 2D, On = 2(1 — Pp). 


The value of the function at this point and consequently, the height of the activation barrier 
will be equal to 


AF n) =AF, = Boer ko 16p2(1 —p)? = 16p?(1 —p)? 


where p is sufficiently low, i.e. where the activation energy of the process of re-arranging the 
crystal lattice F, is low and undercooling is high, p < % and the value AF, may be considerably 
lower than the value AF,, which is equal to the work of forming a nucleus of critical size calculat- 
ed on the basis of the usual theory of nucleation (point x = 1, p = 1 on the diagram). 

These calculations are of course only given as an illustration. Although it can be shown that 
qualitatively the picture does not change at sufficiently general representations of the form of the 
function AF, (x) and o (x), the quantitative result is essentially dependent on their concrete values. 
In quantitative analyses it is also necessary to allow for possible transitions through points other 
than the “saddle”. 

The representations set out above permit a generalization for the case of many variables. Here 
the state of the system will be described by a point on the hypersurface 


5 

where 
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in the space (n + m + 2) of measurement where &,,..., k,, are the parameters which characterize 
the structures and composition of the nucleus, while the parameters s,,..., S,, described their form. 

Thus in estimating the height of the energy barrier, the generally accepted theory of nucleation 
produces an exaggerated figure. Evidence put forward on the basis of this, to demonstrate the low 
probability of fluctuation nucleation of centres of the martensite phase in fields with an ideal lattice 
cannot therefore be regarded as conclusive. This in its turn makes unnecessary the idea of the deci- 
sive role of prepared sites for the nucleation of martensite crystals. 

In this case how does one explain the incomplete martensitic transformation which occurs at 
constant temperature ? It is at the moment difficult to provide a decisive answer to this problem. 
Certain ideas of the causes of this feature of martensitic transformation led to studies of the influ- 
ence of plastic deformation, neutron radiation and phase strain hardening of the parent phase on 
subsequent transformations [15-18]. In the course of these investigations it has been established that 
small degrees of strain which do not cause formation of a martensitic phase in the process of deform- 
ation, lead to more intensive transformation on subsequent cooling. Considerable strain on the other 
hand will lead to retardation of subsequent transformation, a lessening of the final effect and even to 
complete suppression of the process. Neutron radiation and phase strain hardening have similar 
effects. 

The dual action of plastic deformation is explained by the emergence of two forms of crystal 
lattice distortion of the parent phase which effect subsequent transformation in different ways [15, 
18]. One form of distortion which is relieved by low temperature tempering and even at room temper- 
ature, facilitates formation of the nucleii. The other which is more stable, leads to stabilization of 
the parent phase. Further investigation is required to explain the nature of these two forms of dis- 
tortion. However, the co-operative, ordered character of the re-arrangement of the crystal lattice 
during martensitic transformation permits one to state of a priora that defects in structure represent- 
ed by disordered disturbances of the correct arrangement of atoms in the crystal lattice of the parent 
phase, should hinder its re-arrangement. On the other hand, homogeneous distortions of the initial 
lattice which make its structure similar to that of the final phase, should facilitate the process of 
re-arrangement of the crystal lattice of phase transformation. 

It is natural to use these ideas to explain the incompleteness of martensitic transformation under 
isothermal conditions and its propagation over a range of temperature. It can be assumed that the 
nucleation of martensite crystals occurs on points with the correct arrangement of the crystal lattice. 
The presence of defects with a disordered structure may hinder both the process of co-operative 
changes of structure in the field a round the defects and the increase in size of the nucleus which 
is already forming. The undefined nature of the defects (these could be micropores, aggregations of 
vacancies, centres of dislocation and groups of dislocation, grain boundaries and sub-grain bound- 
aries, accumulations of surplus atoms etc., etc.,), is an indication that these interuptions have an 
essential effect on nucleation and the growth of the phase centres close to critical size, and may 
even effect the growth of a thermo-dynamically stable crystal. That is to say that a crystals of 
sufficient size (for example those visible in an optical microscope) are able to grow through defects 
which would provide insurmountable barriers for nucleii, i.e., for crystals whose size is close to 
critical. This is the reason for the different values for the driving force for the growth process for 
crystals of different dimensions *. 


* Actually, the rate of growth, or the rate of change in a certain linear dimension p is, according to the 
general theory of the thermodynamics of reversible processes, defined by the relationship [10]: 
v = 6p/dt = b.SAF (p)/S5p where AF (p) is the change in the free energy of the system on the formation in 
it of a crystal of size p; AF plays the part of the driving force of growth; b is the coefficient of proportion- 
ality defining the mobility of the atoms in the lattice and is dependent on the height of the activation bar- 
riers which are overcome by the atoms in passing to the equilibrium position appropriate to the new modifica- 
tion. The value of the driving force increases with the difference in AFo, i.e., the undercooling, and with 
the size of the crystal. For crystals of critical size, AF / = 0 and then it increases, up to a certain constant 
values; b is essentially dependent on the mechanism of growth. 

In the case of martensitic transformation, where there is ordering with coherent growth, b is practically 

independent of temperature, but during re-arrangement of the lattice by diffusion, it is exponentially reduced 


with reduction in temperature. The mechanism of growth appears to be determined to a considerable extent 
(continued on the next page) 
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For determinacy we will assume that defects do not provide a barrier to the growth of a crystal 
with a volume above crutical v,,. In investigating the kinetics of transformation we should allow for 
the fact that, in the parent phase, even where it is well annealed, there will be a certain number of 
statistically distributed defects. What is the probability of finding in a sample a field free of defects 
with a volume greater than v,,, where the defects are statistically independent i.e., ignoring their 
inter-action ? Where vc, is considerably less than the volume of the sample this probability, and 
consequently also the part played by the volume of the specimen in which the nucleation of a mar- 
tensitic transformation centre takes place, will be equal to exp (—cv,,), where c is the mean con- 
centration of defects in the specimen *. . 

According to the reduction in v,, with reduction in temperature, the proportion of the volume 
in which nucleation of martensitic crystals takes place, will grow and will achieve its maximum at 
0°K. The change in this value is shown by the final effect of transformation on isothermal holding', 
and also by the initial rate of nucleation which can be expressed by the formula‘t 


As the precise form of the temperature relationships of the values 


A(T), AF, (7), 


in the formula are not known, it is difficult to check the accuracy of the expression by comparing it 
with the data produced from experimental investigations of the dependence of J, on temperature. Use 
can however be made of the fact that, in certain circumstances, the preliminary plastic deformation 
which changes the concentration of defects c does not appear to have any appreciable effect on the 
other values in the formula. If therefore, the temperature dependence of the initial rate of nucleation 
is found experimentally in the material after a different degree of deformation yw, then, for any three 
degrees of deformation y,, W, and y, the relationship 


In (Ys) — Jo (49) 


must be fulfilled at each temperature, i.e. it is constant at all temperatures. 
No allowance has been made above for the fact that, as a result of the increased concentration 
of defects, plastic deformation may lead to homogeneous distortion of the defect-free regions, re- 
duction in AF, for these regions and consequently, increase in the rate and extent of transformation. 
These distortions are unstable and relax at comparatively low temperatures. If plastic deformation 
occurs at sufficiently high temperature the formation of distortions which promote transformation 
may be prevented and the relationship mentioned above may be used. A more precise quantitative 
theory would allow not only for the existence of some distribution of defect-free regions according 


(continued from previous page) 
by the value of the driving force. 
If AF is high enough, i.e., at certain critical values of undercooling and size of crystal, the process 


will be like a co-operative one [3, 11]. The presence of a defect will increase the activation barrier and 
reduce the value b. This same reduction in b will reduce almost to zero the rate of growth of the nucleus 
for which AF is approximately zero, while although reduced a significant rate of growth of stable crystals 
will remain. For big crystals reduction in b may lead to a change in the mechanism of re-arrangement of the 
lattice around the defect; co-operative, self-activated growth is halted, and thermal fluctuations are neces- 


sary to overcome the defective region. 
* In a specimen with volume V, let there be N defects. The probability of a defect occuring in volume V where 


N = 1 is v/V. The probability of the opposite occuring, i.e., that v will be free of defects, is (1—v/V). 
For the case of N defects, the probability that none of them will be in volume V is (1—v/V°Y- Atu<V 


this formula changes to that set out in the text. 
t The direct connexion between the proportion of the volume free to transform and the final effect of transform- 


ation is difficult to establish because of the difference in the final dimensions of the crystals and the auto- 
(continued on the next page) 
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to size but also for the possible distortion of these fields. 
The point of view set out in the present work concerning the reasons for the incomplete maten- 
sitic transformation must be regarded as only one of many possible explanations of this feature of 
the process. Final verification of this or that hypothesis can only be made after further development 
of the theory of transformation in the solid state with relevant experimental investigation. 


Translated by V. Alford 
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catalytic features of the transformation [3]. 
tt The rate of nucleation is considered independent of time since the incubation period is very small in 


martensitic transformation [9]. 
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STATIC DISTORTIONS AND WEAKENING OF THE INTENSITY OF LINES ON X-RAY AND 
NEUTRON PHOTOGRAPHS OF SOLID SOLUTIONS WITH A FACE-CENTRED CUBIC LATTICE* 
M.A. KRIVOGLAZ 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 

(Received 29 February 1960) 


The displacement of atoms of a crystal at various distances from impurity atoms and the mean 
square displacement in substitutional and interstitial solutions with a face-centred cubic lattice 
were determined in relation to the atomic structare of the crystal. Formulae have been deduced 
which express these values through the derivative of atomic volume for concentration and modulus 
of elasticity. The value L° was determined which characterizes the exponential power in the factor 
of the weakening of intensity of normal reflections related to static displacements. The numerical 
values of L° and the atom displacements were calculated for a number of solutions. Allowing for 
anisotropy, displacements of atom in a cubic crystal were found at considerable distances from an 
impurity atom. The effect of the establishment of short range order on the value L° investigated, 
and it was shown that this influence may be considerable. 


It is well-known that the static displacements of the atoms of a crystal around impurity atoms 
may have considerable influence on various properties of the crystal. These displacements cause 
weakening of the intensity of the normal reflections (lines or spots) on X-ray or neutron photographs 
and produce diffuse scattering. Knowledge of these displacements is necessary for the construction 
of any consistent theory of electrical resistivity of solutions their mechanical, magnetic and other 
properties. In this connexion there must be some possibility of making a theoretical calculation of 
displacements around impurity atoms. 

In a number of works displacements are determined by an approximation of an elastic isotropic 
continum [1]. For crystals with very low elastic anisotropy this approximation evidently gives some 
small error in calculating displacements at great distances from impurity atoms. 

For the displacements of the atoms however, even in the case of elastically isotropic crystals, 
the error due to use of this approximation is not known and could, generally speaking, be large. For 
more precise calculation of displacements attention must be paid to the atomic structure of the cryst- 
al and the micro-theory must be used instead.of the theory of elasticity. The best way of carrying 
out the calculations is by expanding the displacements into a Fourier series and establishing equa- 
tions, not for the displacement themselves but for their Fourier component. 

A study will be made below of binary substitutional and interstitial solutions A-B, where the 


displacements 


BR, 


in all cases will be determined only for atoms which are at lattice sites denoted by the index s. 
The arrangement of atoms on lattice sites or in interstitial position we will characterize by assign- 
ing numbers c, which will be equal to 1 if an A atom is at the lattice site or in the interstitial 
position ¢, and equal to 0 if there is a B atom at the lattice site ¢, or if there are no atoms in the 
interstitial position ¢ (in substitutional solutions the indexes t and s are omitted). Following ref. 
[2] we will write the expansion of the values c, and 


* Fiz. metal. metalloved., 10, No. 2, 169-182, 1960. 
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in the form: 


where the vector 


runs through the values in the first cell of a reciprocal lattice, satisfying the conditions of a cycle; 


R is the radius vector of the corresponding lattice site or interstitial position. If the lattice para- 
meter is dependent in a linear manner on concentration and if the influence of fluctuations in the 
parameters of correlation on distortion may be ignored, or if concentration of one of the component 
is low (these are the only cases considered in this work), then the Fourier components of displace- 
ment and fluctuation of concentration are related in the following linear manner 


= Cy 
(the multiplier 


is introduced for simplicity), where the value ae are determined from the equilibrium conditions of 
the atoms, described for the Fourier component. Then the mean value of the square of the displace- 
ment of atoms at the lattice sites of a cubic crystal, will be equal to (see [2] ) 


CR)? =D Ae. 
% 


Moreover 
leq 
by means of the formulae deduced in [2], are expressed through concentration and the parameters of 


correlation. In particular, for ideal substitutional solutions with a crystal lattice containing one site 
in a unit cell, or for ideal interstitial solutions with interstitial sites of one kind 


jerk = —0), (3) 


where c is the atomic concentration in the substitutional solutions or the ratio of the number of in- 
terstitial atoms to the number of interstitial positions of a certain type in an interstitial type solution; 
N is the number of sites. In this case the determination of 


(@R,)? 


amounts to calculation of the sum 


10 
G= } ore cr, Ry R_z= Re (1) 
VOI 
lc 
196 
a 
k 


1960 


Static distortions and weakening ll 


If there is only one impurity atom present at the beginning of the co-ordinate (c, = lat R, = 0 and 
c, = 0 for the remaining ¢), then according to (1), 


C= 


N 


and the displacement of atoms around the impurity atom is determined by the following formula: 


1 
(4) 
a 


If the values A? are known for all k, it is possible from formulae (2) and (4) to determine the 
mean square displacements of atoms and the arrangement of displacements around an impurity atom. 
According to [2], where & is small, these values may be found from independent experimental data 
by means of macroscopic relationships. Where k is large however, the values for Az can only be 
determined if a microscopic model of the crystal is used such as will describe the change in the 
forces of interatomic action with distance. In the case of non-metallic crystals the forces of atomic 
interaction can often be determined with sufficient accuracy by theoretical means. For metals, no 
micro-theory has yet been developed which provides the possibility of the theoretical determination 
of the law of change of these forces. In metals however, the forces of atomic interaction rapidly die 
out with distance. For this reason attention need only be paid to the interaction with the nearest 
neighbour atoms (the non-centra! character of this interaction must be‘borne in mind). 

Certain power constants characteristic of atomic interaction may be determined from independent 
experimental data on the moduli of elasticity and the concentration dependence of the lattice para- 
meter. In solid solutions with a face-centred cubic lattice it is possible from these data to deter- 
mine the parameters which characterize the non-central interaction with nearest neighbour atoms. As 
the theoretical determination of the constants of interaction with less close neighbours is not at 
present possible, and as it is not possible to make a sufficiently accurate determination from experi- 
mental data on the diffuse scattering of X-rays by solid solutions, we will in this work restrict our- 
selves to calculation of the interaction with nearest neighbours. Neglect of the interaction with 
more distant neighbours gives a certain error which, as can be seen from comparison between the cal- 
culated dependence and that found by neutronographic experiment of the oscillation frequency from a 
wave vector (see. e.g. [3] ), leads to an error of < 10% (the error is less substantial when calculating 
mean square displacements and the displacement of more distant atoms, and is more substantial when 
calculating the displacement of neighbouring atoms). This is however, a sufficiently accurate degree 
of calculation for a number of applications. With further information on the forces of atomic inter- 
action, it would obviously be easy to generalize the results obtained to allow for the interaction of 
more distant atoms. 

After finding the value for A» in any model of a solid solution for a sufficiently large number 
of points in the cell of a reciprocal lattice by means of formulae (2) and (4), the mean square dis- 
placements of atoms and the dependence of displacement on distance may be calculated by means 
of numerical integration in the k-space. In [4] for example, displacements of atoms were found 
around an interstitial atom Ar and the vacancies in Ar, and in [5], the displacement of Fe atoms 
around carbon atoms in an alpha-iron lattice (or martensite). However, quite a large number of cal- 
culations had to be made for each system (the results are obtained by a much simpler and more 
precise method than that used in similar calculations in [5] to [8] without transition into Fourier 
components). Obviously it would be more satisfactory to carry out integration of & in a general 
form, although it would be an approximation. For solutions with a face-centred cubic lattice, this 
integration can be made by the method used in the theory of the thermal capacity of crystals, re- 
placing the cell of a reciprocal lattice by a sphere of equal volume and integrating the angles by 
Houston’s formula in which the integral for the angles is approximately expressed through the 
value of the integrand appropriate to the directions [100], 110], [111]. Having then calculated 
the integral for the radius for these directions in each case, formulae may be obtained which 
express the displacement through the moduli of elasticity and the derivative of atomic volume 
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according to the concentration of any solid solution with a face-centred cubic lattice. This kind 
of approximate integration may introduce further error of some percent. The precision of the approxi- 
mate integration can be increased with a more precise model if use is made of Houston’s formula 
with a greater number of terms. 

Using this method, in section 1 the mean square displacements will be determined and the 
weakening of the intensity of normal reflections in ideal, and in section 2, in non-ideal substitu- 
tional type solutions, and the influence of correlation will be investigated on the weakening intens- 
ity factor. In section 3 the displacement around an impurity atom will be determined. Section 4 will 
be devoted to interstitial type solutions. Certain results, in particular those for the displacement of 
atoms at great distances from an impurity atom, will be obtained essentially within the framework of 
macrosopic theory without using the simplified models mentioned or Houston’s approximation form- 


ula. 


1. MEAN SQUARE DISPLACEMENTS AND THE WEAKENING OF THE INTENSITY OF 
NORMAL REFLECTIONS IN IDEAL SUBSTITUTIONAL TYPE SOLUTIONS 


As shown in [9] in the harmonic approximation theory of crystals which allows only for inter- 
action between nearest neighbours and ignores the dependence of distortions on the fluctuation of 

correlation parameters included in formulae (2) and (4), the values of A; for substitutional solutions 
with a face-centred cubic lattice can be determined from a system of three linear equations 


QA = P; (i=1, 2, 3). (5) 


= —cos (eos ak, 
Qn n| cos —= (cos + cos + 


+ — {| — cos cos —. 


Qie = = + Cqg) Sin sin ‘ (6) 


1 + cos —% + cos—*), 


c;; are the elastic moduli; 
a is the primitive spacing of the cubic cell; 
v = a% is the mean atomic volume. 
The remaining values Q;; and P; are obtained from (6) by cyclic permutation of the indices. 
The functions under the sam ia (2), have eybic symmetry. For this reason integration of the 


angles at given value of the modulus of vector & may be made approximately by means of Houston’s 
formula [10] 


(2) d2 = + 16fs19 + 9f 111). 


where fio, fi1o and f,:, are the values of the integrand expression appropriate to directions [100], 
[110] and [111]. For these directions, as follows from (5), (6) 
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110} dc l+v,+2% 


Passing in (2) from summation to integration of k, substituting the volume of the unit cell with 
integration of a sphere of equal volume with radius 


k, = 


6.187 
a a 


for the integration of the multiplication by the 87°, performing the integration of the angle by means 
of formula (7) and substituting (3) and (8), we find that integration of k will lead to integral’ of the 
type 

*m 

x? cot? xdx 


(for two different values at x,,) and 


x 


m o 
0 


1 + Gtag x 
0 az0 


These integrals may be reduced to Lobachevsky functions 


L(x)=—{ In cos xdx 
0 


or may be calculated numerically *. After this the following formula was obtained, which expresses 
the mean square displacements in ideal solutions through the relationship of the elastic modulus 
and the derivative v for concentration: 


* V.I. Ryzhkov took part in the calculations. We take this opportunity to thank him. 
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x [0.1424 + 1,0550 + 2.470% 7. Qat) 4 (10) 
(l-+y,+ 
1.011 


For real crystals the remaining terms of the series for a require a slight correction, less than 1 %, 
for the values of a. 

If the dependence of distortions on the fluctuation parameters of correlation may be ignored 
(i.e. if the lattice parameter is dependent in a linear manner on composition, or the concentration is 
low), then in ideal solutions the amplitudes of scattering will be lessened as a result of static dis- 
tortions and will be the apne for any sort of atoms and weakening of intensity can be characterized 
by a single multiplier e~ L. Generally speaking, the value of L is determined not only by mean square 
displacements but also by mean displacements of the fourth and even higher powers [11]. In the case 
of substitutional solutions however, the contributions of these terms, as has been shown in [11], is 
exceedingly small and it may be concluded that L is determined by the mean square displacements 
and is for cubic crystals equal to (see [2] ): 


3 


where q is the difference between the wave vectors of scattering and the incident waves 


/ . 
(0 6; 2 
A 


is wavelength; (0 is the angle of scattering); 
h; are the Miller indices for the normal reflection observed. It follows from (10) and (11), that 
in substitutional solutions with a face- centred cubic lattice, the value L° which determines the 


factor of the weakening of intensity, is equal to 


1 @o 2 15.84 
L® = (1 + 2v,)? /— 107*| 1.874 
2. 3 13.30 | 
X (1 1.0552 + 2.470" — 7.368% + 24 


As an example of the use of formula (12) the values for L° have been calculated for substitu- 
ticnal solutions with low concentration of an impurity on the basis of pure metals with a face-centred 
cubic lattice. Here the moduli of elasticity were used for pure metals at room temperature as found 

in [12]. The results obtained are given in Table 1 in the graph 
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Also in this Table are given the values for cool , obtained in approximation of an elastic isotropic 
continuum according to formala [13] 


where a, = 5.87.10—?; 
a is Poisson’s ratio (in elastically isotropic crystals 


=i], 
The value o was found from the data given in [14] and refers to polycrystals. 


TABLE 1. The values of L° for weak substitutional and interstitial solutions 
of metals with a face-centred cubic lattice 


' Elastic modulus in 10% dynes/cm? 


0c 


| 


( 


| 


sub 


| 
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It can be seen from the Table that there is a considerable increase (~ 15 %) in the value L° if 
allowance is made for the atomic structure in weakly elastic anisotropic Al alloys. Generally 
speaking however, allowance for elastic anisotropy and atomic structure does not in this case cause 
a very great lifference in the value for L° and mean square displacements. 


2. THE INFLUENCE OF CORRELATION ON MEAN SQUARE DISPLACEMENTS AND THE 
WEAKENING OF THE INTENSITY OF NORMAL REFLECTIONS IN SUBSTITUTIONAL 
SOLUTIONS 


It has been shown in [15] that in non-ideal solutions, in which the parameters of correlation 
are other than zero, even if the relationship between the lattice parameter and the parameters of 
correlation is ignored, the mean square displacements of atoms of a different kind will in general 
be different. Consequently the lessening of the amplitudes by different kinds of atoms will also be 
different and the formula defining the influence of static distortions on the intensity of scattering 
will be more complex. However, for solutions with short-range atomic scattering factors and those 
whose composition is close to stoichiometric c = 1/2, it is according to [15], possible as before 
to calculate the weakening of the intensity of normal reflections due to static distortions by means 
of the multiplier e—/ related to the mean square displacements in formula (11). Below will be 
investigated the influence of correlation on the value of L for this case. 

The mean square of the Fourier component 


15 
| dv \2 
L°=a 
i t 
lo | | 
& Ag 12.40 | 9,34 . Meee 1 ; 0.278 , 0.669 | 0.449 . 
1960 | 
Al 10.82 6.13 85 0.34 3 0.245 0.680 0,391 
Au j 0.42 a 0,352 0.921 0.569 
Cu! 16.84 7 ; 0,253 0.580 | 0,409 
24.65 14.73 | 0.32 4 0.221 | 0.466 0.358 
Pb 446; , iH 0,44 6 0.388 0.797 | 0.628 
3 ‘ : 
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in the case of non-ideal disordered solutions are determined, instead of by (3), by the following 
formula: 


4) 


where p is one of the lattice vectors and the correlation parameters 


are related to the probabilities 


Pan 


of the substitution by A atoms of a pair of lattice sites divided by vector p with the relationships 


It follows from formulae (2), (11) and (14), that in non-ideal solutions the value L° will be a linear 
function of the parameters of correlation 


e(e): 


where / indicates the co-ordination sphere; 
zl is the co-ordination number for an / co-ordination sphere; 
el is the correlation parameter for this sphere; 


denoted the summation of the sites corresponding to the / co-ordination sphere. The value L8 cor- 
responding to 


e=0, 


is determined by formula (12). The values A only differ from L$ by the presence of the multiplier 


1 1 
cos kp, 


in the subintegrand expression, which also has cubic symmetry. As with L8, the values L° for 

the first five co-ordination spheres were calculated for substitutional solutions with a face-centred 
cubic lattice by means of Houston’s formula. As a result, the following expression was obtained 
for these values 
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L°=(1 2/_! \? a; (1) 


a; (/) 
(1 + 2v, + 4v,)? J 


(I) + (1) 02 — by (I) 23 + by (I) + 


The coefficients a (1) ae b(l) for 2 = 0, 1, 2, ..., 5 are shown in Table 2. It is obvious that formulae 
(11), (15) and (16) also define the mean square dislocations for atoms in a non-ideal solution. 


TABLE 2. The values of the coefficients in the formula L; 


| 
ay(l) | | ath | 


1,160 | 7.867 9.393 0,007 | —0,765 
0.446 | —0,984 
0.372; 1,33 
—2,128 | --5,25 
—0.190 0,165 


5,93 
6.375 
2.47 


0.504 | 5.07 
| 0.562 | 2.07 
0.901 | 2.55 


| 
| 
| 
1.874 | 15.84 | 13.30 | 1.655, 2,47 
| 
i 


1.218 | 4.588 | 5.487 
| 


Where there is not only short but also long-range order in a solution then, as noted in [2], the 
factors for the weakening of intensity will, generally speaking, be different for different types of 
lattice site. In our approximation however, where the lattice parameter is weakly dependent on the - 
parameters of correlation and long-range order and the atomic factors for the scattering of cbmpon- 
ents are approximate (or c = 1/2), this difference is not substantial, and as before, the weakening 
of intensity is determined by the multiplier e—“. In this case, as follows from [2], the value L is 
found from formulae (11), (15) and (16) by substituting the expression 


c(l1—c) 
for the expression 
1 
— (! 
v=1 


where y denotes the type of lattice site; v is the total number of sites in a unit cell; 
Ph 


is the a priori probability ofthe substitution of a y lattice site by an A atom. 

It follows from formulae (15), (16) and from Table 2, that the establishment of short-range 
order in the solution may substantially change the value L° which determines the weakening of 
intensity. As an example let us investigate the influence of correlation on c and ¢,, for a Cu,Au 
alloy quenched from a temperature of 460° (about 70° above ordering temperature): 


c=0.25. e,=0.0278, e2=—0.0322, #3 = —0.0036, 
e, =—0.0128, es = 0.0092 [16] 


(in this case the contribution of other co-ordination spheres is not very great). The values v, and 


17 
(16) | 
l | | | 
0 | 7,36 24.2 
12 | —3,09 | —11.3 
2 6 | —l.71 | —2.21 
3 24 | 4,91 17.4 
4 12 |—14,96 | —4,7 
| 0.54 | 0,58 
VOL. 
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v, were taken for Cu. In this relationship 
2, Lr 


came to 0.56, i.e. where short-range order is established in a solid solution the value L° should 

be halved (in the same Cu,Au alloy, atomic scattering factors differ considerably and the calculation 
differed somewhat accordingly). As a rule, when short-range order is established in ordering alloys 
the value L° will be reduced, and it will be increased in disordering alloys (exceptions are possible 


to this rule). 
Using formula (15) it is also quite easy to find the asymptotic expression for L° corrected for 


large / values (in this case Houston’s formula ceases to be applicable). At large values for p the 


multiplier 


cos kp 


in the integrand expression in (15) is a rapidly oscillating function with the exception of the region of 
yery low & values and directions in & values and directions in k space perpendicular to the vector 
p. Integrating first of all the modulus 


and then the angles, we find the following expression for Li where | + «: 


Integrating of ¢ is here made in the directions of vector & perpendicular to vector Ps and for 
kA 


a limiting value must be taken appropriate for k + 0. According to (5) and (6), this value is not de- 
pendent on the value & (but on the direction of vector k ) and can be found by the macroscopic form- 
ulae (2) in paper [17] for 


For weakly anisotropic crystals in particular where the linear terms of the series are limited to the 
anisotropy parameter 


(C11 — Cio — 2C44) 


we get the following asymptotic expression for Li: 


108 Oc 


x = (1 (sin, + sin48, 4 sints)| 


| 
VOL 
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where 6,, 5,, 5, are the angles between one of the vectors p for an / sphere and the axes x, y, z. It 
can be seen from formulae (17) or (18) that with increase in /, L? will decrease in inverse of cor- 


relation ¢€; usually decrease more rapidly with scattering. 


3. DETERMINATION OF DISPLACEMENTS AROUND IMPUIRTY ATOMS 
IN A SUBSTITUTIONAL SOLUTION 


The displacements of atoms are defined by formula (4). In this case the term under the integral 
(sum) does not have cubic symmetry. As the integral remains unchanged however, if transformation 
of the symmetry of group O, is made in the integrand, this expression can be made symmetrical and 
a generalization of Houston’s formula can be found for angular integration of the functions which 


do not have cubic symmetry 


fre dQ (F100 + 


4 


where the indices in function f indicate the direction in which this function must be taken and for 
example, 


VOL. 
lo 


indicates the sum 


Using formulae (4), (8) and (19) the displacement of atoms was calculated in the five first co- 
ordination spheres around an impurity atom, in the same way as the value L° was found above. We 
will give the results of the calculation in a single form 


BR, = (1 + 2,)a—— 10-* x 


The values 
K(e) 
and 
corresponding to the different vectors p, are given in Table 3. (It is obvious that 


(0) 
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aR, () 


are also determined by formula (10) and by the Table). In this Table the atom co-ordinates are given 
in the units a/2. From formula (20) and Table 3 the displacement of atoms can be found if the elastic 
moduli of the solution and the concentration dependence of its lattice parameter are known. 


TABLE 3. The values of the coefficients in the formula for the displacements of 
atoms in a substitutional solution 


|Co-ordinates| 


No. of co- ‘of one of the. 
ordination [atoms of the Kel) 
sphere] co-ordination 
sphere 
110 1 0.83 1,29 | 2.76 
2 200 —0,.535 4.26 ! 11.86 2.77 —§,85 | —25,4 
3 211 ; —0.530 | 8.51 5,26 0.89 | 2.16 |; 6.15 
3 121 3.26 : —6.44 675 4,08 | 9.86 
+ 220 —09.530 2.94 -1.35 | --0.67 ' --3.00 -~ 8.53 
5 310 | 0.16 | —1.38 | 4.59 | 3.73 | 5.14 5.96 
5 130 3,26 | —3.51 , —7.29 | —0.22 —3.36 ; —13.1 
H ‘ i 


TABLE 4. Displacements in the first two co-ordination spheres round an impurity 
atom in weak substitutional and interstitial solutions of metals with a 
face-centred cubic lattice 


_Substitutional solution Interstitial solutions 


a a a a la 

A adic: x) nN 


Ag 2.34 2.04 1.17 1.44 7.71 5,77 1.07 1.1! 
Al 2.28 1,90 1.23 1,34 7.94 5.38 0.94 1,04 
Au 2.71 2.30 1.35 1.62 9.27 6.49 1,10 1,25 
Cu 2.19 1.95 1,09 1.38 7,08 5.51 1,06 i .06 
Ni 1,96 1,82 1,00 1.29 6.30 5.15 0.97 0.99 
Pb 2.55 2,41 1,25 1.7 8.49 6.82 1,12 1.31 


As an example, the first column in Table 4 shows the displacements of atoms calculated by 
this formula in the first and second spheres, for face-centred cubic metals with a small impurity 
concentration and whose elastic moduli are known. For comparison, the second column of this 
Table also shows the displacements determined by an approximation of an isotropic continuum 


__l+s 
12x(1—c) dc 
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As can be seen from the Table, an approximation of the isotropic continuum for the first sphere 
produces lower values for the displacements. 

With the higher p which results on angular integration, the separate directions begin to play an 
ever-increasing part (perpendicular to vector p) and Houston’s method is no longer applicable. How- 
ever, in this case it is possible, as with Li , to find an asymptotic expression for 


BR, 
on the basis of formula (4). In the extreme case where p + ~ the displacements are determined by 
the limiting values 


Ak 


at &-—0, which, as has already been noted, are expressed by 


ov 
— 
ac 


without the use of the approximation model, according to the macroscopic theory formulae: 


denotes the limit of the ratio of the change in the limiting value of vector 


RAY 


at k + 0 to the change in the unit vector 


a= 


in the direction parallel to ?, while integration of ¢ is carried out according to the value for the 

unit vector n n perpendicular to vector p. Formula (22) can also be indirectly found from the macro- 
scopic theory by using the expression for Green’s function in the equation of the theory of elasti- 
city for elastically anisotropic media [18]. Using formula (2) from paper [17] for 


it is possible to write 


21 : 
lo (22) 
1960 
{ dA» 
= do. 
Here 
pode 
= 
bAy = ay 
on 
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in an explicit form: 


= (+ 2¢y2) ty nz) m+ 


+ 26(1-+ ent) — (1+ 22) m, + 


+ 2e (1 + ent) ent) m,\ de. 


m =p/p, = (C4) — —2¥)/ Ya» 


integration of ¢ is made according to the angle between unit vector n lying i in the plane perpendicular 
to equation 


p(n,m, + + n,m, =0; +n? +n? = 1) 


and any arbitrary direction in this plane, 


D=Cy +e (C+ C2) (nine + nin? + nyn?) + (Cy) + 


= (C1, + + n®) + + neni. 


D, and D, are found from the expression for D, by cyclic permuation. It can be seen from (22) and 
(33) that, as with an elastically isotropic body, at great distances the displacements die away in 
inverse proportion to the square of the distance. For any crystal having real values for the elastic 
moduli, it is not difficult after integration in (23), to determine displacements at greater distances 
in any direction. Integration can be made analytically in the case of arbitrary anisotropy for a type 
[100] direction; according to (22) (24), 


12x (1 + v1) 


= + ( 1+ v; + ev, 


& 


It can be seen from (25) that allowance for elastic anisotropy can make an appreciable differ- 
ence to the figures for displacements. Even in the case of the weakly anisotropic Al ( = 0.357), 
using the values in Table 1 for the modulus of elasticity and 0, we find that allowance for elastic 
anisotropy reduces the displacement figures in the direction [100] by 1.34 times that found in the 
case of the isotropic continuum. With more anisotropic crystals (for example Cu) even the nature of 


22 
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the displacement in this direction may be changed. 

For an arbitrary direction of the vector p the integral (23) can be calculated for the case of 
crystals which are only slightly elastically anisotropic, where the linear term of the expansion can 
be limited to the ¢ degree. In the result we find 


BR, = + =i — 9m? + 15m4 — 15m2m?) + 


+ <2 (6 + 15m! — m, 


Expansion (26) is correct if ¢ << 1. The presence of elastic anisotropy will, even at low values of € 
lead to certain new results. For example, according to [19], at p#0a change in volume appears 
which is other than zero, as a result of which the impurity atoms interact with a force proportional 
to 

Formulae (22) to (26), which define the displacement of distant atoms, were deduced substan- 
tially within the framework of the theory of the elasticity of anisotropic media. Unlike formula (20), 
they do not depend on the simplified model of interatomic action and Houston’s formula has not 
been used in their deduction. The results obtained for the displacement of distant atoms are correct 
not only for substitutional solutions with a face-centred cubic lattice but also for the general case 
of defects in cubic crystals, if the defects are in cubically symmetric positions. In particular, these 
reeults are applicable for substitutional solutions with body-centred cubic lattice and for interstitial 
solutions with a face-centred (but not body-centred) cubic lattice. 


4. INTERSTITIAL SOLUTIONS 


Let us now consider interstitial solutions with a face-centred cubic lattice in which the inters- 
titial atoms are in octahedral spaces (in the centres of cubic cells and in the middle of their sides). 
We will restrict ourselves to the case where the concentration of interstitial atoms c is not very 
great and it is possible to disregard correlation. As shown in [5], the coefficients Qi; in equations 
(5) for the determination of the value 


> 
At 


are defined as before by formula (6), and coefficients P; have the following form: 


(27) 


P, and P, are found from (27) by substituting x by y and z. It follows from (5), (6) and (27) that for 
the directions [100], [100] and [111] 


00] 12 v 
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The mean square displacements of atoms and the value L° are in this case calculated from 
formulae (2), (3), (7), (28) and (11) in the same way as for the substitutional solutions and have 


the following form: 


1 ov 


(1 + v, + 2v2)* 
3,154 
(1 + + 


X (1 — 1,394a + 3,240? — 8,062 + 24,004) + 


45,59 
(1 +4; + 2¥2)? 
41,50 
(! 


= (1 +2y,)? ==) 874+ 


(1 — 1,394a + 3,240? — 8,0625 4+ 24,0a*) + 


The values of L° for a number of crystals calculated according to formula (30) and by the 
approximation of an isotropic continuum according to formula (13) (with a, = 0.095 taken from [11] ), 
are given in Table 1 (the last two columns). It can be seen from this Table that the isotropic con- 
tinuum approximation produces noticeably lower values for L° (more than 1.5 times for Al and Au). 


With 


] 


the same, L° is greater in interstitial solutions than in substitutional. 

As in the case of substitutional solutions, the displacements of atoms in the first co-ordination 
spheres are defined by formula (20), as is evident from (4), (19) and (28), but with other values for 
the coefficients. These coefficients are given in Table 5. The figures calculated by formula (20) 

and Table 5, as also those obtained the approximation of an isotropic ‘continuum for displacements 
in the first and second co-ordination spheres are given in Table 4 (last four columns). Even with 


v 
the same, the displacements of atoms in the first sphere are twice as great for interstitial solutions 
as for substitutional ones (in interstitial solutions 


is usually considerably greater). For distant co-ordination spheres the displacement of atoms is 


determined by the macroscopic formulae (22) to (26). 
It should be emphasised that formula (30) is only applicable to low reflection indices in weakly 


distorted crystals. In general, according to [11] at weak concentrations 
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TABLE 5. The values of the coefficients in the formula for the displacements of 
atoms in interstitial solutions 


Co-ordinates | 
ee of co- ethan of one of the 
ordination rdination atoms of | | Keio) 
sphere! | No. z; co-ordination sis | 
sphere 


w 


17 
57,4 
5.4 


100 
il} 
210 
120 
221 
122 
300 


— 


— 


| 
w= 


"2 
99 


=~ 


£ 


(Toe) 


—cos gR,). 


(31) 


Formula (31) changes to (11), if the expansion of q can be limited to quadratic terms. It can be 
seen from Table 4, that at 


and high reflection indices (for example, [800] ) for the first co-ordination sphere 


and in the expansion it is impossible to be restricted only to quadratic terms. From the results 
obtained it is possible to calculate L for this case also, if you consider the first co-ordination 
spheres accurately according to formula (31), whereas for the subsequent co-ordination spheres, 

the expansion is also restricted to quadratic terms (it is not difficult to find the sum of the displece- 
ment squares for distant spheres calculating the contribution of the first sphere from (29) ). 


Translated by V. Alford 
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THE EFFECT OF FAST NEUTRONS ON THE PROPERTIES OF METALS* 
Sh.Sh. IBRAGIMOV and V.S. LYASHENKO 
(Received 15 January 1960) 


In this article data are given on the change in strength, hardness and electrical resistivity 
in certain metals under the influence of fast neutrons at a temperature ot 40 to 70. It was shown 
that the maynitude of the increase in these properties as a result of radiation is determined by 
the crystal structure and the melting point of the metal, and that the nature of the change in 
hadness and strength in relation to the integral dose is different from the nature of the change in 
electric resistivity. Annealing out the increase in © icroparcr ess and resistivity of the irradiated 
specimens takes place at various temperatures. It is sugested that the hardening defects in an 


irradiatea metal are not defects of the Frenkel type. 


The irradiation of metallic materials by neutrons 
causes a considerable change in physical and mech- 
anical properties, because of the formation of differ- 
ent types of defects in the crystal lattice. The 
nature of these defects is complex and, despite the 
considerable number of papers (e.g. [1] ) devoted to 
this problem, it has not yet been definitely estab- 


lished. This shows the need for new experimental 
and theoretical investigation in this direction. 

In the present work the influence of fast neu- 
trons is investigated, on the properties of certain 
metals with a face-centred cubic lattice (aluminium, 
copper, nickel) and a body-centred cubic lattice 
(iron, molybdenum, tungsten). The metals selected 
for the experiment have similar crystalline struct- 
ure but differ considerably from one another as to 
their melting point and elastic properties. 

After suitable heat treatment’, technically pure 
specimens of these metals were irradiated in an 
experimental reactor BR-2 [2] at a temperature of 
40 to 70°C, with varying integral doses. The tensile 
strength, microhardness and electrical resistivity 
of irradiated and non-irradiated specimens were 
studied. In all cases these properties were measur- 
ed at room temperature. 

In the Table the changes in the properties of 
these metals are given in relation to the integral 
dose of irradiation. With radiation at 40 to 70°, in 
aluminium and copper the electrical resistivity did 
not change, while there was a slight increase in 


* Fiz. metal. metalloved., 10, No.2, 183-186, 1960. 

t Annealing in a vacuum (5 x 10™ mm.Hg) for one hour 
at the following temperatures: aluminium — 320, 
copper — 650, nickel and iron — 760, molybdenum — 
1100 and tungsten — 1250°. 


hardness and strength. \\ith nickel there is an in- 
crease in electric resistivity, strength and hardness, 
in which the change in hardness and strength in re- 
lation to the dose is more intense than that in the 
electrical resistivity. In the metals with a body- 
centred lattice, which have higher melting points 
and higher elastic properties than those of the first 
group, a gradual increase in electrical resistivity 
and hardness (for iron and molybdenum) is observed 
when the integral dose of irradiation is increased. 
Here the maximum change in electrical resistivity as 
a result of irradiation by a single dose occurs in 
tungsten, which is a metal with a very high melting 
point, while for hardness on the other hand, the 
greatest increase is observed in a metal with a re- 
latively low melting point, i.e. iron. Thus for ex- 
ample, after irradiation with an integral dose of 

1.4 x 10'* neutrons/cm? the microhardness of iron is 
changed by 40 %, molybdenm by 7.5 % and tungsten 
remains unchanged; the increase in electrical re- 
sistivity for these metals is respectively 4.2, 11.3 
and 17%. 

Taking iron and nickel, i.e. metals with roughly 
the same melting point and the same elastic pro- 
perties, one can see that irradiation by a single 
dose causes the maximum change in electrical re- 
sistivity in iron, that is, in the metal with the less 
closely packed lattice. Strength and hardness on 
the other hand, change either by the same amount in 
both metals, or the increase in hardness may be 
slightly greater in nickel which is the metal with 
the more closely packed lattice. 

One can therefore note that the nature of the 
change in strength and hardness in relation to the 
integral dose of irradiation, is in the metals invest- 
igated different from that in electrical resistivity. 


Effect of fast neutrons 


TABLE 1. Changes in the properties of metals on irradiation by fast neutrons 


Face centred cubic lattice Body centred cubic lattice 

Integral dose Aluminium | Copper i Ir Mol ybd T ' 
of radiation | | Pe 
at 40- 70°C 
. 


mm? 


| 
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* Figs. below line indicate percentage change in properties. 
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FIG. 1. Changes in the microhardness and electrical resistivity of 
irradiated molybdenum (integral dose 1.8 x 10?° n/cm?) as a 
function of annealing temperature. Holding time at each 
temperature 30 min: 

X — irradiated specimens; 

o — unirradiated specimens. 


versus the annealing temperature is noticeably dif- 
ferent from that for the change in electrical resist- 


ivity. For molybdenum for example (Fig. 1) the ir- 


Investigation of the temperature stability of radia- 
tion defects which cause change in the properties 


of metals shows that annealing out of the “electric- 
al resistivity” and “hardness” of irradiated speci- radiation effect of electrical resistivity is complete- 


mens takes place at different temperatures. The ly annealed out at 700° while the annealing out of 
curve for the decrease in increase in microhardness the effect on hardness begins at temperatures above 
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FIG. 2. Changes in the microhardness of irradiated iron (integral dose 1.4 x 10?; 
n/cm?) and its electrical resistivity (integral dose 1.8 x 107° n/cm*) as a func - 
tion of annealing temperature. Holding time 30 min: 

X — irradiated specimens; 

o — unirradiated specimens. 
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FIG. 3. Changes in the increase in the microhardness of specimens of unalloyed 
(curves 1, 2, 3) and alloyed (curve 4) iron irradiated with different joses, as a 
function of annealing temperature. Holding time 30 min. | 


The experimental data show that the annealing 
temperature of these defects is not dependent on 
their number or the alloying of the metal and that, 


750° and is not completed until about 1050°. In iron 
(Fig. 2) the recovery in electrical resistivity is 


completed at 300° while for the microhardness it just 
begins at this temperature and is completed at as has been demonstrated in paper [3], it is mainly 


450°. due to the crystal structure and elastic properties 


All these data provide a basis for the assumption _ of the material. 
that the radiation defects which cause a change in Fig. 3 shows a graph for the increment change in 
electrical resistivity are different from those defects _ microhardness of irradiated alloyed and unalloyed 
which cause hardening of the metal, i.e. those which _iron as a function of annealing temperature. Curves 
cause hardness in an irradiated metal are not 1, 2 and 3 are for iron specimens irradiated with 
Frenkel defects but lattice defects of another kind. different integral doses (1.4 x 10**, 1.4 x 10** and 
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1.8 x 10?° respectively) and which have consequent- 
ly, a different number of defects. It can be seen 
from the curve that, independent of the integral dose 
of radiation, recovery and consequently, the anneal- 
ing out of hardening defects, occurs at the same 
temperature, 450°. Curve 4 is for specimens of high- 
ly-alloyed iron*, irradiated with an integral dose of 
1.8 x 102° n/cm?. After irradiation the microhardness 
of the alloy increased by 65 kg/mm? (from 230 to 
295 kg/mm’). 

The microstructure of the alloy — an alpha-solid 
solution with stable carbides — is not sensitive to 
heat treatment. The modulus of elasticity of the 
alloy, 21, 400 kg/mm’, is very close to that for pure 
iron. It can be seen from the curves that the temper- 
ature at which the increase in microharness is an- 
nealed out in this alloy is the same as for pure iron. 

It was shown in paper [3] that when iron is alloy- 
ed with chromium and nickel (about 18 % chromium 


and 9 % nickel, the alloy will have a face-centred 
cubic lattice) the temperature at which the harden- 
ing defects are annealed out becomes higher and is 
the same as that for nickel and further changes in 
the composition of the alloy as a result of an in- 
crease in the amount of nickel and molybdenum 
(elastic properties are changed insignificantly by 
this) does not have any noticeable effect on this 
temperature. 

It has been shown from a detailed study of the 
kinetics of the recovery of microhardness in iron 
[3], that there are two types of defects in an irradiat- 
ed specimen which cause hardening of the metal. 
These defects are annealed out without diffusion 
with activation energies of 16500 and 28700 cal/ 


mol respectively. 


Translated by V. Alford 
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DETERMINATION OF THE COEFFICIENT OF THERMAL CONDUCTIVITY FOR 
METALS IN THE HIGH TEMPERATURE RANGE * 
V.V. LEBEDEV 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 27 February 1960) 


A method is proposed for the determination at high temperatures (above 800 to 900°C) of the 
coefficient of thermal conductivity of metals and alloys. 

Figures are given for the specific electrical resistivity, coefficient of thermal conductivity 
and Wiedemann-Franz ratio of molybdenum rod at various temperatures in the range 900 to 2200°C. 


Because of experimental difficulties very few 
works have been devoted to investigation of the 
thermal conductivity of metals and alloys at high 
temperatures (above 800 to 900°C). The first invest- 
igation of the coefficient of thermal conductivity of 
tungsten at temperatures up to 2200°, and also of 
tantalum and carbon up to 1800°, was described by 
Worting [1]. Osborn [2] later improved this method, 
carrying out measurements on tungsten and molyb- 
denum at temperatures up to 1700°. 

In Worting’s method the thermal conductivity of a 
material is calculated on the assumption that the 
heat transfer at any point on a wire heated by an 
electric current is equal to the difference between 
the energy consumed by the wire and that lost as a 
result of radiation. 

Krisnan and Jain [3,4], on the basis of theoretic- 
al and experimental analysis of the distribution of 
temperature along short and long filaments heated 
by current, have put forward an experimental method 
for the determination of the heat conductivity of 
metals using different temperatures in the centre 
part of short and long specimens heated by current 
to an equal degree [5]. They determined the temper- 
ature relationship of the coefficient of heat conduct- 
ivity for platinum and carbon. 

The electrical method developed by Powell and 
Schofield [6] is based on measurement of the temp- 
erature difference between the central axis and the 
surface of a rod or tube in an established set of 
conditions. Graphite was examined in this way at 
temperatures up to 2700°. 

The methods described require very precise mea- 
surement of the temperature of the specimen because 
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its value is raised to the fourth degree for the 
calculations. 

In the present work a method is suggested for the 
determination of the coefficient of heat conductivity 
of metals and alloys at high temperatures by means 
of which it is comparatively simple to calculate the 
heat losses in the test length of the specimen as a 
result of radiation. 

Let there be a short metal rod heated by an elec- 
tric current / in a vacuum where there are no con- 
vection currents. Energy is transmitted to the speci- 
men at the rate of 

per unit of length in a unit of time, where p is 
specific electrical resistivity; S is cross-sectional 
area. Energy losses of 


a*T 


occur as a result of the withdrawal of heat towards 
the cooled end of the rod, where A is the coefficient 
of thermal conductivity. Further distribution of heat 
from a unit of surface as a result of radiation is 
expressed by the value 


Cue (T* — T9), 


where C is the perimeter of the rod; ¢ is total radiat- 
ing capacity; 0 is Boltzmann’s constant; T is the 
temperature of the specimen; 7, is the temperature 
of the surrounding space in degrees K. Then the 
heat balance equation for the process which has 
been established can be written in the following 
form: 
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FIG. 1. Temperature dependence of the coefficient of thermal 
conductivity of molybdenum: 
1 — according to the data in paper [8); 
2 — from the data of this writer; 
3 — according to Osborn [2]. 


x, T;. Then 


— Ceo? + T,>T>T, 


(1) 


Let us choose temperature 7; also lying in this 


Let us now consider a rod of infinite length which range and equal to 


has the same diameter and chemical composition. 

In this case, under stationary conditions the heat 

conducted to the rod is distributed in space only as 

a result of radiation and, if the temperature of the 

specimen is equal to C,, we have In this case the second term in equation (3) will be 
substantially less than the first and it can be dis- 


regarded. Due to the weak dependence of C, «, p 
and S on temperature it can be considered that 


Ty 
2 


= 
C=C,, e=e,, p=andS =S, 


From equations (1) and (2) we find 
and equation (3) can be rewritten in the following 


form: 
CeS Cie,8; or 
To determine the coefficient of thermal conducti- = +f () =0, (s) 


vity let us consider in a short specimen a small re- 
gion lying close tothe centre. Let the tempera- 
ture at the centre of this rod be 7, and at a distance where 


Coefficient of thermal conductivity 


TABLE 1. Specific electrical resistivity, coefficient of thermal conductivity 
and values for Wiedemann-Franz ratio for molybdenum at 
various temperatures 


px 10°. ohm.cm 


” em degr. 


~ (/? —1). 


Using the limiting conditions where 


x= 0, T=T, 


from equation (5) we have 


(AT 


Consequently, knowing the temperature distribution 
close to the centre of a short specimen, one can 
determine the coefficient of thermal conductivity of 
the material under examination 


ext (1? 


(8) 


It is interesting to note that in the case of 
1, «I, where the heat losses due to radiation are 


small, the same formula emerges from equation (8) 
as that obtained by Kol’raush [7]. 

With the method described, measurement of the 
coefficient of thermal conductivity was made on 
molybdenum rod in the temperature range 900 to 
Fig. 1 shows the temperature dependence of the 
thermal conductivity of molybdenum rod (curve 2) 
compared with the data of other writers. It can be 
seen that the experimental points obtained in the 
present work fall very well into a curve, the nature 
of which is in agreement with the data in paper [8]. 
The rather close temperature dependence of the 
thermal conductivity of molybdenum found by Osborn 
[2] is in our opinion not very probable, as extra- 
polation for room temperatures gives obviously ex- 
aggerated figures for the coefficient of thermal con- 


ductivity. 


The results of the measurement of specific elec- 
trical resistivity and thermal conductivity of molyb- 
denum at various temperatures are given in Table 1 
which also shows the values for the Wiedemann- 
Franz ratio calculated from these figures. In the 
temperature range which we investigated the value 
of this ratio is 


» 


Jess then the theoretical one and is weakly depend- 


ent on temperature. Minimum values for the Wie- 
demann-Franz ratio are observed in the range 1400 
to 1600°. 


w Ap w ohm 
200 | 0.975 
1900 0,943 
1100 
1200 
1300 | 0.860 
1400 0.840 
1700 | 0.790 | 
1800 | 0.775 | 
1900 0.765 
2000 . 
2100 0.745 
2200 | 0.740 
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THERMOELECTRIC PROPERTIES OF CHROMIUM STEELS AFTER VARIOUS 
HEAT TREATMENTS * 
Urals State University 
(Received 17 March 1960) 


The high susceptibility of thermoelectric proper- 
ties to changes in the chemical composition of 
steel and their easy measurement provide a satis- 
factory thermoelectric method for sorting out steeis 
[1-6], determining the chemical composition [7-8], 
determining the depth of the decarburized and case- 
hardened iayer [9-10], determining the depth of an 
electrolytic coating [11], and also for studying the 
processes which occur in steels on heating and 
cooling [12-15]. Thermoelectric properties are wide- 
ly used in the study of the deformation of metal [16- 
17] and particularly in temperature measurement 
[18]. 

In the present work the results are given of an 
investigation of the thermoelectric properties of a 
number of chromium steels after various heat treat- 
ments versus the structural, magnetic, electrical 
and mechanical properties, for the purpose of utiliz- 
ing the thermoelectric method for the quality control 
of heat treatment and for sorting articles made of 
these steels should they become mixed up. 


MATERIALS AND PROCEDURE 


The materials used were the industrial steels 
whose chemical composition is given in Table 1. 
All the measurements were made on impact test spe- 
cimens 8 x 8x 65 mm. The material used for the spe- 
cimens steels was SHKH15. SHKH15SG, and KH12F 1] 
forged from a bar to a plate 16 x 70.x 350 mm in 
size. By means of appropriate heat treatment differ- 
ing initial structures were produced in these pieces, 
namely: 

1) coarse-grained heterogenous pearlite, 

2) granular pearlite, 

3) granular péarlite with a carbide network, 

4) coarse lamellar pearlite with a carbide network 


an 
5) lamellar pearlite. 
Impact test specimens were then made 9 x 9 x 67 
mm and 10 x 10 x 68 mm (KH12N and KH12F1) in 


size, in which a careful examination of the structure 
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was made versus the mechanical, magnetic, electric- 
al and thermoelectrical properties [19-20]. 

Measurement of thermoelectromotive force (t.e.m. 
f.) was made on the same impact specimens by 
means of a special apparatus the circ:.it diagram of 
which is shown in Fig. 1. The comparison standard 
used was copper. To explain the nature of the vari- 
ation in t.e.m.f. in these steels from the temperature 
of a hot junction, and to find the optimum testing 
temperature, the measurement of t.e.m.f. was made 
as a function of temperature. 

It is clear from the curve in Fig. 2 that t.e.m.f. 
increases with increased temperature and reaches 
a maximum at the hot junction temperature of 150 
to 250°. As low chromium steels usually undergo 
low temperature tempering (150 to 180°) hot junct- 
ion temperature was taken as 125°. Measurements 
at higher hot junction temperatures must be made 
with the test end of a copper electrode chromized 
to protect it from oxidation. 

Fig. 2 gives the mean values for the character- 
istics of physical properties (and deviations from 
average properties) of the steels investigated in 
different initial states. The values were obtained 
by averaging measurements of a large number of 
specimens. 

The figures in Table 2 for magnetic saturation 
were obtained by the ballistic method in an electro- 
magnet with a magnetizing field of = 4500 oersteds. 
To obtain more precise measurements of the intens- 
ity of magnetization the differential method was 
used in which one of the specimens was a standard 
with known intensity of magnetization and the other, 
the metal under investigation. 

It can be seen from Table 2 that the magnetic 
properties H, and p,,,, change abruptly as a func- 
tion of the type of pearlite. These differences in 
the properties of pearlite have been used with suc- 
cess by a number of authors [21-22] for the develop- 
ment and application of a magnetic method of qua- 
lity control of the normalizing treatment of steel 
SHKH15. 

In the Sverdlovsk State Bearing Works [19] we 
use a coercimeter with attached electromagnet to 
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TABLE 1. Chemical composition of the steels investigated, % 


Mn Si Cr Mo 


0.35 | 0.29 | 0.58 


SHKH9 1,01 | 0.32 | 0.23 | 1,10 — 


SHKH15 | 1.02 | 0.26 | 0.30 os 


SHKHISSG| !.03 i.04 | 0,50 1.57 | 


KH12M | 1.48 | 0.23 0.25 | 11.8 | 0,58 


KH12F1 | 1.50 0.24 | 0,26 | 11.9 | ie 


50 


“10050700 150 200 300°C 


FIG. 1. Circuit diagram of apparatus for measuring 
t.e.m.f.: 


1 — specimen; 
2 — hot electrode; 
3 — cold electrode; 
4 — constantan electrode of thermocouple; 
G — Galvanometer M21/5; 
PP — portable potentiometer; 
r, and r, — resistance boxes. 


check the hardness and microstructure after normal- 
izing of bars and forgings of steels SHKH15 and 
SHKH15SG. 
The figures given in Table 2 for t.e.m.f. of steels 
SHKH15 and SHKHISSG in the normalized state dif- 
fer by almost 2.5 times. This fact can be used with 


FIG. 2; Dependence of t.e.m.f. on junction temperature: 

1, 2 and 3 — for structure respectively of coarse- 
grained, granular and coarse lamellar 

pearlite of steel SHKH1S5; 

5, 6 and 7 — respectively for structure of lamellar, gran- 
ular and coarse lamellar pearlite of steel 
SHKH15SG; 

4, 8 and 9 ~ respectively for steels SHKH9, KH12M and 

KH12F 1 with granular pearlite structure. 


~ success to sort component parts according to the 
brand of steel should they become mixed-up. 


THE DEPENDENCE OF T.E.M.F. ON QUENCH 
AND TEMPERING TEMPERATURES 


From Figs. 3 to 5 it can be seen that, for chrom- 


sect | | | ce | s 
sku | 1.08 | | — | — | 0.14 | 0.18 | 0.014 | ¢.007 
E 
| | 
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TABLE 2. Average values for characteristic physical properties 


Specific. Maximum 
electrical! Coercive ,magnetic |Magnetic | Brine}? 
resistivity force |permea- | Satura- | hardness 
p.10° H,, 0€ bility tion Hp 
ohms.cm Emax» 


Type of | T.e.m.f. } 
E 


steel 


Granular pearlite | SHKHo | 12742 {20.9+0.2/10.540.1 -- 1485+3 | 18643 


Granular pearlite | SHKH9 | 15342 }|20.4+0,31 540430 | 1422+2 | 178+3 


SHKH15 | 15342 20.940. 9.340.7] 565+30 | 140545 | 176+5 
SHKH1SSG 6843 [27.640.4) 8.6+0.8) 560435 | 137944 | 18745 


|SHKHIS | 15242 530210 | 140545 | 19143 

Granelar pearlite 6742 550410 | 138043 | 2023 
SHKHIS | 14342 [21.2+0.911.3+0.2] 450210] 141024 | 19446 
SHKH1SSG 6242 420410 | 1383+3 | 20543 


carbide network 


Coarse lamellar | | 132+2 |22.8+0.2114.6 
3 


lite with 
SHKHISSG 5022 [28.8+0.3)i3. 


0.4 22045 | 1492+6 | 26845 
250+ 10 | 14094 10) 255+ 10 


Lamellar pearlite SHKHI5SG 68+2 [29.5+0.3119.7+ 0.7] 240410 | 1402410] 260410 


VOL. 
lo 
1960 


i296 +3 | 205+5 


425415 


Granular pearlite | KH12F1] 320+5 


Granular pearlite |KHi2zm | 38045 [36.940.912.24+0.3) 490410 | 128443 | 206245 


ium steels, the behaviour of the t.e.m.f. as a funct- tempered parts from untempered or overtempered 
ion of the quenching temperature is basically the ones, but also not distinguish between those parts 
same as that as a function of magnetic saturation. which have been quenched but not tempered and 
From measurements of this characteristic it is pos- those which have been tempered. Hardness in this 
sible to reveal both under and. overheating prior to case, although it has a certain tendency to be re- 
quenching. duced in the process of low temperature tempering 
The results of the measurements of magnetic, elec- (150 to 160°), nevertheless remains above the spe- 
tric, thermoelectric and mechanical properties of cified lower limit for components which have under- 
normally quenched specimens as a function of tem- gone standard treatment, e.g. above 62 on Rockwell 
perature, are given in Figs. 6 to 8. They demonstra- scale C for components of ball and roller bearings. 
te that it is possible to carry out the quality controi At the same time t.e.m.f. (and coercive force), as 
of low temperature tempering of quenched compon- can be seen from the curves in Figs. 6 to 8, in- 
ents from steel SHKH15 and SHKH15SG from measure- creases by 30 to 60% (coercive-force falls by 10 to 
ments of the t.e.m.f. and also from measurements of 20 %) compared to that obtaining in the as queached 
magnetic properties [19]. state. This is due to the changes indicated above 
Rockwell hardness, as can be seen from the cur- which take place in a steel in the process of low 
ves in Figs. 6 to 7, is almost completely insensitive temperature tempering. The high sensitivity of 
to the changes which occur ina steel in the process _t.€.m.f, to stresses can be used in assessing the 
of low temperature tempering by way of partial stress _ internal stresses produced in the process of the 
relief, reduction in the tetragonality of the marten- heat treatment of a steel. 
site, partial reduction in the supersaturation of the It is clear from Figs. 6 to 8 that the change in 
solid solution. Because of this, when measuring t.e.m.f. as a function of tempering temperature is 
hardness not only can one not distinguish normally basically of the same as the change in magnetic 
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FIG. 3. Magnetic saturation (J, ) and t.e.m.f. (E) of steels SHKH15 and SHKH15SG 
after quenching from various temperatures in oil at room temperature (holding time 
10 min) and tempering at 150° with 2 hr holding time, for the following different 
initial structures: 

1 — coarse-grained pearlite; 

2 — granular pearlite; 

3 — granular pearlite with carbide network; 

4 — coarse lamellar pearlite and 

5 — lamellar pearlite. 
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FIG. 4. Magnetic saturation and t.e.m.f. in steels SHKH15 and SHKH15SG quenched 
and tempered at 150° for various austenitization times, with an initial structure 
of granular pearlite: 

1, 2 and 3 — austenitization times of 2, 30 and 60 min respectively. 
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FIG. 5. Magnetic saturation and t.e.m. in steels KH12M and KH12F1 after 


quenching from various temperatures in air and a double temper at 
520 for 2 hr: 
l and 2 — steels KH12M and KH12F1 respectively. 


lane 


J. 


ax 


po 4 

/ 

0 150 300 %50 600 OQ 50 300 450 600 
Tempering temperature, °C 


He 


FIG. 6. The influence of tempering temperature on the magnetic, electric and mechanical properties 
of steel SHKH15 with various initial structures; quenching from 83@ in oil, tempering 2 hr: 
1 — coarse-grained pearlite; 2 — granular pearlite; 
3 = granular pearlite with a carbide network; 4 — coarse lamellar pearlite. 
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saturation. The difference in behaviour between 
t.e.m.f. and magnetic saturation curves on low tem- 
perature tempering (up to 150 to 160°) can be explain- 
ed by the strong influence of internal stresses on 
t.e.m.f., while the same stresses appear to have no 
noticeable effect on saturation induction. 

The reduction in magnetic saturation with increase 
of tempering temperature * above 300° (see Figs. 6 
to 8) is apparently attributable to increase in the 
cerbide phase [23] and the transition, in the process 
of carbide transformation, of a certain number of 
iron atoms to the weakly magnetic state in the car- 
bide phase [24]. A sharper reduction in magnetic 
saturation and t.e.m.f. when tempering above 450° 


* Reduction in magnetic saturation is also observed when 
measuring in a magnetizing field of 16,000 oersteds. 
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Tempering temperature, °C 


FiG. 7. The influence of tempering temperature on the magnetic, electric and mechanical 
properties of steel SHKH15SG with various initial structures, quenching from 820 in oil, 
tempering 2 hr: 

1 — coarse-grained pearlite; 

2 — granular pearlite; 

3 — granular pearlite with carbide network; 

4 — coarse lamellar pearlite and 
5 -- lamellar pearlite. 
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might be due to the formation of a second carbide 
phase of the cementite type with a lower chromium 
content than the first [14]. 

The more complete solution of carbides during 
austenitization (fine dispersion, high austenitizing 
temperature) produces, after annealing, lower values 
for magnetic saturation and t.e.m.f. (higher residual 
austenite content). Conversely, increased values 
for magnetic saturation, t.e.m.f., coercive force and 
electrical resistivity are obtained on tempering 
above 300° as compared with specimens after stand- 
ard quenching. Tempering at 250 to 260° causes a 
second maximum for coercive force and almost 
total decomposition of the residual austenite (see 
Fig. 8). 

From Figs. 6, 7 and 9 it can also be seen that 
the values for t.e.m.f. in steels SHKH15 and 
SHKH15SG after quenching and tempering at exactly 
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FIG. 8. The influence of tempering temperature on the magnetic, electric and mechanical 
properties of quenched steel SHKH15SG with an initial structure of granular pearlite: 


1 — quenching from 825°; 
2 — quenching from 1000; 


3 — quenching from 1000 with subzerc treatment. 


the same temperature, differ by more than 100 %. 
This difference has been successfully used by us 
to sort bearing parts after final heat treatment in 
the Sverdlovsk Bearing Works. 

A general view of the instrument for sorting parts 
is shown diagrammatically in Fig. 10. To stand J 
is attached a horizontal guide of textolite 2, in 
which the rod of hot electrode 3 can be adjusted 
freely. Electric furnace 4 is attached to electrode 3 
and is heated by alternating current through auto- 
transformer 5. By means of the autotransformer, a 
thermocouple and a millivoltmeter the temperature 
of the hot electrode is maintained constant (150°). 
The piece under test 7 is placed on the stand base 
and to improve the cold contact there is a needle 8. 


The hot electrode is applied to the piece under test 
by lever 9 and the brand of steel of the testpiece 
can be ascertained in 2 to 3 seconds from the read 
ings on the microvoltmeter. 


CONCLUSIONS 


1. The thermoelectric, electric and magnetic 
properties of chromium steels have been investigated 
as a function of structure and mechanical properties 
with the aim of using a thermoelectric method to 
study the processes occurring in steels during tem- 
pering, and also to select the optimum character+ 
istics of physical properties for the quality control 
of normalizing, quenching and tempering. 
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FIG. 9. Thermoelectromotive forces of normally quenched steels SHKH15 and SHKH15SG 
after tempering at various temperatures with various initial. structures. 
Numbers indicate the same as in Fig. 7. 


FIG. 10. General view of instrument for sorting bearing components 
according to t.e.m.f. 


2. The data presented show that there is a consi- be used to check the amount of residual austenite. 
derable difference in the magnetic, electric, thermo- 4. The reduction of magnetic saturation in steels 
electric and mechanical properties of the steels SHKH15 and SHKHIS5SG after tempering at a tem- 
investigated both after normalizing and after quench- perature above 300° as compared with that in speci- 
ing and tempering, as a function of the structure mens tempered at 260 to 300°, may be explained by 
obtained. carbide transformation during the process of temper- 

3. The variation in t.e.m.f. as a function of quench- ing. 

5. The considerable difference in the values of 


ing and tempering temperature is in principle of the 
same as the variation in magnetic saturation and can __ t.e.m.f. in steels SHKH15, SHKH15SG, KH12M and 
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KH12F 1 in the normalized and quenched states have _— gratitude to Dr. M.N. Mikheyev for the case shown 
been used successfully to sort mixed-up parts of in assessing the data in this work. 
different brands of steel. 
I consider it my pleasurable duty to express my 


Translated by V. Alford 
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VOLUME CHANGES IN Ni,sMn ALLOY ON ORDERING * 
V.I. MEL’NIKOVA and I.N. BOGACHEV 
Urals Polytechnic Institute 
(Received 29 March 1960) 


An investigation was made of the nature of the volume changes in Ni,Mn alloy on ordering 
and disordering. The relationship between the rate of volumetric changes and the temperature 
of isothermal soaking below T,, was established. Data were obtained for the temperature depend- 
ence of the coefficient of linear expansion of the alloy both in the ordered and disordered states. 


Near stoichiometric composition the alloy nickel- 
manganese is an ordering one. It has been shown in 
papers [1-6] that the transition of an alloy to the 
ordered state is accompanied by reduction in elec- 
trical resistivity, the appearance of ferromagnetic 
properties and increase ia the elastic modulus. Be- 
cause of the closeness of the atomic numbers of 
nickel and manganese to obtain the superstructure 
on X-ray diffraction pictures of the ordered ailoy 
presents considerable difficulty. In this case posi- 
tive results can be obtained by the neutron diffract- 
ion method. Shull and Siege! [7] obtained super- 
structure lines in an ordered alloy Ni,Mn using the 
neutron diffraction method. 

Data are available in literature concerning the 
temperature at which the alloy Ni,Mn changes into 
the ordered state. According to Komar and Volken- 

-shtein [1] this temperature is 520°C. Koster and 
Rauscher [5] who investigated the temperature de- 
pendence of the modulus of elasticity of the order- 
ed alloy, established that the temperature of the 
order-disorder transformation was 510°. Thompson 
[4] shows that there are two maxima on the curve 
for the temperature dependence of specific thermal 
capacity of the ordered alloy Ni;Mn. According to 
the author, the first maximum at 460° is due to trans- 
formation of the alloy from the ferromagnetic to the 
paramagnetic state; the second maximum at 520° 
corresponds to the temperature for transition into 
the disordered state. Thus the data supplied by dif- 
ferent investigators concerning the temperature of — 
the order-disorder phase transformation in the alloy 
Ni;Mn are in satisfactory agreement. 

The present work is devoted to investigation of 
the volume changes which take place on the order- 
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ing and disordering of a nickel-manganese alloy. 

Preliminary experiments have shown that order- 
ing of the Ni;Mn alloy leads to reduction in volume. 
A study of volume changes in the alloy under iso- 
thermal conditions makes it possible to follow the 
kinetic process of-ordering at various temperatures, 
while investigation of changes in the volume on 
intermittent heating can be used to determine the 
critical temperature of transformation to the diorder- 
ed state. 


EXPERIMENTAL PROCEDURE AND 
RESULTS OBTAINED 


The material used was a nickel-manganese alloy 
with the following composition: 25 % manganese; 
0.6 % iron; 0.03 % carbon; 0.01 % sulphur; 0.24% 
silicon; 0.0063 % phosphor. 

The testpieces were cylindrical with a diameter 
of 3 mm and length 50 mm. The investigations were 
made on a differential dilatometer of the Chevenard 
type, using a high sensitivity head with large coef- 
ficient of expansion. The standard used was pyros. 
In all cases automatic recordings of the dilatometer 
readings were made on photographic film. 


1. Change in volume under isothermal 
conditions 


Investigation of the changes in the volume of 
the Ni,Mn alloy under isothermal conditions was 
made at the following temperatures: 350, 390, 425, 
450, 475, 485 and 515°. Before isothermal treat- 
ment the testpieces were quenched in water from a 
temperature of 1000°, i.e. they were put into the 
disordered state. 

At a temperature of 515° the effect of volume 
change and rate of volume change are exceedingly 
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FIG. 1. Percentage elongation \//I of NisMn alloy as a function of 
soaking time at temperatures: 
1 — 350; 
2 — 390; 
3 — 425; 
4 — 450; 
5 — 485; 
6 — 515° 
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FIG. 2. Variations in Al/ in the NisMn as a function of tempera- 
ture at various soaking times: 
1 — 1 hr; 
2 — 3 hr; 
3 —5 hr; 
4— 10hr. 


small. This is apparently due to the proximity of 
the temperature of isothermal soaking to the temper- 
ature of transformation to the ordered state. Reduct- 
ion in the temperature of isothermal soaking causes 
a considerable increase in the rate of volume chan- 
ges. This effect is however, only observed at tem- 
peratures up to 450°, below which the rate of volume 
change is reduced, which is particularly noticeable 
at temperatures of 390 and 350° (Fig. 1). 

The rate of volume change and the value Al/I are 
dependent on the temperature of isothermal soaking 
(Fig. 2). 

Near the temperature of transformation to the or- 
dered state, i.e. at temperatures of 485 and 515°, 
the rate of volume change and the value Al/I are 
lower. Similar results are obtained at temperatures 


considerably below the temperature of transformation 
to the ordered state. Maximum values for the rate of 
volume change occur in the temperature range 450 

to 475° where, apparently, most favourable condi- 
tions for ordering are created. After holding for 

10 hr at a temperature of 450° the value of A//I is 
around 4x 10™. With the same holding time, at a 
temperature of 350° the value of Al/I is 0.2 x 10%, 
i.e. 20 times less. 

Parallel with the dilatometric investigations, 
X-ray analysis was made of changes in the lattice 
parameter of the alloy on ordering. Analysis of the 
X-ray diffraction pictures made by the back reflect- 
ion method of testpieces ordered at 450° and disord- 
ered ones, showed that the lattice parameter of the 
alloy is reduced on ordering. 
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FIG. 3. Dilatometer curves obtained on heating the Ni;Mn alloy: 
3 — the alloy after ordering at 450°; rate of heating 30°/hr; 

4 — the same; rate of heating 400°/hr; 

5 — alloy in disordered state, rate of heating 200°/hr; 

6 — the alloy in the disordered state, rate of heating 30°/hr; 

7 —the alloy previously ordered at a temperature of 485°, rate 


of heating 30°/hr. 


The ratio Aa/a is of the order of 4.3 x 10°*. The 
data from X-ray crystallographic analysis and dila- 
tometric investigation are thus in very good agree- 
ment. 


2. investigation of volume changes on 
intermittent heating 


In the process of heating the ordered alloy a re- 
verse effect is observed in volume changes, i.e. 
there is an increase in volume on transition to the 
disordered state. On curve 3 (Fig. 3) which was 
obtained on heating at the rate of 30°/hr a specimen 
which had been ordered at 450°, there are two clear- 
ly discernible inflexions at temperatures of 460 and 
520°. These bear witness to the increase in volume 
which takes place on the disordering of the alloy 
in this temperature range. 

When a disordered specimen is heated at the same 
rate a certain reduction in the volume is observed 
in the temperature range 430 to 475°, because of 
partial ordering (Fig. 3, curve 6). Further increase 
in temperature and, consequently, transformation to 
the disordered state, leads to increase of volume 
at temperatures 475 to 520°. Both ordered and non- 
ordered alloys are in the disordered state at temper- 
ature above 520°. 

If the rate of heating a disordered specimen is 
increased to 200°/hr (Fig. 3, curve 5) the reduction 
in volume due to ordering on heating will become 
scarcely discernible. Nevertheless, although less 
clear, there are inflexions on curve 5 (Fig. 3) in 


the temperature range 475 to 520°. This shows that 
heating at the rate of 200°/hr does not prevent par- 
tial transformation of the alloy to the ordered state. 

It is interesting to note if the rate of heating the 
ordered alloy is increased to 400°/hr (Fig. 3, curve 
4) this has no substantial effect on the shape of the 
dilatometric curve. However, the inflexions which 
correspond to the beginning and end of transforma- 
tion to the disordered state, have shifted to some- 
what higher temperatures. 

Attention is also drawn to the feature of the dila- 
tometric curve 7 (Fig. 3) obtained on heating at the 
rate of 30°/hr, a specimen which had become order- 
ed at a temperature of 485°. There are two distinct 
parts to this curve: reduction in volume in the range 
430 to 465° which is apparently due to additional 
ordering in the process of heating, and increase in 
volume in the range 465 to 520°. 

From a comparison of curves 6 and 7 (Fig. 3), it 
is possible to state that preliminary soaking of the 
alloy at a temperature of 485°, which is somewhat 
below the temperature for transformation to the order- 
ed state, will cause a considerably greater reduct- 
ion in volume on subsequent heating at 430 to 465° 
in comparison with a disordered specimen. 


3. Temperature dependence of the coefficient 
of linear expansion 


The coefficient of linear expansion a of the alloy 
investigated was determined by calculation from 
the dilatometer curve. 
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FIG. 4. a — temperature dependence of the coefficient of linear expansion 
a in the ordered Ni;Mn alloy; 
b — temperature dependence of the coefficient of linear expansion 
in the Ni;Mn alloy, ordered at 485°. 


When an ordered specimen is heated to 450° the 
coefficient of linear expansion increases gradually 
(Fig. 4a). In the range 475 to 520°C there is an 
abrupt increase due to disordering. Transition to 
the disordered state is completed at 520° and the 
coefficient of linear expansion sharply reduced 
reaches a value of 18.8 x 10°*. Subsequent increase 
in temperature causes some increase in a. 

Let us consider the features of the variation in the 
coefficient of linear expansion of the disordered 
.specimen. Up to 400° there is a slight increase in 
the coefficient of linear expansion (Fig. 5). After- 
wards quite a considerable reduction in a is observ- 
ed, due to partial ordering in the process of heating. 
Subsequent increase in temperature is accompanied 
by disordering and of course, a sharp increase in 
the coefficient of linear expansion. At 520°C the 
value of a is once more reduced to 18.6 x 107°. 

Fig. 46 shows the temperature dependence of the 
coefficient of linear expansion of the Ni;Mn alloy 
after ordering at 485°. The reduction in a in the 
range 400 to 450° is due to additional ordering on 
heating. The considerable increase in the coefficient 
of linear expansion at much higher temperatures, as 
in the case in Fig. 4a and 5, is due to disordering. 
Above 520° the values of a coincide with the data 


on Figs. 4a and 5. 

Thus, investigation of the nature of the variation 
in the coefficient of linear expansion as a function 
of temperature for the Ni,Mn alloy in various initial 
states, shows that above 520° all the test speci- 
mens are in the same structural state, i.e. disorder- 


ed. 


DISCUSSION OF RESULTS 


1. A large number of experimental data [4, 8-10, 
12] point to the fact that the transformation of an 
alloy into the ordered state is a complex process. 
Ordering occurs by nucleation of centres and their 
subsequent growth. The kinetics of the process of 
ordering has been studied in a number of works 
[13-15]. Lord [13], after investigating the variation 
in the modulus of elasticity of a Cu,Au alloy, show- 
ed that this process proceeds in two stages: 

1) nucleation of centres of the ordering phase 

and their growth into clusters; 

2) coalescence of domains. 

Each stage is characterized in turn by a relax- 
ation which varies with temperature and has a mini- 
mum at a temperature a little below T,, Similar 
results were found in paper [14] where the kinetics 
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of the ordering of this alloy was studied by the elec- 
trical resistivity method. X-ray analysis of the kine- 
tics of ordering in the CuAu alloy have indicated 
quite clearly that this process occurs by the emer- 
gence of ordered regions in an unordered phase [15]. 
Theoretical calculations of the kinetics of ordering 
and comparison of the results of these calculations 
with experimental data are given in papers [16-20]. 
As shown by Polesya’s calculations [11], the rate 
of the formation of nucleation centres of the ordered 
phase and their rate of growth in the CuAu alloy are 
dependent on temperature and this dependence is ex- 
pressed by a curve with a maximum. Polesya’s cal- 
culations [11] regarding the temperature at which the 
maximum values for the rate of nucleation and of 
growth, and consequently the rate of transition to 
the ordered state, are in agreement with experiment- 
al data produced by other authors. 

In the Ni;Mn alloy, as in the case of the Cu;Au 
alloy, ordering is a phase transformation of the first 
kind. It can for this reason be suggested that the 
temperature dependence of the rate of the nucleation 
of centres and the linear rate of their growth in the 
Ni,Mn alloy is more regular than in the case of the 
Cu,Au alloy. 

During the process of ordering in Ni,;Mn changes 
occur in physical and chemical properties. From 
data on the investigation of the kinetics of volume 
changes at various temperatures conclusions may be 


drawn regarding the kinetics of ordering in this alloy. 


The slow change in volume near the temperature of 
ordering indicates the slow course of the process at 
these temperatures (low nucleation and linear growth 
rates). This appears to be due to an insignificant 
difference in the free energy value of the ordered 


400 


FIG. 5. Temperature dependence of the coefficient of liner expansion 
of the disordered NijMn alloy. 


G00 c 


and disordered phases. 

Volume changes occur at a maximum rate in the 
temperature range 450 to 475°. At these temperatures 
the nucleation rate of the ordered phase and linear 
rate of growth of the centres are very small. Subse- 
quent reduction in the temperature of isothermal 
holding will cause considerable reduction in the 
rate of ordering, which fact can be explained by the 
reduced mobility of the atoms at this temperature. 

2. The increase in the volume of the ordered test 
specimen on heating in the range 475 to 520° is ex- 
plained as follows: at each temperature below the 
critical, a definite equilibrium degree of long-range 
ordering is established in the alloy. 

If a specimen which has been quenched after iso- 
thermal soaking at 450°, is again heated, then on 
reaching a temperature of 450°, in principle, a pro- 
cess is possible which is related to an increase in 
the degree of long-range order within the antiphase 
regions. At low temperatures however, this process 
occurs slowly and has no effect om the form of a 
dilatometer curve. At a higher temperature (above 
450°) the degree of long-range order which was 
achieved in the process of isothermal soaking at 
450°, will not be in equilibrium. On heating above 
this temperature there will be a redw@tion in the de- 
gree of long-range order-in the antiphase region and 
this will lead to an increase in volume. According 
to the dilatometer data, this process is concluded 
at a temperature of 520°. 

3. Now the features of curve 9 (Fig. 3) should be 
considered. In the papers by Sykes and Jones [9], 
Sykes and Evans [8], it is demonstrated that preli- 
minary soaking of the ordering Cu,Au alloy some- 
what below the temperature of transformation to the 
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ordered state will cause the formation of a large 
aumber of antiphase nucleii with an equilibrium de- 
gree of long-range order at this temperature. The 
presence of antiphase regions accelerates the pro- 
cess of ordering at temperatures considerably below 
the critical temperature for transformation to the 
ordered state. 

If the Ni,Mn alloy is soaked at a temperature of 
485° this will apparently also lead to formation of 
antiphase nucleii of fairly large dimensions. 

This state is fixed by quenching in water. If the 
alloy is heated after. this heat treatment to the tem- 
perature range 400 to 450°, there will be an increase 
in the degree of order in the alreafy-formed anti- 
phase regions, i.e. here nucleation of the ordered 
phase is absent. This means that the vaiue of the 
volume changes due to the increase in the degree of 
order in the already-formed antiphase nucleii, will 
be considerably less than that in the case of heat- 
ing of a compietely disordered specimen (curve 6, 
Fig. 3), where ordering on heating occurs by the 
nucleation of centres and their subsequent growth. 


CONCLUSIONS 


1, In this work the dilatometer method was used 


for investigation of ordering. It was established 
that the transformation of the alloy Ni,Mn to the 


ordered state is accompanied by reduction in vol- 
ume. 

2. Data were obtained for the kinetics of the vari- 
ation in the volume of the alloy under isothermal 
conditions at various temperatures. It has been 
shown that the maximum rate of change in volume 
and the maximum effect of volume changes occur in 
the temperature range 450 to 475°. 

3. It is suggested that the kinetics of the volume 
changes in the alloy are due to different zates of 
ordering at temperatures below 7’. The maximum 
rate of ordering occurs in the temperature range 
456 to 475°. 

4. Dilatometer curves were obtained for the heat- 
ing of an ordered and unordered alloy. Analysis of 
these curves shows that transformation of the alloy 
from the ordered to the disordered state occurs in 
the temperature range 475 to 520°. 

5. A temperature relationship has been establish- 
ed for the coefficient of linear expansion for the 
alloy in the ordered and disordered states. It has 
been shown that the phase transformation “order- 
disorder” causes a sharp change in the value of a 
in the temperature range at which this transformation 
occurs. 


Translated by V. Alford 
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ELECTRICAL RESISTIVITY AND STRUCTURE OF WC-Co ALLOYS* 


V.F. FUNKE, A.N. SHURSHAKOV, S.I. YUDKOVSKII, K.F. KUZNETSOVA, 
V.I. SHULEPOV and Yu. Yu. YURKEVICH 
All-Union Research Institute of Cutting Alloys 


The two-phase alloys WC-Co consist of hard and 
brittle grains of tungsten carbide and a ductile 
cobalt phase. 

The papers published on the structure of the WC- 
Co alloys, which are of considerable practical si- 
gnificance, are contradictory. Some indicate the pre- 
sence of continuous “skeleton” of carbide grains 
{1], and others, even in low cobalt alloys (above 
2% by weight Co), the presence of continuous film 
of cobalt in which, as in the matrix, tungsten car- 
bide grains are included [2]. 

In the present work, in order to solve the problem 
of the structure of WC-Co alloys, measurement of 
electrical resistivity (9) was used, which is depend- 
ent both on the composition of the individual phases 
and their quantitative ratio, and on the nature of the 
distribution of structural components. In conducting 
the work, certain data were obtained which explain 
the pseudo-binary constitution diagram WC-Co: the 
solubility of cobalt in tungsten carbide, temperature 
of the solidus and composition of the cobalt phase. 

Alloys were prepared for the investigation, the 
cobalt of which varied from 0 to 100%. The alloys 
were prepared by the process used in the production 
of powder metal solid alloys. In the whole range of 
cobalt concentration the structure of the alloys was 
two-phase: a WC phase and a cobalt solid solution. 
Porosity dis not exceed 0.2% (by volume). Test 
specimens of tungsten carbide were prepared by hot 
pressing in graphite moulds. Part of the specimens 


of all the alloys were annealed and part were quench- 


ed. 

Annealing conditions were as follows: soaking 
for 1.5 hr at 1200°C in a hydrogen atmosphere and 
cooling in the furnace at the rate of 80°/hr to room 
temperature. 

Quenching conditions: heating in a hydrogen at- 
mosphere to 1200°, soaking for 1.5 hr and cooling in 
oil to a temperature of 20°. The heat treatment 
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caused no appreciable change in the grain size of 
the WC phase. 

The sintered, annealed and quenched specimens 
were investigated by metallographic, X-ray and elec- 
trical resistance methods. 

Fig. 1 shows data for the dependence of conduct- 
ivity (y) of the alloys on cobalt content, and heat 
treatment. Each value for electrical resistivity was 
obtained as the mean of six measurements made on 
each of three specimens. 

The simplest form of the dependence of specific 
electrical conductivity on cobalt content is observ- 
ed for alloys quenched from 1200°. 

Curve J approaches the type which is character- 
istic for binary systems with a eutectic in the pre- 
sence of regions of limites solubility on the tungs- 
ten carbide and cobalt side, which are indicated by 
sections where there is a drop in specific electrical 
conductivity in the cobalt content range from 0 to 
6.76 at.% (0 to 2.4 weight %) and from 97.0 to 100 
at. % (90.5 to 100 weight %) respectively. The alloy 
with 97.0 at.% Co (90.5 weight %) had minimum elec- 
trical conductivity. This according to metallograph- 
ical analysis, is a single phase solid solution of 
tungsten and carbon in cobalt. 

The electrical conductivity of the annealed alloys 
is considerably higher than that of the quenched 
alloys in the cobalt content range from 97.0 to 
17 at. % (90.5 to 5.82 weight %). The method of heat 
treatment has no effect on the electrical conductivi- 
ty of alloys with cobalt content less than 17 at.% 
(5.82 weight %). 

The alloy with 3 at.% WC (9.5 weight %) shows 
considerably higher electrical conductivity after 
annealing as a result of the partial decomposition 
of the solid solution. Further increase in the tungs- 
ten carbide content will lead to a sharp increase 
in the electrical conductivity of the alloys. The 
higher the residual in the alloy, the more intensive 
will be the decomposition of the solid solution of 
tungsten and carbon. 

From a consideration of the results given it is 
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FIG. 1. The dependence of specific electrical conductivity y of tungsten 
cobalt hard alloys on cobalt content and heat treatment: 
1 — quenched alloys; 
2 — annealed alloys. 


clear that the reduction in electrical conductivity 
due to the introduction of up to 3 at.% (9.5 weight %) 
of tungsten carbide to the cobalt, is the result of 
the solution of tungsten and carbon. Maximum solu- 
bility at 1200° is a little more than 10 weight %. 

The reduction in electrical conductivity as a re- 
sult of the introduction of small quantities of cobalt 
may be due both to its solution in tungsten carbide 
and to the nature of the distribution of cobalt among 
the carbide crystals. 

The specific electrical conductivity of alloys con- 
taining from 0 to 17 at.% (5.82 weight %) cobalt, is 
not dependent on the rate of cooling (quenching and 
annealing). This indicates lack of solubility of 
cobalt in tungsten carbide. 

For the final solution to the problem of the solubi- 
lity of cobalt in tungsten carbide, and also to es- 
tablish the solidus temperature of the system WC-Co, 
particularly in the low cobalt range, a method was 
used in which electrical resistivity was plotted 
against temperature in the range 20 to 1500° [3]. 
X-ray analysis of the alloys was carried out at the 
same time. Specimens were heated in a furnace 
type TVV-4. The alloys investigated had cobalt 
contents from 0.59 to 100 %. Part of the results of 
the investigation are given in Table 1 and in Fig. 2. 

It can be seen from Fig. 2 that in tungsten car- 
bide there is a straight line relationship between 
electrical resistance and temperature. 

The electrical resistance temperature curves for 
alloys with a cobalt content up to 6 % have one in- 
flexion at a temperature of 1240 to 1260° (Table 1) 


which is due to formation of the liquid phase. 

Up to the temperature of the formation of the 
liquid phase in alloys with 0.59, 1.46, 2.14, 3.86 
and 5.82 weight — Co, electrical resistance is a 
straight line (Fig. 2). 

Alloys containing 10 and 30 % Co show, besides 
the inflection which indicates the formation of the 
liquid phase, another change in the course of the 
resistance-temperature curve, in the range 859 to 
900°. 

The data given show that the temperature for the 
formation of the liquid phase in the limits of the 
two-phase region of the WC-Co section defined by 
the resistance-temperature curve, is 1250°, 

The fact that the same melting temperature is 
maintained for WC-Co alloys right down to 0.5% Co, 
indicates that these alloys lie within the limits of 
the two-phase region (tungsten carbide + cobalt 
solid solution). The straight line dependence of 
electrical resistance on temperature up to 1250° 
indicates the absence of transformation in the solid 
state. 

The presence of the inflexion at the temperature 
of formation of the liquid phase and the straight line 
relationship of electrical resistance in lower tem- 
perature range, indicates lack of solubility of 
cobalt in tungsten carbide. The change in the 
course of electrical resistance curves at a tempera- 
ture of 850 to 900° in alloys with 9.3 and 29.36 
weight % cobalt, may be due to stress relief in the 
cobalt interlayers, because at these temperatures 
the ductility of the solid solution will be sufficient 
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TABLE 1. Results of the investigation of WC-Co alloys taken from curves of 
electrical resistivity against temperature 


}Temperature at 
Temperaiure of} ¢ 
Co content, | formation of the which other in 
re flexions appear 
wt. % . liquid phase, 
of oa the curve, 
9.59 1260 
1.46 1250 
2.14 1260 
3.86 1240 a 
5.82 1245 
9.13 1250 980 
29.36 1260 


to relieve all the distortions. 

According to data in the literature, the electrical 
resitivity of tungsten carbide is 53 [4!, 12 (5! and 
20 micro-ohms.cm [6], while according to our work 


it fluctuates in the range 18.5 to 19.2 micro-chms.cm, 


depending on grain size. According to the data in 
our work the temperature coefficient of electrical 
resistance (in the range 20 to 1500°) is 0.00495. 
This agrees very well with the coefficient of elec- 
trical resistance in the range 300 to 1500°K calculat- 
ed from the data given in the only paper known to 
deal with this problem [7]. 

The data in the present work also indicate the 
absence of any substantial relationship between 
electrical resistivity in pure tungsten carbide and 
the grain size of the WC in the specimen. Thus, a 
variation from 5 to 30 microns in the average grain 
size of tungsten carbide in a compact specimen 
will cause @ variation of 0.6 micro-ohms.cm in elec- 
irical resistivity. 

To determine the phase composition of the alloys, 
the lattice parameters of the individual phases and 
the relative quantity of the cobalt modifications 
(8-cubic; a-hexagonal), X-ray crystallographic ana- 
lysis was used. 


X-ray diffraction photographs were made in cameras 


RKD and URS-50 with cobalt radiation. The relative 
quantity cf B~ and o-modification of cobalt were de- 
termined by comparing the intensity of the lines on 
the X-ray diffraction picture. 

X-ray analysis data are given in Table 2 and Fig. 
3. 

The lattice parameter of tungsten carbide in the 
alloys with varying cobalt contents was the same 
as that for specimens of the pure carbide, within 
the precision limits of the measurement. The lack 
of changes in the lattice parameter of tungsten 


carbide in alloys after sintering and annealing, as 
well as the thermal analysis data given above, con- 
firm that cobalt is not soluble in tungsten carbide. 

In alloys quenched from 1200° a certain reduction 
is observed in the lattice parameter of the tungsten 
carbide where the cobalt content is from 0.5 to 10 
weight %. This reduction is due to the fact that the 
tungsten carbide crystals are under the influeace 
of strongly compressive stresses from the cobalt 
interlayer side, which distort the carbide crysial 
lattice [8]. 

Slow cocling of the alloys on annealing reduces 
the thermal stresses so much that no lattice distor- 
tion is observed. 

Investigation of the cementing phase showed that 
in WC-Co alloys the cobalt phase may be found in 
two modifications: a 8 modification with a body- 
centred cubic lattice and an a-modification with a 
hexagonal close-packed one. In alloys containing 
up to 30 weight % cobalt, the cobalt phase is only 
found in the form of the cubic modification (8-Co). 
In sintered alloys the a modification appears when 
the cobalt content is 85 % or more. An additional 
2 hr annealing at 1200°, or heating prior to quench- 
ing, will cause the a modification to appear at low- 
er cobalt contents {about 50 % by weight) without 
any relative change in its quantity (on annealing). 

Rapid cooling from 1200° (quenching) causes re- 
duction in the amount of a modification as compared 
with the B-Co. : 

From the information set out above it follows, that 
heating and soaking the alloys at 1200° causes the 
appearance of a hexagonal modification of cobalt 
(a) at a much lower content of the latter. Rapid 
cooling of the alloys causes a reduction in the pro- 
portion of the a-modification of cobalt in WC-Co 
alloys. 
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FIG. 2. The dependence of electrical resistance in tungsten cobalt hard 
alloys on temperature: 
1 — alloy containing 3.86 wt.% cobalt; 
2 — alloy containing 9.13 wt.% cobalt; 
3 — alloy containing 29.36 wt.% cobalt. 
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FIG. 3. The effect of tungsten carbide content on the cobalt lattice parameter 
of the B-modification (quenched alloys). 


In Table 2 and Fig. 3 data are given for the in- the variation in the lattice parameter of the cement- 
fluence of composition and method of heat treatment _ing phase with variation in cobalt content has been 
on the lattice parameter of the cobalt phase. As the determined only for the B-modification. 
main mass of alloys contain only the B-modification, Increase in tungsten carbide content causes 
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TABLE 2. X-ray diffraction analysis data * 


Sintering | Quenching 


"Lattice | Lattice 
para- | para- 
meter of : meter of 


WC, B-Co, 


Cobalt 


content 


Lattice Latt ice 


para- | para- | 
meter of| meter of 


Phase composition Phase composition 


We | 2.900 
Wc 2.899; 
WC 2.889, 
WC + alloy 2.889, 
WC Cog 
WC + Co, 2.899, 
WC + Co, 2,90; 
WC + Co, 2.90; 
WC + Cog + Co, | 2.90, 
WC + Co, + Cog | 2,90, 
Co, >Co, talloy WC — 
Co, >Co, 
Co; >Co, 
Co, >Co, 
Co, 


Wc 
WC 
WC 

We + Co, 

WC + Cog 

Co, 

WC+ Cog 

Wc+ Cog 

WC + Co, 

Co, + WC 
> Co, + WC 
Co, > Cog + ca. WC 

Co, > Co, 

Co, > Cog 

Co, > Cog 


3.54, 
3.55, 
3.56, 
3.56, 
3.55s 
3.54, 
3.53, | 


ww 
(oz) 
a 


we 
for) 


* The lattice parameter of the WC phase did not change in the alloys after 


annealing and was 2.900 A. 


growth in the lattice parameter in alloys with up to 
9.5 weight % WC after sintering, and after quench- 
ing, in alloys with 14.4 weight % WC. 

In alloys containing 14.4 weight % WC, after 
quenching from 1200° structurally free tungsten car- 
bide was revealed, while alloys with less WC were 
single-phase. 

X-ray diffraction analysis shows that at 1200° 
less than 14.4% WC is disolved in cobalt. Data on 
the electrical resistance of alloys quenched from 
1200° show that at this temperature the solubility 
of tungsten carbide in cobalt exceeds 9.5 weight %. 
Thus, at a temperature of 1200°, about 12 to 13% 
WC is disolved in the cobalt. 

The data and information given in the literature 
[9, 10] indicate that the pseudo-binary system WC- 
Co is a eutectic system with a fairly large region of 
cobalt solid solution and with practically no solub- 
ility of the cobalt in tungsten carbide. 

If the influence of the microstructure of the alloys 
is ignored, then in a series of alloys quenched from 
1200°, the electrical conductivity of the alloys 
lying in the region of the solid solution of tungsten 
and carbide in cobalt, should fall along a curve 
with increase in the content of dissolved carbide. 


Within the limits of the two-phase field of the 


constitution diagram, the electrical conductivity of 
the alloys should increase in a straight line with 
increasing content of the phase which has higher 
electrical conductivity (WC phase) right up to pure 
tungsten carbide. 

Deviation of this straight line dependence within 
the limits of the two-phase field is possible, under 
the influence of the nature of the distribution of 
structural components, in two ways: 

1. If the phase having the higher electrical con- 
ductivity (tungsten carbide) forms a continuous 
network of contiguous crystals, then the electrical 
conductivity of such alloys will deviate from the 
additive effect to higher values. 

2. If a phase with relatively low electrical con- 
ductivity (solid solution of tungsten carbide in 
cobalt) surrounds crystals of the second phase (WC) 
and isolates them completely from one another, then 
the electrical conductivity of such alloys will de- 
viate from the additive effect, towards lower values. 

Fig. 1 shows the dependence of the electrical 
conductivity of WC-Co alloys on composition. The 
dotted line represents the variation in the electrical- 
conductivity of the alloys according to additivity 
rule, i.e. in the presence of a mixture of WC crystals 
and the solid solution of tungsten and carbon in 
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— 
wt.% 
nck 
we 2 900 | | 
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2.14 | 2.900, 
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19,89 | | — | 
29.36 | 
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FIG. 4. Dependence of electrical resistivity p on the grain size of the 
carbide phase (alloys annealed): 
1 — dependence on the coercive force; 
2 — dependence on grain size. 


cobalt. 

The electrical conductivity of quenched alloys 
with a cobalt content of from 97.0 to about 25 at.% 
(90.5 to 10 weight %) is higher than should be the 
case according to the additivity principle. At 25 ~ 
at.% (~ 10 weight %) the curves intersect and the 
electrical conductivity of alloys with a cobalt con- 
tent of less than 25 at.% is considerably lower than 
that of the same alloys according to the additivity 
principle. In the annealed alloys the relationship 
between electrical conductivity and cobalt content 
is similar, but the increase in conductivity in the 
cobalt content range from 96.7 to ~ 25 at.% is more 
noticeable. 

Minimum electrical conductivity is shown where 
there is a single-phase solid solution tungsten-and- 
carbon in cobalt. The appearance of structurally. 
free tungsten carbide causes an increase in electric 


conductivity versus additivity, because the structur- 


ally free tungsten carbide accelerates the process 
of the decomposition of the solid solution even when 
the alloys are quenched. This is also confirmed by 
the reduction in the lattice parameter of the cobalt 
phase in quenched alloys when structurally free tun- 
gsten carbide appears. 

In low-cobalt alloys (less than 10 weight % Co) 
the process of decomposition is easier, the cobalt 


phase being in the form of thin interlayers between 


tungsten carbide grains, which should cause the 
electrical conductivity of the alloys to increase 
versus additivity right up to tungsten carbide. As 
can be seen from Fig. 1 however, increase in the 
tungsten carbide content above 25 at.% causes a 
reduction in electrical conductivity. The difference 
is increased as the cobalt content is reduced and 


reaches its maximum at 4.7 at. % (1.46 weight %). 

In WC-Co alloys with low cobalt content (below 
10 %) the thin interlayers of the cobalt phase are 
in the stressed state, due both to the difference in 
the coefficients of thermal expansion of tungsten 
carbide and cobalt, and to the effect of the tungsten 
carbide surface. When the molten cobalt crystallizes 
onto the tungsten carbide surfaces, the cobalt layer 
adjacent to the carbide surface should have a dis- 
torted lattice. 

The reduction in electrical conductivity versus 
additivity in alloys with 0.5 to 10 % cobalt is due 
to the fact that the cobalt interlayers surrounding a 
grain of tungsten carbide become so thin that the 
peesence of the cobalt layer with the distorted 
lattice at the interface with the WC phase causes 
reduction in the electrical conductivity of the whole 
alloy. The reduction in electrical conductivity as a 
result of distortion of the cobalt lattice stops the 
increase in electrical conductivity due to the very 
intensive decomposition of the solid solution. The 
thinner the cobalt interlayer, the greater will be the 
proportion of the distorted layer and the lower the 
electrical conductivity of the alloy in question. The 
theoretical depth of the cobalt film between the 
tungsten carbide grains at a cobalt content of 0.59 
weight %, is about 10 unit cells of the crystal lat- 
tice, and at 1.5 weight % ~ 18, i.e. in these alloys 
practically all the cobalt is in the deformed state. 

The lowering of electrical conductivity versus 
additivity in the quenched alloys can only be ex- 
plained by the presence of an intermittent film of 
cobalt, the electrical conductivity of which is con- 
siderably lower than that of tungsten carbide. 

To test this conclusion a series of alloys was 
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prepared with the same cobalt content (6 weight %) 
and different grain sizes (Fig. 4). Electrical con- 
ductivity measurements of these alloys after anneal- 
ing showed that when the average grain size is in- 
creased from 1.00 to 1.32 y, there is a considerable 
reduction in electrical resistivity (from 22 to 19 
micro-ohms.cm), and futher increase in grain size to 
1.90 » causes practically no change in electrical 
resistivity. The dependence of electrical resistivity 
on coercive force shows a similar behaviour. 

In the series of alloys with the same cobalt con- 
tent, the nature of the variation in electrical resist- 
ivity is dependent only on the structure of the WC- 
Co alloys. The electrical resistivity of tungsten 
carbide is less than that of an alloy with 6 weight 
% Co. Where there is a continuous bond between the 
tungsten carbide crystals the growth in electrical 
resistivity with reduction in the grain size of the 
WC phase, i.e. with increase in the boundary area 
carbide-carbide, is possible in the case if the elec- 
trical resistivity of the boundaries is higher than 
that of the tungsten carbide. The influence of the 
boundaries was tested on specimens of pure tungst- | 
en carbide. Using the hot pressing method, tungsten 
carbide specimens were prepared with practically 
no porosity and various average grain sizes of WC. 
Variations in grain size up to six times caused 
practically no change in electrical resistivity. 

The considerable increase in electrical resist- 
ivity of an alloy with 6 % Co on change in the grain 
size of the WC phase demonstrates the absence of 
any appreciable contact between tungsten carbide 
grains in the alloy and also, the decisive influence 
of the depth of the cobalt interlayer on electrical 
resistivity. 

Reduction in the depth of the cobalt film which 
surrounds a tungsten carbide grain will cause in- 
crease in the proportion of distorted layers of cobalt 
in the total volume of the cobalt phase in the alloy. 

When the average grain size of the WC phase is 
varied from 1.9 to 1.32 » (Fig. 4) the yet undistorted 
layer of cobalt is preserved in reasonable size and 
the change in the electrical resistivity of the alloy 
is insignificant. Further grain refinement of the WC 
phase causes further increase in the cobalt layer 
with a distorted lattice, leading to an abrupt increa- 
se in the electrical resistivity of the cobalt inter- 
layers and the alloy as a whole, as the cobalt forms 
a continuous film isolating the tungsten carbide 
gtains from one another. 

The data given regarding the dependence of elec- 
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trical resistivity on composition of the alloys and 
the grain size of the WC phase shows that in WC- 
Co alloys, even where there is 0.5 % Co, the con- 
tinuous bond between tungsten carbide grain is 
broken. 

It is known [11] that the fine cobalt interlayers 
in the alloys are in a “blocked” state, i.e. plastic 
deformation of the cobalt is prevented by the tung- 
sten carbide phase. 

The reduction in the ductility of cobalt in WC-Co 
alloys is explained by mechanical wedging by 
tungsten crystals. From the presence in the fine 
cobalt interlayers of a boundary layer with a dis- 
torted lattice however, it may be suggested that a 
considerable part in the “blocking” of the cobalt 
interlayers by tungsten carbide grains is played 
by reduction in ductility because of the presence 
of a cobalt layer with distorted lattice at the cobalt- 
tungsten carbide interface. 


CONCLUSIONS 


1. Data has been obtained on the dependence of 
electrical resistivity in WC-Co alloys on cobalt 
content, grain size of the WC phase and the condi- 
tions of cooling. 

2. It has been shown that, even at cobalt cont- 
ents of 0.5 % and higher, the continuous bond bet- 
ween tungsten carbide grains is broken. 

3. Certain data have been obtained on the pseudo- 
binary constitution diagram WC-Co: is not soluble 
in WC right up to the melting point of the eutectic; 
eutectic transformation point is 1250° and the solu- 
bility of tungsten carbide in cobalt at 


1200° is ~ 12 to 13 weight %. 


4. It has been shown that a considerable part in 
the reduction of the plasticity of cobalt interlayers 
may be played by the presence of a cobalt layer 
with a distorted lattice at the cobalt-tungsten 
carbide interface. 


Translated by V. Alford 
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COEFFICIENT OF DIFFUSION OF HELIUM IN TITANIUM* 


A.M. RODIN and V.V. SURENYANTS 


(Received 8 February 1960) 


An investigation was mase into the evaluation in a vacuum of helium which had been primarily 


concentrated in a thin layer of titanium deposited on a molybdenum base. It has bee established that 
when such a system is heated, there is practically no diffusion of the helium into the molybdenum. A 
temperature relationship was deduced for the coefficient of diffusion of helium in titanium. It was 
shown that the progress of the evaluation of helium deviates somewhat from the theoretical curve in 


There is at the present time very little information 
on the values of the coefficients of diffusion of 
inert gases in metals. This is due in the first place 
to the fact that production of solutions of these 
gases presents some well-known difficulties. The 
majority of metals do not dissolve inert gases when 
heated in their atmospheres [1, 2]; the gases may 
enter the crystal lattice either by bombardment with 
the proper ions [3-6], or by dissolving some radio- 
active isotope in the metal which, on decomposition 
transforms into the inert gas. 

With the first method, it was possible to produce 
solutions of helium, neon, argon and crypton in a 
number of metals. The coefficient of diffusion of 
argon in silver was determined [7]. With the second 
method the coefficient of diffusion of xenon in ura- 
nium was determined [8]. All these investigations 
were carried out at comparatively low concentrations 
of the inert gas in the metal. 

It is interesting to learn the behaviour of an inert 
gas in the case where its concentration in the metal 
is high. This is possible by the use of the radio- 
active isotope of hydrogen *H. This isotope decom- 
poses to *He and an electron, and the half life is 
small (12.5 years). As hydrogen is absorbed easily 
by a number of metals, the concentration of helium 
in a metal saturated with *H must, after a certain 
period of storage, be quite high. 


EXPERIMENTAL PROCEDURE 
Investigation was made, of the liberation ot 


helium during vacuum heating of thin layers of tita- 
nium previously saturated with *H to the stoichio- 


* Fiz. metal. metalloved., 10, No. 2, 216-222, 1960. 


that evaluation is accelerated as the quantity of gas in the metal is reduced. 


metric ratio of ~ 1.8. A titanium layer about 0.4 p 
thick was deposited on molybdenum disks 0.2 mm 
in depth by evaporation in a vacuum. The layers 
were then saturated with *H by heating them in an 
*H atmosphere and then slowly cooling to room 
temperature [9]. Before investigation the disks were 
stored for about three years in sealed evaporated 
ampoules at room temperature. No appreciable 
quantities of either *H or *He were liberated. The 
stoichiometric ratio He: Ti in the titanium layer 
was calculated as ~ 0.2. Preliminary experiments 
had established that helium is retained better by 
titanium than °H. 

Heating in a vacuum at 400° for a few hours is 
sufficient to remove most of the *H from the titanium 
but causes no measurable liberation of helium. For 
this reason, before the experiments for the libera- 
tion of helium, the disks were heated as mentioned 
above to reduce the *H content to an exceedingly 
small value. 

After this preliminary treatment a disk was cut up 
into pieces which were placed into the Kovar cy- 
linder of the apparatus shown in Fig. 1. The appar- 
atus was evacuated, degasified by heating all its 
parts including that part, J, of the cylinder, 2, in 
which the test specimen was placed, and was sealed 
off from the vacuum system. After this, one of the 
two strip getters, 3, was evaporated. The gettering 
measured the evaporation of all gases which might 
be liberated subsequently from the specimen, in 
addition to the inert ones. 

Heating was carried out by means of a tubular 
furnace which had been previously heated to a 
given temperature before it was placed on the cy- 
linder 2. The temperature of the cylinder was mea- 

ared by a thermocouple attached to the base. The 
cylinder came to temperature in 3-5 min. 
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FIG. 1. The system for the measurement of the amount of helium 
liberated on heating a specimen. 


The progress of helium liberation during heating 
was determined from the increase in pressure which 
was measured by a thermocouple pressure gauge 
with a tube LT-2 5. The calibrated coefficient for 
helium [10] was taken into account. In the range 
10°* to 10° mm. Hg, measurements were made in the 
usual way “at constant heating current”; in the ran- 
ge 10° to 5 mm Hg, “at constant e.m.f.” [11]. This 
made it possible to measure the pressures in all the 
ranges indicated with a precision of not less than 
+ 10%. 

To make sure that the helium was effectively free 
of other gases, the glow spectrum of the gas was 
taken periodically by means of the gas discharge 
apparatus, 4, and a spectrograph [SP-26. For this 
the glow was excited in an impeded electrical dis- 
charge in a strong magnetic field [12]. This form of 
discharge is rarely used in the spectral analysis of 
gases although its use for this purpose has been 
described in [13]. It is not very suitable for quanti- 
tative analysis as variations in pressure cause vari- 
ations in the nature of the discharge accompanied 
by substantial changes in the relative intensity of 
the different spectral lines. It is, however, very 


suitable for qualitative analysis of the purity of a 
gas as it enables a spectrum to be photographed 
from the beginning at very low pressures (10°‘ to 
mm He). 

The gas discharge apparatus is shown in Fig. 15. 
Here 6 is a hollow annular anode; 7 indicates two 
flat cathodes in one of which there is a small open- 
ing for observation of the glow along the axis of the 
discharge. 

The axial magnetic field of some hundreds of 
oersteds necessary for the operation of this equip- 
ment is created by means of the solenoid which is 
attached to the extension 4. When the apparatus is 
working it gradually absorbs gases, including inert 
ones [14], and for this reason it is only switched 
on for the short time necessary to photograph the 
glow spectrum. If any other gases are discovered 
in the liberated helium additional evaporation of the 
second getter, 3, is made. 


THE RESULTS OBTAINED AND THEIR 
INTERPRETATION 


In the course of the experiments curves were 
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plotted expressing the quantity of liberated helium 
as a function of heating time at the following temp- 
eratures 615, 650, 686 and 720°. At 615° helium lib- 
eration from the specimen stopped after 3 hr heat- 
ing; at a temperature of 720° it stopped after 1.5 hr. 

In all cases the total quantity of helium liberated 
corresponded with a precision of up to 5 %to the 
amount which should, according to calculation, be 
present in the specimen. 

Certain difficulties were encountered with the in- 
terpretation of the results obtained. We were con- 
cerned with thin layers of titanium deposited on a 
thicker molybdenum base. The helium was primarily 
concentrated in the titanium. A control test with 
liberation of the gas from the molybdenum electrode 
from which the titanium had been removed by mechan- 
ical means, revealed a complete absence of helium 
in the molybdenum. The possibility could not be ex- 
cluded however, of its penetrating the molybdenum 
in the course of heating. Theoretical calculation of 
the liberation of helium in a vacuum is substantial- 
ly dependent on the ratio of the coefficients of dif- 
fusion of helium in titanium D, and in molybdenum 
D, at the experimental temperature. Neither of these 
coefficients of diffusion was known. 

The solution of the diffusion equation 
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FIG. 2. Apparatus for determining the role of helium diffusion 
through a molybdenum substrate. 


for the general case with allowance for the possibi- 
lity of the diffusion of helium into the molybdenum 

and its liberation both through the titanium-vacuum 

boundary and through the molybdenum-vacuum bound- 
ary, produces a very unwieldy formula. 

We mounted a control experiment to establish the 
role of the liberation of helium through the molyb- 
denum-vacuum boundary. In this experiment the disk 
being investigated, which contained helium in a 
layer of titanium, was attached to the vacuum sys- 
tem by means of a metallic seal in such a way that 
on one side it was bounded by a vacuum and on the 
other by the external atmosphere (Fig. 2). Further- 
more, to avoid oxidation the disk was heated in a 
flow of argon. When the side of the disk with the 
titanium layer was turned to the vacuum apparatus, 
the quantity of helium liberated corresponded com- 
pletely to the amount which according to calcula- 
tion, should be contained in the titanium. When the 
molybdenum side of the disk was towards the vas 
cuum, no helium liberation was established. 

In view of the considerable difference in the thick- 
ness of the titanium and molybdenum layers, the 
results of this experiment only show that the coef* 
ficient of diffusion of helium in molybdenum D, is 
not significantly higher than the coefficient of dif- 
fusion D, of helium in titanium 


(D, D,). 
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FIG. 3. Calculation of the diffusion coefficient of helium. 


To determine more precisely the ratio D, to D, 
the experimental curves for the course of helium lib- 
eration were compared with the results from the so- 
lution of equation (1) for two cases: 


D, » DyandD, = De 


In the first case the diffusion of helium within the 
molybdenum may be neglected and equation (1) can. 
be solved for the following starting and limiting con- 
ditions (Fig. 3):* 


lo 
1960 


C(x. O) = 


C(0, =0 
ac 
aX Le 


Cy when O0<x<l 
Owhen x>L 


The solution has the following form: 


C(x, t)= 


De 


+1) 


= 
a 
a=-0 


(an + 


The quantity of gas liberated in a vacuum in a 
period of time ¢: 


dt 


* The solutions to the diffusion equation were made 
by M.B. Nesvizhskii, to whom the authors wish to 


express their appreciation. 


Q, (t) 


— 
(eat 


2 
(Qn + 1)? 


where Q, is the total quantity of helium in the disk 
to heating. 
In the second case 


(D, =D, =D), 


insofar as Q, = 0, the disk can be treated as a semi- 
endless plate 


x < 


and equations (1) can be solved for the following 
conditions: 


C(x, 0) = 


_ {Co when 0 C(O. 1) =0. 
| 0 whenlL 


The solution is: 
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FIG. 4. Theoretical (dotted) and experimental (solid — curves 
for the liberation of helium. 
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The quantity of gas liberated in a vacuum in a 


period of time t 


#) dx, 


Q,(= 


r 


L 
i= 
2V Dt 


In Fig. 4 the theoretical curves 


— 


(3) 


indicated by dotted lines represent respectively 
solution (2) — curve a, and solution (3) — curve 4. 
If the experimental curves 


Q (t)/Q, =I 


are superposed on each of them in turn with the 
scale for the former along the abscissa axis, in such — 
a way that they coincide with the selected theoretic- 
al curve in at least two points, for example 


= Q/Qo = 0.5, 


then if all the remaining points coincide this would 
confirm the accuracy of the assumptions made for 
the calculation of the theoretical curve in question, 
while the presence of a deviation would indicate the 
nature of the error in these assumptions. For ex- 
ample, if the experimental curves were superimposed 
in the manner described with curve a and they were 
found to fall below this curve at a lot of abscissa 
values, but above in curve ), this would be a confir- 
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mation that 
D, < D;, 


if they were below curve b this would indicate that 


Dz > D,. 


The solid lines in Fig. 4 show experimental cur- 
ves treated in this way superimposed on curve a at 
points 


= = 0.5, 


It can be seen that they are considerably closer to 
curve a than to curve b. From this it may be con- 
cluded that under the conditions of this experiment 
practically no helium penetrated from the titanium 
into the molybdenum. This might occur either in the 
case where the coefficient of diffusion of helium in 
molybdenum D, is considerably less than its coeffi- 
cient of diffusion in titanium D,, or. where there is 
some kind of layer on the Ti-Mo boundary which is 
impermeable to helium. 

The nature of the deviation of the experimental 
curves from curve a is somewhat unusual. At the 
left-hand section the experimental curves systema- 
tically go below curve a and in the right-hand sec- 
tion they are above it, i.e. at the beginning of heat- 
ing, diffusion occurs more slowly than should be the 
case according to calculations, and subsequently 
it proceeds more rapidly. This cannot be attributed 
to the gradual increase in the temperature of the 


specimen, as the time taken to establish a given tem- 


perature (a few minutes) is incomparably less than 
the total duration of each experiment (hundreds of 


if 427 


FIG. 5. Temperature dependence of the diffusion coefficient 
of helium in titanium (in the co-ordinates 1/T, InD). 


minutes). The reason for this deviation has not 
been established. It is possible that it lies in the 
gradual annealing of the initially strongly deformed 
crystal lattice of titanium with the accompanying 
improvement of the conditions for the diffusion in it 
of helium. Also, the possibility is not excluded that 
these deviations are the result of the dependence 

of the diffusion coefficient on the concentration of 
helium in titanium. In this case it would be right to 
assume that diffusion is more rapid, as the concent- 
ration of gas in the metal is reduced. 

If these deviations were ignored and the calcula- 
tion could be made by using Fick’s equation (1) and 
the premises leading to solution of equation (2), it 
would be possible to calculate the average values 
for the diffusion coefficients from the experimental 
curves. These values are denoted by the points in 
graph of Fig. 5 expressing 


In D = f (1/T). 
It can be seen from the graph that the values ob- 
tained satisfy very well the exponential dependence 
of D on 1/T. It follows from this that 
D, = 1.1 x 10°* cm?/sec 


and that the energy of activation 


E = 16,100 cal /mol. 


The temperature dependence of the diffusion coef- 
ficient of helium in titanium may thus be represent- 
ed in the form: 
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_ 16 100 
D=1.1«107%e cm?/sec 


For comparison we give similar expressions 
published earlier, for the diffusion coefficient in 
metals of certain other inert gases: 


for argon in silver [7] 


_ 16900 
D=0.12e 7 


for xenon in uranium [8] 
30000 


De=_24 T 
Translated by V. Alford 
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THE INFLUENCE OF NEUTRON IRRADIATION ON THE STRUCTURE OF MOLYBDENUM* 
F.P. BUTRA 
(Received 29 February 1960) 


It is shown that neutron irradiation of molybdenum causes a sharp increase in the diffuse 
scattering of. X-rays and an increase of 0.03% in the lattice period. These effects are explain- 
ed by static distortions of the crystal lattice. They remain stable up to 600° and are then completely 


annealed out at 850°. 


Materials which have been subjected to irradia- 
tion in a reactor undergo a change in their physical 
and mechanical properties. For example, in metals 
irradiated at temperatures of up to 100° there is an 
increase in electrical resistivity and hardness and a de- 
crease in impact toughness; the material becomes brit- 
tle [1-4]. These changes are of course due to da- 
mage of the crystal lattice, the formation of fairly 
stable defects or complexes thereof. 

Adam and Martin [2] have observed an increase in 
the length of polycrystalline rods and in the dimens- 
ions of the unit cell of molybdenum irradiated at 
30° with varying doses of fast neutrons. At a flux of 
1.8 x 10'° n/cm? the rods were extended by 0.024% 
and the unit cell increased by 0.01 %. When the ir- 
radiated specimens were annealed they recovered 
their initial state (prior to irradiation) as regards 
both length of rod and the size of the unit cell. 

Bruch and others [3] observed increased hardness, 
strength, yield point and embrittlement of molybden- 
um irradiated by doses of up to 107° n/cm?. 

Kinchin and Thompson [4] observed an increase in 
the electrical resistivity of irradiated molybdenum 
proportional to the dose, up to fluxes of 2 x 10?° 
n/cm?. 

In this work an investigation was made of mono- 
crystals of molybdenum sheet 0.03 mm thick and 
polycrystalline wires 0.2 mm in diameter. These 
specimens were irradiated in a reactor RFT at a 
temperature up to 100° with integral flux 1.23 x 107° 
n/cm?, The fast neutron content of the flux was 
~ 35 %. 

After irradiation a sharp increase was observed 
in the diffuse scattering of X-rays, similar to that 
observed in the irradiated crystals of diamond, cor- 
undum and silicon [5] (Fig. 15). Laue photographs 


* Fiz. metal. metalloved., 10, No.2, 223-225, 1960. 


were made using a tube with a molybdenum anode. 
Cooling the irradiated crystal with liquid nitrogen 
caused no appreciable weakening of the intensity 
of the diffuse maxima. 

The polycrystalline wires were used to determine 
the variations in the magnitude of the unit cell. 
After irradiation the lattice period had increased 
from 3.1404 to 3.1414 + 0.0003 kg. 

Radiation damage of a crystal lattice can be re- 
moved by heat treatment. The irradiated specimens 
were therefore step-annealed at temperatures 190, 
200, 300, 350, 400, 450, 500, 600 and 830° with 
soaking times from 5 to 1 hr. Laue photographs of 
the monocrystals were made after each annealing to 
ascertain the change in the intensity of diffuse 
scattering, while powder photographs were made of 
the wires to determine variations in lattice period. 
The magnitude of the diffuse scattering was deter- 
mined by photometer comparison of the Laue photo- 
graph spots with their corresponding diffuse max- 
ima. 

In order to have the diffuse maxima and Laue 
spots in the straight line portion of the darkening 
curve of the film, the Laue pictures were made at 
the same low voltage and with the same zirconium 
filter, which caused a weakening of the Laue spots 
falling in the field of the selective absorption of 
zirconium. The intensity of the diffuse maximum 
was still dependent on the distance to the appro- 
priate Laue spot and this distance did not vary by 
more than 0.2 mm in the various X-ray pictures. 
Photometering was carried out on microphotometer 
MF-4 and curves were plotted through the points. 

Fig.2 shows the photometering curves for Laue 
reflections from the (200) plane with the appropriate 
diffuse maxima for an unirradiated crystal and an 
irradiated one both before and after annealing. The 
numbers inside the curves denote the area in per- 
centages, on the right is given the ratio of the areas, 
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Influence of neutron irradiation 


FIG. 1. Laue photographs of irradiated (b) and non-irradiated (a) 
monocrystals of molybdenum. 
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FIG. 2. Photometric curves for Laue spots and their corresponding 
diffuse maxima. 


which amounts to the ratio of the intensity of the Fig. 3 shows Laue photographs of a crystal an- 
diffuse maximum to the intensity of the Laue spot nealed at 830°, taken at room temperature (3a) and 
on the photograph. at liquid nitrogen temperature (35). The diffuse 
Comparison of the photmetric curves shows that maxima on the X-ray picture taken at the lower- 
annealing of an irradiated crystal at temperatures of | temperature are considerably less, which fact indi- 
up to 600° fails to eliminate those crystal lattice cates the thermal nature of the maxima. This anneal- 
distortions which have caused increase in diffuse ing also causes recovery of the lattice period to its 


scattering. This annealing also has only a small former value. 
influence on reduction in the size of the unit cell. From this work and a preceding one [5] it follows 


Annealing at 830° causes practically total disap- that diffuse scattering in irradiated crystals is 


pearance of the partion of diffuse scattering due to caused by those static disturbances of the lattice 


irradiation. which have a slight influence on changes in the 
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Influence of neutron irradiation 


FIG. 3. Laue photographs of a monocrystal annealed at 830 after irradiation; 
taken at room temperature (a) and at liquid nitrogen temperature (b). 


magnitude of the unit cell. In diamond, corundum, 
silicon and molybdenum for example, considerable 
diffuse scattering is observed (strong diffuse maxima) 
with residual increase in lattice period of respect- 
ively only 0.2, 0.04, 0.1 and 0.3 %. 

The reason for the appearance of the diffuse scat- 
tering effects described above must be found in a 
complex of defects — “braking” dislocations (ses- 
sile dislocations) and the interstitial atoms and 
vacancies associated with them. If individual de- 
fects of a crystal lattice cause increase in electric- 
al resistivity then complexes of such defects may 
well cause variations in mechanical properties. 

In molybdenum the part of diffuse scattering due 
to irradiation disappears after annealing close to 
the recrystallization point when the mobility of the 
atoms is so high that all the complexes of defects 
are “disolved”. 

Correspondingly, the resistance observed in 


structural changes which remain the same on an- 
nealing up to a temperature of 600°, means that 
changes in mechanical properties are also resistant 
to temperature. Therefore [3] molybdenum irradiated 
at 400° will have the same increase in hardness as 
that irradiated at 30°. 

It may be assumed therefore, that the diffuse 
scattering of X-rays in irradiated crystals is caused 
by the same aggregating of defects which are res- 
ponsible for the hardening and embrittlement of the 
material. 

The author wishes to express his sincere thanks 
to S.T. Konobeyevskii for his appraisal of the 
work and K.P. Dubrovina who carried out the irra- 
diation of the test specimens. 


Translated by V. Alford 
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INVESTIGATION OF REACTION DIFFUSION IN BINARY SYSTEMS 
OF THE TYPE “METAL-GAS”. IV * 
V.I. ARKHAROV and Ye.B. BLANKOVA 
Urals State University 
(Received 2] March 1960) 


As has already been mentioned [1] we have set 
ourselves the problem of finding, from information 
available in the literature and also from the results 
of our experimental investigations, the factors which 
determine the mechanism of diffusion in binary sys- 
tems of the type “metal-gas”. 

It is known for example, that oxidation in Fe and 
Co, which are neighbouring elements in the periodic 
table, proceeds differently. When Fe is oxidized 
scale formation occurs mainly as a result of diffus- 
ion of the metal. With the oxidation of Co on the other 
hand, the predominant role is played by oxygen dif- 
fusion. Another example: on transition from the sys- 
tem Cu-S to the system Cu-Fe and Cu-Te there is 
an increase in the part played by the metal in diffus- 
ion, but on transition (in the same direction) from the 
system Co-S to the system Co-Se, Co-Te on the 
other hand, there is an increase in the relative signi- 
ficance of the diffusion of the metalloid. 

In articles [1,2] we gave the results of investiga- 
tions made by us into the mechanism of diffusion in 
systems based on transition metals of the IVth 
period from Ti to Ni with sulphur, selenium and tel- 
lurium as the second components. These results 
may be summarized as follows. 

1) In all cases where the second component of the 
system is sulphur there is bilateral diffusion of the 
metals and sulphur. 

2) Among the systems with selenium three results 
are distinguished, on the basis of Ti, V and Co, for 
which in a certain temperature range (below 850, 

800 and 700° respectively) there is unilateral dif- 
fusion of the selenium’ and not until the tempera- 
tures are much higher does diffusion become bilat- 
eral. In all the other systems with selenium dif- 
fusion is bilateral. 

3) In all systems with tellurium, with the exception 
of the system Mn-Te, there is a range of temperatures 


* Fiz. metal. metalloved., 10, No. 2, 226-232, 1960. 
t To be more precise, we were unable to observe any. 
diffusion of the metal. 


in which diffusion of the metalloid is unilateral. In 
the case of the system Mn-Te where T < 650° tel- 
lurium diffusion is predominant but there is also 
diffusion of Mn. In the systems Ti-Te, Fe-Te, Co- 
Te, Ne-Te, at high temperatures (850, 800, 700, 
800 and 800° respectively) diffusion becomes bila- 
teral, while the role of the metalloid predominates 
right up to temperatures of 900-1000°. In the sys- 
tem Cr-Te unilateral diffusion of Te is observed 
right up to the melting point of the scale (~ 750°). 
In the system Mn-Te at a temperature above 650° 
the role of both components becomes roughly the 
same. 

In summary, it may be said that with transition 
from systems with sulphur to systems with selenium 
and further — with tellurium, there is an increase in 
the relative role of the metalloid in the process of 
diffusion (systems with selenium occupy an inter- 
mediate position; among them increase in the role of 
the metalloid is particularly noticeable for the sys- 
tems Ti-Se, V-Se and Co-Se). 

Mn occupies a special place among the transition 
metals. Unlike the other systems, on transition 
from Mn-S to Mn-Se there is an increase in the role 
of Mn, and with transition from Mn-Se to Mn-Te the 
role of the metalloid increases but not to the same 
extent as in other systems. 

We have already noted that the mechanism of 
reaction diffusion is determined mainly by three 
factors: the ratio of the dimensions of the diffusing 
particles of the components; the crystallo-geometric 
features of the products of reaction; the nature of 
the binding force between the components of a sys- 
tem. 

Analysis of the features of the diffusion mechan- 
ism in the systems studied shows that neither the 
first nor the second factors are able to cause the 
variations in the mechanism of diffusion described 
on transition from the sulphides to the tellurides of 
one and the same transition metal. Let us actually 
consider these factors as applied to the systems 
mentioned. 
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TABLE 1. Atomic and ionic radii of elements 


Element 


1. The table gives the atomic and ionic radii for 
S-Se and Te. Increase in the appropriate radii in a 
direction from S to Te ought to cause an effect con- 
trary to that observed: diffusion of the larger Te 
atoms or ions should be more difficult than diffusion 
of Se and much more difficult than diffusion of S. 
Consequently, the peculiarities of the mechanism of 
diffusion in the systems observed cannot be explain- 
ed by variations in the ratio of the dimensions of 

the component atoms on transition from the sulphides 
to the tellurides of the same metal. 

2. For the majority of systems of the type “trans- 
ition metal-sulphur (selenium or tellurium)” a char- 
acteristic is the formation of chemical compounds 
(chalcogenides) the crystallochemical features of 
which are very similar. Both the mono- and the 
dichalcogenides are distinguished by wide fields of 
homogeneity of phases. It has been established by 
a number of investigators [3-6] that variations in the 
composition of these phases occurs mainly as a re- 
sult of the appearance of vacancies in the cation 
sublattice. It would be natural to expect that the 
presence of cation vacancies in the lattice of the 
products of chemical reaction should facilitate dif- 
fusion of the metal in all systems and particularly 
in those where the concentration of vacancies is 
higher. 

In paper [5] it was shown, that on transition from 
the sulphides to the selenides and tellurides of the 
same metal there is an increase in the imperfection 
of their crystal lattices. Consequently, this factor 
also should cause an increase in the relative role 
of diffusion of the metal on transition from the sul- 
phides to the selenides and tellurides, i.e. once 
again the effect should be the exact opposite of that 
observed. 

3. It remains to suggest that the picture observed 
of the changes in the mechanism of diffusion, may 
be due to changes in the nature of the binding force 
between the components in the lattice of the respect- 
ive phases on transition from one system to another. 


Crystallo-chemical investigation shows that for 
formation of the structures NiAs, CdS, and types 
similar to them, one of the components of the com- 
pound must belong to a transition element [7, 8]. 

Of course, the formation of these compounds is due 
to features of the electron structure of the transi- 
tion elements and arises from particular aspects of 
the interaction between elements. This shows itself 
particularly in the heterodesmic nature of the chemic- 
al compounds. Thus in compounds with a structure 
of the type NiAs ionic, homopolar and mechanical 
bonds appear simultaneously, i.e. the nature of the 
interaction between different pairs of neighbours is 
dissimilar. The bond between the metal and the 
metalloid for example, is iono-homopolar, between 
pairs of metalloid atoms it is covalent, and between 
the atoms of the metal, arranged in a chain (in the 
direction of the C axis of the hexagonal lattice) it 
is homopolar-metallic. These conclusions have been 
drawn by various writers on the basis of a study of 
the structural features and the electrical and mag- 
netic properties of the compounds *. In lamellar 
structures of the CdS, type the bond has a homopo- 
lar- metallic character within the boundaries of each 
layer, while the individual boundaries are bonded 
by an interaction of the van de Waals type. 

As we have already noted however, the hetero- 
desmic nature is shown by all the chalcogenides of 
transition metals and the relative roles of ionic- 
homopolar and metallic bonds are dependent on the 
composition of the compound. 

In paper [7], it was shown that in nickel-arsenite 
structures homopolarity is increased on transition 
from phases with weakly polarizing anions to 
phases in which the anions are strongly polarized; 
the same thing occurs when a cation is exchanged 


* Compounds with a NiAs-type structure have highly 
peculiar electrical properties. Many of these com- 
pounds are semi-metals and the rest are semi- 
conductors [911]. 
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for a more highly polarizing one. 

It is known that the ability of ions to be polariz- 
ed is increased from above and to the left in the 
periodic system of the elements; the polarizing in- 
fluence of cations increases in a downwards direct- 
ion. However, with transition from the sulphides to 
the selenides and tellurides of the same metal, the 
role of the homopolar bonds in the compounds in- 
creases while the role of the ionic ones decreases. 
The substitution of sulphur by phosphorus, selenium 
by arsenic and tellurium by antimony should also 
cause increase in homopolarity. Change in a similar 
direction takes place in the bond on transition from 
the corresponding chalcogenides Ti and V to chalco- 
genides Zr and Nb. It is interesting that within the 
range of one period of the Mendeleef’s table, the 
tendency of the transition metals to the formation of 
homopolar bonds with metalloids varies aon-linearly. 
In Ehrlich’s work [5] it was shown that in a number 
of transition metals from Ti to Ni homopolar bonds 
are expressed strongest of all in the chalcogenides 
V-Co and Ti and least of all in the chalcogenides 
of Mn. In the latter (particularly in Mn sulphides) 
the ion interaction is strongest. In the same work 
it was shown that together with increase in the homo- 
polarity there is an increase in the defect structure 
of the cation sublattice of the corresponding mono- 
chalcogenides. A relationship could be established 
between the mechanism of diffusion in sulphides, 
selenides and tellurides of transition metals and the 
nature of the change in the bonding force between 
the components of these systems. 

Actually, in the chalcogenides of transition metals 
homopolar bonds are increased in the direction from 
sulphides to tellurides; it is in this same direction 
that we observe the increased role of metalloids in 
diffusion. Homopolar bonds are expressed strongest 
of all in the compounds of Ti, V, Co, while in a 
number of systems with Se, namely Ti-Se, V-Se and 
Co-Se the diffusion of Se predominates over that of 
the metals. 

Thus it appears that increase in the homopolar 
interaction between the components of a binary 
system assists diffusion of the metalloid and hinders 
diffusion of the metal (despite the fact that it is due 
to increase in the amount of defect structure in the 
cation sublattice of the forming phases and the in- 
crease in the size of the corresponding metalloid 
ions which occurs at the same time on transition 
from S to Se and Te). This influence of bonding force 
on the mechanism of diffusion can be explained by 
the fact that the presence of homopolar bonds bet- 
ween the metals and metalloids makes it possible 
for the metalloids to diffuse through the crystal 
lattice of the compound, not as negative but as 


positive ions. 

The homopolar bond in the chalcogenides of 
transition metals is apparently created by electron 
exchange between the metalloid and metal atoms in 
which the p- (or perhaps the s -) electrons of the 
metalloid and the partly filled d-shell of the metals 
are shared. I could be suggested that the energy 
fluctuation which brings about the elementary act 
of diffusion causes such a re-arrangement of elec- 
tron density that the metalloid virtually hands over 
part of its outer shell electrons to the neighbouring 
atom (or neighbouring atoms) of the metal. In this 
way a sort of “positively charged metalloid ion” is 
obtained which can pass into a metal vacancy *. 

As a result of this a locally varied arrangement of 
electron density is established with preservation 

of the electron neutrality of the aggregate of atoms 
which composes the nearest neighbourhood of the 
metalloid ion being translated to a metallic vacancy. 

The variation in the distribution of electrons des- 
cribed and the mutual arrangement of the atoms in 
the lattice also consitutes a single elementary act 
of diffusion. 

Thus, from the point of view expounded, the dif- 
fusion of metalloid ions might occur not only 
through the vacancies in its own sublattice but also 
through the vacancies in the sublattice of the met- 
al. Here with increase in the relative role of homo- 
polar bonds there should also be an increase in the 
probability of re-arrangement of the electron charge 
in the moment of the elementary act and consequent- 
ly, in the probability of the diffusion of the not very 
large “positive ions” of the metalloid through the 
metallic vacancies. This effect should be still 
further intensified by the fact that increase in homo- 
polar interaction causes increase in the number of 
defects in the cation sublattices, i.e. there is an 
increase in the number of possible positions for 
migration of the metalloid ions. 

This hypothesis regarding the mechanism of the 
diffusion of the metalloid does not deny the possi- 
bility of its diffusion in the form of “neutral” atoms. 
This possibility is to some extent realized for sys- 
tems which include sulphur’, but it could hardly 
occur in systems with Se and Te in which the neu- 
tral atoms are too big. 

On the other hand, the nature of electron exchange 
described above presupposes that with increased 


* The possibility of diffusion of the metalloid through 
metallic vacancies has been mentioned in paper [2 
for the case of self-diffusion in Cu,O (on the basis 
of the similarity of the activation energy values for 
Cu and OQ). 

t In this connexion see the report by A.K. Semenova 
in paper [13]. 
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homopolarity there is a reduction in the electron 
charge of cations, some increase in their ionic ra- 
dius and consequently, there is to some extent a 
reduction in their diffusion mobility. 

Besides this, the electro-positive character of the 
change of metallic atoms is not the same in all the 
chalcogenides of transition metals and becomes less 
as the polarizability of the metalloid increases [8]. 
Transition from S to Te reduces the electro-positivi- 
ty of the chain somewhat altering the nature of the 
interaction in the lattice. Because of this the dis- 
tance between the metallic atoms in the chains is 
reduced [5, 8] (here there is apparently an increase 
in the electron exchange between s-, p- and d- 
electrons of the transition metal atoms). In other 
words, the bond between metallic atoms is strenghen- 
ed with increase in the energy barriers between them 
and reduction in the possibility of their diffusion 
translation (which again agrees very well with ex- 
perimental data on the variations in the mechanism 
of diffusion on transition from one system to the 
other). 

We recall [14] that in all cases where we have 
knowingly selected the components of binary systems 
on the principle of increasing homopolar interaction, 
we have obtained the results expected. For instance, 
transition from the systems Fe-S and Co-S to the 
systems Fe-P and Co-P, from systems Ti-S, Ti-Se, 
Ti-Te and V-S, V-Te to similar systems based on 
Zr and Nb led as we expected, to increase in the 
relative role of the metalloid in diffusion. 

We consider that the character of the atomic inter- 
action of the components of a binary system should 
be the most important factor determining the mechan- 
ism of diffusion, not only in the systems studied 
above but in all cases of reaction diffusion. The 
bonding forces generated on the interaction of the 
atoms of two elements are, of course, only attribut- 
able to their electron structure, since the type of 
diffusing particles (atoms or ions with varying 
charges), the ratio of their sizes and finally, the 
crystallogeometric features of the products of react- 
ion, are all dependent on the nature of the bonding 
forces. 

In a number of cases lattice defects are known to 
be caused by the simultaneous appearance of bonds 
of different types. Ions of the same component may, 
depending on their nearest neighbours, acquire a 
different effective charge, while increase in the 
charge of a metallic ion is accompanied by the emer- 
gence of vacancies in the cation sublattice, and 
reduction in the charge causes vacancies in the 
anion sublattice. We have already noted for example, 
that increase in the relative role of homopolar bonds 
in the monochalcogenides of transition metals 


causes an increased concentration of vacancies in 
the lattice. 

It appears then, that when making a preliminary 
appraisal of the mechanism of diffusion in differ- 
ent systems, one should begin with an analysis of 
the bonding forces between the interacting ele- 
ments. 

If one particular type of bond appears to pre- 
dominate in a compound and if the components take 
an equal part in the creation of these bonds (bonds 
of the ionic, covalent, metallic types), then the 
direction of diffusion or the relative role of the com- 
ponents will apparently be dependent principally on 
the ratio of the radii (respectively, ionic, covalent 
or metallic). 

If heterodesmic bonds are formed in the process 
of reaction diffusion, then it will be important in 
analysing the mechanism of diffusion to allow for 
the relative role of the homopolar bonds. 

From what has been said above, the difference 
in the variations of diffusion is understandable, on 
one hand, on transition from the systems Cu-S to 
Cu-Se and so on to Cu-Te [15] and, on the other 
hand, on transition from systems Ti-S, V-S, Co-S 
to systems Ti-Se, Co-Se and Ti-Te, V-Te, Co-Te. 
Copper is not a transition metal and the bonds in 
its chalcogenides are mainly of ionic character 
with ions of the components being the princiyal dif- 
fusing particles — the positive copper ions and ne- 
gative sulphur-selenium and tellurium ones. As the 
latter are considerably larger than the former and 
they are increased in the direction from S to Te 
then, of course, there will be a reduction in diffus- 
ion role of the metalloids in this same direction. 

While sulphur diffusion is still noticeable in the 
systems Cu-S, in the systems Cu-Se and Cu-Te 
practically no Se or Te diffusion is observed. Ac- 
cording to our hypothesis, the variations in the 
mechanism of diffusion in the second group of sys- 
tems are due to increase, on transition from S to 
Se and Te, in the role of homopolar bonds and have 
a completely different nature. 

Let us now, on the basis of these considerations, 
try to analyse the reaction diffusion in metal-oxygen 
systems. 

The following is known regarding the bonding 
forces in oxides: 

1) ionic bonds predominate in the oxides of non- 
transition metals; 

2) in the oxides of transition metals homopolar 
bonding appears together with ionic; 

3) according to paper [5] the “most ionic” of the 
oxides of transition metals are those of man- 
ganese. On the other hand, homopolar bonds 

appear strongest of all in the oxides of Ti, V, Co 
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and Ni. Transition metals of the Vth and VIth 
period tend even more toward homopolar interaction 
with oxygen than those of the same groups in the 
IVth period. 

In ideally ionic oxides, diffusion of the metal 
should predominate in the process of oxidation, 
since the radius of the metal ions is less than the 
radius of the negative oxygen ions, and diffusion 
of oxygen in the form of neutral atoms is very unlike- 
ly in an ionic compound. 

The oxides of Cu and Zn are not ideally-ionic but 
predominantly ionic, and therefore, according to our 
views, diffusion of the metal should be predominant 
in the oxidation of Cu and Zn. The mechanism of 
the oxidation of Mn should be very similar to that of 
Cu, except that the diffusion of oxygen-should here 
play a relatively larger role than it does on the 
oxidation of Cu (greater homopolarity). 

Cases of Ti-V-Co- and Ni oxidation should be 
similar in mechanism. Diffusion of oxygen should 
play a considerably greater part in these systems 
than in the oxidation of Cu-Zn and Mn. 

The mechanism of the oxidation of Fe and Cr 
should occupy an intermediate position. Oxygen dif- 
fusion should play an even greater part in the oxida- 
tion of Zr-Nb-Mo and W than in Ti-V and Co, as the 
polarizing effect of the former is greater and homo- 
polar bonds are more strongly expressed in their 
compounds. 

Insofar as oxygen ions are smaller than the cor- 
responding sulphur ions, then on the oxidation of 
transition metals in whose compounds there is 
strong homopolarity, oxygen diffusion will be poss- 
ible not only through anion and cation defects, but 
also through the interstices. The relatively higher 
role of the metalloid in diffusion in the systems 
Si-O, Co-O, Mn-O, than in the systems Ti-S, Co-S, 
Ni-S could be due to this. These considerations 
regarding the mechanism of the oxidation of metals 
are in agreement with the experimental data which 
are reviewed in [16]. 


CONCLUSIONS 


1. Analysis of experimental data on reaction dif- 
fusion in binary systems of the type “metal-gas” 


and general theoretical considerations lead to the 
conclusion that of all the crystallo-chemical fact- 
ors influencing the mechanism of the process, the 
predominant role is played by the nature of the 
bonding forces between the components of the sys- 
tem in the crystal lattices of the reaction products. 

2. In the systems “transition metal-metalloid 
(gas )” the increase in the relative role of homo- 
polar bonds in the compounds may be connected with 
the increased relative role of metalloid diffusion in 
the general process of reaction diffusion. 

3. A hypothesis is put forward concerning the pos- 
sibility of an elementary act of diffusion during which, 
due to the existence of homopolar bonds, there is 
local redistribution of electron density with the 
formation of an aggregate of atoms which includes: 

1) a metalloid ion arranged in a vacancy of a 

metallic sublattice (“positive ion” of the metal- 
loid) and 

2) as its nearest neighbours, metal ions with 

locally varied valence. 

4. This hypothesis would explain the variations 
observed experimentally in the relative diffusion 
role of components with variations in the composi- 
tion of binary diffusion systems, particularly where 
these could not be explained from the position of 
crystallo-geometric considerations alone. 

5. In the light of these ideas the mechanism of 
reaction diffusion has been studied and explained 
in a number of binary systems including, on one 
hand, any metal of the series 


Ti, V , Cr, Mn, Fe, 
Co, Ni, Cu, Zn, Zr, 
Nb, Mo, W 
and, on the other, any metalloid of the series 
O, S, Se, Te, 


and also in the systems 


Fe-T, Co-P,. Ni-P. 


Translated by V. “iford 
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DIRECTION OF PREFFERRED GROWTH IN METALLIC CRYSTALS FROM THE MELT* 
V.O. YESIN 
Institute of the Physics of Metals Academy of Sciences U.S.S.R. 
(Received 14 January 1960) 


On the basis of ideas regarding the anisotropy of the rate of growth of different crystallographic 
faces of a crystal, an attempt is made to explain experimentally the preferred directions of growth 
found in very pure metals. The probability was calculated, of the appearance of two-dimensional 
units on (111) and (100) faces for a face-centred cubic lattice of lead, as a function of supercooling. 
It was shown for metals, that in any type of lattice the most closely packed planes will have the 
maximum relative rate of growth in strongly supercooled solutions and the minimum rate under condi- 
tions close to equilibrium, by virtue of which in pure metals they undoubtedly determine both the 
crystallographic orientation of dendrites as well as the equilibrium form of crystal-faces. 


Internal anisotropy of crystal structure is exhibit- 


ed in the existence of preferred directions of growth. 


Preferred directions of growth are usually deduced 
from the appearance of textures in the process of 
crystallization or from the crystallographic orienta- 
tion of dendritic axes. From experimental data on 
each crystalline structure the direction of prefer- 
red growth of the crystals may be found. Available 
experimental material however, does not yet permit 
formulation of a general relationship between the 
preferred directions of growth observed and the type 
of metal lattice, nor is it possible to attribute it to 
anisotropy of the properties of the crystalline struc- 
ture in question [1]. 

As has already been recently discovered by 
Rosenberg and Tiller [2], in very pure lead after 
zonal recrystallization the crystallographic orienta- 
tion in the columnar zone of an ingot changes and, 
instead of the usually observed <100>, it becomes 
<111>. These results permit the authors to draw 
the very important conclusion that the usua!ly ob- 
servable preferred orientation <100> for face- 
centred cubic structures in the columnar zone of an 
ingot is due to the presence of soluble impurities in 
the melt. Thus it seems that even quite an insigni- 
ficant amount of an impurity (for example 0.0005 % 
Ag in Pb) may have a considerable influence on the 
course of the process of crystallization and alter 
the anisotropy of the rate of growth of metallic 
crystals. 


* Fiz. metal. metalloved., 10, No.2, 233-239, 1960. 


Analysing the theory of the equilibrium form of 
crystal faces (theory of Bravais and Kossel’- 
Stranskii) and comparing it with experimental mater- 
ials with respect to the fine structure of the crystal- 
lization front, the writers have come to the conclus- 
ion that there should be some relationship between 
the texture in the columnar zone of an ingot and the 
preferred orientation of the crystal faces for equi- 
librium forms of growth. They have evolved the 
theory that in very pure metals the texture in the 
columnar zone of the ingot is apparently dictated 
by the crystallographic indices of the faces which 
determine the equilibrium form of the crystals. 

In 1959 Walton and Chalmers [3] showed experi- 
mentally that preferred orientation in the columnar 
zone of an ingot is only developed where prefer- 
red directions of growth become apparent in the 
process of dendritic growth. However, the mechan- 
ism of the effect suggested by the writers does 
not explain variations in the crystallography of den- 
dritic growth nor the appearance of new preferred 
directions of growth in the columnar zone for very 
pure metals. The experimental data obtained by 
Walton and Chalmers in this work for very pure lead 
actually throw doubts on the results of paper [2]. 

In a tricrystal of lead, purity 99.999 %, it was found 
that the competitive growth of crystals with orient- 
ation <100> and <111> leads to the “wedging out” 
of the <11]> crystal and to the development of a 
<100> texture. 

There is thus no united opinion on the nature of 
the mechanism of this phenomenon and what is 
more, the experimental data of different writers are 
contradictory. It must be noted that the atomic and 
thermodynamic interpretation of the directions of 
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preferred growth in metallic crystals, as also the 
relationship between the dendritic and continuous 
forms of growth, remain one of the principal unsolv- 
ed problems in the field of crystallization [1]. 

It seems to us that the change in the texture of 
the columnar zone of very pure lead, noted in paper 
[2], cannot be accidental. As may be concluded 
from experiments [4] there are some grounds for ex- 
pecting variations in the texture of the columnar 
zone in very pure tin from <110> to <100>, accord- 
ing to the hypotheses of Rosenberg and Tiller. More- 
over, it will be found that the faces which particip- 
ate in the equilibrium formation of crystal faces and 
therefore (according to the Curie-Wolfe theory) those 
which grow slowest of all, should, in conditions far 
from equilibrium, show the maximum rate of growth 
and determine the preferred direction of growth of - 
the crystals. 

There should be a variation in the anisotropy of 
the rate of growth of faces with variations in super- 
cooling. A similar effect is known for ionic salts. 
For example, in an earlier work by Hille, Rall and 
Schlipf [5] it was found that for alkaline halides of 
the rock salt type with a small amount of super- 
cooling the dendrites grow in the <111> direction, 
with medium supercooling — in the <110> direction 
and with strong supercooling — in the <100> direc- 
tion. The results obtained permited an explanation 
on the basis of calculations (according to Fulmer 
and Stranskii) of the work of nucleation at the apex 
of the angle, edge and plane in the equilibrium form 
of ionic crystals. As shown by the calculation, the 
probability of the formation of a two-dimensional 
nucleus at the apex between edge and plane is con- 
siderably reduced by supercooling. It must be noted 
here that the use in this case of the model of a two- 
dimensional nucleus is apparently reasonably ac- 
curate, and there is no need to call upon a disloca- 
tion to explain the growth of crystals from the molt- 
en state [6]. It is probable however, that the pres- 
ence of suitable dislocations would assist the form- 
ation of new layers, particularly with slight super- 
cooling, when the probability of the fluctuation 
formation of two-dimensional nucleii is practically 
nil [7]. 

Let us calculate the so-called “linear rate of 
growth” of the faces for the face-centred cubic lat- 
tice of lead. According to an analysis already made 
by Tammann [8], this is the rate of displacement of 
a specific crystallographic plane where solidifica- 
tion occurs parallel to it. This is a vector and its 
value is a function of the degree of supercooling 
and crystallographic orientation. Generally speaking, 
this is a function with a maximum. The absolute 
value of the rate of growth and the supercooling 


corresponding to its maximum, are different for 
different planes. According to the ideas developed 
by Brandes, Marder, Fulmer and Stranskii, the rate 
of growth of a face is made up of the rate of the 
formation of two-dimensional nucleii and the rate 
of their tangential development. The slower process 
which limits the general growth rate of the face, is 
generally the appearance of two-dimensional nuc- 
leii. It may therefore be assumed that the rate of 
growth of a face is proportional to the probability 
of the formation of two-dimensional nucleii, which 
in a general form can be written as follows: 


=zNexp (— A/kT), 


where z is the frequency of collision of particles 

of the molten metal from one of the lattice 
positions on a given crystallographic 
plane; 

N is the number of lattice positions taking 
part in nucleation; 

A is the work of formation of a two-dimension- 
al nucleus. 

According to Turnbull and Fisher [9], who ap- 
plied the idea of absolute speed of reaction to 
nucleation in condensing systems, the probability 
of the transition of an atom across the phase sur- 
face must be calculated. This probability can be 
written in the following form: 


w= exp (— QURT). 


Then z, the frequency of collision, can be found 
through the probability of translation 


w=c exp (— Q/RT), 


where uy denotes the free energy of one bond for 
an atom in the crystal; it is found from 
go, the surface tension at the crystal-melt 
interface; 

k is Boltzmann’s constant; 

T is absolute temperature; 

h is Planck’s constant; 

Q is the activation energy for the translation 
of a particle from the molten metal to the 
adsorption layer on the crystal face. 

This tranlation is a process of exchange of posi- 
tions which does not differ greatly from diffusion 
or viscous flow. It would be therefore reasonably 
accurate to take for the value of the energy of 


activation of self-diffusion in a molten metal, or of 
viscous flow [10]. The value N indicates the number 
of lattice positions required on the plane in quest- 
ion for the formation of a nucleus. At low nucleation 
frequencies, before each nucleus grows a complete 
erid surface, N will be equal to the total number 

of lattice positions on the surface in question. With 
intensive supercooling and dendritic growth, the 
probability of nucleation is very high. As it already 
follows from the determination of a nucleus, its 
growth rate immediately after emergence is zero and 
becomes finite after a definite incubation period [5] 
(this is apparently related to the time necessary 

for the removal of the latent heat of crystallization 
liberated upon the fluctuation formation of a nucle- 
us). At high nucleation frequencies the period of 
time between two nucleations is less than the incu- 
bation period of growth. Then N should be regarded 
only as the number of particles in a nucleus of critic- 
al size. 

Thus it is in principle possible to calculate the 
probability of the nucleation of two-dimensional 
embryos on different faces as a function of super- 
cooling for any concrete system. But v.hile this is 
quite simple for ionic crystals, for metals this cal- 
culation can only be made as a first approximation. 
The fact is, that to calculate the work of nucleation 
of an embryo of critical size and the number N, the 
surplus free energy of the edge of a two-dimensional 
nucleation at the different faces must be calculated. 
This requires knowledge of the precise law of inter- 
action of particles in the metal lattice (as a function 
of the distance between particles), and also of the 
surface energy of the crystal melt interface. There- 
fore, calculation need only be made of the inter- 
action between neighbours while the surface tension 
is found from experimental data [11]. The value of 
o for lead obtained in Turnbull’s work [12], must 
obviously be regarded as highly exaggerated, as the 
kinetics of crystallization in drops about some 
tenths of a micron in diameter can differ consider- 
ably from those in large volumes. The approximate 
value of surface tension can be obtained from the 
ratio of the heats of fusion and sublimation close to 
the melting point, using the value of the surface 
tension for molten lead o’: 


AH al 


For lead this calculation produces o = 12 ergs/cm? 
at the crystal melt interface. Nevertheless it can 
be shown that the qualitative behaviour of the pro- 
bability curve for the nucleation of two-dimensional 
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nucleii on different faces remains unchanged for 
a wide range of variation of the value o, which is 
very important for our discussions. 

The nucleation probability of two-dimensional 
nucleii on the (111) and (110) faces was calculated 
for lead. {111) is the more densely packed face in 
the face-centred cubic lattice, while (100) is next. 
The final calculated formulae have the following 
form: 


6ugT 
= % h [1+ SHAT Gras +1)|x 
of & 
X exp (— Q/kT) exp {— +1]}; 


AH4ST 


where ¢, is a certain constant of proportionality; 
AH is the specific heat of fusion of lead at 
the melting point; 
AT is the extent of the supercooling of the 
melt. 

The relevant curves are shown on the graph. From 
these curves it can be seen that the ratio of nuc- 
leation probabilities varies inversely on going to 
intense supercooling. 

Thus in fact, if in the case of slight supercooling 
in conditions close to equilibrium the (111) planes 
grow more slowly and in the main determine the 
crystal faces of the equilibrium form of the crystal, 
then under conditions of intense supercooling they 
have the greatest relative rate of growth. This 
makes it possible to determine the crystallographic 
orientation of the dendrite and texture axes in the 
columnar zone of an ingot of a very pure metal with 
a face-centred cubic lattice. Analysing the factors 
which lead to anisotropy of this type of growth rate 
where there are no impurities in the melt, when the 
kinetics of the process are determined by the fre- 
quency of the two-dimensional nucleation on the 
faces, it seems possible to draw the following 
conclusions: 

1) when supercooling is intense, the anisotropy 

in aa growth rate of the different crystallo- 
ae faces is quite sharp, which may be one 
e main reasons for the appearance of 

at forms of growth in metallic crystals 

from a melt; 


(100) = 4- exp (— Q/kT) exp 


Preferred growth in metallic crystals 


FIG. 1. The probability of the appearance of two-dimensional nuclei on 
(111) and (100) faces of a lead crystal as a function of supercooling 


of the melt. 


2) the nature of this anisotropy is such that the 
maximum relative growth rate should be shown 
by the most closely packed face for the struct- 
ural type of lattice (cubic face- and body- 
centred, hexagonal, tetragonal, etc. etc.). 

It seems to us that the following may be explain- 

ed on the basis of these results: 

1) the existence of preferred directions of crystal 
growth; 

2) the appearance of a <111> texture in the col- 
umnar zone of a pure lead ingot; 

3) the proposition by Rosenberg and Tiller that in 
very pure metals the preferred directions of 
growth will be decided by the preferred orient- 
ation of the equilibrium formation of crystal 
faces (the more closely packed plane in a 
lattice); 

4) the possibility that the same faces of a crystal 
may under different circumstances show either 
an extremely slow growth rate or the maximum 
relative growth rate. 

It seems to us the possibility immediately pres- 
ents itself of relating the directions of preferred 
growth observed during the crystallization of pure 
metals to the internal anisotropy of crystal struct- 


ures (anisotropy of binding forces). 

It would be interesting to analyse certain experi- 
mental facts on the basis of these hypotheses. 

I. The experiment by Walton and Chalmers [3] on 


‘a tri-crystal of very pure lead (99.999 %), which 


throws doubt on the results of paper [2]. 

Firstly, the purity of the lead may be insufficient, 
so that as shown by Rosenberg and Tiller, the in- 
troduction of only 0.0001 % Ag may considerably 
alter the anisotropy of the growth rate. But this 
quantity of impurity is found within the limits indi- 
cated for lead in the experiments by Walton and 
Chalmers. 

Secondly, and this appears to be the more import- 
ant, when one already completed face of a crystal 
is in contact with the melt no appreciable super- 
cooling of the melt will be possible, as the growth 
rate of the face would then increase very rapidly, 
leading to the liberation of a large quantity of the 
latent heat of crystallization which would reduce 
the supercooling of the melt at the crystallization 
front. And with slight supercooling we have the 
same ratio between the growth rates of the faces 
(see illustration) which in lead would cause the 
suppression of a crystal with the <111> orientation 
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by crystals with <100> orientation. 

Thirdly, when the columnar zone of an ingot crys- 
tallizes, supercooling of the melt is always much 
greater, as centres of the new phase must be form- 
ed here (homogeneous or heterogeneous — on their 
own oxides or on the mould wall), which means there 
must be considerable supercooling before any rea- 
sonable probability of their generation is reached. 
Therefore the crystallites which appear under these 
conditions are in contact with a considerably super- 
cooled melt and may grow in the form of dendrites 
with degrees of anisotropy which will cause the ap- 
pearance of a <1]]> texture in the columnar zone of 
a pure zinc ingot or <100> in the case of tin. 

In this way therefore, it may be said that the ex- 
perimental data on the tri-crystal do not throw any 
doubts on the results of paper [2]. 

II. Edmunds’ experiments [13] are a detailed in- 
vestigation of preferred orientations in ingots of 
zinc and cadmium. The metals used in these experi- 
ments were at the time guaranteed to be of extreme- 
ly high purity. Edmunds found the existence of two 
preferred orientations in zinc and cadmium ingots: 
the one at the mould wall had an <001> axis normal 
to the cooling surface and the other, in the columnar 
zone, had the < 210> direction parallel to the direct- 
ion of the flow of heat. Between them there was an 
intermediate zone with a certain tendency for the 
(101) plane to be parallel to the surface of the crys- 
tallization front. These results are very important 
and it seems to us, might be explained in the follow- 
ing manner. 

In the first moment after the metal is poured into 
the mould, its temperature on the cold wall will 


drop to that necessary for the nucleation of centres of 


the new phase [3]. The emeging nuclei will grow 
for some time in a strongly supercooled melt with an 
anisotropy at the growth rate, which will cause the 
appearance of dendrites with <001> axes, according 
to the conclusions made in the present work. Com- 
petitive growth of these dendrites may cause the ap- 
pearance in the ingot of a <001 > texture [2]. But 
this is only accurate for a metal without any impur- 
ities. 
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PHASE TRANSFORMATIONS y ~ @ DURING THE AGEING OF 18-8 TYPE STEELS 
PREVIOUSLY DEFORMED AT A NEGATIVE TEMPERATURE * 
A.N. CHUKHLEB and V.P. MARTYNOV 
(Received 8 March 1960) 


Ageing processes were studied in 18-8 type steels previously deformed at a negative temperature. 
The appearance of secondary hardness was established on ageing in the temperature range 225 to 425°. 
It was found that the soaking time during ageing has an influence on phase variations and the proper- 


ties of 1KH189T and 1Kh18N9 steels. 


Austenitic steels of the 18-8 type are very widely 
used today. The heat treatment of these steels 
shows no appreciable influence on mechanical pro- 
perties. For austenitic steels it is therefore extreme- 
ly important that there should be another way of in- 
creasing the mechanical properties by deformation. 
Deformation of a 18-18 type steel under conditions 
of intense cooling causes considerable hardening 
since, besides that due to shearing there is hard- 
ening due to the active formation of an alpha phase, 
i.e. martensitic deformation. Steel hardened by plas- 
tic deformation at a negative temperature can be 
made even harder with subsequent ageing [1]. The 
mechanism of the variation in the properties of 
steels deformed at low temperatures when they are 
subsequently heated, is of considerable interest. 

In this work 18-8 type steels, 1Kh18N9T and 
1Kh18N9, were investigated. The steels were de- 
formed in tension. The phase changes were checked 
by X-ray diffraction and magnetic methods using the 
“Ferrotester” type 2738/s-3 produced by the firm of 
Orion K.T.s. after soaking at 200, 300, 400, 450, 
500 and 600°. 

In the steels examined the phase variations were 
to a considerable extent dependent on the tempera- 
ture of deformation. In specimens deformed at —183° 
the amount of alpha-phase was 25 to 30 times great- 
er than that in the specimens extended the same 
amount at room temperature. According to X-ray 
photographs, for example in specimens deformed at 
— 183°, (6 = 27 %), the alpha-phase amounted to 
~ 60%, while specimens extended the same amount 
at room temperature gave no alpha-phase lines. 

The amount of alpha-phase as a function of the 
conditions of deformation was determined by the 
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X-ray method a comparison of the intensity of the 
photometric curves of interference lines (111) Kg 
and (110) K,. Where the amount of alpha-phase is 
low and its dispersion is high the sensitivity of 
the X-ray analysis is not sufficient. The magnetic 
method with the “Ferro-tester” permitted the invest- 
igation of the y + a decomposition even in the ini- 
tial stages. 

Phase variations in 18-8 type steels are depend- 
ent both on temperature and degree of deformation. 
The amount of alpha-phase formed in tension will be 
greater the lower the temperature and the higher the 
degree of deformation. In subsequent investigations 
of the process of ageing, specimens were deformed 
at the same temperature (— 183°) with the same de- 
gree of deformation (5 = 30% for steel YA1T and 
5 = 38% for steel YA1). 

The phase transformations which occur in the 
process of deformation significantly change the 
mechanical properties of steels. The table gives the 
mechanical properties of these steels investigated 
with respect to the conditions of deformation in 
tension *. 

By the method of consecutive deformation [2] 
starting at 20° and then at —183° suggested by the 
authors, it is possible to achieve high plastic pro- 
perties for these steels (6,,, = 80%) with high values 
for the other hardness characteristics. 

The processes of ageing were investigated both 
on steels deformed only at —183° and on those which 
had been deformed first at 20 and then at —183°. 
The soaking time at the ageing temperatures were 
30, 60, 120, 180 min. At the optimal ageing tempera- 


* With combined deformation the specimens were first 
deformed in tension at room temperature up to 0= 42% 
for Ya] and 39.5% for YalT, (which is 0.9 percent- 
age of the elongation value for these steels at 20°), 
and then at — 183° — to fracture. 


Phase transformations 


Hardness 
in initial 


State of suse 


material | 


Mechanical properties 


Hardness after 
deformation 


Rc 


1Kh18N9 Quenching 
The same _ from 1150 
The same in water 
1Kh18N9T The same 
The same The same 
The The same 


* Preliminary deformation at room temperature was 0.95 + 20°. 


3 hr 


FIG. 1. Relative variation in magnetic susceptibility 
K in steel 1Kh18N9T with ageing time at 


temperatures: 
1-200; 2-300; 3-400; 4-450; 
5-500; 6-550; 7-600. 


Deformation temperature — 183°, 5 = 30%. 


tures the specimens were held for 120 hr. It has 
been mentioned above that on formation of the alpha- 
phase in austenitic steels, hardening is composed 
of two forms, shear and structural. 

In certain austenitic steels the formation of mar- 
tensite does not occur immediately on plastic de- 
formation. It occurs on subsequent heating [5]. In 
this case shear deformation permits more rapid de- 
composition of the austenite than is usual on the 
decomposition of plastically deformed non-stable 


\2 


i 


200 400 600°C 


FIG. 2. Variation in hardness (curve 1) and 
relative magnetic susceptibility K (curve 2) 
of steel 1Kh18N9T with ageing temperature. 
Deformation temperature — 183°, 
5 = 30%, 


ageing time | hr. 


structures the process of heating. In the process of 
heating 18-8 type steels which have heen previous- 
ly deformed at negative temperatures, decomposi- 
tion of the deformed austenite is possible and the 
formation of an alpha phase around the precipitated 
carbides, and also precipitation of carbides from 
the alpha phase formed in the process of plastic 
deformation. At higher ageing temperatures there 
may be a phase transformation of the deformed 
alpha phases and aged alpha phase to the gamma 
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Phase transformations 


A— Yal 
—YalT 


0 100 200 300 ¥00 500 600 °C 


FIG. 3. Variation in the amount of magnetic phase in 
steels Ya] and YalT with ageing temperature. Ageing 
time |] hr, x — amount of magnetic phase in 

nominal units. 


phase. Fig. 1 shows the relative variation in mag- 
netic susceptibility in specimens of steel YalT 
deformed at —183° (5 = 30%) and aged at various 
temperatures. Maximum increase in the magnetic 
phase is observed at an ageing temperature of 
about 400°. The time factor in the ageing of steels 
previously deformed under low-temperature condi- 
tions, plays a greater part in the intitial period of 
the process. 

Fig. 2 shows the relative variation in magnetic 
susceptibility and hardness in specimens which 
have undergone ageing for 1 hr in the temperature 
range 100-600°. In the range 225 -425° the amount 
of magnetic phase increases on ageing. Ageing at 
temperatures above 425° causes a reduction in mag- 
netic susceptibility which is apparently due to 
transition from the alpha phase to a gamma solid 
solution as a result of the commencement of inverse 
martensitic transformation a> y. 

The variations in the phase composition of the 
steel in the process of ageing indicate its influence 
on properties. In specimens aged in a limited range 
of temperatures there will be increase in hardness. 
The maximum increase in hardness is found under 
the same conditions at which there is maximum in- 
crease in the magnetic phase. 

In our work, investigation was also made into the 
influence of ageing conditions on phase variations 
and properties of steel 1Kh18N9 previously deform- 
ed at low temperatures. 38 % deformation in tension 
was given at —183°. The following ageing temper- 


5 10.15 20 25 30 35 6% 


FIG. 4. Influence of the extent of deformation on in- 
crease in ‘the magnetic phase on ageing in steel 


1Kh18N9T: 

1 — variation in the quantity of magnetic phase after 
elongation at — 183°; 

2 — variation in the quantity of magnetic phase after 
elongation at — 183° and subsequent ageing at 
400° for 1 hr. x — quantity of magnetic phase in 
nominal units. 


atures were used: 200, 300, 400, 500, 600°C. In the 
temperature range specified magnetic susceptibili- 1 
ty and hardness increased in the specimens which 
had undergone ageing. 
The intensity of the variation in magnetic sus- 
ceptibility and hardness after ageing was some- 
what less in steel Yal than in YalT. Variation in 
the magnetic phase of steels Yal and YalT relat- 
ed to ageing temperature is shown in Fig. 3. 
In specimens of Yal after 38 % deformation in 


tension at —183° and soaking at 600° for 1 hr, no 


alpha was revealed either by the X-ray or mag- 
netometric methods. In specimens of steel YalT 
deformed by 30% in the same conditions with ex- 
actly the same soaking at 600°, a small amount of 
magnetic phase was revealed by the magnetometric 
method only (Fig. 3). 

Previous plastic deformation has a considerable 
effect on phase changes which take place on sub- 
sequent heating. This influence is due to the emer- 
gence of residual elastic stresses and consequent- 
ly, to change in the energy state of the crystal lat- 
tice of the deformed metal. The extent of the pre- 
liminary deformation effects the intensity of the 
variation in the magnetic phase on ageing (Fig. 4). 
The greater the deformation, the more intensive 
will be the formation of the magnetic phase in the 
process of ageing. It is not only the degree of de- 
formation but also apparently, the form of deform- 
ation, which has an influence on phase variations 
on ageing. 
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Phase transformations 


FIG. 5. Influence of ageing time at 400° on variation in magnetic phase 
in steels type 18-8: 
1 — steel YalT. Deformation temperature + 20° Ore = 39.6 %),and 


then at — 183° Brot = 80 %); 


2 — steel YalT. Deformation temperature — 183° (5 = 30%); 
3 — steel Yal. Deformation temperature + 20° Orre = 42.3%), and 


then — 183° (6, = 80%). 


x — quantity of magnetic phase in nominal units. 


In paper [3] no increase in the quantity of the 
magnetic phase on ageing was observed in 18-8 
type steels (deformation in torsion at — 183°). 

The influence of time on the variation of the mag- 
netic phase was investigated at the optimal ageing 
temperature (Fig. 5). The main variations occur in 
the initial period of the holding process. The in- 
crease in alpha phase and in hardness which occurs 
when the ageing period is prolonged, is very slight. 
The hardness of steels deformed in the combined 
conditions up to 5,,, = 80% after a for 120 hr, 
is 59-60 Rc for steel YalT and 54-55 Re for Yal. 

The use of negative temperatures in pr th pro- 
duction processes: drop forging, rolling [4] and 
others connected with plastic deformation, provides 
for considerable increase in the properties of 18-8 
type steels. Further increase in properties can be 
provided by subsequent ageing. 


CONCLUSIONS 


1. Investigation has been made into the process 


of ageing in 18-8 type steels previously deformed 
at negative temperatures. 

2. It has been established that there is secondary 
hardening on ageing in the range 225 to 425°. Sec- 
ondary hardening is observed as a result of the 
additional formation of a magnetic phase on ageing. 

3. Soaking time on ageing has been found to in- 
fluence the phase changes and properties of 18-8 
type steels. 

4. Hardened by plastic deformation at negative 
temperatures 18-8 steel (stamping-rolling-deep- 
drawing) can be made even harder by subsequent 
ageing for 1 hr at a temperature of about 400°. 


Translated by V. Alford 
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THE SOLUBILITY OF ALLOYING ELEMENTS IN CEMENTITE * 


B.A. APAYEV, E.I. LEVINA, S.N. KRASOTKAYA 


and A.I. PAVEL’YEVA 


Gor’kii Physico-Technical Research Institute 
(Received 23 December 1959) 


A study was made of the solubility of alloying elements (W, V, Cr, Mn) in the first particles of 
cementite formed on tempering a quenched steel, and also of the increase in the solubility of these 
elements in cementite with increasing tempering temperature. Magnetic and chemical methods of in- 


vestigation were used. 


It was shown that, independent of the nature of the alloying elements, their solubility in the 
first particles of cementite is extremely small and very much lower than the mean concentration of 


the element in the steel. 


If the tempering temperature is elevated the solubility of W, V and Mo remains practically un- 
changed up to the stage where special carbides are formed. Cr and Mn gradually alloy the cementite 


and are dissolved in it up to maximum concentration. 


Although there is at the present time quite an 
accumulation of experimental material on the given 
problem, there is no united opinion among metallo- 
graphers regarding the nature of the process of the 
solution of alloying elements in the cementite phase. 


There are two sides of this problem: 

]. What is the content of alloying elements in 
cementite formed at low tempering temperatures, i.e. 
what is their initial solubility ? 

2. How does their solubility in cementite change 
with increase in tempering temperature ? 

Assuming that in martensite the distribution of 
alloying elements is statistically equal, and bearing 
in mind their low rate of diffusion at low tempering 
temperatures, many authors have been forced to 
conclude that on the formation of the first particles 
of the carbide phase the alloying element, independ- 
ertly of its nature, is contained in this carbide 
phase in a quantity corresponding to its mean con- 
tent in the steel [1-5]. From this point of view it 
follows that the redistribution of carbide and the 
alloying element between the alpha-solid solution 
and carbide phase begins simultaneously. 

At the present time on the other hand, an ever 
increasing number of investigations points to the 
extremely unequal distribution of alloying elements 
in solid solutions [6-8]. Besides this it is known 
that the alloying elements which dissolved in ce- 
mentite may be divided into two groups according 
to their properties: easily soluble (Cr, Mn) and dif- 
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ficult to dissolve (W, V, Mo, Ti) [2, 9-11]. Data 
taken from a number of these works on the solubili- 
ty of the elements in cementite, are given in Table 
The figures for the concentration of alloying ele- 
ments in cementite were obtained by the writers of 
paper [11] as the result of analysis of specimens 
tempered at 700° for 50 hr, and may for this reason 
be regarded as limiting figures for this temperature 
and characteristic of equilibrium distribution of al- 
loying elements between the solid solution and ce- 
mentite. The figures in Table 1 show that the solu- 
bility of W, V, Mo and Ti in cementite is consider- 
ably lower than the content of these elements in 
the steels. It is difficult on the basis of these fig- 
ures to assume that the conclusions made concern- 
ing the value of initial solubility by the writers of 
papers [1-5], have such a general character. 

As regards the variations in the solubility of ce- 
mentite with increase in tempering temperature, the 
writers of papers [1, 2, 9, 12] consider that the so- 
lubility of all the alloying elements in cementite is 
increased continuously up to the concentration 
limit, after which the alloyed cementite is changed 
into a special carbide. It is difficult from Table 1 
and the experimental data in papers [2, 12] to say 
that this conclusion for the elements W, V and Mo 
is correct. Actually, according to the information 
from these papers the content of these elements in 
the precipitated carbides is quite low, and changes 
hardly at all up to tempering temperatures of 500- 
550°. Only after these temperatures is a sharp in- 
crease in the alloying element in the precipitate 
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The solubility of alloying elements in cementite 


TABLE 1 


| Solubility (%) in cementite accordin to papers cited 


Element flop 


Calculated on a |Content of elements 
given Porn of in steels 
steel [ investigated [11], % 


; 
—0.01 


> 23 


> 
> 
> 


| 
ste | 3k 
| 


~0.17 

=0 123 
~0.055 
=0.0995 


Unlimited 


Type of Content of alloyin 
steel eo by wt. % | 


Content of alloying 
element by wt. % 


10Kh6 Cr—0.6 
10Kh40 
10G12 Mn— Ps 


| 


noticeable. At these temperatures however, the forma- 
tion of special carbides occurs and thus, increase 

of the elements in the precipitate cannot be inter- 
preted precisely; it might only be connected with 

the increased solubility of the elements in cementite 
or, which is more probable, with the formation of 
special carbides. 

The present work is devoted to the determination 
of the initial solubility and its increase with in- 
crease in tempering temperature in various alloyed 
steels. Magnetic and chemical analysis are used. 

The steels used for the investigation contained 
1% C and various quantities of alloying elements 
(Table 2). 

The chromium and manganese steels were quench- 
ed from a temperature of 1150°, the tungsten and 
vanadium steels — from 1280°. Brine quenching was 
used with subsequent cooling in liquid nitrogen. 
The specimens were then tempered at 250- 650°. For 
chemical investigation specimens were selected 
which had been tempered up to 450°, since above 
this temperature the formation of special carbides 
is possible. These are precipitated together with 
the cementite. The specimens were electrolytically 


dissolved by the method of Popova [10]. As this 
method does not always assure the complete trans- 
fer of the alloying elements from the solid solution 
to the electrolyte, we first carried out the dissolu- 
tion of as — quenched specimens. The quantity of 
alloying elements in precipitates of the as — quench- 
ed specimens (~ 0.05% was subtracted from the 
quantity of alloying elements in the precipitates of 
the tempered specimens. 


EXPERIMENTAL DATA AND THEIR 
DISC USSION 


One of the magnetic characteristics of a phase 
is its Curie point (@), which is sensitive to the 
chemical composition of the phase, and this is 
particularly so in cementite [1, 11, 13, 14]. If 
therefore, a shift in the curie point is observed, 
this will be a very definite indication of change in 
the chemical composition of the cementite. However, 
the constancy of the Curie point with variation in 
temperature is not a sufficient criterion for lack of 
solubility of an element in cementite. Conclusions 
regarding the low solubility of W, V and Mo in this 
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The solubility of alloying elements in cementite 


TABLE 3 


Tempering | 
temperature | 


°C 


4 Tempering 
time, hr 


Content of alloying 
elements calculated 
on a given portion 
of steel, % 


Traces 
0.1 

Traces 
0.18 
None 
None 


phase made on the basis of the constancy of the 
Curie point of cementite up to a tempering tempera- 
ture of 650° should therefore be confirmed by data 
from chemical analysis. 

Investigation of tempering processes by magnetic 
analysis in a group of molybdenum, tungsten and 
vanadium steels [14, 15] showed that in these cases 
formation of the first particles of cementite is ob- 
served at 100°; at 250° after 10 hr annealing the 
martensite decomposition is practically finished. 

In view of the identity of the magnetic analysis 
data with respect to the Curie point in this group of 
steels with those obtained by chemical analysis, 
electrolytic separations were made only on the tun- 
gsten and vanadium steels. The results of this ana- 
lysis are given in Table 3. These data show that 
at tempering temperatures below 250° there is prac- 
tically no W or V in the carbide precipitate. When 
the tempering temperature is increased to 450° the 
concentration of these elements changes very slight- 
ly and moreover remains considerably below the 
average content for these steels. 

The results obtained provide complete confirma- 
tion of the magnetic analysis data concerning the 
low initial solubility of tungsten and vanadium in 
cementite and do not justify the conclusions of the 
writers of papers [1-5]. 

It must be said that the writers of paper [11] noted 
a slight shift in the Curie point of cementite in 
steels alloyed by these same elements, and explain- 
ed this shift as the result of the solution of these 
elements in the cementite. It seems to us that the 
disagreement between the results of this paper and 
ours (we found no shift in the Curie point) could be 
explained by the fact that in the investigations car- 
ried out by these writers the specimens were heat- 
ed to a much higher temperature and held for a long- 
er period. The disagreement mentioned has how- 
ever, no basic significance for the problem under 
review. On the contrary, the data produced by these 


authors also confirm the conclusion that the initial 
solubility of these elements is extremely small and 
indicate that even the maximum solubility is consi- 
derably lower than their mean content in the steel! 
(see Table 1). 

As regards these problems, it is generally known 
that Cr and Mn are easily soluble in cementite and 
that their solubility is increased with increase in 
tempering temperature. The solution of these ele- 
ments causes the Curie point to shift to lower tem- 
peratures [1], 11, 13, 14]. The only question remain- 
ing under discussion is the initial solubility of 
these elements in cementite. Assuming that the 
first particles of cementite have a concentration of 
chromium and manganese which corresponds to their 
mean content in the steel, we must come to the fol- 
lowing conclusions: 

1. In steels with differing contents of alloying 
elements the cementite formed with low temperatures 
tempering should have different Curie points, i.e. 
initial solubility should be a function of initial con- 
centration. 

2. In steels in which the concentration of alloy- 
ing elements is the same while the carbon concent- 
ration is different, the Curie points of the cementite 
should he the same. 

The experimental data which we obtained do not 
confirm these conclusions. In the group of chromium 
(or manganese) steels, in which the content of the 
alloying element varies from 0.6 to 8 % (or 0.6 to 
3 %) and the carbon content is constant (1 %), at low 
tempering temperatures (up to 200°) the cementite 
phase maintains a normal and constant value for the 
Curie point (205 to 210°), i.e. it is not dependent 
on the concentration of these elements and the 
first particles of cementite contain practically no 

chromium and manganese. Change in Curie point, 
which is evidence of the beginning of the process 
of solution of these elements in the cementite, is 
only observed on subsequent increase in the temper- 
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FIG. 1. Changes in Curie point of cementite and quantity of alloying 
elements in the carbide precipitate with elevation of tempering 
temperature: 

1 — 3 — change in Curie point respectively for steels 10Kh6, 10G12, 


10Kh40; 
4 — 6 — change in concentration of 


precipitate of these steels. 


alloying elements in the carbide 


TABLE 4 
Chromium content 
Type of % Cr in in cementite dur- 
steel steel ing complete 
solution, % 
10Kh6 0.63 4.0 
10Kh15 1.50 10.0 
10Kh30 3. 20 
4. 
| 18.7 


ature or the duration of tempering. The process of 
of the solution of these elements (displacement of 
Curie point) begins at a particular temperature for 
each steel, which is lower the higher the concent- 
ration of Cr and Mn [13, 14]. Evidence of the low 
concentration of these elements at low tempering 
temperatures is also provided by the data from pa- 
per [16], where X-ray and chemical methods of in- 
vestigation were used. In this work it is showns thata 
noticeable increase in the concentration of these ele- 
ments in cementitie is only observed at tempering 
temperatures above 400°. 

The lack of evidence for the assertion that in the 
first particles of cementitie the chromium content 
corresponds to its mean content in the steel can 
also be shown by comparison of certain calculations 
with data obtained experimentally. Table 4 gives 
the values by weight percent of chromium in cement- 
ite when all the chromium contained in the steel 


has been dissolved in the cementite. 

If one proceeds on the basis of the principles ex- 
pressed by the writers of papers [1-5] then it is 
to be expected that when steels 10Kh30 and 10Kh40 
are tempered the cementite should immediately con- 
tain 3-4% Cr. It can be seen from this Table that 
this is the quantity of chromium contained in the 
cementite in steel 10Kh6, when the chromium in this 
steel is completely dissolved in the cementite. From 
the data in paper [2] it could be assumed that in 
steel 10Kh6, after tempering at 650° for 10 hr there 
is less than 0.2% chromium in the solid solution, 
i.e. the chromium in the steel has been almost 
completely dissolved in the cementite. The Curie 
point of the cementite at this stage of alloying ir 
about 160°. Consequently, for steels 10Kh30 and 
10Kh40 Curie point cannot under any tempering 
conditions be higher than 160°. The experimental 
data given in Fig. 1 do not justify this conclusion. 


In order to test the conclusions drawn from magnetic 
analysis, that the initial solubility of chromium and 
manganese in cementite is low, the Curie point 
values and the content of the elements in the cement- 
ite were plotted on the graph as a function of temper- 
ing temperature. It can be seen from the behaviour of 
these curves that there is complete agreement bet- 
ween the data from magnetic and chemical investi- 
gations. The normal value for the Curie point is evi- 
dence of the low solubility of these elements in ce- 
mentite, while a lower value indicates increased 
solubility. 

Investigation of steels with a constant content 
of the alloying element (Cr-4%, Mn — 3%) and with 
varying contents of carbon (from 0.2 to 1 %) showed 
that the Curie point of low temperature cementite is 
dependent on the percentage concentration of alloy- 
ing element in the steel (ratio Me: C). For example, 
in steels 10G30, 5G30 and 2G30 Curie points after 
one hour’s tempering at 200° are respectively 210, 
170 and 150° [14]. The rate of solution is also a 
function of the percentage concentration. 


CONCLUSIONS 


1. Independently of their nature, the initial solu- 
bility of alloying elements in the first particles of 
cementite is exceedingly small and much lower than 
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STRUCTURAL CHANGES IN ALUMINIUM ON WEAK DEFORMATION WITH 
SUBSEQUENT HEATING * 
S.S. GORELIK, S.M. KAL’YANOVA and V.M. ROZENBERG 
Central Research Institute of Ferrous Metallurgy 
(Received 19 March 1960) 


Use has been made of the interference microscope to study the microstructural changes in aluminium 
which occur with slight deformation followed by annealing. Direct observation is also made ( in polariz- 
ed light) of the nature of the movement of grain boundaries. 

As in precritical, so also in postcritical ranges of deformation the basic mechanism in plastic 
flow is shear deformation within the grains. Coarsening of the structure on annealing after “critical 
deformation” occurs without nucleation and is stimulated by heterogeneity of deformation and differ- 


ence in the elastic energy of the different grains. 
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FIG. 1. Dependence of the mean grain size (d) of aluminium 
after annealing at 400° for 30 min, on the extent of previous 
deformation. 


The nature of the relationship between the grain 
size formed after annealing a deformed metal, and 
the degree of deformation, is very well-known (Fig. 
1). Annealing after very small deformations causes 
no essential change in initial grain size. Then, at a 


certain stage of deformation, usually known as critic- 


al and which is dependent on the material, condi- 
tions of deformation and heating, a sharp increase 
in grain size is observed. Further increase in the 
degree of deformation causes a reduction in the aver- 
age grain size. 

The reason for reduction in grain size after de- 
formation above critical is due to an increase in the 


* Fiz. metal. metalloved., 10, No. 2, 251-261, 1960. 


number of centres of new grains (recrystallization 
nucleii) with increase in the degree of deformation. 
However, up to the present time no light has been 
thrown on the problem of the nature of the changes 
in the state of the metal on deformation of precritic- 
al and critical magnitude with subsequent anneal- 
ing. 

Disagreement centres mainly around the problem 
of whether the coarse-grain structure is formed by 
nucleation or by the selective growth of some of 
the original grains at the expense of their neigh- 
bours. In [1, 2] it was shown that the second of 
these mechanisms is the correct one. There is also 
the hotly debated question of the driving forces of 
this process. It is asserted in [2] that the differ- 
ence between the mechanism of recrystallization 
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FIG. 2. Dependence of the number of slip traces in the grains (a), 

mean value of displacement in slip traces p,; (b), mean value of 

intergranular displacement Phoun (¢) and the ratio Ps1/Pboun (d) 
on the degree of deformation e. 


in pre- and postcritical fields is due to a difference 
in the mechanism of deformation. In a precritical 
field, deformation occurs by the displacement of 
grains in relation to one another, which improves the 
contact between them and creates suitable condi- 
tions for them to merge with one another. The wedg- 
ing of the grains which occurs as a result of inter- 
granular displacement, will cause the appearance of 
slip inside the grains during further increase in 
strain. The degree of deformation which causes 
transition from one mechanism of plastic flow to the 
other corresponds to a critical strain [2]. 

On the other hand there are data which indicate 
that the critical degree of strain is due to heterogen- 
eous deformation of different grains and the pres- 
ence of a gradient of internal elastic distortions in 
these grains [1]. 

The explanation of the nature of precritical de- 
formation and recrystallization is of considerable 
theoretical and practical interest. For this purpose 
in this work investigations were made with an inter- 
ference microscope and a microscope using polar- 
ized light. The use of these methods permitted dir- 
ect observation of the nature of the structural chan- 
ges both on deformation and on subsequent heat- 


ing. 


MATERIAL AND PROCEDURE 


The investigation was carried out on type AV-000 
aluminium in which traces of magnesium and silicon 
were revealed chemically, and traces of copper by 
spectral analysis. The specimens were cubes with 
a 10 mm side. Deformation in compression was car- 
ried out on a 5-ton press at the rate of 21 mm/min. 
One side of the specimen, parallel to the axis of 
compression, wes polished prior to deformation 
first mechanically, and then electrolytically. After 
deformation up to the necessary degree, metallo- 
graphic investigation was made on the polished 
side. Measurement was made of the number of slip 
traces, the vertical component of the displacement 
in a slip trace and the vertical component of the 
displacement of grains in relation to one another. 
These measurements were carried out on an inter- 
ference microscope MII-4. The method of measure- 
ment has been described in [3]. Also described was 
a method of averaging by means of which it was 
possible to calculate the appropriate value of the 
displacement in a slip trace or at a grain boundary 
from the data on the vertical component of the shear. 
For measurement of grain size after the appropriate 
heat treatment, the specimens were cut up by the 
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FIG. 3. The nature of the frontal movement of boundaries stimulated by 
surface energy on heating aluminium (400) after subcritical strain. 


electro-sparking method into lengths half the height 
of the perpendicular axis of compression. The spe- 
cimen was again polished and etched. The line- 
intersect method [4] was used for measurement of 
average grain size. 

To study the movement of grain boundaries on re- 
crystallization a method was used which was based 
on the use of polarized light [5] and by means of 
which i* was possible to record on a metallographic 
specimen the initial position of a boundary and its 
position after movement. Here also new grains were 
revealed which had grown from nucleii. In a number 
of works, a review of which was made in [5], it has 
been shown that films deposited in a suitable manner 
on the surface of metallic specimens, reflect the 
structure of the base. In particular, the deposition 
of an anodic film on the surface of aluminium enables 
observations to be made in polarized light of chan- 
ges in structure due to movement of boundaries. 

Anodizing of the specimens was carried out ac- 
cording to the method described in ,0}. 


DISCUSSION OF THE RESUL1i»9 OF 
INVESTIGATION 


a) Determination of critical strain. The basic 
temperature selected for isothermal annealing was 
400°. This was because grain growth at this stage 
is sufficiently noticeable but is not too intensive. 
Otherwise, the moving boundary would go far beyond 
the limits of the section of the micrographic speci- 
men being examined under the microscope. More- 
over, the growth rate should not be too high as 
otherwise it would not be possible to record the 
separate stages of the process. Heating at 400° 
meets these requirements. 

To determine the critical degree of strain (A,,) 
the relationship between grain size after heating at 
400° and magnitude of deformation (Fig. 1), was 
plotted. Critical strain (A,,) was found to be ~ 6.5 %. 

5) Investigation of the mechanism of the deform- 
ation of aluminium after slight compression. Micro- 


scopic examination of the surface of specimens 
after strain revealed slip traces the number of which 
increased with increase in deformation. 

Fig. 2 gives the data which indicate how the 


number of slip traces changes in grains (Fig. 2a), 
the average value of displacement in slip traces 


and the mean value of movement of grains relative 
to one another (Fig. 2b-c) in relation to the degree 
of strain. It can be seen that all three values grow 
with increase in strain. 

These data show the even at quite low degrees 
of strain, considerably less than critical. slip oc- 
curs in the grains. This agrees very well with the 
data obtained by the X-ray method [1]. The number 
of slip traces, the mean value of displacement in 
slip traces and the mean value of displacement on 
grain boundaries changes in a monotonic fashion 
with the degree of strain. At the critical degree of 
deformation there is no noticeable break in the cor- 
responding curves. This clearly shows that the mech- 
anism of deformation at degrees below critical is 
qualitatively no 4ifferent from that at degrees above 
critical. The results presented are thus in contra- 
diction with the conclusions in paper [2], that 
deformation in the precritical range causes a sort 
of displxcement of grains with relation to one another 
without slip inside them. It is difficult to imagine 
how the deformation of a polycrystalline specimen 
can occur by only one mechanism; either only by 
deformation in the grains, or only by means of the 
relative displacement of the latter. On deformation 
of the grains themselves relative displacement 
should occur and conversely, displacement of 
grains in relation to one another should cause defor- 
mation inside them. If this did not occur the conti- 
nuity of the specimen would be broken. The dis- 
placement of grains relative to one another at re- 
latively low temperatures and high rates of deforma- 
tion, which was observed in [2] and in our work, is 
apparently the result of deformations which occur 
inside the grains. This may be explained in the 
following manner. 
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FIG. 4. The nature of the frontal movement of boundaries on heating 

aluminium (400°) after subcritical strain leading to a change in the 

number of boundaries and size of the angles at boundary junctions 
and the establishment of stable boundaries and angles. 


On the deformation of individual grains relief 
arises at their surface which is due in particular, to 
the formation of slip traces. Because in a polycrystal 
alline specimen the grains are oriented differently, 
the size of the steps due to slip in each grain will 
also be different. The roation of each of the grains 
relative to the direction of the external forces caus- 
ing slip will also be different. If the assumption is 
correct that the displacement of grains relative to 
one another observed is connected not with viscous 
flow on grain boundaries, but with slip inside the 
grain, it could then be expected that the mean value 
of the displacement in the slip trace (p,;) will be 
equal to the mean value of the displacement along 
the grain boundaries hound.) Actually, as can be 
seen from Fig. 26, the ratio of these values remains 
constant and close to | in the whole range of deform- 
ation investigated by us. Assuming that per unit 
length of specimen, there will be considerably fewer 
boundaries than slip traces when p.; = Pound it 
may be said that deformation due to boundaries will 
be considerably less than deformation due to slip 
in the grains. ; 

Thus, beginning at very small degrees of strain 
in aluminium at room temperature, plastic flow will 
occur mainly as a result of shear deformation in 
grains. 

c) Investigation of structural changes which take 
place on heating. To decide the nature of the struc- 
tural changes which take place on heating after dif- 
ferent degrees of deformation and the nature of the 
driving forces of the process, direct metallographic 
and X-ray observation of the structure was carried 
out. Degrees of deformation were chosen so that 
they corresponded to precritical 


(A=3%<d.), 


critical 


(A = 6.5% = Ace) 


and postcritical 


(A= 10% > Ag,). 


Structural changes which occur after subcritical 
deformation. It was confirmed by X-ray analysis 
that in aluminium heated after A = 3 % polygoniza- 
tion occurs as in the case of iron [1]. 

It was established metallographically that, be- 
sides the polygonization which takes place in al- 
uminium heated to 400° after 3 % deformation, there 
is a slight frontal movement of individual bound- 
aries (Fig. 3). The principal driving force in this 
displacement is apparently a tendency to ward a re- 
duction in surface energy just as in collective 
(“secondary”) recrystallization. Characteristic 
features of the process which support this conclus- 
ion, are as follows: 

(a) Most of the displacement boundaries (94 out 
of 100) more towards their centres of curvature 
(Figs 3a-b). As is well-known [7], this kind of 
movement is due to differences in the surface ten- 
sion and in stability of the atoms positions at the 
convex and concave sides of a boundary. As a re- 
sult, if there is no difference in the level of the in- 
ternal elastic energy of either of the rrains there 
will be a tendency towards the translation of atoms 
from the convex to the concave side of the bound- 
ary, i.e. movement of the boundary towards its 
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FIG. 5. The nature of the frontal movement of boundaries stimulated by 
internal elastic energy, on heating aluminium after subcritical strain. 
Heating at 400° for: 


a—4min; b — 8 min; 


centre of curvature. The higher the temperature and 
the greater the mobility of the atoms, the greater 
will be the extent to which this tendency is realized, 

’ssentially the rate of movement will in this 
case not vary very much along the boundary. As a 
result, the boundary moves with the whole front, 
sometimes parallel to itself along its entire length 
(Fig. 36-c). The energy state and stress field along 
the boundary do not appear to differ very much and 
they vary smoothly. The rate of movement is not 
very high and is ~ 107° cm/sec. 

Thus, this kind of movement of the curvature of a 
boundary is reduced just as the tendency to further 
movement. Therefore, despite the presence of con- 
tacts between neighbouring grains, as witnessed by 
the fact of the frontal movement of the boundaries, 
the distance which the boundaries moved is not very 
large. It constitutes a small portion {tenths or 
hundredths) of the size of the grains which are “eaten 
up”. The absolute value of the boundary movement 
for 30 min at 400° is for example 0.01 mm. 

(b) In a number of cases the role of surface ener- 
gy is clearly demonstrated in the tendency toward 
the establishment of boundaries of maximum stabili- 
ty, and also of angles at the junctions of the bound- 
aries. These, as is well known, are straight bound- 
aries intersecting at an angle of ~ 120°, forming a 
hexagonal in a flat section. If surface tension in ad- 
jacent boundaries is the same, then the less stable 
boundaries will be those which form angles more 
acute than 120°. If the boundary at one junction forms 
an angle of 120° and at the other a smaller angle, 
then movement along the boundary will not be paral- 
lel. The rate of movement along the boundary will 
fluctuate from a minimum (or zero) close to the 
angle 120°, to a maximum at the end of the bound- 


c — 12 min; 


d—20min; e — 30min. 


ary with an acute angle (Fig. 3c). In this case the 
more convex the boundary is at this angle, the more 
rapid will be its movement. 

Fig. 4 shows an example which illustrates the 
nature of the movement of boundaries leading to the 
disappearance of acute angles and a change in the 
number of boundaries in the grains. In the initial 
state grains A and B are in direct contact with one 
another. Grains C and D have no common boundary. 
The angles a and £ are equal respectively, to 90 
and 80°. In the process of annealing, grains C and 
D grow towards each other, upon which the angles 
a and will grow, approaching 120°. After grains 
C and D have met, the boundary between A and B 
will disappear, while the number of boundaries in 
these grains will be correspondingly reduced to one. 
Now four boundaries will intersect at one point. 
Two new angles y and ¢ will appear of which y is 
approximately 120°. The intersection of four grains 
at one point is not a stable state. For this reason 
movement of the boundaries will result. A new com- 
mon boundary between grains C and D will appear. 
Displacement of the boundaries occurs in such a 
way that angles a and £ will become ~ 120°, while 
angle ¢ will also approach this. It can be seen 
from Fig. 4 that angle ¢, (100°) changes into angle 
, equal to 110°. 

Besides the principal mechanism described above, 
a different type of boundary movement was recorded 
in two cases. The example is given in Fig. 5, which 
shows the different positions of the upper boundary 
of grain E after annealing for different periods. The 
boundary is first shifted in the direction of the 
centre of curvature (indicated by the arrow). Sec- 
ondly, the movement of the different boundary sec- 
tions is exceedingly uneven. As a result, the 
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TABLE 1 


Direction 


rate (cm/sec) i in intervals of time 


min | min | 30 min 


4x1075 


0.6 0 


! 


| 0.2x107 5 | 


2x 107-5 


boundary, which was relatively straight before move- 
ment, becomes exceedingly tortuous afterwards. 
This is undoubtedly accompanied by an increase in 
the surface boundary energy. Thirdly, the rate of 
movement of the boundary during its movement and 
the distance by which it has moved, will here be 
several times greater (5-6) than in the case where 
a boundary moves towards the centre of curvature 
under the action of surface energy. Finally it should 
be noted that there is considerable inequality in the 
rates of movement at times. From the distances 
which grain boundary E moved in the directions of 
arrows | and 2 for periods of consecutively, 8, 12, 
20 and 30 min, the average rates of movement may 
be calculated for the different consecutive periods 
of time (see Table 1). 

This kind of boundary movement can only be ex- 
plained by the influence of differences in internal 
elastic energy of adjacent boundaries. 

Thus, even where A= A. in individual positions, 
the number of which is small, frontal movement of 
a boundary may be due to the influence of internal 
elastic energy. The character and rate of movement 
in this case will differ sharply from the more fre- 
quently encountered cases of stimulated surface 
energy. 

The non-uniform movement of individual sections 
of a boundary, which was reasonably straight up to 
the beginning of movement, can only be explained 
by local microheterogeneity in the internal stress 
state of individual grains. 

Structural changes which occur on heating after 
critical strain (A= A.,). 30 min heating after 
A = A,, causes the formation of grains many times 
greater than the original size. This coarsening 
occurs because of the very rapid growth of some of 
the original grains. No new grains (recrystallization 
nucleii) were observed, despite a careful study of a 
large number of fields (more than 25). 

Metallographic analysis disclosed the following 
characteristic features of the structure formation 


on heating after A, 

a) the intensive growth of grains precedes a 
significant incubation period. For aluminium at 
400° under the conditions of our experiment this 
period is 12-15 min (Fig. 6). 

During the incubation period there is very slight 
growth of a number of grains because of frontal 
movement of the boundaries over small distances. 
The boundaries are shifted towards the centres of 
curvature (Fig. 66, grain ) and from the centres 
of curvature (Fig. 6c, grain P). In the first case as 
a rule, the boundary will be shifted smoothly in a 
direction parallel to itself. In the second, the rate 
of movement is different in different sections of 
the boundary. After movement the boundary be- 
comes very irregular. 

Moreover in certain cases in the incubation period 
there will be some re-arrangement of energy bet- 
ween grains, leading to increase in the tendency of 
certain grains to intensive growth. An example of 
this is shown by grains K and L (Fig. 6), the in- 
tensive growth of which begins after a certain in- 
cubation period. 

On Fig. 6a-c the adjacent grains K and L with 
film formation and illumination brought about by 
different methods are similarly coloured. From this 
it can be said that they are crystallographically 
similarly oriented. They are divided by the narrow 
grain M with a clearly different orientation. In the 
incubation period grain M will be “eaten up” by 
grains K and L, which are growing towards one 
another by frontal movement of their boundaries. 
Their rapid growth (Figs. 6 c-d) begins after grain 
M has disappeared and they find themselves in 
contact with one another. At this point the bound- 
ary between grains K and L will also disappear. 

The impression is created that grains K and L 
have merged (coalesced). As shown by verification 
however, there is no merging of the grains. Grains 
K and L are of course, parts of the one grain which 
is wedging grain M from the surface side of the 
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FIG. 6. Example of the coarsening of the structure of aluminium 
on heating to 400° after critical strain for: 
a— 4min; 
b— 8 min; 
ec — 12 min; 
d — 20 min; 
e — 30 min. 
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FIG. 7. Example of the formation and growth of a recrystallization nucleus on 
heating aluminium after precritical strain (A= 10%). 


Heating to 400 for: 


a—4min; 6 — 8 min; 


microspecimen. Below the surface of the metallo- 
graphic specimen, grains K and L are one crystal- 
lite. When grain M is “eaten up” the boundary vis- 
ible between grains K and L will disappear when 
they come into contact. 

The fact that the removal of grain M from grains 
K and L causes a certain redistribution of energy 
and lattice distortion (recovery), can be confirmed 
by the following: in the incubation period, besides 
the growth of grain K at the expense of grain M, 
grain P grew at the expense of grain K (see arrow 
in Fig. 6c). But when, on termination of the incuba- 
tion period, rapid growth of grain K-L commences, 
grain P will be “eaten up” by grain K due to move- 
ment of the boundary in the opposite direction. 

b) Intensive grain growth causes frontal movement 
of the boundaries. The rate of movement is differ- 
ent on different sections of the boundary. As a re- 
sult sharply protruding “tongues” arise, with cor- 
responding increase in the length of the boundaries 
and in the value of surface energy. Fig. 6e shows 
the wavy boundary of a new grain with two tongues, 
as it appears after 30 min at 400°. At the same time 
the white trace of the grain is clearly visible as it 
was in the previous position after 20 ‘~ at 400°. 
This growth is of course stimulated by the presence 
of the gradient of internal elastic stresses and the 
tendency to reduce them. Surface energy does not 
play a substantial role in this case. 

c) After the incubation period the rate of move- 
ment of the boundaries of growing grains is high and 
at 400° it exceeds 3 x 10°* cm/sec. 

If it is assumed that grain growth on recrystalliz- 
ation takes place by the usual diffusion means, then 
the coefficient of self-diffusion of aluminium at 


c — 12 min; 


d — 20 min. 


400°, calculated from the rate, will for a number 
of values be not less than 107* cm/sec, which is 
considerably in excess of the true coefficient of 
internal self-diffusion for aluminium at 400° as de- 
termined by the usual methods. This provides a 

basis for the assumption that grain growth does not 
occur by the usual diffusion path of the random 
transfer of single atoms from the disappearing 

grains to the growing grains. 

d) The boundary moved by a considerable dis- 
tance as compared with the size of the grains. Bound- 
ary movement is halted as soon as the coarse ra- 
pidly growing grains come into juxtaposition (Fig. 
6e). Internal elastic strains will of course in this 
case disappear. 

Further isothermal heating leads to the beginning 
of the straightening of the new boundaries, stimulat- 
ed anew by the tendency towards the reduction of 
surface energy. The boundaries move towards the 
centres of curvature and the “tongues” disappear. 

According to ideas given in [2] critical grain 
growth is connected with the fact that, as a result 
of critical strain, the necessary contacts are es- 
tablished between neighbouring grains. 

This is refuted by our data. Actually, even on 
heating after subcritical strain the necessary con- 
tact between the grains has been made, as shown 
by the frontal movement of boundaries and growth 
of some of the grains at the expense of their neigh- 
bours. This movement however, apart from the fact 
that it is different in rate and character, ceases as 
soon as quite a small portion of the neighbouring 
grain has been absorbed. 

Thus the presence of contact surfaces is neces- 
sary, but not under the decisive conditions of 
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FIG. 8. Example of the coarsening of structure by the growth of the 
original grains on heating aluminium after postcritical deformation. 


Heating to 400° for: 
8 min; 
b — 20 min; 
c — 30 min. 


intensive grain growth after critical strain. From 
the data in our work and also in paper [1], it may be 
asserted that the decisive conditions for critical 
recrystallization are the heterogeneous nature of 
the deformation of microvolumes, heterogeneity of 
internal elastic stresses in neighbouring grains and 
the creation of an optimal gradient of these stres- 
ses. 

Structural changes on heating after postcritical 
deformation (A > X,,). Recrystallization was invest- 
igated after strain somewhat greater than critical. 
In this case structural changes on heating occurred 
in two directions. Firstly there appeared, although 
more faintly than at A.,, the mechanism character- 
istic of critical strain. Secondly, the process of 
nucleation and the growth of new grains was clear- 
ly visible. The grains are easy to distinguish be- 
cause of the lack of any connexion of these nuclei 
with the neighbouring original grains. 

Nucleation occurs in a wide range of temperatures, 
i.e. with a long and varying incubation period. All 
the new nucleii are found at the joints of the old 
grains, i.e. at the places where there is maximum 
distortion of the crystal lattice. New nucleii are 
noticeably different in orientation from the surround- 
ing deformed grains, as witnessed by the differ- 
ence in their colour. 

The number of nucleii formed is not very high, 
which is of course due to the fact that the post- 
critical strain investigated (10%) only exceeds the 
critical (6.5 %) by a small amount. Moreover it is 
characteristic that in the process of growth in the 
course of 30 min annealing the nuclei grow to sizes 
comparable with the original grains, i.e. to sizes 


considerably less than the grains formed with an- 
nealing after critical strain. 

As an example of nucleation, on Fig. 76 there is 
shown the appearance of a nucleus P at the junct- 
ion between three grains after 8 min annealing. 
After 4 min annealing the nucleus is no longer vis- 
ible (Fig. 7a). On Figs. 7c-f the growth of nucleus 
P can be seen. 

As an example of the coarsening of structure by 
the mechanism characteristic of critical deformation, 
attention is drawn to Fig. 8. Here grains S-T are, 
judging from their colouring, similarly oriented, and 
grow from the first at the expense of grains U-V 
(Fig. 8a-b). On meeting they merge, after which 
intensive growth begins (Fig. 8b-c). This case is 
similar to that shown earlier in Fig. 6. 


CONCLUSIONS 


1. It has been demonstrated that there is no 
qualitative difference in the mechanism of plastic 
deformation in aluminium in pre- and postcritical 
ranges of strain. 

The basic mechanism of plastic flow, starting 
with extremely small strains, is shear deformation 
inside the grains accompanied by movement of the 
grains in relation to one another which, apparently, 
is to a very considerable extent the result of shear 
within the grains. 

2. The main process of structural changes on 
heating after precritical strain is polygonaization, 
and the slight movement of the boundaries of in- 
dividual grains which, as with ordinary grain growth, 
is stimulated by the tendency of the system to 
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reduce its surface energy. 


In a few different sections of the structure cases 
encountered of more intensive and unequal boundary 
movement, clearly stimulated by the difference in 
the internal energy of neighbouring grains. How- 
ever, as the gradient of elastic internal strains is 
low, the number of such sections will not be high 
and the value of the displacement is insignificant. 

3. Heating after critical strain is accompanied 
by the intensive growth of different crystallites with 
frontal movement of the boundaries, which is stimul- 
ated by the difference in the internal elastic ener- 
gy of neighbouring grains. 

The rate of movement of a boundary and the dis- 
tance which this boundary moves is several time 
higher than the rate and distance of boundary move- 
ment stimulated by surface energy. 

Intensive grain growth begins after the incubation 
period, in the course of which there is re-arrange- 
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THE THERMAL AND MECHANICAL ACTION OF A CAVITATION ZONE 
ON THE SURFACE OF A METAL * 
V.V. GAVRANEK, D.N. BOL’SHUTKIN and V.I. ZEL’DOVICH 
Kharkov Polytechnical Institute 
(Received 17 Febrary 1960) 


In cavitation damage several factors are operating at the same time: hydraulic impact, elevated 
temperature, corrosion etc. etc. [1]. It is impossible to relate erosion to one single factor. In this 
work an attempt is made to explain the variations in temperature and pressure impulses which arise 
in the surface layers of a solid body in the cavitation zone. 

1. Let us study the compression and expansion of a cavity which is created by a magnetostrict- 
ion oscillator and which is in contact with the metal being studied. Photographs of the cavitation 
zone show [2] that in the course of a certain period of time the cavity does not disintegrate but 
oscillates with the same frequency as that of the vibrator. Polytropic study of the process of com- 
pression and expansion agrees very satisfactorily with the information obtained experimentally about 
the behaviour of a cavity, showing that after the period of expansion, vapours and gases dissolved in 
the liquid flow into the cavity [3]. 


ee 


y—1 


is the rate of movement of the boundaries of the cavity; 
ro is its initial radius; 
ris its radius in a moment of time ¢; 
P is the pressure in the field of the liquid which is compressing the cavity; 
pis the density of the liquid; 
Q is the pressure in the cavity where r = 7; 
y is the polytropic exponent. 

At the moment of maximum compression of a cavity whose size may be determined from the 
microhollows on the surface of the cavitation specimen, the rate of boundary displacement U = 0. 
Using this fact one may easily calculate the polytropic exponent from (1). If it is assumed that 
p = 10° bars, Q = 2.3 x 10‘ bars (pressure of saturated water vapours at room temperature), 
ro = 3.5 x 10°? mm (oscillation amplitude of vibrator), r,;, = 2.7 x 10°* mm (determined micro- 
graphically), then the polytropic exponent y = 1.33. 

Assuming further that the cavity oscillates in phase with the oscillator and maintains, moreover, 
its spherical form, one can establish a time dependence for the variations in radius 


cos wf. (2) 


Allowing for the fact that the process is polytropic, the pressure inside the cavity varies according 
to the following dependence: 


* Fiz. metal. metalloved., 10, No. 2, 262-268, 1960. 
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FIG. 1. Variation in the temperature of a metal (armco iron) contiguous 
with cavitation zone, as a function of time. Distance from surface: 
1—Omm; mm 
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(4) 


The pressure and temperature figures obtained from (3) and (4) may be exaggerated, as they do not 
allow for the compressibility of the liquid and assume that the cavity has a spherical shape. 

Since the cavity is in contact with the surface of the metal the temperature of the latter should 
vary. As an approximation we will assume that the eroded surface of a solid (end of a rod) is in a 
liquid’ medium the temperature of which varies according to (4), while the side surface of the rod is 
thermally insulated. The solution to this thermal conductivity problem takes the form: 


fo +l min 


ay cos | rut - 42 kw 
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is the temperature of the metal as a function of the distance from the surface x and the time ¢; 

a, and a, are the coefficients for the expansion of (4) into a Fourier series; a is the coefficient of 
temperature conductivity; a is the coefficient of heat emission; A is the coefficient of thermal con- 
ductivity. 

To make use of this solution, the duration of contact between the cavity and the end of the rod 
must be ascertained. From papers [1] - 3], it appears that the cavity borders on a given microvolume of 
metal for several cycles (1 to 3), after which it is either broken or displaced to another position. On 
the basis of (5), the degree of heating of commercially pure iron was determined for conditions where 
the oscillator frequency was 7.5 kc/s (Fig. 1). The maximum temperature in Fig. 1 corresponds to the 
temperature of the surface layer of the metal in the first three compression cycles of the cavity. 

If the cavity has been oscillating for a sufficiently long period of time (more than 100 cycles), 
and has neither broken nor shifted relative to the end of the rod, then, according to (5), the tempera- 
ture of the surface layer of metal will have reached 730-900. 

The calculation shows that under the cavitation conditions modelled by a magnetostriction 
oscillator, the metal is subject from the direction of the cavity to pressure which is periodical in 
time, increasing to 550 kg/cm? after ~ 1075 sec. This indicates the impact of the applied load. This 
pressure, as may be seen from photomicrographs, acts on an area of ~ 10°5 mm’. Besides mechanical 
action, the microvolume of metal, on which the cavity borders is also subject to considerable heat- 
ing (up to 400- 500°). It should be noted that the maximum heating of the metal coincides in time with 
the maximum pressure exerted by the cavity on the surface of the metal. 

The temperature figures obtained are exaggerated, since under real conditions there is a discreet 
arrangement of the cavities on the end of a rod and the side surfaces are. not insulated. The solution to 
this short coming can be found freely according to the method propounded in [4]. The method consists 
in the study of the propagation of temperature in semi-space from an instantaneous point source e such 
as a pulsating cavity. The temperature of propagation is subject to the equation 


(6) 


If the source of heat is placed at the beginning of the co-ordinates, then the initial conditions will 
have the form 


T\t=0 q 
0<x<ak  Cydxdydz ’ 
O0<y<dy 


where dx dy dz is the microvolume element; 
q is the amount of heat transmitted by the source to the solid body; 
C is thermal capacity; 
y is specific weight. 
Differential equation (6) in the initial condition (7) has its principal solution according to Kelvin 


[4]: 
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Cy 


where R is the radius vector of a point in the space field. The temperature of the elements outside 
the sources, equal to zero in the initial moment of time, will grow in the process of the equalization 
of temperature, passing through a maximum determined by conditions 


at 


where R is fixed, and then falling again. The maximum temperature for the equalization time at a 
point with radius vector R 


(R) max = 
Cx 


will occur in 


(10) 


The error in a result obtained by formula (9) however, will increase considerably with reduction in 
R. The process of heat propagation from a contracting but not pulsating cavity is determined by plot- 
ting in time the processes of temperature equalization from the elementary sources. 

In order to use the relationship in (9) let us find out the quantity of heat transferred from a 


cavity to the microvolume of metal contiguous with it 


=-AT, (11) 


where F is the contact area between the cavity and the metal; 
T is drop in temperature in period r. Assuming that a = 5000 kcal /m? hr®, T = 875°, and assum- 


ing that the oscillation frequency is 750 c/s, we get q = 3.25 x 10°® cal. At a distance from the sur- 
face R = 107? mm the maximum temperature according to (9), will be 260°. The time taken for the 
temperature to reach its maximum from the moment at which the cavity starts to pulsate will, ac- 
cording to (10), be 


The temperature figure is lower than its real value, as the calculation does not provide for 
the temperature effect of the large number of cavities distributed at the end of the rod. To allow 

for this effect a certain arrangement of cavities must be taken and the figures for temperature from 
all the cavities must be added together. All these solutions to the problem show the range of temp- 
erature values developed in the surface layers of a solid body in a cavitation zone. 

2. The maximum variation is to be expected in the structure of metals on the surface under the 
action of a cavity zone. To check experimentally the amount of heating of a metal fractured by cavi- 
tation, a study was made of the phase changes occurring in the process of cavitation testing in 
quenched steel type U7 and in quenched duralumin D1. The cavitation tests were carried out on a 
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FIG. 2. Variation in the microhardness of quenched steel U7 (a) and quenched 
duralumin D1] (b) as a function of the duration of cavitation testing. 
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FIG. 3. Relation between rate of erosion of stee] U7 and tempering 
temperature: 
1 — rate of erosion; 
2 — hardness. 


magnetostriction oscillator [5, 6] in water at constant amplitude (0.06 mm) and frequency (7.5 kc/s), 
Phase changes in non-homogeneous alloys were studied by microhardness and X-ray photography 
methods. Microhardness was measured on the PMT-3 instrument at loads of 100 g for specimens of 
steel U7, and 50 g for the duralumin specimens. The X-ray photos of steel U7 were made with iron 
radiation in a camera with a cylindrical drum. 

Microhardness measurements made on the quenched specimens of steel U7 after different 
periods of cavitation testing showed considerable scatter. For this reason the statistical method 
[7] was used in treating the data received. The percentage frequency of the microhardness figures 
was established in relation to the number of measurements. The maximum of the relative frequency 
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FIG. 4. X-ray photographs of quenched steel U7, taken before (a) and 
after (b) cavitation testing for 40 min. 


of microhardness figures for a quenched specimen during the period of the cavitation test was div- 
ided into two, corresponding to hardness values greater than and less than the microhardness of 
the original piece. 

Fig. 2a shows the microhardness figures for the quenched steel, corresponding to maximum 
percentage frequency, as a function of the duration of the experiment. It can be seen from Fig. 2a 
that two diametrically opposed factors hardening and softening, are in operation in the cavi- 
tation erosion of a quenched steel. Reduction in hardness (Fig. 2a, curve ]) is explained by the 
fact that the quenched pieces are tempered under the action of the temperature of the cavitation © 
zone. After 30 min cavitation testing the microhardness figures fell to 420, which is appropriate [8] 
to a tempering temperature of 470°. From this it might be expected that the intensity of the cavita- 
tion erosion of a steel quenched to martensite, and of one tempered at a temperature below 400°, 
should be the same. Tempering at higher temperatures should influence the cavitation erosion of the 
steel. To clarify this cavitation experiments were carried out on specimens of steel type U7 after 
the following heat treatment: quenching in water, tempering at temperatures 100, 200, 300, 400, 

500 and 600°. The intensity of cavitation erosion was checked by weighing the specimens. From 
Fig. 3, which shows variation in the rate of erosion [9] of a steel after quenching and different 
tempers, it follows that the loss in the weight of specimens tempered at temperatures below 400° 
will be almost always the same. Consequently the microvolumes of metal which are subject to cavi- 
tation fracture are those whose temperature at the moment of fracture is increased to 400°. 

The results of X-ray investigation (Fig. 4) also show that there is a relief of internal stresses 
due to quenching. 

We have not been able to explain the increase in microhardness (Fig. 2a, curve 2). Both the 
quenched duralumin and steel specimens were tested for various periods of time. Microhardness was 
measured after each test. Both the duralumin and the steel results were treated in exactly the same 
way. Fig. 26 illustrates the dependence of the microhardness figures corresponding to maximum 
relative frequency, on the duration of the test. In the duralumin, forced ageing takes place under the 
action of the temperature of the cavitation zone and as a result of this the duration is first hardened, 
and then recovers with time in correspondence with the ageing cruve. 

The work hardening of duralumin cannot cause this increase in hardness. To evaluate the 
increase in hardness on cavitation testing with the exclusion the ageing effect and unquenched 
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duralumin specimen was given an erosion test. The hardness increased after testing but it was half 
that found from testing a quenched specimen. The increased hardness of the quenched duralumin 
could be explained by the ageing effect which occurs under the influence of the pressure developed 
oz cavitation. At high rates of deformation however, ageing is either very slight or completely 
absent [10]. The rate of deformation in our experiments was fairly high (~ 6 m/sec). Increased 
temperature may thus be regarded as the main reason for the ageing of duralumin. 


CONCLUSIONS 


1. Calculations have been made to determine the mechanical and thermal action of a cavitation 
zone created by a magnetostriction oscillator on the surface of a metal. The pressure which is period- 
ical in time (at an oscillator frequency of 7.5 kc/s) increases to 550 kg/cm? in a period of ~ 107° 

sec and reacts upon an area ~ 10°* mm?. The microvolume of metal contiguous with a cavity is heat- 


ed up to 300-500°. 
2. It has been established that in the process of cavitation erosion a quenched steel is temp- 


ered up to a temperature of 470°. 
3. The rate of cavitation erosion is practically the same in a steel quenched to martensite and 


in one tempered at temperatures below 400°. 
4. It has been found that there is induced ageing of the quenched duralumin specimens, which 


occurs on cavitation erosion. 


Translated by V. Alford 
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THE FINE CRYSTALLINE STRUCTURE AND MECHANISM OF PLASTIC DEFORMATION 
IN SOLID SOLUTIONS BASED ON COFPER* 


L.N. GUSEVA and A.A. BABAREKO 
Institute of Metallurgy, Academy of Sciences U.S.S.R. 


There is some indication of correlation between 
the mechanical properties and elastic constants of 
pure metal [1]. From this it follows that the forces 
of chemical interaction in metals are an important 
factor determining their strength. In the case of 
solid solutions it is known that the interrelation is 
absent. The resistance of metals to deformation is 


usually increased by alloying, upon which the bond- 


ing forces in a crystal lattice are either increased 
or decreased on the formation of solid solutions, as 
witnessed by a wealth of data on the moduli of 
elasticity of alloys. 

Atomic structure therefore plays an important role 
in the course of plastic deformation of solid solu- 
tions. However, up to the present moment all attempts 
to relate the strength of solid solutions to any ex- 
perimentally obtained characteristics of their struc- 
ture, e.g. with the magnitude of the static distort- 
ions of a crystal lattice, have produced no positive 
results. In this connexion great attention is again 
being paid to the study of the mechanism of plastic 
deformation in alloys by investigation of the struc- 
tural changes which accompany this process. 

The study of crystal structure after considerable 
strains is of some interest in understanding the 
nature of such properties as hardness and technical 
cohesive strength as variations in these character- 
istics usually occurs with considerable deformation 
of the metal. 

Study of the processes of plastic flow may also 
assist the development of ideas concerning the 
atomic structure of the medium in which they take 
place. 

In earlier studies of static displacements in 
solid solutions based on copper we drew attention 
to the different structure of the copper lattice and 
of its solid solutions with zinc after filing [2]. The 
broadening of X-ray reflections obtained from solid 
solutions was more noticeable than that for copper. 
It is interesting therefore to make a detailed study 
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of the variation of fine crystal structure in solid 
solutions of copper as a result of plastic deform- 
ation. 

From a qualitative study of the width of the re- 
flections from copper and a number of its alloys in 
the solid solution range after different strains, it is 
possible to observe the influence of concentration 
and size of solute atoms, as also the conditions of 
strain on the development of the fine structure of 
the alloys [3]. It has been shown that the broaden- 
ing of reflections at the same degree of deformation 
becomes more noticeable with higher concentration 
of the solid solution and with a greater difference 
in the atomic dimensions of the alloying compon- 
ents. Deformation by filing causes a greater broaden- 
ing of reflections than 90 % deformation by rolling. 

In order to distinguish the factors affecting the 
width of lines and also to solve the problem of the 
reason for the greater broadening of the reflections 
of deformed solid solutions, in comparison to cop- 
per, qualitative measurements of the width of lines 
were made on powders of copper and its alloys, the 
chemical composition of which is shown in Table 1. 

In order to reduce the proportion of broadening 
due to instrumental error, narrow slots or sharp 
focussing methods were used. For the same purpose, 
and to obtain the 111 and 222 reflections which are 
equal in intensity, filtered iron radiation was used 
for recording the spectra on URS-50I, and monochro- 
matic radiation, for photographing in the KMSP 
camera. The X-ray photographs were photometered 
on an MF-4 microphotometer. The width of the lines 
was found by dividing the area of intensity maxima 
by their height, after which corrections were made 

for K, , g2 and the instrumental expansion of the 
lines [4]. Corrections were made with allowance for 
the profile of the maxima where this was possible. 
In the opposite case analysis was made of the de- 
gree of error in determining the true broadening, due 
to use of an inaccurate form of correction. Only 
those results were considered, which within the 
limits of error of the measurement were not depend- 
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TABLE 1. Sizes of fields of coherent scattering and their Aa/a unit strain Aa/a in copper and its 
solid solutions after filing 


True width of} Proportion 
reflexes of broad- A 
‘ = 


Cu 0 20 ~20 2 0 Cooling in liquid 
nitrogen 

Cu 5.3] 17 | 0.7,/0.4,] 6.0] | 

Cu— Zn (1Q at 9.8) 33 106, | 0.5, The same 

Cu— Zn (25 at °%%) 13.6 46 10.5. 2.8 The same 

Cu— Al (4.6 at %) Bie 1.8 The same 

Cu—Al (13 at %) | 180] 46 Jo.97 1.3 — | The same 

(8 0 59 0 ; 

Cu — Sn (5.7 at %) he 1.6 


ent on differences in the correcting formulas due to 
the profile of the diffraction lines. Because of the 
considerable broadening of the reflections on filing 
and the conditions noted above for finding the spect- 
ra, a reasonably high degree of accuracy can be 
obtained in determining the true width of the lines. 
Grain refinement and microstress effects were se- 
parated for two series of reflections from the (111) 
plane and errors due to anisotropic broadening of 
diffractions in different crystallographic directions 
[2] were avoided. 

The table shows the figures for the true width of 
reflections and indicates what proportions of the 
broadening are due to grain refinement and what to 
microstresses. On the basis of these figures calcul- 
ations are also given for the size of the regions of 
coherent scattering D and their relative residual 
microstrain Aa/a. Because copper has the ability 
to recover after deformation, the width of the copper 
reflections were measured from powders filed dur- 
ing the cooling of an ingot and at room temperature. 
For copper filed at room temperature, the magnitude 
of the stresses was less. The microstresses in 
pure copper filed during cooling were very close in 
extent to those in alloys with 10% Zn and 4.6 % Al 
filed at room temperature. In solid solutions of 
copper with Al and 5.7 % Sn the small proportion 
of the stresses reduced the precision of the deter- 
mination of Aa/a, and for this reason their values 
are not given here. 

At the same time the sizes of the regions of co- 
herent scattering were analysed for all alloys with 
sufficient accuracy to show that the part played by 
grain refinement in true broadening was always 


high, with the exception of copper filed during 
cooling. The size of the regions of coherent scat- 
tering for copper powders obtained under these cir- 
cumstances was somewhat greater than that for cop- 
per filed at room temperature. This agrees with the 
notions regarding the variations in substructure on 
recovery shown in work [5]. 

It should be noted that on passing to solid solu- 
tions there is a considerable reduction in the size 
of the regions of coherent scattering as compared 
with pure copper. The higher the concentration of 
the alloys and the greater the difference in atomic 
sizes between copper and the alloying element, 
the smaller will be the regions. A more significant 
part in the break-up of the coherence of scattering 
in deformed solid solutions in undoubtedly played 
by the crystal lattice structure and the high number 
of disruptions of its correct periodicity. This natur- 
ally leads to the assumption that there is a change 
in the mechanism of plastic flow in copper after 
alloying. However data available on the number of 
disruptions does not yet provide a full picture of 
the nature of these changes. Assistance in explain- 
ing the nature of the distribution of the disruptions 
from a study of the conditions of the coherent scat- 
tering in different directions in the lattice might 
be given by further development of the idea of the 
mechanism of plastic deformation. The necessity 
arises for a detailed study of the width of X-ray 
diffractions from different crystallographic planes. 

Summing up, peculiarities in the crystal struct- 
ure of copper and solid solutions after deformation 
have been demonstrated. Certain conclusions may 
be drawn from this with regard to the mechanism of 
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plastic flow in alloys. The more considerable dis- nature of the hardening of metals on alloying, but 
ruption of the coherent scattering in solid solutions also in understanding the behaviour of alloys at 
as compared with pure copper, is evidence of an high temperatures. Peculiarities in the structure of 
increase in the number of elementary plastic acts. the crystal lattice of deformed materials may in 
These variations in the mechanism of plastic de- many cases be decisive factors determining the 
formation could be associated with the hardening of course of recovery. 
a metal on alloying. 

Investigation of the state of alloys after plastic 
deformation is important not only in revealing the 


Translated by V. Alford 
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In this article experimental data are given and the K - state is discussed for non-saturated and 
supersaturated iron based solid solutions. The hypothesis is put forward that 1) the K -state is si- 
milar to the structural state of a supersaturated solution in a Guinier-Preston zone, and 2) that these 
zones may also be formed in unsaturated solutions. It is here assumed that Guinier-Preston zones 


are not nucleii of the precipitating phase. 


It is also suggested that where there are no GP zones (K -state) in an unsaturated solution, 
there will be none formed on low temperature ageing of the supersaturated solutions and therefore 


there will be no so-called “cold” ageing. 


Attention is drawn to the difference between K-state and “ascending diffusion” in a stressed 


field. 


In recent years a peculiar low temperature state 
has been revealed in a number of single phase al- 
loys (according to Thomas’s terminology, the K- 
state), features of which are increase in electrical 
resistivity, hardness and strength and variation in 
the lattice period, specific volume, modulus of el- 
asticity and other properties [1-5]. It seems that 
in the formation of the K-state are formed atom se- 
gregations in the lattice of a solid solution similar 
to the Guinier Preston zones which are obtained in 
the natural ageing of two-phase aluminium alloys. 
The analogy between the natural ageing of alloys 
and the K-state would be complete if it were as- 
sumed that the developing Guinier-Preston zones 
are not the nucleii of a second phase which are pre- 
cipitated on high temperature ageing, and that in 
aluminium alloys the two stages of ageing are struc- 
turally different and in principle not dependent on 
one another [6, 7]. 

The suggestion has been made that the K- state 
is a process of preliminary precipitation in two- 
phase alloys containing a small amount of a second 
phase. When this kind of alloy is heated after quen- 
ching a process of preliminary precipitation com- 
mences, which will either be completed by the sub- 
microscopic precipitation of a second phase, or it 
will not end in precipitation at high temperature 
because the alloy will pass into the homogeneous 


* Fiz. metal. metalloved., 10, No. 2, 272-284, 1960. 


state because of the low temperature of maximum 
solubility. 

This hypothesis has been tried out in the invest- 
igations [5] of an iron based two-phase alloy con- 
taining 36 % nickel and 5.5 % niobium. The alloy 
consists of grains of solid solution and small 
quantities of the second phase (niobide of iron and 
nickel), which is very slightly soluble on heating 
to 900°. The electrical resistivity of the alloy was 
investigated after quenching in water from 950°, 
normalizing (cooling from 950° at the rate of 5°/hr) 
and after quenching in water from 950° with sub- 
sequent tempering at 500° for 10 hr. The results of 
measurement of electrical resistivity are given 
below: 


Heat treatment Electrical 
resistivity, micro-ohms cm 
Quenching and tempering - - + 95.70 


It can be seen from these figures that heat 
treatment affects electrical resistivity in an alloy 
of iron and nickel with niobium in the same way as 
with other single-phase alloys [1-5]. 

Electrical resistivity varies as a function of the 
temperature after quenching according to a curve 
with a maximum (Fig. 1). Extension of the holding 
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FIG. 1. The dependence of electrical resistivity on tempering temperature 
after quenching from 900° with holding times: 
2—2hr; 3—4hr; 4-—10hbr; 5 —50hr. 


time will increase the effect of variation in electric- 
al resistivity. The variation in time of electrical 
resistivity on tempering up to 500° is the same in 
the alloy investigated as for other alloys: increas- 
ing with time, electrical resistivity approaches its 
limiting value which varies with temperature. At 
tempering temperatures above 500° the limiting va- 
lue is reduced and here, in the first hours’ soaking 
the reduction is very rapid after which it slows 
down and approaches asymptotically its limiting 
value. 

Dilatometric data obtained agree very well with 
the data on electrical resistivity. Maximum varia- 
tion in volume is observed in the temperature range 
400-500°. Results from measurement of the micro- 
hardness of the alloy also show that if the quench- 
ed alloy is tempered in the range 400-500" there 
will be a considerable change in microhardness. 

Maximum formation of the K -state (at 500°) is 
accompanied by a 6 % increase in tensile strength. 
Electrical resistivity may be reduced in this alloy 
by work-hardening and it will increase again with 
subsequent tempering. It has been established that 
all the changes in properties after heat treatment 
are due to change in the structure of the solid solu- 
tion alone, without participation of a second phase. 
Evidence of this is also shown by the change in 
properties which occurs on work-hardening. If the 
solution or precipitation of a second phase can 
occur at the already existing crystals of the second 
phase, the properties would in this case change 
in the same way as they do with ordinary ageing: 
electrical resistivity should be reduced on ageing 
and hardly varied at all on work-hardening. 

The discovery of a K-state in the solid solution 
of the two-phase alloy Fe-Ni-Nb (after heating at 


low temperatures) has led to the assumption that in 
this alloy, upon quenching from a high temperature 
and solution of the second phase (niobide), two 
stages of ageing can be revealed on tempering at 
an increasing temperature: the low temperature 
stage corresponding to the K -state, and the high 
temperature one — precipitation of the second 
phase. The division of the two stages of ageing on 
the temperature scale in this way is very reminis- 
cent of the ageing of aluminium alloys, in which 
both cold and hot (natural and induced) ageing oc- 
curs. In this alloy recovery of properties after low 
temperature ageing would also be expected, which 
would correspond to the appearance and disappear- 
ance (at higher temperatures) of the K -state. The 
analogy is confirmed also by the fact that in alu- 
minium alloys on natural ageing, just as on the form- 
ation of the K -state, there is first an increase in 
electrical resistivity and then at higher tempera- 
tures, it decreases. 

In order to test this hypothesis a study was made 
of the ageing of alloy Fe-Ni-Nb after quenching in 
water from 1150°*. After quenching, a supersaturat- 
ed solid solution was obtained. On tempering, elec- 
trical resistivity was increased in the range 300- 
600° with a maximum at 425°, and reduced in the 
range 600-900° with a minimum of 800° (Fig. 2). 
Magnetization saturation became less at low temper- 
atures and increased at high temperatures also with 
corresponding minima and maxima (Fig. 3). The 
hardness /tempering temperature curve also has two 
maxima: a low and a high temperature one (Fig. 4). 


* Experimental investigations of the alloys Fe-Ni-Ng 
and N36KhT were made by the writer together with 
Mr. Wan Chung. 
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Coercive force of the alloy increases at temperatures 
above 600°. 

From Figs. 2, 3, 4 it is quite clear that two age- 
ing processes — a low temperature one and high 
temperature one — occur when the alloy is tempered. 

Precipitation of a second phase is revealed met- 
allographically on high temperature ageing. This 
indicates that the high temperature ageing of the 
alloy Fe-Ni-Nb is due to decomposition of the solid 
solution. Reduction in electrical resistivity after 
tempering along with high temperature ageing occurs 
as a result of the impoverishment of the supersaturat- 
ed solid solution, primarily of niobium. Increase in 
magnetization saturation occurs apparently because, 
after precipitation of the second phase containing 
a comparatively large amount of niobium, the con- 
centration of the ferromagnetic components in the 
solid solution is increased. The increase in hard- 
ness and coercive force is the result of dispersion 
hardening. 

In the process of low temperature ageing up to 
600° the coercive force of the alloy does not gener- 
ally change and no precipitation of a second phase 
has been revealed metallographically. Coercive 
force is known to be practically independent of con- 
centration in an equilibrium substitutional-type 
solid solution; it increases sharply on the appear- 
ance of the second phase [8]. As th¢ case under 
investigation concerns a substitutional solid solu- 
tion then the stability of H, will indicate the lack 
of precipitation of the second phase on low temper- 


FIG. 2. Dependence of electrical resistivity on tempering temperature after 
quenching from 1150 with holding times: 
1-05 hr; 2-—1.5hr; 3—3hr; 4—Shr; 5—7hr. 
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ature ageing. Thus, low temperature ageing, which 
increases electrical resistivity and hardness and 
reduces magnetization saturation, is an internal 
phase transformation, i.e. formation of the K -state. 

The reduction in magnetization saturation on low 
temperature ageing cannot be immediately explain- 
ed. It is however quite clear that this property is 
structurally insensitive and is only dependent on 
phase constitution. 

The diametrically opposed changes in magnet- 
ization saturation on low and high tempering temp- 
eratures indicate that low and high temperature 
ageing are the result of different phase transforma- 
tions. 

Tempering with short holding time (0.5 and 1.5 


- hr) causes intensive formation of the K -state, 


which corresponds to the first maximum on the hard- 
ness curve (4). After 3 hr soaking, besides the 
formation of the K -state, there is a noticeable pre- 
cipitation of the second phase at temperatures 
above 550; and at 600° a second maximum appears 
on the hardness curve. If the holding time is further 
increased the precipitation of the second phase 
develops intensively and hardness is increased 
more than the formation of the K-state. For this 
reason even after holding for 5 hr, the high temper- 
ature maximum exceeds the low temperature one, 
and with 7 hr holding the low temperature maximum 
almost completely overlaps the high temperature. 
The results of X-ray analysis show that the first 
insignificant reduction in the lattice period in the 


Vo 
19 


Heterogeneity of the solid solution 


YZ 
700 


100 200 300 400 500 600 700 6800 900 


FIG. 3. Dependence of magnetization saturation on tempering temperature after 
quenching from 115@ at various holding times: 
1-—05hr; 2—1.5hr; 3—3hr; 4—5Shr; 5— 7hr. 
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FIG. 4. Dependence of hardness on tempering temperature after quenching from 
1150 at various holding times: 
1—0.5hr; 2—1.5hr; 3—3hr; 4—Shr; 5 — 7hr. 


and high temperature ageing have been calculated 
from the variation in electrical resistivity. The ac- 
tivation energy of low temperature ageing is approx- 
imately 40,000 cal/g-atom, and of high temperature, 
71,000 cal/g-atom. This shows that both processes 
occur by diffusion. 

The phenomenon of recovery after ageing was 
investigated at 350, 400, 450, 500, 550 and 600°. 
Subsequent short-term heating was carried out at 


range 300- 450° is the result of the formation of the 
K -state. Some increase in lattice period in the 
range 450-600° corresponds to the removal of the 
K -state on heating. The considerable reduction in 
lattice period in the range 600-800° indicates a 
sharp change in the concentration of the solid solu- 
tion as a result of precipitation of the second 
phase. 

The activation energy of the processes of low 
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FIG. 5. Changes in properties with alternating heat treatment (initial 
state — quenching 1150): 


700° 


1 — tempering at 400°; 


700° for 5 sec in a bath of molten tin. It can be seen 
from Fig. 5 that at 400° with increased holding time, 
the electrical resistivity and hardness increase 
while magnetic saturation is decreased; with sub- 
sequent heating at 700° for 5 sec these properties 
change back again to the values for the as quench- 
ed state. With repeated tempering at 400° the pro- 
perties change in the same way as with the first 
tempering. If the testpieces are again heated to 700° 
their properties will again approach the values for 
the as quenched state. 

The increase in hardness and electrical resistivity 
and reduction in magnetic saturation after ageing 
at 400° is caused by the formation of the K -state; 
the reverse change in properties after short-time 
heating at 700° occurs as a result of its elimination 
(the resorption of aggregations of the Guinier- 
Preston zone type), and the constitution of the solid 
solution will then become the same as after quench- 
ing. Evidence of this is given by the ageing of the 
alloy after repeated tempering. 

Similar results were also obtained with short time 
heating (at 700° for 5 sec) of test specimens aged 
at 350, 450 and 500°. 

Peculiar curves for changes in properties are 
found with alternating heat treatment (tempering at 
550 or 600° for 7 hr and subsequent short time heat- 
ing at 700°). Metallographic analysis of test speci- 


2 — short time heating at 700° (5 sec). 


mens after such heat treatment has revealed the 
precipitation of a second phase. In this case the 
form of the curves in property changes is the result 
of the fact that, at 550 or 600° in the first 1.5 hr 
the main process is that of decomposition of the 
solid solution. Short heating at 600° causes the 

K -state to disappear while dispersed crystallites 
of the precipitating phase remain. For this reason 
the properties do not reach the values correspond- 
ing to the quenched state on reverse treatment. 

It can be seen from the results of the investiga- 
tion that the formation of the K -state and the pro- 
cess of precipitation of the second phase develop 
independently on ageing and at certain temperatures 
both processes may occur simultaneously. Follow- 
ing this it may be assumed that full recovery of 
properties may be revealed only before precipitation 
of the second phase. 

Virtually the same thing occurs when ageing the 
alloy N3KhT. Investigation of this non-magnetic 
corrosion-resistant spring alloy shows [9] that after 
quenching at temperatures above 900° a supersatur- 
ated solid solution is formed; subsequent temper- 
ing (ageing) stabilizes the alloy. The stabilizing 
phase is an intermetallic compound of the type 
(Ni-Fe), with a hexagonal lattice 


(a = 5.06 A, c = 8.28 A). 
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FIG. 6. Dependence of specific electrical resistivity and Vickers hardness of 
N3KhT on tempering temperature at various holding times (initial state — 
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The electrical resistivity of the alloy increases 
in the first stages of ageing at 400-600° and is then 
reduced at higher temperatures. This anomalous ef- 
fect was also found in alloys Al-Cu [10] where re- 
covery after ageing had first been established [11]. 

The composition of the alloy investigated, N36KhT 
is 34.5 % Ni; 12.43 % Cr; 3.62 % Ti; the remainder 
Fe. 

The results of the measurement of electrical re- 
sistivity as a function of tempering temperature are 
given for various holding times in Fig. 6. Maximum 
increase in electrical resistivity is observed at 
400-500° with a holding time of 15 hr; with shorter 
holding times this increase is less and the electric- 
al resistivity curve shifts to higher temperatures. At 
a tempering temperature of above 600° electrical 
resistivity falls, reaching a minimum at 700°. 

On each of the hardness curves (Fig. 6) sections 
are noticeable where there is an even increase in 
hardness in the range 300-500 and an abrupt in- 
crease to the maximum at 600° and over. Precipita- 
tion of the stabilizing phase from the solution could 
only be revealed by metallographic analysis at tem- 
peratures above 500°. From this it follows that when 
the alloy N36KhT is tempered two processes occur, 
but it is not possible to separate them on the tem- 
perature scale. At temperatures above 500° of course, 
the predominant process is the precipitation of the 
second phase, while in the range 300-500? it is the 
process of transformation within the solid solution 
without precipitation of a second phase which pre- 


dominate. 


In order to find out the iature of this low temper- 


2— 3hr; 
5 — 15 hr; 


3— 5Shr; 
6 — 30hr. 


ature process investigation was made of the influ- 
ence of cold deformation on the properties of spe- 
cimens aged at low temperatures. The results ob- 
tained are given in Fig. 7. As might be expected, 
after tempering at 500° electrical resistivity and 
hardness are increased. With subsequent strain, 
besides the increase in hardness as the result of 
work hardening, electrical resistivity is observed 
to decrease below the value obtained after quench- 
ing. As electrical resistivity is usually increased 
with cold deformation the reduction observed is 
anomalous. This kind of anomaly was discovered in 
nichrome and other alloys by Thomas and others 
{1, 4], who consider that the reduction in electrical 
resistivity on deformation is one of the signs of the 
presence of the K -state in an alloy. Cold deforma- 
tion causes decomposition of the K-state formed on 
tempering (and in the process of quenching at ina- 
dequate cooling speeds), and for this reason elec- 
trical resistivity is reduced to below the value for 
the quenched alloy. From this it may be assumed 
that in the alloy N36KhT the formation of the K- 
state also occurs at tempering temperatures below 
500°, and this subsequently is decomposed under 
the action of deformation. Evidence of this is shown 
by the fact that repeated tempering at 500° after de- 
formation again increases electrical resistivity and 
hardness (dotted line on Fig. 7), i.e. the K -state 
which had been decomposed by deformation, is re- 
established. 
Recovery was investigated after ageing at 400, 

450 and 500°; repeated short time heating was car- 
ried out at 700°. In all cases the recovery of proper- 
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FIG. 7. Variation in the properties of N36KhT under two different kinds 
of treatment: 
1 — tempering at 500° 5 hr and deformation (initial state — quenching 
from 1000°); 
2 — repeated tempering at 500° 10 hr. 
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FIG. 8. Variation in the properties of N36KhT with alternating tempering 
(450°) and short time (10 sec) heating to 700°. Initial state — quenching 
from 1000°. 

a — specific electrical resitivity; 

6 — Vickers hardness. 


ties by alloys aged at various temperatures was in- recovery of the properties is apparently due to the 
complete. It can be seen from Fig. 8 that electrical fact that on quenching at 400-500, in the alloy 
resitivity and hardness increase with increase in N36KhT the formation of the K-state and the preci- 
tempering time at 500°, and that after subsequent pitation of the hardening phase occur simultaneously. 
short time heating (10 sec) at 700° the properties With subsequent short time heating at 700° the K - 
vary again in the opposite direction reaching almost _— state decomposes, which also causes recovery of 

the same values as for the quenched state. Partial properties. In this case the precipitation crystallites 
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FIG. 9. Volume changes in the alloy N36KhT with isothermal holding. 
Initia] state — quenching from 1000. 


of the hardening phase remain and this is the reason 
for the incomplete recovery. 

The recovery effect was also established dilato- 
metrically according to a volume effect. Isothermal 
holding at 300° did not cause the appearance of a 
volume effect; at 400, 500 and 600° compression is 
observed; the extent of the compression is consider- 
ably greater at 600° than at 400 and 500° (Fig. 9). 
The causes of compression are not the same in the 
case of holding at 400, 500 or 600°; this is clearly 
visible in the cases where test specimens undergo 
secondary “recovery” treatment (700° for 10 sec 
followed by rapid cooling). As can be seen from Fig. 
9, a third heating at 400 and 500° after short time 
heating (700° —10 sec) of test specimens tempered 
in the first instance at 400 and 500°, will again 
cause the effect of compression. If the same speci- 
men is again heated for a short time up to 700°, then 
subsequent isothermal holding at the same tempera- 
ture (400 and 500°) will again cause the effect of 
compression. On the other hand, heating to 700° and 
repeated isothermal holding at 600° after short term 
(10 sec) high temperature heating at 700° of alloys 
tempered in the first instance at 700°, causes no 
variation in the length and volume of the specimen. 

From this it follows that the compression at 400 
and 500° is mainly due to the formation of the K- 
state which returns on short time high temperature 
heating, while the compression of the specimens at 
600° is the result of an irreversible process — the 
precipitation of the second phase. The incomplete 
recovery at 400 and 500° is the result of partial 
precipitation (together with formation of the K -state) 


of the hardening phase. 

In this connexion it would be interesting if the 
presence or absence of recovery in the alloys Fe- 
Mo and Fe-W could be revealed, since their ageing, 
even in its early stages, is probably [12,13] due to 
precipitation of the second phase. 

The alloys, Fe-Mo (21 and 30% Mo) and Fe-W 
(16 and 9% W), were chosen for investigation. 

The following heat treatments were carried out: 
quenching for the purpose of obtaining a supersatur- 
ated solid solution, tempering at different tempera- 
tures and holding times (ageing), short term high 
temperature heating in a bath of molten tin (recovery 
after ageing). The condition obtained in the alloys 
was fixed by rapid cooling in water. 

The results of the investigation of the ageing of 
the Fe-Mo alloy with 21 % Mo confirm the hypothesis 
put forward above [12]. Tempering at temperatures 
below 500° hardly causes any change in the proper- 
ties of specimens quenched from 1350°, while at 
temperatures above 500° reduction in electrical 
resistivity, intensity of magnetization, increase in 
hardness and coercive force (Fig. 10), and the com- 
pressive volume effect all occurred simultaneously. 
The drop in electrical resistivity, magnetization 
saturation and compressive volume effect are of 
course the result of reduction in the concentration 
of the molybdenum in alpha-iron as a result of pre- 
cipitation of the phase Fe,Mo,. The increase in 
hardness and coercive force is the result of preci- 
pitation of dispersed particles. There is no anoma- 
lous variation in properties in the initial stage of 
ageing. Change in properties is accompanied by 
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3 FIG. 10. Dependence of the properties of an iron-molybdenum alloy 
(21% Mo) on tempering temperature (5 hr) after quenching 
from 1350. 


precipitation of particles of molybdenum visible 
under the microscope with high magnification [14] 
and reduction in the lattice period of the solid solu- 
tion. No incubation stage of ageing was discover- 
ed. 

To reveal the recovery of properties after ageing, 
short-term high-temperature (700, 800, 900°) heating 
was carried out on thin test specimens partially 
aged at fairly low temperatures (500, 550, 600°). 
Preliminary tempering could be restricted to any low 
stage of ageing by measuring coercive force. 

In character the ageing process is the same in 
both Fe-Mo and Fe-W alloys. In both systems varia- 
tion in properties was connected only with precipita- 
tion of the second phase. After 30 min tempering at 
600° or 2 hr tempering at 550° the precipitating 
phase is in a very finely dispersed state and can only 
be revealed by means of an electron microscope. 

For this reason on subsequent short-time high-temp- 
erature heating, recovery is to be expected, if it 
consists in solution of the highly dispersed preci- 
pitation. But experiments indicate the absence of 
recovery. It is clear that after heating at 700° (and 
more so at 800 and 900°) the properties will continue 


to change in the same direction as after preliminary 
tempering at 550 and 600°. 

This change in properties is evidence of the 
further development of precipitation at 700° as a 
result of the incomplete decomposition of the solid 
solution at 550 and 600°. 

Electrical resistivity and magnetization satura- 
tion are reduced while hardness and coercive force 
are continually increased, i.e. recovery does not 
take place. 

The question arises, if no initial stage of ageing 
is found in an alloy which is ageing, and there is 
no recovery of properties, is it possible for there 
to be a K-state in non-ageing single-phase alloys 
of the same system with a content of alloying ele- 
ment below the limit of solubility ? It was decided 
to test this out on alloys of the iron-tungsten and 
iron-titanium system. According to the data avail- 
able in the literature [15 and others] no anomalous 
effects have been found in the initial stages of 
ageing in iron+itanium alloys or in iron-tungsten 
and iron-molybdenum alloys. 

The chemical composition of the alloys invest- 
igated are given in Table 1. 
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FIG. 11. Dependence of specific electrical resistivity and hardness of 
alloys Nos. 6 and 7 on tempering temperature after quenching: 
a — alloy No. 6; 
b — alloy No. 7. 


Specimens of the alloys were sealed into ampoules 
and quenched in water (iron-titanium alloy from 
1000°, iron-tungsten — from 900°) and were then tem- 
pered at 350-600° with a holding time of 1 and 5 hr 
at each temperature. 

To test the behaviour of deformed alloys, test 
specimens were work-hardened by drawing to a 75% 
degree deformation. Graphs were plotted for the re- 
lationship between properties and holding time at a 
given temperature (Figs. 11 and 12). The results ob- 
tained show that in the alloys investigated there 
are no transformations in the homogeneous field, 
while annealing after deformation produced only 
those changes in properties which are usual in the 
recrystallization of a deformed material. From this 
it may be concluded that in the systems Fe-W and 
Fe-Ti the lack of any sign of recovery of properties 
in ageing alloys consisting of a basic solid solution 


and a second phase, also indicates the absence of 
the K-state in the non-ageing alloys consisting 
only of the solid solution. 

At one of the conferences in 1956 Ke Tin Hsui 
put forward the hypothesis that the K-state is due 
to the same causes and has the same mechanism as 
the Konobeyevskii-Rovenskii [16] effect, known as 
“ascending diffusion”, with this difference, that the 
latter is due to atomic segregation in the stress field 
and the K -state is due to atomic segregation around 
a dislocation. It is easy to imagine that the K - 
state must be the result of “ascending diffusion” 
[5] because in this case a stress field arises even 
in the absence of work-hardening, due to the pres- 
ence of lattice defects the concentration of which 
is a function of temperature and treatment. Hasiguti 
also explains the phenomenon of “ascending diffus- 
ion” which he investigated on deformed brass, by 
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FIG. 12. Dependence of specific electrical resistivity and hardness of 
alloys No. 6 and 7 on holding time after cold deformation: 
a — holding at 450°; 
b —at 550°. 
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atomic segregation around a dislocation. If this is 
so, the change in properties should be the same in 
both cases. An indication of the K-state is given 
by an increase in electrical resistivity together 
with an increase in hardness. The “ascending dif- 
fusion” effect is also accompanied by an increase 
in hardness on the tempering of deformed material 
in a certain range of temperatures below that of re- 
crystallization. However, as shown by Rovenskii 
on aluminium bronze, where the effect of “ascend- 
ing diffusion” is clearly expressed the specific 
electrical resistivity will be lower. 

On other alloys where this effect was investigat- 
ed, electrical resistivity was not measured. For 
this reason we found it interesting also to carry out 


measurements on a number of alloys and to compare 
both effects — that of K-state and “ascending dif- 
fusion”. As there are at the moment some very firm 
views on the processes leading to “ascending dif- 
fusion” it should be possible to transfer the mech- 
anism (with some change in properties) to the K - 
state for the sake of comparison. 

It would also be interesting to find out if the 
chosen material is of the K -state after deformation 
as well, if there was no sign of it after quenching 
and tempering. For this purpose the alloys were 
cold drawn to a 40 % deformation. From the result- 
ing wires test specimens were made for the measure- 
ment of hardness and electrical resistivity after a 
suitable annealing. From the results of the experi- 
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ments graphs were plotted showing the properties 
as a function of holding time at each temperature 
and of temperature for a definite period. The compo- 
sition of the alloys is given in Table 2 

In alloy No. 1 no “ascending diffusion” effect was 
found even after additional deformation. The effect 
was observed on alloys Nos. 2 to 4 around anneal- 
ing temperatures 400 to 500°. 

In this case electrical resistivity was reduced in 
the alloys Nos. 2to 4, i.e. it behaved in the manner 
to be expected when deformed material is annealed. 
In alloy No. 5 there was an increase in hardness 
and an increase in specific electrical resitivity, i.e. 
the K-state was formed. There was no change in 
properties in alloys No. 1 to 4 as a result of temper- 
ing after quenching. In No. 5 on the other hand, spe- 
cific electrical resitivity increased after quenching 
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THE NATURE OF THE INTERNAL FRICTION MAXIMUM IN STEEL AFTER 


HEAT TREATMENT * 
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A study is made of data regarding the nature of the 200-degree internal friction maximum in 


heat-treated and deformed steel. An investigation is made of the influence of cold working, quench- 
ing from subcritical] temperatures and cold deformation on the value of the 200-degree maximum. 

The data presented permit the conclusion that in the case of quenched and tempered steel] the 
200-degree maximum is due to the simultaneous occurrence of several relaxation processes in the 
stress field: the diffusion of atoms of carbon in the residual austenite, migration of carbon atoms in 


In many papers devoted to the measurement of 
internal friction in heat-treated and deformed steels 
a maximum has been found at a temperature around 
200° [1-7]. The writers of the papers cited treat the 
nature of this maximum differently. The writers of 
papers []-3] attribute the magnitude and position of 
the maximuin on the temperature axis in deformed 
steel to the migration of interstitial atoms to the 
stress field and their interaction with dislocations. 
In paper [4], where the internal friction of quenched 
and tempered steels was investigated, the peak is 
explained by the presence of martensite, quenching 
stresses and the decomposition of martensite on tem- 
pering. | he nature of the peak in quenched and tem- 
pered high carbon steel [5] is attributed to diffusion 
of carbon in the residual austenite under the action 
of stresses and to the decomposition of residual 
austenite. During the investigations into quenched 
high chromium steet containing about 1 % carbon 
[6] it was shown that no 200-degree peak exists 
when the steel consists of pure austenite, and that 
it arises on partial martensitic transformation. 

In paper [7] internal friction data and magneto- 
metric measurements are compared, and as a result 
the authors come to the conclusion that it is residu- 
al austenite which plays the major role in the form- 
ation of the peak. 

It is of considerable scientific and practical in- 
terest to establish the nature of the 200-degree 
peak in heat treated steel, because of the high 
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dislocation fields formed as a result of martensitic transformation and thermal stresses. 


sensitivity of the internal friction method to phase 
transformations and diffusion. 

From the data presented and also from the results 
of known investigations of internal friction it could 
be assumed that the emergence of the peak under 
discussion is due to two factors, — the presence of 
crystal lattice defects and the interstitial atoms in 
the lattice. 

Quenched steel consists of martensite and a cert- 
ain quantity of residual austenite. Martensite has a 
tetragonal body-centred lattice the degree of tetra- 
gonality of which (c/a) increases as the carbon 
content increases. Where c/a = 1.06, as shown in 
[7], the lattice distortions are of the same magnitude 
as that caused by stresses of 200 kg/mm’. Between 
the needles of martensite, oriented in the direction 
of the large axis of the tetragon, are portions of 
residual austenite. Stresses are particularly high 
at the austenite-martensite interface. Re-orientation 
of the axes of tetragonal distortions of martensite 
during measurements of internal friction, such as 
might be due to the appearance of a diffusion peak, 
is not possible as it would cause considerable 
volumetric changes due to the change in the direct- 
ion of tetragonality in the martensite needles. 

The source of diffusion internal friction in austen- 
ite is the re-orientation of closely neighbouring 
pairs of carbon atoms in the face-centred crystal 
lattice. The diffusion of carbon in austenite under 
the influence of stresses does not cause any notice- 
able change in the volume of the steel. For this 
reason the diffusion peak of internal friction in a 
quenched steel may be due to the diffusion of 
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carbon in austenite, and not in martensite. 

The martensite peak observed by the writers of 
paper [8] at 130°, is due to loss of ¢-carbide and not 
to diffusion acts under the influence of stress. In 
paper [9] it is shown that there is a drop in the 200- 
degree maximum on heating quenched complex- 
alloyed steel to 200° without decomposition of mar- 
tensite. This is evidence of the effect of phase- 
hardening, which is reduced on heating, on the mag- 
nitude of the internal friction maximum. 

The writers of paper [5] calculated the diffusion 
coefficients from the peak temperatures. Their value 
was found from the corresponding extrapolated figures 
for the diffusion coefficients of carbon in austenite, 
obtained by the usual methods at high temperatures. 
Maximum correspondence was found for the extra- 
polation of figures for the diffusion of carbon in pre- 
viously quenched austenite [10]. 

The data presented concerning the nature of the 
200-degree maximum in deformed and heat treated 
steels are evidence of the varied effects responsible 
for the value of this maximum. From an analysis of 
these data the hypothesis may be made that in the 
case of quenched and tempered steel the 200-degree 
maximum is due-to the simultaneous occurrence of 
several relaxation processes in the stress field, — 
diffusion of carbon atoms in residual austenite, mig- 
ration of carbon atoms to dislocation fields formed 
as a result of martensitic transformation and thermal 
stresses. 

In this paper some new experimental data are put 
forward which suport this proposition. 

The role of residual austenite can easily be ex- 
plained by measuring internal stress in quenched 
specimens of the same steel, containing different 
amounts of austenite. For this purpose test speci- 
mens of steels U7A, U9A and U12A, whose composi- 
tions are given in Table 1, were quenched and cold- 
worked in liquid nitrogen. Quenching was carried 
out in a vacuum from a temperature of 900°. 
Fig. 1 presents two pairs of curves of internal 


friction for the steels indicated. The measurements 
were made on a relaxation oscillator at a frequency 

of 1 c/s. The rate of heating was the same for all 

the specimens. 4to 5 test specimens of each steel 
were investigated so as to get fully reproducible 
results. 

Cold working shifted the high temperature portion 
of the internal friction curve to higher temperatures. 
The absolute values of the peaks of internal friction 
(deducting the background value) are given in Table 
2. In these cases the value of the peak is reduced 
after cold working in relation to the reduction in the 
quantity of residual austenite, which fact is eviden- 
ce of the role of carbon diffusion in the austenite in 
the formation of the 200-degree maximum. Analogous 
results were obtained in paper [7] in comparing the ~ 
height of the 200-degree maximum with the amount 
of residual austenite determined by magnetometer. 
The authors showed thattemperingcaused a consider- 
able reduction in the height of the internal friction 
peak in the temperature region where intensive 
decomposition of residual austenite occurs. 

It should be noted that working has a smali effect 
compared to tempering, which indicates the inade- 
quacy of the explanation that the 200-degree maxi- 
mum is due only to residual austenite, and confirms 
the hypothesis put forward concerning the complexi- 
ty of the nature of this peak. 

We decided that it would be very interesting to 
check the influence of thermal stresses, and for 
this reason test specimens of the same steel were 
quenched from subcritical temperatures. Fig. 2 shows 
the results for U9A. Similar results were obtained 
for the other steels. It can be seen that at a tem- 
perature of ~ 200° a small internal friction maximum 
appears, considerably less than that on quenching 
from the austenitic state. The data in Fig. 2 show 
that thermal stresses play a certain role in the form- 
ation of the 200-degree internal friction maximum. 
It appears that the thermal stresses form dislocat- 
ions and that the migration of carbon atoms to their 
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FIG. 1. The temperature dependence of internal friction in steel] containing 0.71 
and 1.16% C after quenching and cold working: . 
x — steel U12A quenched from 900°; 
o — the same steel after quenching from 900° and cold working at — 196°; 
A~— steel U7A quenched from 900°; 
V — the same steel after quenching from 900° and cold working at — 196°. 
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fields creates the 200-degree maximum found on ion type as a result of martensitic transformation. 
measuring internal friction. Matensite needles are known to grow at a very large 
The considerable height of the internal friction rate. The specific volume of martensite is greater 
maximum in quenched steel can be explained by the _—than that of the original austenite. As a result there 
creation of a large number of defects of the dislocat- _is considerable work-hardening and a high concentra- 
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TABLE 2. Variations in the height of the internal friction peak 
in the steels investigated 


Height of peak (with deduction 
for background) 


Difference in 


Carbon content 
% After 
quenching 


cold working 


heights of 


After peak 


66 
92 


58 


tion of dislocations. Similar structural defects may 
be found as a result of high plastic deformation in 
the cold state. 

Armco iron containing 0.019 % carbon was deform- 
ed 25 and 75% by drawing. 

Fig. 3 shows the internal friction curves for these 
specimens.F or 25 % deformation there are two peaks 
at 40 and 200°. 75 % deformation causes the disap- 
pearance of the 40-degree peak and a considerable 
increase in the maximum at 200°. The disappearance 
of the 40-degree peak can be explained by the trans- 
lation of carbon atoms the tetragonal openings in 
alpha-iron to more energetically favourable positions- 
in dislocations. On 75% deformation the height of 
the 200-degree maximum is 23 units, which is also 


FIG. 2. The temperature behaviour of internal friction in steel containing 
0.92% C after quenching from 720 and 670: 

1 — quenching from 720°; 

2 — quenching from 670, f = 0.85 c/s. 


Joo °c 


less than that in quenched steel; this may be due 
to the low carbon content of armco iron. 

The experimental data presented confirm the com- 
plex nature of the internal friction maximum in 
quenched steel. The maximum at 200° arises as a 
result of the simultaneous occurrence of carbon dif- 
fusion in the residual austenite as a result of stres- 
ses, and carbon migration to the dislocation fields 
formed as a result of martensitic transformation and 


thermal stresses. 


Translated by V. Alford 
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FIG. 3. The temperature behaviour of internal friction in steel] containing 
0.019% C after 25 and 75% deformation: 
1 — after 25% deformation; 
2 — after 75% deformation; f= 1 c/s. 
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THE PROBLEM OF THE NATURE OF “DIPS” IN THE PLASTICITY CURVE 
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Hypotheses are put forward on the basis of previous papers, concerning the nature of the “dips” 
on plasticity curves which arise as a result of secondary diffusion processes in deformation. Data 


are presented concerning the anomalous increase in the strength of brass at temperatures correspond- 


ing to these “dips” in plasticity. 


A hypothesis has been developed by one of the 
authors of the present article, concerning the cau- 
ses of the “dips” on plasticity curves which appear 
in metallic solid solutions [1-3]. On the basis of 
the hypothesis, a theory was put forth concerning 
the development of secondary diffusion processes 
in deformation, which cause the appearance of ad- 
ditional defects and distortions in the crystal lat- 
tice. Somewhat earlier Pavlov [4] showed with Al- 
Mg alloys, that in the case of ageing at certain tem- 
peratures anomalies in strength are observed as a 
result of defects in the atomic lattice. 

From these points of view it is to be expected 
that the emergence of “dips” on plasticity curves 
should be related to the appearance of anomalies in 
strength at the same temperatures. Effects of this 
kind are observed in Al-Cu alloys at ageing temper- 
atures of ~ 100° when the drop in plasticity corres- 
ponds to maximum strength [5, 6]. In unsaturated 
solid solutions however, no anomalies in strenght 
have been observed at temperatures corresponding 
to the “dips” in plasticity known to us. 

We investigated this problem in copper zinc solid 
solutions. Plasticity was determined [7, 8] in static 
tension in the range from room temperature to 900° 
with 100° steps. 

At the present moment it is assumed that the tem- 
perature dependence of strength has an exponential 
form [9]. With deformation however, there occur the 
processes of recovery and, at relatively high tem- 
peratures, of recrystallization. All these transform- 
ations are diffusion processes in the development 
of which additional distortions as well as defects 
are formed in the lattice, and consequently there is 
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an increase in strength. It is just for these reasons 
that in the low temperature range a certain retard- 
ation in the reduction of strength with temperature 


is revealed, causing a deviation from an exponential 


dependency. 

If one proceeds from the point of view that the 
“dips” in plasticity are related to diffusion (1-3, 

5, 6], then it should be expected that at temperatures 
close to the range of these “dips”, anomalies in 
strength will be revealed, i.e. there should be a 
noticeable increase. These ranges cannot complete- 
ly coincide as, of course, the measurements of plas- 
ticity and strength respond differently to different 
forms of distortion and defect; besides this they are 
dependent to different degrees on the number and 
type of distortions. 

Figs. 1 and 2 show experimental data on plastici- 
ty and strength anomalies in brass L75, L64, LS74- 
2.7 and LS75-3. It can be seen from these figures 
that in all these alloys deviation in strength is ob- 
served in temperature ranges corresponding to a 
“dip” in plasticity and that here there is one anomaly 
for the alloy L75 and two for L64, LS74-2.7 and 
LS75-3. The transition point from one to the other 
anomaly coincides in all cases with the minimum 
“dip” in plasticity. It seems that this coincidence 
cannot be accidental. 

The unusual variation in strength in the region of 
the plasticity drop for different alloys reaches the 
following values: L75- 5.0 kg/mm’; L64- 4.5 kg/mm’; 
LS74-2.7 and LS75-3 ~ 4.0 kg/mm? or ~ 20-30% of 
the values measured, which is considerably in ex- 
cess of possible experimental errors. 

Thus, experimental verification of the proposition 
that there is a dependence between strength an- 
omalies and “dips” in plasticity fully confirms 
theoretical considerations put forward previously, 
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FIG. 1. Variation in plasticity and strength of brass L75 and L64. 
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FIG. 2. Variation in plasticity and strength of leaded brasses. 
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of “dips” in plasticity and anomalies in strength 
is required. 


and indicates furthermore, that the relationship is 
far more complex than we had imagined (the appear- 
ance of the two anomalies). For a full explanation 
of the experimental results obtained a further study 


Translated by V. Alford 
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THE INFLUENCE OF BORON ON THE DIFFUSION OF IRON IN AUSTENITIC STEELS* 
V.V. LEVITIN 


Urals Research Institute of Ferrous Metals 
(Received 3 April 1960) 


The influence of small alloying additions on the 
relationship between the processes of intergranula 
and transcrystalline (volume) diffusion has been anal- 
ysed quantitatively by a number of investigators [1- 
4] on the basis of Fisher’s calculation [5]. In the 
present work the influence of boron is investigated, 
on the diffusion coefficient of iron in austenitic 
stailess steels. The method used for the treatment 
of the results of measurements of the activity of the 
integral residue was that of Borisov, Golikov and 
Shcherbedinskii [6], by which means it is possible, 
unlike the Fisher method, to determine independent- 
ly the value of the coefficient of volume diffusion 
D and the derivative 5 D’ (6 is the depth of the in- 
tergranular transition zone; D’ is the coefficient of 
diffusion along grain boundaries). The method con- 
sists essentially in the selection of a theoretical 
curve corresponding to the experimental relation- 
ship which has been obtained 


is the ratio between the radioactivity of the test 
specimen after removing a layer y in depth, and ini- 
tial activity; 2b is average grain size. A family of 
theoretical curves was calculated for different values 
of parameters z and ¢, related to the diffusion cons- 
tants by the equations: 


b? zt 2Db 
and 8D’ = (1) 


where ¢ is diffusion time. 

Two types of austenitic stainless steel were selec- 
ted for the investigation: the chromium nickel, 1Kh 
18N9, and chromium manganese nickel containing 
some nitrogen, Khl7N4G8A [7].: The composition 
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of the steels melted in an induction furnace is Sie 
in Table 1. 

After homogenizing the ingots were ry’ into 
bars. Test specimens 12 x 12 x 10 mm were quench- 
ed in water after one hour’s soaking in a salt bath 
at a temperature of 950° (Kh18N9) and 1100° (Kh17 
N4G8A). The average grain size, determined from 
the magnitude of the total perimeter of the bound- 
aries, was 19-20 yp for the first steel and 25- 26 
for the second. One side of the test specimen was 
prepared as a metallographic specimen, and a layer 
of iron containing the radioactive isotope ‘*Fe was 
deposited on it electrolytically. The layer was 2-6 
in depth. 

Diffusion annealing was carried out in evacuated 
sealed quartz tubes at 900° for 47 hr. Then succes- 
sive layers were removed from the test specimens 
by grinding and the activity of the remainder was 
measured for the y-radiation. The depth of one such 
layer, determined according to the loss in weight, 
was 1-7 p. Two specimens of each composition 
were investigated. The experimental points obtain- 
ed on both specimens are plotted on the same 
graph. 

Fig. 1 shows the points obtained for the relation- 
ship 


1 


for testpieces of steels 1Kh18N9 without boron and 
with an addition of 0.005 % boron. On the same 
graph are plotted the theoretical curves calculated 
respectively for z = 0.5, ¢ = 0.2 and z = 0.5, € = 0.4. 
The curves coincide very well. From here the 
values D and 6 D’ are calculated according to 
equation (1). 

For steel Kh1 7N4G8A without boron and contain- 
ing 0.009 % boron (Fig. 2) z = 0.5, e = 0.4 and 
z = 0.5, « = 0.8 respectively. 

Diffusion constants for all the test specimens 
are given in Table 2. 

From the data obtained it can be seen that under 


130 
VO. 
ay 
19 
where 
__ 


Letters to the Editor 


TABLE 1. Chemical composition of steels 


Made of | 


Content of elements, % 


steel | ingot 


Cr Ni Mn 


xn | Si 


601 9.08 | 18,0 
IKhI8N9 (0.08 | 18.0 | 


606 0.08 | 18 


1 
Kh17N468A 
' 


26 


FIG. 1. Experimental points and theoretical curves 


for steel 1Kh18N9. 
o — steel without boron; 
e — steel containing 0.005 % boron. 
1—z=0.5, ¢€=0.2; 2—z=0.5, e€= 0.4. 


the conditions studied, in both steels during the 
diffusion of iron the presence of boron reduces the 
value 6 D’ by ~ % and has practically no effect on 
the coefficient of volume diffusion. Reduction of the 
boundaries to the permeability to diffusion occurs 
even with the first, extremely small (0.0005 %) ad- 
ditions of boron; further increase in the boron con- 
tent of the steel does not increase its action. For 
comparison, in Table 3 are given the values for the 
ratio 

8D’ 


Vo 


in steel Kh17N4G8A. 


e= 0.4; 
e= 0.8. 


—z= 0.5, 
2—2z= 0.5, 


for the same specimens calculated by the Fisher 
method. The last column in this table shows the 
same values calculated with a different numerical 
coefficient & in the formula obtained by Borisov 
and Lyubov [8] in a precise solution to the initial 
Fisher equations. In steel 1Kh18N9 the ratio 


3D’ 
Vd 
is reduced on additions of boron; in steel Kh17N4 


G8A this reduction is within the limits of experi- 
mental error. 
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TABLE 2. The influence of boron on the diffusion constants of iron in austenitic steels, 
calculated according to the method in [6] *. 
Diffusion annealing for 47 hr at 900° 


8 D’ 
Made of | Boron Dxio'? | , 
steel ingot {Content % em*/sec cm? /sec yD 
60! None 1.8 9.9 7.4 
1Kh18N9 602 0.0005 1,3 4.2 3.7 
606 0.005 1,6 4.3 3.4 
| None 2.3 7.2 4.7 
Kh17N4G8A 2 0.005 2,3 3.6 2.4 
5 0.009 2.5 4,1 2.6 


* In the determination of the values D and 5 D’ the percentage error is ~ 10 and~ 15% 
respectively (without allowing for error in the derivation of z and 6). 


TABLE 3 


9 wth, 
Made of Boron 8 cm*/sec 
k= 0.21 [5] hk = 0.37 [8] 
601 None 3.9 6.8 
1Kh18N9 602 0,0005 1.6 2.8 
606 0.005 1.4 2.5 
! None 1.6 2.7 
Kh17N4G8A 2 0.005 1.3 2.3 
5 0.009 1.3 2.3 
* Percentage error 10-15% 
It should be noted that, calculated from the data gated at the boundaries of austenitic grains [9] and 


as a result of this there is a reduction in the excess 
energy of the granula transition zone. The reduct- 
ion in the permeability of grain boundaries to dif- 


obtained according to the method described in pa- 
per [6], the figures for 


3D" . fusion in the presence of boron may be due to varia- 
VD tion in the geometrical structure of the intergran- 
ular transition zones and also to increase in the 
are closer to the values calculated at k = 0.37 [8], interatomic action in them. This retarding action of 
than at & = 0.21 [5]. the boron has been observed by the autoradioagraphic 


Being a surface-active element, boron is segre- method by Kishkin and Bokshtein [10] for the inter- 
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granular diffusion of tin in nickel. 

The effect of boron on the precipitation kinetics 
of the carbide phase on the grain boundaries of 
austenitic steel has already been disclosed [11]. It 


is suggested that one of the factors influencing 
the carbide formation is the variation in diffusion 
constants, 
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THE INFLUENCE OF HYDROSTATIC COMPRESSION ON DIFFUSION CONSTANTS 
IN A TITANIUM-IRON ALLOY * 
S.D. GERTSRIKEN and M.P. PRYANISHNIKOV 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
_ (Received 17 March 1960) 


The present investigation is a development of 
work carried earlier on the study of the influence of 


hydrostatic compression on diffusion constants [1,2]. 


It has been shown from the study of self-diffusion 
in zinc [1] and iron [2] that diffusion constants are 
substantially dependent on the degree of pressure 
from the inert gas in which diffusion annealing was 
carried out. It was established that even at relative- 
ly small pressures (up to 150 atm) the process of 
diffusion is characterized by higher speed and low- 
er energy of activation. 

The experimental determination of the dependence 
of diffusion constants on the degree of relatively 
low pressures acting continuously on a test speci- 
men during diffusion annealing, provides information 
concerning the diffusion process in circumstances 
in which plastic microdeformations develop in the 
grain of a polycrystal as a result of the redistribu- 
tion of stresses in the grains and the reorientation 
of the grains with regard to one another during the 
transition to a new equilibrium state brought about 
by the action of the pressure of the gaseous medium. 

In the papers cited an investigation was made of 
the diffusion process of iron in polycrystals (aver- 
age grain size 2 mm) of a titanium alloy with 4 at. % 
iron in the pressure range 1 to 170 atm. The titanium 
purity was 99.7 %. 

Diffusion annealing was carried out at two temper- 
atures, 950 and 1200°, which corresponded to the 
beta-modification of the alloy (body-centred cubic 
lattice), in an inert gas (argon) in a special appar- 
atus by means of which it was possible to carry out 
annealing at pressures of up to 1000 atm. and tem- 
peratures up to 1500°. The inert gas in this appara- 
tus had undergone additional cleaning, which pract- 
ical ruled out the possibility of the test specimens 
being contamined by oxygen or nitrogen. The pres- 
sure of the gas remained constant during the course 
of the whole diffusion annealing. The temperature 
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of the test specimens was maintained constant with 
a precision of + 2°. 

The rate of diffusion was determined by the auto- 
radiographic method [3] using radioactive iron 
55559 Fe, The diffusion zone was about 1.5 mm in 
depth and the duration of diffusion annealing was 
about 0.5 to 1.2 hr. Calculation of the diffusion 
coefficients was carried out by the well-known 


formula 


—0. 1086 


D 
¢xtan a 


where ¢ is the duration of diffusion annealing, while 
tan a is determined from the graph for the relation- 
ship 


ol 
log f (x*). 


The relevant figures for the diffusion coefficients 
are given in Table 1. 

These data are presented graphically in Fig. 1 
as log D = f (p) and in Fig. 2 as log D = f (1/T). 

If follows from the table and graph that the maxi- 
mum effect on the rate of diffusion at 950° is excer- 
cised by pressures at the beginning of the range 
investigated. Increase in pressure causes the 
curves log D = f (p) to incline more and more 
towards the axis p, i.e. the intensification of the 
process of diffusion is directed towards saturation. 
On the other hand, the relationship log D = f (p) 
at 1200° shows that there is a considerable reduct- 
ion in the effect hydrostatic compression on the 
rate of diffusion with increased temperature. Thus 
if at 950° the ratio 


then at 1200° this ratio will only be 1.63. Here the 
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TABLE 1. Diffusion coeffficient D x 10’ cm*/sec 


Pressure, atm. 


FIG. 1. Dependence of log D on pressure in a titanium FIG. 2. Dependence of log D on 1/T for a titanium alloy 
alloy with 4 at.% iron at temperatures: with 4 at.% iron at pressures: 
1 — 950; l—latm; 2—20; 3-50; 
2 — 1200°. 4—100; 5 — 150 atm. 


orientation of the straight lines log D = f (1/T) is due to reduction in the potential barrier in the 
(although they are each plotted through two temper- path of the diffusing atoms and that easier paths 
ature points, because of the large interval between are then created for their diffusion movements. 
them (250°) and the considerable scatter of the The reduction in the effect of hydrostatic com- 
values of D from the mean, they are good enough to pression on the diffusion process at elevated tem- 
provide a basis for qualitative conclusions) show perature is apparently due to reduction in the numb- 
that at a certain temperature 7, the effect of pres- er of crystal lattice defects arising in the course 
sure will be zero. It follows from this that increase of plastic microdeformation, as a result of the more 
in pressure will cause a regular reduction in the rapid healing of the defects. 

activation energy of diffusion. The permits the The data presented here are in complete agree- 
hypothesis, that the energy expended in the develop- _—_ ment with those obtained earlier (1, 2] and reveal 
ment of plastic microdeformation in a polycrystal a fully determinable dependence of the diffusion 
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process on the magnitude of the pressure. 
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THE FIRST HEATS OF SOLUTION OF MOLTEN TRANSITION METALS 
(4 SERIES) IN LIQUID SILICON * 
P.V. GEL’D and Yu.M. GERTMAN 
Urals Polytechnic Institute 
(Received 15 February 1960) 


One of the most important characteristics of solu- 
tions is the energy of mixing. Its significance is 
particularly great in the case of the formation of 
metallic fusions where the change in configuration 
entropy is usually of relatively small importance, 
which permits a reasonably accurate analysis by the 
usual statistical methods. Besides this, it is pos- 
sible in a number of cases for dilute solutions to 
use the laws of regular solutions which enhances 
even more the value of information regarding the 
heats of fusions from liquid components. 

Due to the limited information available on the 
properties of the Me-Si fusions the authors made a 
study of the heats of mixing of molten titanium, va- 
nadium, chromium, manganese, iron, nickel and 
cobalt in liquid silicon. The investigations were 
carried out in a high temperature isothermal calori- 
meter at 1500 to 1550°. A description of the appar- 
atus and method of operation has been already pub- 
lished [1]. We will note here only that the precision 
of measurement was about 8 %. 

In this report data are put forward concerning the 
first heats of solution of molten metals in liquid 
silicon. In the table the values obtained experiment- 
ally for L are given along with the figures found in 
literature. 

It can be seen from the Table that the result ob- 
tained from a study of the Fe-Si system are in ex- 
cellent agreement with the values of Korber and 
Oelsen [2]. Much greater discrepancies are observ- 
ed for the Co-Si [3] and Ni-Si [4] alloys. 

These discrepancies are due to the lack of accuracy 
in the indirect methods used in the works cited [3, 
4). 

When considering the results of the measurements 
one should note the extremal dependance of L on 
the periodic number of the solute metal z: here the 
laws of thermochemical logarithmics are not satis- 
fied as would be the case, for example, for the heat 
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of formation of compounds which were structurally 
of the same type 


(AH ~logz{5)). 


This is not remarkable, as even the hard mono- 
silicides of the metals enumerated (elements of the 
the series which can be maintained close to melt- 
ing point in “sibotokses” of fusion) are not iso- 
structural. The monosilicides Mn, Fe, Co and Ni 
have a similar lattice and for them it is fairly ac- 
curate to say that 


L=— 58.5 + 3.25 z. 


The monosilicides of Cr and Ti on the other hand 
have a somewhat different structure, and. VSi is not 
generally formed. 

It seems that, for the same reasons, there is no 
parallelism between L and the variation in volume 
(AV %) on the formation of solid monosilicides, 
although there is a reasonable relationship between 
AH and AV [6]. 

In a number of cases the heat of formation in 
compounds increases with heteropolar bonds, that 
is to say, with asymmetry in the distribution of the 
density of valence electrons [7]. In this connexion 
attemps are sometimes made to establish the de- 
pendence of AH (L) on the electronegativity 
(X) of the components. As can be seen from the 
table, X varies with z in a similar manner to L, 
reaching the minimum for chromium. 

There is thus a qualitative analogy between 
L (z) and X (z). It seems however to be largely 
accidental. Actually, as X = 1.8 the increase in 
heteropolar bonds and particle interaction may 
possibly occur on reduction of Xy,. In other words, 
it is to be expected that minimum L should cor- 
respond to maximum X, i.e. that these values (if 
L is determined as the degree of heteropolarity of 
the bonds) should vary anti-parallelly to one an- 
other. This does not actually occur, which also 
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TABLE 1. A comparison between the first heats of solution of molten transition metals 


in ay siliconL (kcal/g-at.) with the logarithm of their ordinal (lgz),electronegativity 
(X) and variation in volume during the formation of solid monosilicides (A V %) 


Feos 
(Tos 


1.770 
1.5 
22.7 


* acc. [2]: ** acc. [4]: *** acc. [3]. 


22.2 


does not contradict the approximation made of the 
electronegativity of Si and the metals examined. 
And finally, the small part played by heteropolar- 
ity is also indicated by the fact that, although 


ni > *TP 


for the heat of formation the reverse inequality 
Ly 


The character established for the dependence of 
L on z cannot be explained by means of the para- 
meter 


t=— 


Nn 


(where n the number of valence electrons and N is 
the main quantum number for the unfilled d-level in 
the metal atoms), suggested by Samsonov [7], as 
this parameter increases more or less in 2 monotonic 
fashion with z. 

This indicates the complex character of the inter- 
action between molten metals and silicon, as a 
result of which there is variation in short-range 
structure and a complex re-arrangement of the densi- 
ty of valence electrons. In this case, in the pro- 
cess of the formation of the alloy, as a result of 
the overlapping of energy bands and the formation 
of covalent bonds, the number of non-compensated 
3d-electrons will vary considerably, making it very 
difficult to analyse the role of the latter in the 


energy of particle interaction. 

The accuracy of this is confirmed by structural 
data according to which, for example, in the mono- 
silicide of iron (co-ordination number 7) silicon 
releases one electron for the establishment of one 


direct bond with an Fe atom, two for the formation 
of three resonant bonds with three other iron atoms 
(two-thirds of an electron per bond) and the last 
electron for three resonance bonds with three iron 
atoms (one-third of an electron per bond) [8]. 

This means that the monosilicides have semi- 
metallic conductivity. 

There is no information regarding a more con- 
crete arrangement of the electrons responsible for 
the energy of the inter-particie bonds in the struct- 
ures investigated, which makes it difficult to give 
any definitive interpretation of the the experimental 
data. The experimental nature of the dependence 
of z on various properties of transition metals and 
their compounds (melting point, heat of formation, 
modulus of elasticity etc.) has been described 
many times, but has not so far been the subject of 
exhaustive explanation. 
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THE EXISTENCE OF SUPERCONDUCTING ANTIFERROMAGNETICS * 
B.V. KARPENKO 
Urals State University 
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The question of the criterion of superconductivity in antiferromagnetic metals is, as has already 
been noted by the writers in [1-2], of considerable importance. In paper [2] an investigation was 
made of the properties of a deduced electron-electron Hamiltonian describing the interaction of elec- 
trons with diametrically opposed impulses and spins as a result of the exchange of the spin waves 
of the antiferromagnetic. The positive sign of the effective potential of interaction was an indicat- 
ion that electrons forming a “Cupperov pair” repulse eaci other as a result of scattering by mag- 


nons. 
The influence of the non-elastic scattering of electrons by magnons on superconductivity can be 


investigated in more detail by Bogolyubov’s method [3]. The Hamiltonian for the system electrons- 
phonons-spin waves has the form [2-3]: 


H= A, + tat t+ Hing 


KK‘ qo 


V FA) — a) art, +-compl. resist., 
=V 272k, 
where E,, wg, w are respectively the energy of electrons, phonons and spin waves with the quasi- 
impulses k, g, A; ] is the s-d-exchange integral; g is the electron-phonon binding constant; 
€ is the chemical potential of the conductivity electrons; z is the number of nearest neighbours of 


the atom in question; the remaining symbols have the usual significance. 
Completing Bogolyubov’s transformation, to the new Fermi amplitudes 


ax, = Ux Oxo + at, K1? = — 


we get the transformed Hamiltonian: 
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Oe ine 


H Ug (By 1 + + compl. resist., 


KK? 


(az, 0 @_xo)| bt, + compl. resist., 


=2) (Exe Ux Ux at, + 


K 


1 


(Ex—¢) (uy — ve) (af + a1} + by + 
q Zz 


Establishing the equation for the compensation of the processes of the simultaneous nuclea- 


tion of pairs 


re 


on 


without a boson and resolving it by means of the method developed by Tolmachev in paper [3], we 
find the expression for the value of the energy gap A which separates the first excited state from 
the main one, 


seer 


It 2 


Qn? E (fe) ea zif aif! (tp) 


where j is the effective d-d bond. The value w is equal to the width of the energy bond in which 
the electron-phonon and electron-magnon interactions are effective (in deducing the expression for 
A it was assumed for simplicity that the Debye and Néel temperatures were roughly the same). As 
Pq > 0, then it is clear that further scattering of spin waves will reduce the extent of the energy 

gap, i.e. it will prevent superconductivity. If the s-d-exchange is fairly intense 


(Pa > Ppa) 
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there will generally not be any superconducting state. 
The author would like to thank V.A. Moskalenko and V.V. Tolmachev for discussing the pre- 


sent work. 


Translated by V. Alford 
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REASONS FOR THE HARDENING OF ALUMINIUM BRONZE ON RECOVERY * 
B.I. PUCHKOV and I.L. ROGEL’BERG 


State Institute for the Treatment of Non-ferrous Metals 


As the result of annealing at temperatures below 
recrystallization point there is an increase in elas- 
tic properties, hardness and strength and a reduction 
in the plasticity of certain deformed alloys. Despite 
the fact that at the present time there is a large 
amount of experimental material [1-3] on hardening 
during recovery, the reasons for this hardening re- 
main totally unexplained. 

This commonly observed effect is explained on 
the basis of Konobeyevskii’s idea [4, 5] the the dif- 
fusion of solute atoms is due to the heterogeneously 
oriented state of the material. Some authors consider 
that Guinier-Preston [6] or small sized ordered re- 
gions [7] arise, and not long ago it was shown that 
diffusion is not restricted to the redistribution of the 
components inside the solution but leads to the pre- 
cipitation of a second phase [8]. 

One of the authors of the present report has put 
forward the suggestion that hardening on recovery 
could be due not only to diffusion processes, but 
also to the relaxation and re-arrangement of macro- 
scopic residual stresses [9]. Below, the results are 
reported of certain experiments which confirm this 
proposition. 

The experiments were carried out on test speci- 
mens of aluminium bronze (7.1 % Al) which has be- 
come the classical object for the investigation of 
hardening on recovery. The bronze was produced 
from copper and aluminium of high purity. The bron- 
ze bars were rolled hot and then cold to a thickness 
of 0.3 mm with intermediate annealing. The extent 
of cold work on the final dimensions was 50 %, the 
completed operation being carried out in 4 or 27 
passes. Test specimens were cut from the strip for 
the determination of the yield point parallel to and 
across the direction of rolling, and also at an angle 
of 45° to it (size of specimens: 100 x 5 x 0.3 mm). 
The specimens were annealed at 280° (below re- 
crystallization point) for 5 to 60 min. The yield 
point in bending was measured by the Rakhshtadt 


(Received 14 January 1960) 
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and Shtremel’ method [10] which was developed 
specially for thin sheet materials. A strain dia- 


gram 
frotal = f (resid) 


was plotted for each specimen, where 


ftotal and €resid 


are total and residual deformation respectively. 
Yield point was calculated from the formula 


= E (eotal — fresid) 


The elastic modulus figures required for the cal- 
culation were obtained experimentally by the acous- 
tic resonance method. 

Fig. 1 shows the strain diagrams for specimens 
of bronze which had been deformed and then given a 
sub-recrystallization annealing. Besides the well- _ 
known increase in yield point in aluminium bronze 
which occurs on stress relieving (see for example 
[11, 12]), attention is drawn to the fact that the 
specimens which had been rolled in 4 and 27 pas- 
ses had substantially different yield points in the 
deformed state, while after recovery this differ- 
ence was noticeably reduced (the hardness of strips 
rolled with a different number of passes, was prac- 
tically identical), - 

The curve showing variation in yield point as a 
function of annealing time (Fig. 2) also indicates 
a substantial reduction at a low anneal in the dif- 
ference in the yield points which had been obtain- 
ed up to this annealing. 

The rolled strip clearly shows anisotropy in the . 
yield point (Fig. 3) the extent of which varies with 
variation in the conditions of deformation. As a 
result of the sub-recrystallization annealing the 
anisotropy of the yield point disappeared and its 
value ceased to be related to the progress of de- 
formation in subsequent rolling. It must be emphas- 
ized that if the work-hardening of the strips is 


143 
1960 


Letters to the Editor 


work-hardened 
+ 280°, 30 min 
annealing 


S 


Total strain, % 


dened 
— 


Q Q002 0,004 0.006'0008 
Residual strain, % 


FIG. 1. Strain curves for rolled and stress-relieved aluminium bronze: 
o — specimens rolled in 4 passes; 
A — specimens rolled in 27 passes. 
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FIG. 2. Variation in the yield point 09 99, of rolled aluminium 
bronze in dependence on annealing time: 
o — specimens rolled in 4 passes; 
A — specimens rolled in 27 passes. 
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50% work-hardening 
+ 280°, 30 min 
annealing 


kg/mm? 


FIG. 3. Variation in yield point a) 99, of rolled and stress-relieved 
aluminium bronze in dependence on the direction in which the 
specimen has been cut out: 
specimens rolled in 4 passes; 
specimens rolled in 27 passes. 


greater than 50% and the bronze shows a well- 
defined deformation texture, then the total disappear- 
ance of the anisotropy of the yield point as a re- 
sult of recovery cannot be expected; in this case it 
should only be considerably reduced. Our experiment 
therefore, although it is a particular case, is never- 
theless highly indicative. 

The experimental facts described can be explain- 
ed if it is remembered that the yield point of deform- 
ed bronze is to a considerable degree reduced by 
the macroscopic residual stresses existing in a rol- 
led strip. On sub-recrystallization annealing the 
residual stresses relax and it is the “true” yield 


point of the deformed material which is measured. 


It is, of course, somewhat higher than the yield 


point of the unannealed metal and here the extent 
of the increase is dependent on the direction in 
which the specimen has been cut out, i.e. on the 
curve of residual stresses. 

It is not impossible that the reason for the chan- 
ge in yield point on relaxation might be found in the 
redistribution of oriented microstresses. 


Translated by V. Alford 
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THE THEORY OF THE ANISOTROPY OF COERCIVE FORCE IN 
MONOCRYSTALLINE DISKS * 


V.R. ABEL’S 
Evening Polytechnical Institute, Komsomolsk- on-Amur 


The theory developed by Vonsovskii [1] of the 
anisotropy of coercive force in monocrystalline disks 
does not provide an accurate enough explanation of 
the actual anisotropy. Particularly noticeable con- 
tradictions are observed between theory and experi- 
ment in disks the surface of which is parallel to the 
(110) plane [2]. In this case Vonsovskii’s theory 
gives the following sequence to the value of the 
coercive force in different directions: 


He < Me SMe (1) 


when actually [2] 


He < Ae Me (2) 


Vlasov and Korshunov [3] have provided a quali- 
tative explanation of expression (2) on the basis of 
the hypothesis that the concentration of magnetic 
phases in the demagnetized state is not dependent 
on the direction of previous magnetization. 

To explain the reasons for the contradiction bet- 
ween theory and experiment, a study was made in 
our work of the magnetic structure of disks cut from 
cold drawn silicon iron in the process of its re- 
magnetization. 


The disks were cut by chemical etching. The mag- 


netic structure was studied by means of powder 
figures. At the same time measurements were made 
of the coercive force of the disks in different dir- 
ections. 

As a result of the investigation it has been es- 
tablished that in the demagnetized state a great part 
of the specimen consists of basic regions magnetiz- 
ed in the [100] and [100] directions and divided by 
180-degree boundaries (structure A) [4]. In some of 
the specimens structure A was the only structure. 
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This structure remained whatever the method was 
used for obtaining the demagnetized state. In par- 
ticular there was no noticeable basic difference 
between the structure obtained when the specimen 
was demagnetized by a variable magnetic field of 
attenuated amplitude, and the structure obtained by 
switching in the reciprocal field H = —H,. 

No variation was discovered either, in the nature 
of the magnetic structure when the test specimen 
was demagnetized in different directions in the 
plane of the disk. After magnetization saturation in 
any direction and subsequent reduction of the in- 
tensity of magnetization to zero, the structure 
always returned to the original. In this case in the 
[100] direction the process of remagnetization oc- 
curred as a result of the displacement of the 180- 
degree boundaries, and in the [011] direction as a 
result of displacement of the 90-degree boundaries. 
In other directions remagnetization occurred as a 
result of both processes. 

Vonsovskii’s hypothesis, namely that the con- 
centration of magnetic phases in the state 
H = —H_.,, 1 = 0 is dependent on the direction of 
magnetization, does not appear to be substantiated. 

According to Vonsovskii’s theory, ratio (2) could 
be explained in the following way. In the demag- 
netized state the concentrations of the magnetic 
phases in n, = fi, are basic and the expression 


H He 
2 2 
+ + 248; 


becomes a law of the anisotropy of a uniaxial 
crystal 


Hg 
n,p? 


H.= 


(3) 


i.e. the smaller the component of the field in the 
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[100] direction, the larger will be H.. direction is played by the starting field, since 
Equation (3) however does not reflect the actual close to the state / = 0, H = 4,, embryos of a new 

course of anisotropy H. very well. In particular, magnetic phase appear at the same time when in 

where B, = 0 (direction [011]) it produces an infinite- the directions close to [100], the coercice force is 

ly large H.. This is not explained apparently, only determined on the whole only by the critical field. 

by the fact that no allowance is made in Vonsovskii’s 

theory for the 90-degree displacements of boundaries. 

An important part in the remagnetization in the [011] Translated by V. Alford 


REFERENCES 


1. S.V. Vonsovskii and Ya.S. Shur, Ferromagnetism, 3. K.B. Vlasov and V.A. Korshunov, Zh. teor. fiz., 
Gostekhizdat, 630 (1948). 3, 23, 441 (1952). 

2. V.V. Druzhinin and R.I. Yanus, Zh. teor. fiz., 4. Ya.S. Shor and V.R. Abel’s, Fiz. metal. metalloved., 
22, 848 (1952). 1, 11 (1955). ; 


VOL 
lc 
19€ 


CALCULATION OF THE FUNCTION OF AFTER EFFECT IN A SYSTEM 
OF INTERACTING PARTICLES* 
L. Ya. KOBELEV 
Urals State University 
(Received 25 March 1960) 


It is the purpose of this note to find the corrections, resulting from the interaction of particles, 
which must be applied to the functions of sequence in Kubo’s theory [1]. The calculation is made on 
the example of the sequence function due to magnetic susceptibility of a system’. 

Let us consider the system of interacting Fermi particles (generalization for the case of a Bose 
system is trivial) as described by the operator equations 


2n 


— DV (x) (x) + (x) (a), 


i 


+ (x) (x) ¥ —¥ (XV) $*),, 


H, (x) = VXA (x); o= ((; 


H, is kinetic energy; a= 1, 2, 3. In (1) to (4) w and ¢* are the operators for the nucleation and 
absorption of particles and of the basic state of the system: 


* Fiz. metal. metalloved., 10, No. 2, 306-308, 1960. aga 
t Corrections to sequence functions due to current, polarization etc., will be dealt with in a 


different place. 
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are operators of the nucleation and absorption of the quanta of the field of interaction; 
is external current; 


he (x) 


is the external magnetic field. 
For the sake of simplicity we will neglect the magnetic terms assuming that 


He — eA) = Ho 


In this case equations for the operators 


Ay 
follow from (1) 


x! +X 


A A 
+ |’) 4 


Omitting the terms in (5) which are linear with respect to 


h, (x) 


we will write (5) in the form 


satisfies the equation 
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M, + | Very — OP — yhdy, 


=, A 
(x’ — 5) — [Ho + Vo(x— Hyg — =8 (x’ —y): 


A 
ys) = (x): Hoo = Gr 


are lagging or leading Green functions. We note that 
G, 


in (8) is the operator of the Green functions, as up to this time it has not been reduced to a mean. 
Substituting (7) in (6), (2) (4) and dividing the terms which are linear with respect to 


hq 


A, N, A 
M, (x, x) = Mao (xX, x) + i | Gt a (x — y) Po (X, he (y) dy + 
+i yo a ( Ne 
—Y) AL Gogh (4 — V2) K Mg (x, Yo) dyedyidy + 
A 7A 
yy Hyg (vy | Be — + 


A 


is determined from (3) to (4) and 


0 A A, a 


+ Ag |, = Bix — y) Bap. 
Averaging (10) according to quanto-mechanical and statistical assemblies with respect to the state 
where h = Oand in the first approximation neglecting the variable derivatives of 
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Map 2) = (xx) +3 \ (x— y) hy (y) dy j 1x —y)X 
x MG” x —y) (Apo) — yi) hy On) + 
+ My? (x. y) \ ve (y — yi) a (y; —y’') hy dy’| dy dy, 


Using Schwinger’s method [2] it is easy to show that 


Repeating this for the operators 


and calculating (12) from the analogous expression for 
M,, 
after using the relationship 


= M; My, 


for the density of the magnetic moment of excitation and cavities, we find 


M, (xx) = Myo (2x) + i | (x — hg (v) dy +i (x —y)X 


x ay +i \ (x — y) |Hpo() (y yh, (vi) + 


0 
+ Msg (x, y) { * — Ay (v") dy } dy 


A A 


It follows from (13) for the function of sequence 


Pep (x — y). 
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(X — y) = Gly (x — y) + GE, — ¥1) Hyg (91) — + 


+ (Gz, (x — yi) —y) dy’ + 


r in M 
+ Gy (x —y) (y) My no 


The first term in (14) coincides with Kubo’s function of sequence, the second term is proportion- 
al to the Pauli (paramagnetic) field of the system attributable to the interaction of particles; the 
third and fourth terms are due to interferential effects between the functions of the density of dis- 
tribution of particles and the actual magnetic field or the magnetic moment of the system. We note 
that allowance for diamagnetic terms can be made quite easily. 


Translated by V. Alford 
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THE MICROHARDNESS OF FERRITE IN CARBON STEELS* 
Ya. Ye. BONDAREV 
Novosibirsk State Institute of Measurements and Measuring Instruments 
(Received 22 February 1960) 


When a homogeneous solid solution decomposes 
into two phases which are different in specific vol- 
ume, considerable second-order stresses arise in the 
grains of these phases [1]. We observe this in slow- 
ly cooled carbon steel in which the austenite de- 
composes to form pearlite and ferrite. 

Theoretical calculations show that the magnitude 
of the stresses which arise during phase transform- 
ation in steel is considerably in excess of the yield 
point of ferrite, which should unavoidably lead to 
plastic deformation and consequently work harden- 
ing. The decomposition of the austenite however, 
occurs at comparatively high temperatures where the 
work hardening of the ferrite is slowly relieved. 
Phase work hardening cannot by itself therefore 
effect the mechanical properties which the metal 
will have at room temperature. 

Subsequently the two newly formed phases cool 
together. As a result of the different coefficients of 
expansion the volume of the grains of these phases 
will vary differently and will create new conditions 
for the generation of second order stresses. It has 
been shown by calculation that when steel is cool- 
ed from 700 to 20° normal (~ 25 kg/mm?) and shear 
(~ 19 kg/mm?) second order stresses arise on the 
boundaries of the ferrite and pearlite grains [2]. As 
is evident seen, the extent of these stresses ex- 
ceeds the yield point of ferrite at room temperature 
and therefore plastic deformation must occur in the 
whole range of cooling temperatures. 

At high temperatures the work hardening of the 
ferrite will be partially relieved and from 300 to 
400° it is virtually unrelieved. The ferrite in steel 
is therefore always slightly work hardened. The 
extent of the hardening is determined by the equi- 
librium conditions of the forces acting on the bound- 
ary between grains. When the hardening of the fer- 
rite in the boundary layer reaches the point where 
it is equal to the forces acting upon it from the pear- 
lite grains, further plastic deformation will cease. 
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Therefore plastic deformation will not be limited 
only to boundary areas, but will be propagated in- 
side the grain to a certain extent until the stress 

is no longer equal to the yield stress of the fer- 
rite. A peculiar internal deformed volume is formed. 
The pearlite and ferrite grains remain elastically 
stressed. 

The size of the plastically deformed volume will 
depend on a number of factors of which the follow- 
ing are the most important: size of the ferrite grain, 
preferred crystallographic orientation of the sub- 
grains, tendency of the ferrite to relative harden- 
ing, proportions of pearlite and ferrite in the steel. 

Let us consider the influence of these factors. 

When grains of different sizes are subjected to 
load, plastic deformation will spread in inverse 
proportion to the size of the grain. Small grains 
are plastically deformed throughout and the larger 
ones to varying depths from the surface. 

The preferred orientation of the sub-grain struc- 
ture is indicated in the anisotropy of the mechanical 
and physical properties of the grain. It will show 
different resistance to plastic deformation from dif- 
ferent directions. The greater the resistance to 
plastic deformation, the more rapidly will the equi- 
librium between the forces be reached and the less 
will be the depth of penetration of the plastic de- 
formation. The internal boundary of the deformation 
zone does not thus reflect the shape of the outer 
boundaries of the grain. 

The tendency to relative hardening plays one of 
the decisive roles from the point of view of the 
depth of penetration of plastic deformation. Grains 
are also anisotropic in their tendency to relative 
hardening. It has been shown in paper [3] that the 
greater the tendency of a metal to relative harden- 
ing, the greater will be the volume in which plas- 
tic deformation is propagated. 

Finally the proportions of pearlite and ferrite 
have an effect. An increase in the amount of pear- 
lite in a steel is accompanied by decrease in the 
ferrite, until it no longer forms a network around 
the pearlite grains and this facilitates more 
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FIG. 1. Dependence of microhardness of ferrite on C 
content of steel. 


TABLE 1. Chemical composition of steels, % 


P 


0.052 
0 048 
0.044 
0.034 


extensive deformation. 

An experimental verification of these considera- 
tions was made on four types of carbon steel the 
composition of which is shown in Table 1. 

From test specimens normalized at the suitable 
temperatures, metallographic specimens were pre- 
pared and microhardness of the ferrite grains was 
measured on the P\IT-3 instrument. Indentations were 
made in the central part of the grain. The microhard- 
ness of a hundred grains was determined on each 
metallographic specimen and the average was cal- 
culated. The results are plotted on the graph. 

It can be seen from this graph that the microhard- 
ness of ferrite grows continuously with increase in 
the carbon content of the steel. 


The increase in the microhardness of ferrite is 
not only due to work hardening because the man- 
ganese and silicon diffused in it also have a hard- 
ening effect [4]. Nevertheless, a comparison of the 
variation in the content of these elements in the 
test steels with the regular increase in the micro- 
hardness curve of ferrite leads one to conclude that 
the influence of alloying is in this case secondary. 
It certainly causes an increase in the microhard- 
ness figures obtained but does not effect the gen- 
eral nature of the variations. 


Translated by V. Alford 
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THE PROBLEM OF DIFFUSION IN A PLASTICALLY DEFORMABLE MEDIUM* 
B. Ya. LYUBOV and N.S. FASTOV 
Institute of Metallography and Physics of Metals, 
Central Research Institute of Ferrous Metallurgy 
(Received 28 March 1960) 


There are a number of works dealing with the problem of the influence of plastic deformation 
on diffusion [1-3]. The authors of the first two papers [1, 2] have permitted errors in their comput- 
ations and, besides that, do not allow for the possibility of variation in the diffusion coefficient 
D in the course of time. In paper [3] an equation for diffusion has been found without this limita- 
tion, albeit by an exceedingly complicated and practically incomprehensible method. 

In this note we will set out what seems to us a clearer and more rational deduction of the dif- 
fusion equation in a plastically deformable medium for a general case and will give a method for its 


solution. * 
In a deformable medium the density of the stream of diffusing substance 7 will be 


j= —D(t) ye + ve, 


where » is the rate of displacement of a medium at a given point in space; 


c is concentration. 
Using the continuity equation and the condition of the incompressibility of a material in the 


process of plastic deformation 


= —divj: div r=6 


Or 


we find for the one-dimensional case 


For a homogeneous medium 


where / is the thickness of the specimen and is a function of time; 
x is the distance of a given point in the material from the surface (or from any other fixed 


surface). 
From (1) and (2) we get the diffusion equation for a deformable medium in a one-dimensional 


case 
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Limiting conditions for equation (3) will be the absence of a flow of particles relative to the 
boundary of the specimen, i.e.: 


Oc Oc 
at —=0 at (0). 
Ox Ox 


Let us introduce new variables: 


where J, is thickness of the specimen at the beginning. 
Then equations (3) and (3”) will assume the form: 


dc ‘Oc 
at = 0; a at f=, 


Thus the problem of the solution of the diffusion equation (3) in a field with a moving boundary 
(3°) and variable coefficient of diffusion in variable € and r amounts to the problem of the solution 
of diffusion equation (5) with a constant diffusion coefficient in a field with a fixed boundary (5 *). 

Equation (5) with limiting conditions (5) may be resolved by the usual methods under any initial 


conditions. 
In the case where J, = « the solution to (5)-(5 *) will be [4] 


] 
= 
cig, t d, 


Co(x) = calE) 


is the concentration at the beginning. 
In the case where a thin layer of the diffusing medium is deposited on the surface of the speci- 


(Co(x) = Ad(x): 


8 (x) is the delta of the function), we find from (6) 
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A x? 


t 

/ 

|/ nf D (t') di’ | (t) (t') 
0 ' 0 


where deformation is introduced according to the formula 
0 


As has already been indicated, expression (7) was obtained in paper (3) by a complicated and 
unsatisfactory method. 

At the beginning of the discontinuous distribution of concentration, as usually happens in the 
method of thick layers 


(Co=C) at —X¥ at O< < 


we find from (6) 


2 2 


C2 — x 


| 
| 


| 


Va 
The solution to (8) (and also (9)) is not normalized with respect to the variable x, i.e. 


fe (x, *)dx st 
6 


for all moments of time, as should be the case with variation in the thickness of an incompressible 


material. 

The integral of concentration should be normalized with respect to the volume of a straight 
parallelepiped, as the volume does not vary on deformation and the area of a cross-section S (¢) at 
t = 0 is equal to 1, i.e. 


or allowing for the fact that 
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few, = Ae 9) 


By direct integration it can be easily demonstrated that the solution to formula (7) does actual- 


ly satisfy the relationship (9). 
The expressions for the concentration in papers [1, 2] are erroneous, as they do not satisfy 


relationship (9). 
Translated by V. Alford 
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X-RAY ANALYSIS OF THE DENSITY OF CRYSTAL LATTICE DEFECTS 
IN QUENCHED AND TEMPERED MILD STEEL * 


L.I. MIRKIN 
Research Institute of the Automobile Industry 


An investigation is made of the variation in fine 
crystal structure of carbon steel 20 (0.2%C) on 
quenching and tempering. Test specimens 25 x 10 x 
10 mm were quenched in water from 920, 1000, 1100 
and 1200° and tempered in the range 200 to 700° for 


1.5 hr. 
- Metallographic investigation has shown that when 


test specimens have been tempered at 200°, quench- 
ing from temperatures above 1000° will cause a 
sharp increase in grain size. The variations in hard- 
ness Hy on quenching and tempering are given in 


Table l. 


X-ray photographs were made on an ionization X-ray 


apparatus URS-50I which produces good X-ray photo- 
graphs even for quenched steels [1, 2]. Block dim- 
ensions (subgrain size) and microstresses were de- 
termined by the approximation method [3] set out in 
detail in paper [4]. 

To find out whether there is any regularity in the 
variations in fine crystal structure with temperature, 


the method of analysing the density of crystal lattice 


defects (dislocations) from the width of the diffrac- 
tion lines on the X-ray pictures was used [5, 6]. The 
density of lattice defects is proportional to the 
square of the broadening of lines and can be measur- 
ed in units cm?/cm!’, i.e. in area of sections with 
defective structure per unit volume of the crystal. 
The measurement of block dimensions and micro- 
stresses showed that the behaviour of these values 
as functions of quenching and tempering tempera- 
tures is analogous with that obtained earlier for 
medium carbon steel 45 [7] and somewhat less com- 
plex than that for low alloy steel [8] and mild steel 
[9] on quenching and tempering, or the carbon-free 


alloyed ferrite [10] on plastic deformation and temper- 


ing. 
Curves showing the variation in the density of 

lattice defects when steel 20 is tempered, are given 

in Fig. 1. From these graphs it can be seen that 
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with quenching from 920° (curve 1) and from 1000° 
(curve 2) the form of the curves is qualitatively the 
same; if the quenching temperature is increased the 
absolute value of the density of the defects will be 
increased. The curves do not coincide until the 
tempering temperatures reach 600 and 700°. 

If the quenching temperature is increased to 1100° 
there is considerable increase in the density of 
lattice defects (curve J], Fig. 2) and in this case a 
clearly expressed maximum is observed for temper- 
ing at 300°. The curve for the density of defects at 
a quenching temperature of 1200° (curve 2) is lower 
than for 1100° at all tempering temperatures. 

Thus increase in the density of the lattice de- 
fects is accompanied in all cases by increase in 
hardness. The peculiarities in the form of the cur- 
ves observed are apparently due to the fact that, 
when the temperature is increased, starting at a 
certain point, intensive recrystallization of the 
austenite takes place. This process is accompanied 
by an increase in the perfection of crystals and 
hence, reduction in the density of lattice defects. 
The low temperature effects occurring in the pro- 
cess of cooling in the alpha-phase appear to be 
secondary, and play a minor role in the formation 
of lattice defects. 

This conclusion is confirmed by the results of 
an investigation of austenitic steel in which no 
phase transformations took place on quenching [7]. 
The graph showing the variation in the density of 
the defects with quenching temperature in this 
steel, also produces a curve with a maximum. 

To explain the mechanism of the increase in the 
density of lattice defects with increase in quench- 
ing temperature and to find the quantitative ratio 
between the density of defects and methods of 
treatment, further investogations are necessary. 


Translated by V. Alford 
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TABLE 1 


Tempering Hardness at temperatures 
temperature 


920° 1000° 1100° 1200° 


365 375 345 
300 365 350 
255 365 340 
240 285 300 
195 270 260 
200 225 220 
185 190 185 


cm?/cn? 
10" cm? 


Z 
\ 


a 


200 400 600 
Tempering temperature, °C 200 600 
Tempering temperature, °C 


FIG. 1. Variation in the density of crystal lattice FIG. 2. Variation in the density of crystal lattice 
defectsp when steel] 20 is tempered after quench- defects p when steel 20 is tempered after quench- 
ing from 920° (curve 1) and 1000° (curve 2). ing from 1100° (curve J) and 1200° (curve 2). 
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THE PROBLEM OF DETERMINING THE COEFFICIENTS OF DIFFUSION IN ALLOYS* 
I. V. SMUSHKOV 
Kharkov State University 
(Received 11 March 1960) 


When the coefficients of diffusion are determined 
experimentally by the radioactive isotope method it 
is usual to use solutions of the diffusion equation 


Oc dtc 


ax? (1) 


which is accurate at constant (independent of con- 
centration) coefficient D, without analysing the va- 
lidity of this proposition. 

Besides this it is obvious that if the diffusing 
substance has low solubility in the “receiving” sub- 
stance, the concentration dependence of coefficient 
D will be very important, as near the limit of solubj- 
lity the diffusion coefficient will return to zero. In 
this case therefore, if the concentration is varied 
from 0 to the limit of solubility, D will vary between 
the usually measured values 10° to 10°*° cm?/sec 
to zero, and the value 

aD 

dc 
(on the assumption of the smallness of which, the 
use of equation (1) is based) will be very large. In 
this connexion the use of equation (1) and its solu- 
tion in the form 


(x. timc (1 —erf 


2 


\ / 

and hence the computation of the value of D as sug- 
gested in paper [1], may sometimes lead to error 
even in the analysis of a number of values. Proof 
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of this may be afforded by the following. If 
D =D (ec) 


then the solution of the diffusion equation for limit- 
ing conditions c = cy, where x = 0 for all values of 
t, c = 0 where x = o for all values of ¢, has the 


form (see e.g. [2]) 


In order to be able to compare the results obtained 
from (2) and (3) the following calculation may be 
made. Assuming that D is a linear function of con- 
centration (which is apparently so at low c, where 
it is possible in the expansion of D to degree of 

c to neglect all those terms containing c to a 
higher degree than the first), i.e. 


Dm? D (1 


where D is the mean value of D for the section 
(0, co) and having solved (3) by the method of suc- 
cessive approximation, we can find the function 


(A) 
for any value of D. 


The figure shows the curve c,/cy calculated 
for 


D = 107» cm?/sec; 


here also is plotted the distribution of c/c, calcul- 
ated according to (2) for D = 10°*° cm?/sec. There 
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FIG. 1. Concentration distribution in specimen according to 
calculation by: 
1 — formula (3) 
2 — formula (2) 


is an essential difference between the two distribu- 
tions. If the diffusion coefficient D is calculated 


from curve ] using (2), then the resulting value 
Dmeas Will differ widely from that found for the dif- 


fusion coefficient D at given concentration D,.4. as 
also of D; 
0.6 0.5 


0.05 0.01 


c/s 0.9 0.8 0.7 
0.4 0.3 0.2 O.1 


D 
- rae 8.7 6.15 4.96 3.70 2.90 
D meas 


2.45 2.09 1.84 1.71 1.48 1.31 


The values of D measured in this way remain 
close to the true ones only at 


10~?, 


however, no reliable measurement of the distribution 
of concentrations in this field is in many cases 
possible (e.g. [1] in the example studied, where 
co = 107%). 

Let us now consider the following. If condition 
(2) is satisfied, then it will be very easy, as re- 
commended in [1], to find D by plotting the relation- 


ship between 


and A?. Actually, as follows from (2), 


and the corresponding dependence is expressed in 
a straight line. Fig. 2 shows straight line 2 plotted 


from equation (4) for 
D = 10°*° cm?/sec, 


and the relationship between 


and A? which follows from curve J, Fig. 1, i.e. for 
variable D. In this case obviously, a straight line 
will be obtained for a considerable range; this 

fact can however only enhance experimental error, 
since from the gradient of this straight line it fol- 


lows that 
D = 0.53 x 10°?° cm?/sec. 


The value of D can also be found from equation 
(4), from the section intersecting the ordinate axis. 
Extrapolating curve 1, Fig. 2, we find that 
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on »? calculated 
1 — formula deduced in (3); 


2 — formula (4). 


D = 7.2 x 10°!° cm?/sec. 


It is possible that a comparison of the results obtain- 
ed by the two different methods may, after complet- 
ing the experiment, serve as a criterion for the use 
of (2) and the proper treatment of the experimental 
data. 

In the case under review therefore, when the de- 
pendence of the diffusion coefficient D on concent- 
ration is important, conditions (2) and (4) are inap- 
plicable, and other methods must be used to find 
D. As can be seen from the solution to the diffusion 
equation for the initial conditions indicated above 
(see e.g. [2]) the value of D at given concentration 
c may be found from the relationship 


c 
Me 
0 


The drawback to this method is the necessity of 
finding the concentration gradient, which is not 
very satisfactory where the radio isotope method is 
used. 

There is another possible method. If it is assum- 
ed that D is a linear function then, as can be seen 
from (3) the value 


Co 


is a universal function A with constant D. This 
function can be calculated for different values of D 
and from a comparison of the experimental curve 
and theoretical values, function D (c) can be obtain- 
ed. 

Other cases of diffusion cannot be analysed so 
simply since the solution to the diffusion equation 
where D is variable can only be written for the 
limiting conditions expressed above and for the 
Matano conditions 


(c =Co 


x<0,c=0 


c t) =o, c t) = 0— 
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and 
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in this case the analysis will produce the same re- assumption is only satisfactory at very small values 


sults as those above). It follows however from qua- of c. 
litative considerations, that in all the remaining I would like to offer my thanks to Professor 
cases the assumption that D = const is accurate B. Ya. Pines for his interest and discussion of my 
where the diffusion coefficient does not depend on work. 
concentration in the range existing in the specimen; 


for the opposite case the determination of D on this Translated by V. Alford 
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INVESTIGATION OF THE INFLUENCE OF FAST NEUTRONS ON THE 


CHARACTERISTIC TEMPERATURE OF IRON AND COPPER * 
Sh.Sh. IBRAGIMOV, A.G. KARMILOV and V.S. LYASHENKO 


The characteristic (Debye) temperature of metallic 
materials is an important physical constant and the 
study of its variations under the action of a neutron 
field may have considerable significance in the ex- 
planation of the nature of radiation defects in cryst- 
als. Only a very small number of papers [1, 2] have 
however, been devoted to this problem. 

In paper [1], from a study of the variation in elec- 
trical resistivity of irradiated specimens as a func- 
tion of temperature, it was shown that there is a re- 
duction in the characteristic temperature of spectro- 
scopically pure copper at 45° after bombardment with 
alpha particles with an energy of 33.6 MeV. Keesom 
et al [2] after studying the thermal capcity of irra- 
diated and non-radiated specimens of silicon also 
found a reduction in the characteristic temperature. 
According to these authors the characteristic tem- 
perature of silicon varies by 22° (658 before irradiat- 
ion and 636°K after irradiation) as a result of irra- 
diation by fast neutrons with an integral doese of 
5 x n/cm?. 

In the present work an investigation has been made 
into the influence of a neutron field on the character- 
istic temperature of armco iron and electrolytic cop- 
per. The presence of third order distortions (unorder- 
ed static displacement of atoms) in the crystal lat- 
tice andthe microhardness of the metals in question 
were determined at the same time. Determination of 
the characteristic temperature and of third order 
distortions was made by X-ray analysis [3]. 

The test specimens in the form of wires 0.8 mm in 
diameter in three special aluminium containers, 
were irradiated in the channel of an experimental 
reactor BR-2 [4]. The temperature of radiation was 
40-70°C. With respect to the position of the neutron 
flow in the channel, the aluminium containers were 
ranged in such a way that test specimens in the re- 
actor at the same time received different integral 
doses of radiation. Before being put in the reactor 
the testpieces were annealed in a vacuum of 1.10°* 
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mm. Hg. for 30 min: the copper at 650° and the iron 
at 760°. After irradiation the test specimens were 
stored to reduce the degree of radioactivity. 

X-ray photographs of irradiated and non-radiated 
specimens were made in a low temperature camera 
at two temperatures (room and that of liquid nitro- 
gen) with molybdenum radiation. Data from two to 
three test specimens were used for one experiment- 
al point and five X-ray exposures were made of 
each specimen. Rach X-ay photograph was photo- 
metered three times on both sides. The lines selct- 
ed were (211), (321), (510), and (611) for iron, and 
(111), (311), (331) and (333) for copper. The percent- 
age experimental error in determining the character- 
istic temperature did not exceed 5to 6 % and 8% in 
measuring the third order distortions. The results 
of the experiment are given in Table 1. 

It can be seen from the figures in the table that 
there is no variation in characteristic temperature 
as a result of integral doses of fast neutron irra- 
diation of up 1.4 x 10° n/cm?. Some reduction in 
the characteristic temperature of copper is observ- 
ed after irradiation with an integral dose of 0.70 x 
and 1.4 x 10'° n/cm?, but this is almost within 
the limits of experimental error. For a decisive so- 
lution of the question on hand it seems that new 
investigations must be carried out on specimens 
irradiated with higher integral doses and at relative- 
ly lower temperatures. 

The presence of third order distortions in the lat- 
tice of irradiated iron and copper is observed. The 
magnitude of the distortions depends on the integral 
dose of radiation; anisotropy is noticeable and a 
tendency to saturation. 

Comparing microhardness and the static displace- 
ment of atoms one can see that there is some simi- 
larity in their variations as a function of the inte- 
gral dose of irradiation. Thus for iron the mean 


value 
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TABLE 1 


Iron 


Copper 


Va 


eT’ 


— Si 


State of material 


kX for 


12 20 32 


V kX for 


Dai — Day 


8 16 24 


Annealed 


Irradiated 

int. dose 

1.4-10!8 n/em? 
Irradiated 

int. dose 

1020 n/cm 
Irradiated 

int. dose 

1,4 - 10? n/em 


* Microhardness was determined on a PMT-3, specimens were prepared by electropolishing. 
At least 10 indentations were made on each specimen and the arithmetic mean was found. 


and variation in microhardness after irradiation with 
integral doses 1.4 x 10**, 0.7 x 10° and 1.4 x 10*° 
n/cm? is respectively: 0.051 kH and 18 kg/mm’, 
0.81 kH and 35 kg/mm?, 0.086 kH and 46 kg/mm’. It 
may therefore be suggested that the increase in 
hardness as a result of neutron bombardment in the 
metal examined is partially due to the formation of 
third order distortions. This suggestion is in com- 
plete agreement with the data from papers [5] where 
a study was made of the annealing of irradiated - 


metal materials and the activation energy of defects 
causing hardening of the iron was investigated. 

We would like to take this opportunity to extend 
our sincere thanks to our laboratory colleague 
G.V. Kurdumova for her help in carrying out the 
investigation. 


Translated by V. .\lford 
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A MAGNETIC METHOD FOR THE QUANTITATIVE CARBIDE ANALYSIS 
OF CARBON STEELS [1]* 
V.G. PERMYAKOV and M.V. BELONS 
Kiev Polytechnic Institute 
(keceived 17 December 1959) 


In recent times quite a large number of works have appeared which have been devoted to the 
investigation of the nature and properties of the carbide phase at low temperature tempering. There 
is no doubt that the method of quantitative magnetic analysis might play a substantial part in the 


investigations of this problem. 

An acquaintance with the work of Kagan and Bronin [1] shows that the authors have allowed 
some gross errors which make their conclusions worthless. The most important errors which have been 
permitted by the authors in attempting to develop a method of quantitative carbide analysis for car- 
bon steel are, in our opinion, as follows. 

1. In deducing the formula which is apparently the basis of the whole method proposed for the 
quantitative analysis‘ the authors have incorrectly adopted the method of generalizing formula (6) 


250 


100 


f 


The relationship from which formula (6) follows 


#50 
250 
= 100 (100 — P.). 


is correct for annealed steel as it corresponds to the stable range of cementite. No analogous 
relationship will occur for tempered steel 


dl 
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t p. 536 in paper [1], formula (8) 


425 425 


Pp 
eth = j425 100 


is vol. percent of cementite; 
15 is magnetization of the ferrite at 425°; 


PX is vol. percent of X-carbide; 


125 is magnetization at 425°; 
is vol. percent of ¢-carbide. 
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at this stage however, as the carbide ¢- and X-phases are not stable in the temperature range in 
which the measurements are to be made. The e- phase for example, is liable to transformation to the 
X-phase (intermediate carbide) and further to cementite even from a temperature of 260-270" (heat- 
ing at the rate of ~ 10°/min). This causes variation in the magnetization of the test specimen as a 
result not only of transition of the carbide phase to the paramagnetic state (y-carbide, into which 
the carbide is transformed, is non-magnetic above 270°), but also to variation in the composition of 
the carbide phase, which is not allowed for in the work under discussion. It is true that the authors 
do argue that, considering the instability of phases in question, they heated to 425° for 3 min. This 
however does not alter the fact which is well-known [2], that even at rapid heating of the order of 
thousands of degrees per second it is impossible to suppress the transformation of ¢-carbide into 
X-carbide: the transformation will begin at a temperature approximately equal to 380°. 

Relationship (8) therefore does not take place and subsequent calculations based on it must be 
regarded as false. 

2. In finding the formulae 


(15% — (190 — 1200} _| 300, Pe 
pe f = 100 
x 20 (720 1300) 

X 


P 


P 


the same error has been permitted, further intensified by one fact. In the final expressions (for ex- 
ample (17) ) besides the magnetization of the phase components 


Les Te) 
even their proportions in the alloy enter the 
(P., Px)- 
The authors determine these values from relationship (15) 


20__ ;250)_ 
(76°— /5°°) (17 790) 
/20__ (17° — 1850) 


100 


and (16). (15) and (16) have in their turn been found from formulae (9), (10), (11) and 12): 
(14° (100 — Fed 16° Pel: 


1250 99 — 
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| 
190° 1799 1100 —(P, + (12) 


The operation of finding the values P, and P, included in the final formulae (16) and (17) from the 
expressions (9) to (12), is improper, because formulae (9) and (10) are only correct for the two-phase 
state (ferrite + cementite), formulae (11) and (12) — for the three-phase (ferrite + cementite + X- 
carbide), and formula (17) was obtained from the relationships which are correct for the case where 
there is still some ¢-carbide besides these phases in the steel. The combination of these three, 
which are different in their physical essentials, is not permissible in arithmetical processes. 

3. The authors of this article have suggested without any grounds at al] that the intensity of 
magnetization of martensite (p. 539) is equal to that of ferrite. Data in the literature (see e.g. [3, 4]) 
point to the dependence of the intensity of magnetization of a solid solution on the content of the 
solute element. A permissible degree of error could be neglected when solving other problem but in 
this case, when the amount of carbide phase is relatively small and its intensity of magnetization is 
low as compared with that of ferrite, this can lead to substantial errors. A simple calculation will 
show that the use of formula (6) leads to an error of ~ 10% in the determination of the amount of 
cementite in steel. 

4. The authors have permitted this gross error on the assumption that, in the case of the investi- 
gation of high carbon steel, a sub-zero treatment at —120° will make it possible to make a quantita- 
tive analysis without having to allow for retained austenite. The data available on this calculation 
[3, 5, 6] show that even after supercooling in liquid oxygen there remains not less than 5 to 6 % re- 
tained austenite in high carbon steel (e.g. U12). Decomposition of this amount of retained austenite 
on heating will cause an increase of about 5% in the magnetization of the specimen, which corres- 
ponds to a variation in the amount of the carbide phase (calculating that its magnetization is about 
half that of ferrite of 8 to 10% of the total volume of the specimen. As the carbide phase in steel 
usually amounts to 15 to 20% by volume, then under the very best circumstances the resulting degree 
of error in determining the carbide phase will be 50 to 60%. 

5. Finally we find it necessary to comment on the basic conclusions of the work. 

Firstly, the authors have made the illogical assertion that “in the paper, the zone of stability 
of the carbide phases have been defined” (see annotation). From the very beginning the authors 
assume that the carbide phases of tempering are stable up to 425°. Subsequent results based on this 
groundless and untrue assumption can hardly be described as correct. 

Secondly, there is the erroneous assertion that in the range 200-250-300° there is a reduction 
in the total quantity of carbide phase. The reason for this error is that retained austenite has been 
ignored. Residual austenite decomposing in this temperature range will cause an increase in the 
magnetization. Using formulae (15) and (16) deduced from untrue propositioas and without allowing 
for retained austenite, one may get even negative values for the amount of cementite and ¢-carbide 
for, as can be see from the graph, the magnetization of the specimen after tempering at 250 and 


300° 


(125° and [3°°) 


may be higher than that of the specimen before tempering at room temperature [3, 6]. 
Finally, the conclusion regarding the composition of the carbide phase in low temperature 
tempering (X > 3) does not seem probable to us. This conclusion was made from deliberations 
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FIG. 1. Magnetometric tempering curve for specimen of quenched 
steel U12A [5]. Immediately after quenching specimen was 
supercooled to — 183°C. 


based on the “reduction” in the amount of carbide phases in the range 200 to 300°, which is based 
on untrue assumptions. 

The analysis set out above shows the inaccuracy of the method of calculation proposed by 
Kagan and Bronin and also their conclusions on the composition and properties of carbide phases 
at low temperature tempering. 


Translated by V. Alford 
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APPROPOS OF THE ARTICLE BY B.Ya. PINES AND E.F. CHAIKOVSKII [1] * 
A.A. PRESNYAKOV 
Institute of Nuclear Physics, Academy of Science, Kaz. S.S.R. 
(Received 23 May 1960) 


Pines and Chaikovskii [1] have criticised the results obtained by me in 1955-56 which were 
published in the Zhurnal tekhnicheskoi fiziki [2-] concerning the reduction in the rate of diffusion 
of sulphur in nickel in the zone of formation of the solid solution Ni-S. 

I am unfortunately compelled to state that there has been an regrettable misunderstanding. 
Being occupied with the improvement of the quality of nickel (the emergence of a Ni-S solid 
solution makes the nickel brittle), I investigated the rate of diffusion of sulphur in nickel and 
found that in certain conditions the latter is considerably reduced with increase in the degree of 
cold deformation. Pines and Chaikovskii, on the other hand, analysed the variations in the rate of 
formation of nickel sulphides on the surface of the deformed metal and found an increase in the rate 
of ‘reagent diffusion” (a very unsatisfactory term !). My article and that of the two authors mention- 
ed are therefore concerned with quite different subjects, and it is thus quite impossible to draw any 
comparison between them. Never in any paper have I asserted that the rate of “reagent diffusion” 
was retarded, as I have never investigated the process. To have cited me in this connexion was the 
result of lack of understanding. It is most unfortunate that the writers did not pay more attention to 


my paper and confused two totally different phenomena. 
The reason for the retardation of the diffusion of sulphur in nickel still remains unexplained. 


I admit that the method we used was inadequate but it is nevertheless possible that the reasons 

for the anomalous dependence of the diffusion of sulphur in nickel might be found in our concrete 
conditions. Such a reason might, for instance, be the increase in oxygen content in our experimental 
material (of the order of 0.08- 0.15%). Further experiments would be required to explain this problem. 
The experiments of Pines and Chaikovskii do not satisfy this need. 


Translated by V. Alford 
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STATISTICAL PROPERTIES OF THE ELECTRON SYSTEM OF FERROMAGNETIC 
TRANSITION METALS ** 
S.V. VONSOVSKII and Yu.A. IZYUMOV 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received 26 May 1960) 


Using the method of retarded and advanced Green’s fanctions proposed by Bogolyubov and 
Tyablikov, an investigation has been made of the statistical properties of the system of electrons 
in ferromagnetic metals of the transition and rare earth groups. It was shown that the system of 
interacting conduction electrons and electrons of internally localized unfilled and spin- ansaturated 
levels of the electron shell of the ions of crystals of elements of the transition groups have two 
types of elementary excitation: the Fermi (conduction electrons) and the Bose (spin waves). The 
existence of two Bose branches has been established where at a zero quasi-impulse the energy of 
one of the branches is equal to zero while in the same conditions the other branch has an energy 
of the order of the exchange interaction between condaction electrons and those from the inner level. 
[It was shown that this situation is basically maintained at all temperature ranges of the ferromag- 
netic state. The attenuation frequency of the spin waves has been determined and is attributable to 
collisions with conduction electrons. 


I. INTRODUCTION 


Urystals which are constructed with ion sharing of elements of the transition group, iron, rare 
varth elements and also aktinides may, in low temperature fields, be in a state of atomic magnetic 
ordering (ferro-, antiferro- and ferrimagnetism). A prerequisite for this is the presence of paramag- 
netic ions of these elements with partly filled 3d-, 4f- and 5f- levels of the electron shells of the 
relevant atoms. Naturally of course, in a space lattice this ionic paramagnetism may lead to atomic 
magnetic order firstly, if the transcrystalline interaction fails to eliminate the partly filled layers 
(either by filling them or by complete “collectivization”) and secondly if, even where these levels 
are maintained, the interaction between them is strong enough to make the state of magnetic atomic 
ordering stable. 

At the present time four main interactions are known which might lead to ordering of the kind 
which occurs in the following types of crystals; A (crystals of non-metalliv compounds (ferrites, 
antiferromagnetic materials etc.)); B (metallic crystals of the rare earth elements); C (very dilute 
solutions of paramagnetic ions in diamagnetic metallic crystals); D (the crystals of metals and 
alloys of the iron group of elements). 

In substances of group A the interaction which de:ermines the atomic magnetic order has an 
olliene exchange character (known as the Kramers type [i]), which is established between the 

‘ectron of paramagnetic ‘ons ae a result of the active sharing of electrons in the outer filled 
layers of magnetically-neutral ions (oxygen, sulphur, scienicm cic. etc.). This type of substance 
does not concern us here. 

The common property of the electron system of the crystals of the three remaining groups of 
substances is the presence of a collectivized system of Fermi particles-conduction electrons. 


« Fiz, metal. metalloved., 10, No. 3, 321-334, 1960. 
t Part of the results of this werk were published in collaboration with A.A. Berdyshev, 


B.V. Karpenko and Yu.Ya. Polyek io a letter in the Dokl. Akad. Nauk, SSSR, 
1960, 132, 79. 


1 
VOL. 
lo 
1960 


Electron system of ferromagnetic transition metals 


Although magnetization tendencies do exist in it (exchange interaction), this system does not as a 
rule possess magnetic ordering on its own but is a paramagnetic materia! of the Pacli type (provid- 
ing of course, that this paramagnetism is not suppressed by the diamagnetism of the ion network of 
the crystal}. An example of this is given by the metallic crystals of non-transition elements (alkal- 
ine, alkali earth metals etc.). 

In the case of metallic crystals which are constructed with the sharing (even weakly) of the 
ione of elements of the transition groups, the magnetic properties of the electron system may differ 
considerably from tbat of the Pauli paramagnetism. As in the case of the substances of group A, 
where the spin-saturated shell of non-magnetic ions plays an active part in the formation of atomic 
magnetic ordering (indirect exchange), in substances of groups 8 to D this active role may be 
pleyed by conduction electrons which cause indirect exchange between the inner electrons of part- 


ly filled levels of the paramagnetic ions [2]. 
Of course, direct exchange is also possible between these levels. In the case of substances | 


of groups C and B however, either the distance between paramagnetic ions is too big or the degree 
of overlapping between corresponding electron densities is too smali, so that the energy parameter 
(direct exchange integral) will be exceedingly small and will not provide for the high figeres observ- 
ed for Curie or Neel points. 

For this reason it might be expected that in substances of groups B and C, the indirect exchange 
via conduction electrons woald a play a substantial part in the estbalishement of atomic magnetic 
order. 

It must however be pointed out that in the case of the rare earth elements, allowance must be 
made for the possibility of indirect «xchange of the Kramer type occurring between the electrons of 
the 4f-levels with the active participation of the lower spin-filied layers 5s and 5p lying between 
the 4f layer end the conduction electrons 6s. This hypothesis which we have put forward does, of 
course, require special quantitative substantiation, but on the qualitative side it seems to us com- 
pletely justifiable.* 

The system of electrons in the crystals of substances of group D (elements of the iron group), 
which play an active part in the phenomena of atomic magnetic ordering, consist of the former 3¢- 
and 4f-electrons of isolated atoms. Unlike the 4f-electrons of the rare-earth metals, which are 
arranged at low levels (in the space sense), the electrons of the 3d-levels of atoms of the iron 
group, which are closer io the periphery, are subject to the more sharply disturbing effects of 
transcrystalline interaction. The most obvious result of this is the substantia! difference between 
the average spin atomic magnetic moments of ferro-and antiferromaguetic metals and those for 
isolated atoms, and also the divisibility of these average values. A further indication of the sub- 
stantial changes in the atomic 3d-layer in the crystals of these metals is given by X-ray [4] and 
neutron diffraction [5] investigations. 

In this connexion further complications arise in dealing with the properties of atomic magnetic 
ordering in these metals. In particular for example, it is still not clear; whether in all cases for 
metals of the iron group ase may be made of the idea of the localization of the wave functions of 
spin moment carriers (3d-electrons); in what way one allows for hybridization between 3d- and 
4s- states in a crystal; how to use representations of zone theory; etc. All this makes it difficult 
to apply what has been said above to the nature of atowic magnetic ordering in metallic crystals 
for substances of group D, although in these the conduction elecirons do undoubtedly play a very 


* In a number of works Pratt [3], after studying the role of s-d exchange interaction im very dilute solutions 
of paramagnetic ions in diamagnetic crystals, and also in rare earth metals, has made the suggestion that, 
besides direct exchange interaction betweea 3d- and 4f- or 4f- and 6s-electrons, which causes the effect- 
ive exchange between the spins of 3d- or 4f-levels of neighbouring paramagnetic ions, there is yet another 
indirect bond of the Kramers type in which the condoctios electrons play the same part as those of the outer 
shells of non-magnetic ions in crystals of type A substances. We feel however, that in the case of rare 
earth metals the more important part is that of indirect exchange with sharing of the spin-filled 5s- and 


Sp-layers. 
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active role in the formation of this ordering, as in the case of the rare earth metals. Besides this, 
a part is played by direct exchange between the electrons of 3d-layers. We feel that the considera- 
tions enlarged in this work are to a very great extent applicable to substances of types B and C, 
although they may, in respects which are well known, be applicable to metals of the iron group. 

In this work attention is paid mostly to calculating the indirect exchange bond between con- 
duction electrons in which, however, we will at the same time consider the presence of direct ex- 
change or indirect exchange of the Kramers type. 

At the basis of the actual calculation lies the so-called s-d exchange model of transition metals 
which was propounded as early as 1935 by Shubin and one of the authors [6], on the basis of which 
further applications were developed in much later papers [7-9]. Afterwards this:model was used by 
Zener [2] who also formulated the first precise idea of indirect exchange between conduction elec - 
trons*. Further qualitative development of Zener’s idea has been made by Kasya [13], Yosida [14], 
Pratt [3] and Mitchell [15]. After the ferro- and antiferromagnetic properties of highly dilute solu- 
tions of Mn and Cu had been revealed, it was suggested that there was indirect exchange to conduct- 
ion electrons in this case also [14-17]. A more detailed quantitative solution of this problem has 
been given in the paper by Yosida [14]. 

In all the investigations cited the Hamiltonian has been used which was proposed in the paper 
by Shubin and Vonsovskii [6], and which was described in the theory of secondary quantization in 
the paper by Turov and one of the authors [7]. In a general case the density of the energy operator 
in a system of s-d-exchange electrons may be written in the following form: 


H (7) =H2 (7) + HS + 


H° 


is the additive operator of the Fermi particle gas; 


Hg 
is the operator of direct d-d (or f-/) exchange interaction between localized electron levels with 
a spin moment other than zero, and 


is che operator of the s-d-exchange coupling which may, with reasonable approximation, be select- 
ed in the form of a very simple invariant 


where B (7) is the phenomenological coefficient of exheage interaction; 
S is the spin operator of the s-electron, and 
7 (Fr) is the magnetization operator of the d-electron system. 


The operators 


* As early as 1940 Freilich and Nabarro [10] expressed the idea of an indirect bond between the conduction 
electrons of a metal, but noi for the electron spins of unfilled 3d-layers of the atoms of ferromagnetics, and 
for the spins of the naclei of crystal atoms. This idea was developed in more detail in the work by 
Rudermann and Kittel [11], Bloembergen and Rowland [12j and others. 
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and 


are treated as a zero approximation while H,, is treated as a perturbation. The energy operator of 
the whole crystal can be found in the usual way (see for example [18] ). Finally, we find a generally 
applicable expression for the Hamiltonian (1. 1) expressed through the Fermi operator of the second- 
ary quantization of conduction electrons 


(k is the quasi-impulse; 


is the spin quantum number) and the operators of the projection of spin S“ of the localized partly 
filled levels in the sites of crystal lattice f; j(KiK2) is the s-d-exchange integral; J(f,f,) is the 
integral of direct d-d or f-f exchange; N is the total number of crystal lattice sites; s is the spin 
quantum number of the ions; E, is the energy ofa conduction electron without allowing for s-d- 


exchange: 
H= [Ex—sJ — (Sp, Sp) + 
ke Sitfe 


SK) K2 


— 
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This Hamiltonian may be taken as the basis for the determination of the basic state of the 
system and the spectrum of elementary excitation, considering as a trifling parameter the ratio 
between the s-d-exchange integral and Fermi energy ¢, which is always satisfied for a strongly 
generated Fermi gas. Actually we have from experiment £~ 10°? to 10% ergs, and J(k,k,) ~ 
10°** to 10°** ergs. We will not here concern ourselves with the determination of the basic state of 
the system which we will consider as a combination of a strongly generated Fermi gas and a 
magnetically saturated spin system of lower electrons under the action of direct or indirect 


(Kramers type) exchange.* 
As we are permitting the presence of spontaneous magnetization as a zero approximation, then 
in Hamiltonian (1. 3) it is possible to pass from the spin operators of the jnner electrons to the 


Bose operators of the generation and elimination of spin waves bz and be , where Ps is the quasi- 
impulse of a spin wave. Then instead of (1. 3) we shail have approximately 


* Strictly speaking, we ought just to find the basic state for a system of s + d-electrons, i.e. to determine 
the equilibrium intensity of magnetization of the d- and s-electrons. We will, however, assume that under the 
action of direct exchange the system of lower electrons is completely spin-ordered. It is then easy to show 
thatthe magnetization of s-electrons is proportional to the ratio J,,/é, i.e. about 10-10 times less than 
that of the d-electrons. and it may be ignored in considering the spin wave in the metal. 
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H = Vex + V co bE b> +| 


het 
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Where & and e+ are the energies of a conduction electron and a spin waves respectively in which 
& 


= Ey —2sJ (kk) + + hwy, (1. 5) 


where / is the integral of direct d-d or f-f exchange for nearest neighbour sites, and 


ho, = g.u,H 
H 


are the Zeemann energies respectively of the s- and d-electrons; &, and gy are Lande factors; H is 
the external magnetic field with axis z; 27h is Planck’s constant. 


Il. CALCULATION OF THE EQUILIBRIUM FUNCTIONS OF DISTRIBUTION 


In this work we have set ourselves the task of investigating the influence of s-d exchange inter- 
action on the statistical properties of the electron system of a ferromagnetic metal. As a first step 
Jet us calculate the equilibrium iuactions of distribution for conduction and spin wave electrons deter- 
mined as the statistical means of the corresponding filling numbers: 


Here and subsequently the symbol 


< 


indicates averaging by the Gibbs ensemble with a fui. Memilionea H, 80 sat 


To calculate the functions of distribution (2.1) we will use the suitable method of statistical 
Green functions developed by Hogolvabov and Tyabliiov [19]. We note to begin with, that the equi- 
libriam functions of distribution (2. 1) are essentially correlation functions with coinciding argu- 
ments ¢ = t’. In a general case for calculation of correlation functions of the form 
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where A (t) and B (t) are abitrary operators taken in a Heisenberg representation, Bogolyubov and 
Tyablikov suggest that the advanced and retarded Green functions should be studied: 


KA (HIB (tC!) D>, = — 
KA >, =i8 ([A(O, 


which satisfy one and the same differential equation. 
Here 


1, t>0 
=f, [A, B], = AB— BA; (n= + }). 


The correlation functions can be calculated from the spectral theory: 


d 
d 


+a 
(BEA) = | (Be (2. 3) 


+o 


(A(t) B(t')> = \ (2. 4) 


in which J (E) is determined from the ratio: 


S(E + ie) —S(E — ie) = — a)/ (E); (e+ 0). 


in which F (E) is the Fourier component of the Green’s functions (2. 2). 
Bearing in mind the calculation of values in (2. 1) let us now consider the Bose and Fermi 
Green functions: 


Dot —1') = 03 
Gr (t—€') = 


the first of which we will set up at 7 = 1 and the second — at 7 = — 1. 
It is easy to write the equation of movement for them using the Hamiltonian (1. 4): 


2s \% P 
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th Kau = + (0 — 8) Kae — 


— GY «+e: Kk) — 


( 


J (x; K,)6 (kK, —K + 8, — 82) Quy 


th = Ab (t —t’) + 
2s 


X2 (K2—K, + (- as, (4/05 >}. 


We see that the equation for the Fermi and Bose Green functions (2. 7) include mixed functions 


of a much higher order 


1960 


K,K—g, 


Having compiled the equation for them, we find an interconnecting chain of equations with increas- 
ingly complex functions each time. Let us now turn the complex functions obtained in this way into 


simpler ones by means of an approximation of the type*; 


* It is easy to see that this only changes the third approximation by the constant of interaction J (x)K,). 
Actually we have, for example, 


+ + + 


if averaging < ... > is made not for the whole Hamiltonian (i. 4) but only for the unperturbed part, it is easy 
to see that this is equal to 


Calculating the interaction operator with averaging give @ correction which is proportional to the 
interaction constant. And as the «ppeerance of these two complex Green’s functions affects only a term of 


the second order, this dissociation will be noticed only in a third approximation. 
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«bs x (+) ay, = KA, (+) ay, 


Sika 


ny and "7, 


which are determined by equations (2. 1) are the yet unknown functions of distribution. 
It is easy to see that in this case the chain of equations will be transformed into a closed system. 
If we restrict ourselves to functions (2. 6) and (2. 8), then the equations for them will have the form: 


ih =hb(t—t’) + + (Kk) (10 


ra 


The solution to this sytem of differential equations can be found by using the Fourier transformation: 


+o i 


= | D-(E)e dE: 


(2. 11) 


+o t 
Gi(t—t') = dE, 


in which we find the following expressions for the Fourier form of the functions: 


1 1 
D»(E) = 
7 (6) PoE). (2. 12) 


where 
25 | 
+5) 
dt N (x ] (k—8; 8) (2. 10) 
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Ay=— (xx) (az — nt); 


= Ex — (1— m)J (xx); tx = Ey (1 m)J (KK). (2. 16) 


For convenience we will introduce into formulae (2. 15) and (2. 16) the relative magnetization of the 
d-electrons 


Lite. (2. 17) 
g 


According to (2. 3), the functions of distribution (2. 1) can be calculated by means of the spectral 
theory 


+@ 
J=(E)dE; n= Je (6) dE, (2. 18) 


where J (E) should be determined through the Fourier components of the corresponding Green 
functions: 


D- (E + ie) D>(E ie) i(e 1) J>(E), (2. 19) 


Gx (E + ie) — GE (E--ie) = +1) JE (E). 


Before making use of (2. 19) it is convenient to seperate the actual and imaginary parts in 
formula (2. 15). Using the well-known symbolic identity 


x 


it can be shown thet 


P (ES it) = itg (2), 


9 
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= J? (x, —g) a 
N +e *» 
Tz (E) = « — nz | +e +) (2. 21) 


Having the values for J (E) from (2.19) and inserting them in (2. 18) we find: 


__ 


In the approximation under review (2. 22) there is a Fermi function of distribution for conduction elec- 
trons the energy of which varies with s-d exchange interaction. 
Formula (2. 23) represents the superposition of Bose elementary excitations with a certain 


resonant intensivity, having attenuation energy 


Where attenuation is small, the resonance function under the integral sign (2. 23) has an abrupt 
maximum at point 


~ 


€ 


which can be found from equation 


~ 


and can be exchanged approximately with the 5-function. Thus, instead of (2. 18) we now have an 
ordinary Bose function of distribution 


(2, 25) 


The functions of distribution obtained permit the calculation of many equilibrium thermo- 
dynamic values, for instance magnetization. Actually, the operator of the magnetic moment of a 
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metal with axis z, can be written in the form 


After averaging this operator from the statistical ensemble, we get the expression for the intensity 
of magnetization through the function of distribution 


A 


To calculate mean energy, correlation functions of a mixed type are required 


+ + 
a a b bia 


Having calculated these means using Green’s functions 


the following expression can be found for the energy mean E of the metal (without calculating 
attcnuation): 


E=(H) = + + (Sinz) — 22) + 
Ko « 


2 
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eoth-— 
2 


A 
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From formula (2: 28) it is possible to determine the equilibrium thermodynamic properties of the 
metal. 


Ill. SPIN WAVE SPECTRA AND THEIR ATTENUATION FREQUENCY 


Let us now determine the explicit form 


>. 


We will write equation (2. 24) in the following form: 


+ 

(kK) (ng — fx) +=}, al" 


First of all we will find its solution where g = 0. We must bear in mind that 


K 
> 
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= hug: — tx = hv, + 2smJ (KK). 


The s-d exchange integral is always included in an expression with a multiplier 


— ny) 


other than zero, only where the values of k, are lying close to the Fermi surface and are included 
in the range 


is small, we can put J (Kk) in this integral as a constant J. Then equation (3. 1) for 


~ 


£0 


will be written in the form (where m = 1): 


hog + — Aw,) 


(3. 2) 


£6 hw; 2sJo 


is the relative intensity of magnetization of the s-electrons. 
The quadratic equation (2. 27) has the following twe solutions: 


= > (ag +) +2s/,(1 +p) + 


3. 4 
+ [A (wg (1+ 4 (ho, + 2sJ,) + 2sJ , 


which determine the two branches of spin waves c g = 0. In the particular case where the g-factors 
of the s- and d-electrons are equal 


Wp 


because it follows from (3. 4) that 
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= hug; = ho, + +4). (3. 5) 


In the absence of magnetic field the first of the branches will have an energy equal to zero, which 
indicates that the s-d exchange interaction does not affect the homogeneous oscillations of the mag- 
netic moment. From the mathematical point of view an interesting situation is observed here. Equa- 
tion (3. 1) is in essence a series of perturbation theory. The Hamiltonian (1. 4) of s-d exchange in- 
teraction consists of two types of terms which can be described as threefold and fourfold (accord- 
ing to the number of operators of secondary quantization contained in them). The first corrected 
term in the righthand side of equation (3. 1) is the first approximation correction from the fourfold 
terms of perturbation (the threefold terms in the first approximation produce zero as they do not 
contain non-zero diagonal matrix elements). The last term in (3. 3) is the correction for the second 
approximation from the threefold terms of perturbation. For the case g = 0 it is equal to the correct- 
ion of the first approximation with the reciprocal sign. 

Thus the first approximation correction which causes the appearance of a gap in the spin wave 
spectrum, is compensated by the second approximation correction which is the result of the special 
structure of the operator for the exchange interaction perturbation. This interesting fact has already 
been noted in paper [21]. This situation has already been contained in essence in the fundamental 
work of Kasuya [13], in which it was shown that s-d exchange interaction can lead to Dirac exchan- 
ge interaction between d-electrons and the latter, as is well-known, will not cause a gap in the spect- 


rum of the spin waves. 
The appearance of the second branch of spin waves is related to the sub-magnetization of the 


conduction electrons with exchange interaction as a result of which the latter have their spontane- 
Gus magnetic moment so that the transition metal as a whole becomes equivalent to a ferrite with 
two magnetic sublattices. For a ferrite the appearance of a high energy branch in the excitation 
spectrum is characteristic, and this energy is of the same order as the exchange interaction of the 
different sublattices. We note that equation (3. 4) for 


~ 


£0 


coincides precisely with that obtained by one of the authors [20] from the solution to the equation 


of movement for the vector of magnetization in an s-d-model. 
Let us now examine the solution to equations (2. 26) where g # 0. We will make the following 


simplifications: let us assume that 


J (Kk) Jo, 


and let us take the Fermi functions of the distribution where T = 0°K. Let us also neglect the 
difference in the g-factors of the d and s electrons. It is easy to see from (3. 1) that if 


is an even function of g, then 


will also be an even function of g and for this reason we shall look for the solution to equation 


(3. 1), which branches from 


~ 
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for small values of g, in the form: * 


= hoy + (3. 6) 
where /* is the effective parameter of exchange interaction. 

For simplicity we will restrict ourselves to the quadratic law of dispersion for conduction elec- 
trons; then after integration through & in the formulae (2. 14) and (2. 15) we shall find: 


3sJ2 
A, => 


(x: — A) g? — — 2AK_g — (/*— A) g? 
4A%g? + 2Ax_g— (/* — A) g? 
+ A) — \ — 2AK,g —(I* + A) g?| 

+ + A) | 


Here the following symbols are used: 


A Ax? — 2sJq— — ho, + — ho, (3. 9) 


2ma? 


(a is the lattice parameter; n, is the number of s electrons in one atom; k, are the maximum quasi- 
impulses of conduction electrons with 


1 


co= + — 


for small g (3.8) can be expanded in series in powers of g which gives: 


24n*A? EA 


Using the known relationship 


* The formula found above for /* is not, generally speaking, connected with the assumption of the possiblity 
of expanding 


into a series through quasi-impulse g. The expansion of 


v4 (continued on the next page ) 
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=A 


it can be shown that the first term in (3. 10) is simply equai to Ag. Inserting the figures obtained 
for (3. 10) in (3. 1) and neglecting the exchange integrals, in comparison with A we get the form- 
ula for the effective exchange integral 


2 
s (3atn,) Jo 4 
[* =x +- (3. 11) 


The numerical coefficient standing before 


is of the order of 


~~ 


100 


The formula found coincides fairly precisely with that found in papers [13, 14, 21]. The second term 
in (3. 11) is the effective indirect exchange integral. 

it should be noted however that this cannot be treated as an exchange integral between the 
d electrons of two neighbouring ions. Actually, Kasnya has shown that the effective indirect inte- 
gral between two d-electrons varies gradually with distance, dying away as the third degree of this 
volve. Formula (3. 11) is, from this point of view, the result of the summation of the exchange in- 


tegral at all sites surrounding a given lattice site. 
Let us calculate the value of the attenuation frequency (2. 21). From the 5-function in (2. 21) 


it is possible to write 


ns — ny =n(ey — E) —n (ep). 


For us the essential values of £ are those lying close to 


& 


which are considerably less than the boundary Fermi energy, for which reason the first term in the 
formula expressed can be expanded into a series to the degree of E and limited by the fourth term 
of the expansion. The derivative of the Fermi function of distribution which enters at this point 

can, as is well-known, be exchanged with the 5-function. Passing then in formula (2. 21) from sum- 


mation through K to integration, we find that 


(continued from previous page ) 
through degrees of g is obiainea by expanding in (3. 1) the evergy of a conduction electron 


through degrees of the quasi-impulse. Thus the law of dispersion for a spin wave is determined by the dis- 
persion law for conduction electrons. 
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lel 0, &< 8, 


(ky is the limiting Fermi impulse). 
For a spin wave with energy 


From available figures J, is equal to ~107** to 10°** ergs, so that in this case gy will be 10°* to 
10°? from the limiting Fermi impulse, and for this reason spin waves with low impulse values will 
not dampen.* 


This is due to the fact that, on the destruction of a spin wave under the influence of s-d- 
interaction, the spin projection in one of the s electrons should be changed and then one should 


be dealing with energy 2sm],. This process is possible if 


2smJ,, 


i.e. for spin waves with g > go. 
On ferromagnetic resonance the spin waves which are excited are either those with g = 0 
(homogeneous precession), or with 


where 5 is the depth of the spin layer. In the analyses we have made it is difficult even in the 
second case to satisfy the inequality g > g, and for this reason the s-d-exchange interaction in 
metals does not always directly influence the width of a ferromagnetic resonance line. 


* This only relates to exchange interaction. Allowance for the magnetic interaction of conduction electrons 
from a spin system of d-electrons causes attenuation of the spin waves with lower quasi-impulses [22]. 


16 
(3. 12) 
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In the particular case of the quadratic law of dispersion we have: 
g 8 lg! 10, £< fy» 
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The conclusions we have reached here are in complete agreement with Turov’s results [22]. 
He found the formula for the attenuation energy of spin waves using the kinetic equation technique. 


IV. CONCLUSIONS 


The results obtained to date relate to the case of low temperatures where spin wave approxi- 
mation is justified. It would be interesting to find out whether the structure of the spin wave spectra 
found is maintained beyond the limits of this approximation. To solve this problem we should pro- 
ceed on the basis of the full Hamiltonian of s-d-exchange interaction (1. 3) expressed in spin oper- 
ators. By means of this Hamiltonian a chain of Green’s functions is constructed, consisting of 
spin operators. In a manner analogous to that used in paper [23] it can be shown that the equation 
for the determination of spin wave energies has the form: 


= 25m (1—e#*) + (nz — nt) + 
K 
— at 


and here magnetization m (see (2. 17)) which enters this equation, is not limited to the field close 
to saturation, so that equation (4. 4)-is correct in all temperature ranges. If g = 0 it has two solu- 
tions: 


= 0; ef?) = QsJq(m +p), (4. 2) 


which coincide at m = 1 with the corresponding expressions (3. 5) (in the absence of magnetic 
field). Thus, in all ranges of temperature there is a branch of spin waves with energy not separat- 
ed by a gap (et H = 0) from the basic state of the spin system. 

We note in conclusion that in this work yet another possibility has been demonstrated of the 
use of the method of statistical Green’s function proposed by Bogolyubov and Tyablikov, for the 
orderly treatment of the electron-spin system of transition metals. In this method it is possible to 
distinguish decisively both the influence of the spin system on conduction electrons (the magnet- 
ization effect of conduction electrons), and the opposite influence of conduction electrons on a 
spin system (effective indirect exchange through conduction electrons). By the method used it is 
possible in a single system to determine not only the energy of elementary excitations but also 
to csleulate their attenuation. 


Translated by V. Alford 
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THE EFFECT OF FLUCTUATIONS IN LONG-RANGE MAGNETIC ORDER ON THE 
TEMPERATURE DEPENDENCE OF THE WIDTH OF FERROMAGNETIC 
RESONANCE ABSORPTION LINES* 

G.V. SKROTSKII and L.V. KURBATOV 
Urals Polytechnic Institute 
(Received 10 May 1960) 


In this article a simple statistical thermodynamic theory is developed for the fluctuation broaden- 
ing of ferromagnetic resonance absorption lines close to Curie point. 


1. As is well-known, in investigations of the phenomenon of ferromagnetic resonance absorpt- 
ion, mono- or polycrystalline test specimens of the proper form are placed, besides a radio fre- 
quency field (t.f. field) in a strong permanent uniform magnetic field H,. If the polarizing field 
H, is greater than the field of technical saturation H, required for the total disappearance of the 
structure of the ferromagnetic regions, then the equilibrium magnetization of the specimen can be 
represented in the form [1] 


M = M, (T)+M,(T, =M,(T) (1) 


where M, (T) is the spontaneous magnetization corresponding to the temperature of the specimen T 
and due to spin of ordering under the influence of the field of exchange forces; M_ (7,H,) is the 
true magnetization due to spin ordering under the action of the external magnetic field H, (“para- 


process”), and 


Xp 


is the susceptibility of the para-process. 
If the size of the specimen is small in comparison with skin thickness and the amplitude of 


the uniform r.f. field is not high, then in the range of temperatures far from the Curie point, when 

the saturated specimen wi!! be in an almost completely ordered state (M ~ M,), the thermal fluctua- 
tion of long-range magnetic order wil! be exceedingly small and the highly uniform field of exchange 
forces will not have any influence on the resonance frequency and width of absorption lines AH. 

.s monocrysialline specimens the size of the latter and its temperature dependence are in these con- 
‘itions determined exclusively by the spin-spin relaxation r; and spin-lattice relaxation r,. There 
occurs then the simple relationship ; 


ig AH = M,. (2) 


between the peak value of resonance absorption 


” 


* Fiz. metal. metalloved., 10, No. 3, 335-340, 1960. 
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and the width of a line at half the height of AH. 

As the temperature becomes higher the thermal fluctuations of magnetization increase and as 
a result of this there is notable fluctuation of the internal field of the specimen. Now the local 
magnetic field acting on any elementary magentic moment po, will be composed of the regular 
internal magnetic field (which differs from the externa! field H, with regard to the effective field 
of anisotropy and the de-magnetizing field of the surface of the specimen) and a random molecular 
field of fluctuation origin. This in its turn, leads to dispersion of the resonaace frequencies and, 
at a fixed frequency of the external r.f. field, to some broadening of the absorption lines. As there 
is a very abrupt increase in the fluctuation of spontaneous magnetization [1] close to Curie point, 

a considerable increase in AH is to be expected. 

Despite the fact that investigation of the temperature dependence of the width of a ferro- 
magnetic absorption line close to the Curie point provides further information on the kinetics of 
magnetic phase transformations and is consequently of considerable interest, there are comparative- 
ly few experimental data available in literature on the relationship AH (7) close to the Curie point. 
This is due to the fact that the energy of the r.f. field which is absorbed on resonance per unit of 
time is proportional to the magnetic moment of the specimen being investigated, and therefore dies 
away rapidly on approaching the Curie point. This imposes rather high demands on the sensitivity 
of the apparatus used for the observation and recording of the shape of the absorption lines close to 
the Curie point, and even greater demands above it. 

2. The first detailed investigation of the temperature dependence of the width of a ferromagnetic 
resonance absorption line was carried out by Bloembergen [2] on aickel and supermalloy. Measure- 
ments showed that in supermalloy the width of the line remained practically constant right up to 
300°, after which it increased rapidly, roughly doubling itself close to the Curie point (O = 400°). 
The growth of AH for Ni is, according to Bloembergen, spread over a much wider temperature range. 
Later, very rapid growth in the width of the line close to the Curie point was discovered by Bagguley 
and Harrick [3] in dilute suspensions of colloidal nickel, and by Standley and Reich [4] in the alloys 
Ni-Cu, Ni-Al, Ni-Se and Ni-Mn of varying compositions.* Duncan and Swern [6] observed the groth 
of AH close to the Curie point in. polycrystalline test specimens of Mg-Mn ferrite with a spinel 
structure. Healy [7] disclosed only the beginning of the broadening of a line in a monocrystal of Ni 
ferrite, but his measurements (as in the majority of the measurements of the temperature dependence 
of AH in ferrites) were not conducted all the way to Curie point. 

Of considerable interest is the comparatively recent investigations of the temperature depend- 
ence of the width of lines in polycrystalline and monocrystalline specimens of ferrite with the 
structure of garnet. Rodrigue, Pippin, Wolf and Hogan [8], who investigated the ferromagnetic re- 
sonance absorption effect in dense polycrystalline specimens of yttrium ferrite-garnet and the 
ferrite-garnets of rare-earth elements Sn, Ho, Er and Yb, and Sirvetz and Zneimer [9] who invest- 
igated it in polycrystalline specimens Y-Sn and Y-Gd ferrites-garnets, found that there was ex- 
tremely rapid growth in the width of an absorption line in a very aarrow temperature range (AT ~10°) 
close to the Curie point. Measurements of AH made on monocrysialline specimens of yttrium ferrite- 
garnet [10-12] showed that the growth in AH on approaching the Curie point was spread over a very 
wide range of temperatures (AT ~ 50-60°). 

De Gennes, Kittel and Portis [13] made a microscopic calculation of the influence of long-range 
magnetic field fluctuations on the width of an absorption lines for rare-earth ferrite-garnet and found 
considerable agreement with the results of the experiments carried out by Rodrigue and others [8]. 

Below a simple statisticalthermodynamic calculation is made by means of which it is possible, 
without detailed knowledge of the microstructure of the specimen, to find an explicit expression 
for the broadening of an absorption line due to fluctuations in magnetization. 

3. By virtue of the presence of a Geussian distribution of local fluctuations in the internal 


* We note that an anomalous temperature behaviour was observed for the width of an absorption line in 
gadolinium [5] (AH was sharply reduced on passing through the Curie point), the cause of which has not 


yet been explained. 
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molecular field, the width of the absorption line of a monocrystalline specimen at half the height 

AH non Will be composed of the “internal” width AH; dependent on the rate of the relaxation pro- 
cesses and the fluctuation broadening AH, which is proportional to the mean square fluctuation of 
magnetization of the specimen 


AHmon= AH; + AH, = AH, 8102 V 3) 


where A is a constant which, as wili be shown below, is of the order of the magnitude of the molecul- 
ar field. 

In calculating magnetization fluctuation it is possible to use Boltzmann’s principle according 
to which the probability of a non-uniform state for the thermodynamic system, characterized by 
parameter € is proportional to 


exp(— AF . V/kT), 


where V is the volume of the system, and AF is the variation in the specific free energy of the sys- 
tem on fluctuation. In this case, as is well-known, where small fluctuations are being studied in 
systems containing a large number of particles, Gaussian distribution will follow from the 
Boltzmann distribution for the probability of fluctuations. The mean square fluctuation of extensive 
thermodynamic magnitude is determined by the simple relationship [14] 


(4) 


where the second derivative of the density of the free energy is derived at equilibrium values for 
all remaining parameters characteristic of the system being studied. 
Having noted that 


OF/OM = H, 


we get for the mean square of magnetization fluctuation of the specimen 


7AM \2 kT 
\ 


ant | 


\ OM 


As the susceptibility of the nara-process X, increases on approaching the Curie point [1], 
then it follows from (5) aud (3) that the contribution '« th= witth of an absorption line due to random 
fluctuations of the interna! molecular field wil! ale= incresse with incre in temperature. If the 


AH, AH,, 


is satisfied close to the Carte point then it is to be «xpected that the ferromagnetic resonance 


absorption line will be of Gaussian form. 
4. To find the explicit form of the temperature reistionship 


(AM), 
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and consequently, of AH, we will write the equation for the magnetic state of a ferromagnetic 
material in the form 


(6) 
where a = M/M, is the relative magnetization of the specimen. 
Without making the form of function G(a) precise, we note that it is monotonic in behaviour 
and satisfies the conditions 
G (0) =0, G’(0)=1, =G" (1) = @, G(—a) = — Ga). (7) 
In the absence of an external field a = a, and 
8 
(a) 


From the latter relationship an experimental graph can be plotted for G (a, ). 
Because in the external magnetizing field strength used ia experiments a, < 1 even for 
T = @, thea the function G (a) can be expanded into a series in the vicinity of the point a = a, (T) 


G (a) =G (a,) + G’ (a,)a, +... (9) 


Now, allowing for (8) and (9), we find from the equation of state (6) 


M,=y,4H,, (10) 
where 


On approaching the Curie point (T » @) the relative spontaneous magnetization a, > 0; as 
G’{a,) will here, according to (7), tend towards 1, then it follows from (11) that x, will grow 
without limitation. The nature of the growth in Xp at T> © is dependent on the actual form of the 


function G (a). 
The broadening of an absorption line as a result of fluctuations in magnetization is thus 


expressed by the equation 
AH,= 2,35) 


V 
G' (as) 
(12) 


If we assume in particular that G (a) = arth a, then 
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— ads (13) 


5. At the phase transformation point (J = ©) formula (12) will lead to an infinitely high value 
for the width of an absorption line, while at T > ©, H; should, according to (12), die away. Besides 
this, it emerges from experimental material (v.e.g. [2, 15]) that oa passing through the Curie point 
no break is observed in the curve AH(T) nor any rapid reduction in the width of the line for T > 9. 
If a precise calculation is made without using the expansion (9), there will be in (12) in place of 
a. the total relative magnetization of the specimen which is dependent on field. By virtue of this 
the maximum in AH; will be finite and will be displaced to slightly higher temperatures. 

It is to be expected that when ferromagnetic resonance is investigated in strong fields corres- 
ponding to the millimetre wave range, the width of an absorption line AH; will be reduced, as in 
this case the polarizing field will be more intensively subjected to thermal fluctuations in magnet- 
izatuon. The fluctuation broadening, which will be proportional to V — 4 should increase with re- 
duction in the size of the specimen investigated with the value H, remaining the same. 

For ferrites the curves a, (7) should be steeper close to the Curie point than for metallic 
specimens [1]. It therefore follows from (12) and (13) according to the experiment, that at T — 0 
the growth of AH; will be more rapid. 

It is easy to verify the aature of the proposed theoretical dependence AH; (T). It follows from 


(12) that the relationship 


(14) 


is correct for any given specimen. 

Table 1 gives experimental figures for the temperature dependence of the width of an absorpt- 
ion line [12] and the relative spontaneous magnetization (16] of a monocrystal of yttrium ferrite- 
garmet (6 = 560°K), and also the calculated values of the products (14).* 

It can be seen from the table that the product (i4) is extremely sensitive to the value of a, 
end varies extremely little in a fairly wide temperature range. Analysis of the constant in (14) 
according to (12) shows, for the data given in the table, that the value of A coincides with the 
constant of the molecular field. 

6. In most cases polycrystalline specimens have considerably wider ferromagnetic resonance 
absorption lines than the monocrystals of the same substances. This broadening is due, on one 
hand, to the influence of crystallographic magnetic anisotropy which causes dispersion of the 
resonance frequencies for differently oriented cryste!lites in the specimen. The other reason is 
the presence in a polycrystalline specimen of a certein quantity of discret air pores, the surface 
“magnetic discharges” on the walls of which generate a local de-magnetization field. 

if magnetic interaction between individual crystailites is neglected it can be shown [17] that 
‘22 width of an absorpiion line in « polycrysialline specimen is determined by the formula 


AH = AHnon + AHanis AH por = AH mon+ ,(1—1), 


where AH, is the width of a lise for a single crystallite; 
K, is the first constant of crystallographic magnetic anisotropy and 
7 is the relative density of the specimen (measured according to theoretical “X-ray” 


* The authors express their thanks .o A.G. Gurevich and I. Ye. Gubler for informing them of experimental 
data prior to publication. 
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TABLE 1 


| @,'/* 
AH,oersted as = AHy ( as 


0.378 0.43 
0.315 9.43 
0.253 0.47 
0.212 C 0.5) 
0. 162 0.48 
0.105 0.41 


density). 

In ferrites-garnets the width of the absorption curve AH..;. due to anisotropy, is not large 
close to the Curie point, and at low n porosity is the main factor determining the line width of a 
polycrystalline specimen. The nature of the relationship AH(T7) will also vary depending on the 
value of n close to the Curie point. 

In specimens with high density the value of AH ,.. will be very small close to the Curie point 
and the temperature dependence of line width will be almost totally determined by the temperature 


dependence of AH... On the other hand, in specimens with low relative density 


AB 
even at 7 ~ @ and therefore with increase in temperature, the width of the line will be reduced 
somewhat more slowly than M.. This is apparently the reason why Malevskaya and Nurmukhamedov 
[18], who investigated polycrystalline yttrium ferrite-garret with low density (7 = 53%), found that 
AH is reduced in a monotonic fashion right up to the Curie point. 

Of considerable interest is the study of the temperature dependence of the width of absorption 
lines in ferromagnetic materials which have a compensation point 7, < @. Where T = T, the partial 
spontaneous magnetizations of the sublattices which flow in opposite directions, compensate each 
other. AH(7) measurements made on monocrystalline and polycrystalline specimens of gadolinium 
ferrite-garnet [8, 19-21] and on a polycrystalline specimen of nickel ferrite-cbromite [22] have 
shown that, on approaching the compensation temperature from above or below, the width of the 
absorption line grows very rapidly. Although compensation point is not the point of magnetic 
transformation in the general sense of the word, nevertheless fluctuations in magnetization around 
it do play a considerable part since the resulting magnetization observed in the specimen here 
converges towards zero. 


Translated by V. Alford 
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THE ANISOTROPY OF PHOTOMAGNETIC EFFECT IN CUBIC CRYSTALS* 
G.I. KHARUS and I.M. TSIDIL’KOVSKII 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received 4 June 1960) 


In this work normal and transverse photomagnetic effects are calculated for a crystal of cubic 
symmetry in the range of weak magnetic fields. Anisotropy found in these effects is in agreement 


with experimental data. 


In papers by Kikoin and Bykovskii [1, 2] anisotropy was found in the transverse (even) photo- 
magnetic effect in germanium. Photomagnetic effects can be described in the following way. On to 
a specimen in the form of a flat plate let light fall along axis z perpendicular to the plane of the- 
specimen, while a magnetic field is disposed in the plane xz and makes an angle © with axis x. 
Then in a semi-conductor an electric field £, will be generated in the x direction (transverse 
effect) and a field E, in the direction (normal effect). The anisotropy of the transverse effect con- 
sists in that E, shows a characteristic dependence on the angle of rotation of the specimen through 
axis z. This dependence is determined by the orientation of the crystal in relation to the direction 
of the incident light. If the latter coinsides with an axis of the second, third or fourth order, then 
E, (¢) will have two, three or four maxima respectively. 

The present work was undertaken with the purpose of explaining the anisotropy phectwed 3 in 
germanium. Photomagnetic effects are considered below for crystals with cubic symmetry. The fol- 
lowing assumptions are made in the calculations: 

1) an unilluminated specimen has an impurity (extrinsic) conductivity’: 


No > Po, Where ny and po 


are equal concentrations of electrons and holes; 
2) the concentrations An, Ap carriers of the photo effect are considerably less than the con- 
centrations of the basic equilibrium (n,) carriers i.e., 


An =Ap <n, 


(here the condition of quasi-neutrality is also used). The second assumption corresponds to the 
case where the specimen is illuminated to a fairly low degree. 
In the presence of an electric and magnetic field and of concentration gradients 


Vn, Vp(t=n,4+An, + Ap) 


the density of electron 


* Fiz. metal. metalloved., 10, No. 3, 341-345, 1960. 
t For definiteness, a semi-conductor of type n will be studied. 
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current will be written in the form: 


(k, i= 1, 2, 3) 


i” = (4 


where e < 0 is the charge of an electron. We will ignore the influence of the edge of the plate and 
assume that n and p are other than zero only in direction z. Using the continuity equation for hole 


current 
Ap 


divs‘? 


(r is the life of a carrier of the photo effect) on these assumptions we find (V., e.g. [3]) 


p © ay 


dz? 


wo where D is the coefficient of diffusion. 


1960 
D= D(H) of} (H). 


The solution to equation (2) for conditions where the length of diffusion 
Dx 


is considerably less than the width of the plate d along axis z, has the form 


An= An (0)e 


An (0) is determined by the limiting conditions for the illuminated surface 


An(0) = 


In the latter formula s is the rate of surface re-combization; / is the intensity of light and x is 
the quantum result. We note that the value An (0) is dependent on H, but at high speeds of sur- 
face re-combination 


this dependence can be neglected. Adding together the electron and hole currents (1) and using 
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the conditions for full current 


we get the expression for the values 


V,=E,d, V,=E,d 


and Dember e.m.f. 


e 


n P 


In the expression for we have ignored the ohmic hole current in comparison with the diffusion one, 
on the basis of the assumptions made above. The tensor 


(H) 


introduced in the latter formula is related to the conduction tensor o (H) in the following way: 
(1) Pem (H) = Pig (H) Opm(H) = 
Let us consider the case of weak magnetic fields where 


= > 
and (#7) 
can be expanded into a series limited in the magnetic field by the quadratic terms: 


Oi (H) = + Cinm + 
Pie (H) = Pin + Piem 1m + Pitmn n- 


The relationship between tensors p and tensors o can easily be found from (7). 

As is well known, in a cubic crystal tensors of the second and third rank each have one inde- 
pendent component while a tensor of the fourth rank has three components. 

In a system of co-ordinates connected with the main axis of a cube 
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(x{|[100], y |I[010}, 


these componerts are linked with the tensor components a in the following way [4]: 


a 


(the remaining components of a tensor of the fourth order 


are equal to zero). Here 


is a completely anti-symmetric tensor. 

To investigate the situation which occurs in experiment, we should select axis z along one of 
the axes of symmetry of the crystal and rotate the system of co-ordinates along axis z through angle 
p relative to a certain initial position. Let us consider three situations in this way: 

a) axis z parallel to direction [110]; 

b) axis z parallel to [111], 

c) axis z parallel to [100]. 

After calculating the tensors o in the new system of co-ordinates according to the usual trans- 


formation formula 


from (6) and (7) we find the formulae for transverse £, and normal £, for the photomagnetic effects 
and Dember e.m.f. V. In case a the transformation matrix @;, has the form 


(at d = 0 axis x coincides with direction [100]. 


2 

kT An (0) a a 

2epds, on 


+ (5,4, — 6,) cos? of H? sin 26; 
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] 
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In case 5 


(at d = 0 axis x lies in the (001) plane) 


kT An (0) ] ] 


+ (2,0, H? sin 26 + 


3V2 °n 
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__ AT An (0) 


epdo, 
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Formulae (13) and (14) at 6 = 0 were first found in the paper by Grinberg [5]. 
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Formulae (10) and (13) show that in cases a and J, field E, is a periodic function of angle ¢ with 
the period of 7 and 2/3 respectively. This agrees with the experimental data of Kikoin and 
Bykovskii [1]. From our calculation the difference observed in [1, 2] in the values of the maxima 
and minuma of transverse effect does not follow. Normal photomagnetic effect should, according to 
(11) and (14), have an analogous angular dependence in which the term responsible for the angular 
dependence is quadratic with respect to the field. This term is related to the “anisotropic” parameter 
and disappears in the case of spherical symmetry*. 

It should be notices that in case b the E,/0 dependence is different from the corresponding 
dependence for an isotropic semi-conductor. Anisotropy causes E, to be other than zero at 0 = 0, in 
other words the effect arises along the magnetic field H = H,. If the magnetic field is parallel to the 
direction of incident light, then in the approximation assumed the photomagnetic effects will dis- 
appear, while Dember e.m.f. will vary in value proportional to H? (in addition to the variation which 
occurs in the isotropic case). If the crystal is rotated through the axis of the second order, Dember 
e.m.f. should be, as shown in (12), dependent on the angle d. The parameter An (0) which is general- 


~ ly speaking dependent on ¢, does not alter the character of the angular dependence of the effects. 


In cases 5 and c An (0) is not dependent on ¢, while in case a the period of the variation in An (0) 


is equal to 7, as also in the remaining terms of formulae (10) to (12). 
If axis z coincides with an axis of the fourth order then, as follows from (16) to (18), the effects 


should not be dependent on ¢. This inconsistency in the experimental results is due to the quadratic 
approximation accepted in the calculation. If the cubic terms in H in expansion (8) are allowed for, 
this will cause a periodic dependence of effects E, (¢) and E, (d) with period 7/2. The terms depend- 


ent on ¢ in expressions for E, and E, are set out below: 


ALE, = + + — 


n 


2 epd 
(» + ep + H* 6 sin? 29; 


on 


* Transposition to the isotropic case may be made if it is assumed that 5=0. 


31 
(17) 


Photomagnetic effect in cubic crystals 


4epd on 


where A, and A, are the linearly independent components of a tensor of the fifth rank. 
Experimental investigations of the anisotropy of transverse effects [1, 2] have been made main- 
ly in intermediate and strong fields, i.e. at 


where i is the mobility of the carriers. In strong fields no phenomenological study of photomagnetic 
effects can be carried out for an anisotropic crystal because of the fact that it is impossible to 
expand tensor 


to degrees of 1/H. It is therefore necessary in calculation to use a definite model of the energy 
spectrum. The results presented by us for the calculation for n-Ge (the iso-energetic surfaces of 
the holes are regarded as spherical) show that the angular dependence of photomagnetic effects on 
arbitrary magnetic fields is the same as that predicted by the phenomenological theory for a cubic 
crystal in weak fields (v. formulae (10) to (20)). 

The theory of photomagnetic effects which will account for the form of the energy levels of 
holes in Ge and the different scattering mechanisms of current carriers, will be the subject of a 


special articles. 


Translated by V. Alford 
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A STUDY OF THE AGEING OF DURALUMIN BY THE NUCLEAR 
MAGNETIC RESONANCE METHOD * 
V.S. PAVLOVSKAYA, V.N. PODD’YAKOV and B.N. FINKEL’SHTEIN 
Mescow Institute of Stee! 
(Received 8 April 1960) 


The method of nuclear magnetic resonance (NMR) has been used for the study of the ageing 
of duralumin. The intensity, breadth and shape of the NMR absorption lines have been measured. 
Data have been obtained concerning the influence of quadrupole effect on the parameters of reson- 
ance lines and qualitative conclusions have been drawn concerning the variations in lattice dis- 
tortions due to the re-grouping of component atoms in the process of decomposition of the super- 


saturated solid solution. 


The last ten years have been considerable de- 
velopment of radio-spectroscopic methods of invest- 
igating gases, liquids and solids of considerable 
importance in the physics of metals is the method 
of nuclear magnetic resonance which provides the 
answer te many questions regarding the structure of 
«iloys, the nature of inter-atomic bonds, lattice dis- 
tutions etc., [1]. 

Atomic nuclei with spin 


ay, besides magnetic (dipole) moment, also possess 
electric quadrupole moment Q. If the energy of a 
single charge in the field outside it is determined 
by the potential of the field, and the energy of an 
electric dipole by the first derivatives of the poten- 
iia. in the co-ordinates, i.e., by the field strength, 
then the energy of a quadrupole is dependent on the 
second derivatives of the potential in the co-ordina- 
-.« or the first derivatives of the components of 

unfortunatly termed field gradient. 

In the latter case therefore the energy is deter- 
tained by the hetrogeneity of the field in the sur- 
rounding medium. 

If the NMR line frequency of an isolated atomic 
nucleus is designated by vo, then the presence of 
an electric quadrupole moment Q in the electric 
field characterized by “field gradient” ¢ will cause 
displacement of the line to the value vw ~ v9, which 
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in the first approximation of the quantum-mechanic- 
al perturbation theory is equal to 


yv—v, = (2m — 1) (3cos?6 — 1 3e7Q 

where m is the magnetic quantum number; @ is the 
angle between the axis of the permanent magnetic 
field H, and the axis of symmetry of the electric 
field of the crystal lattice 


vo = pHd/hl; 


pis the magnetic moment of the nucleus; & is 
Planck’s constant. 

This approximation is adequate for the case 
where 


The quadrupole interaction has an effect upon the 
intensity and breadth >f the NMR lines. 

It can be seen frou this that the so-called qua- 
drupole effect can be used as a method of diagnos- 
ing crystal lattice distortions due to alloying or to 
apy processes arising in an alloy. 

Papers [2, 3] present data from the investigation 
by the NMR method of the single phase solid solu- 
tions of Ca-Zn, Al-Mg, Al-Zn. When the content of 
the second component was increased a gradual re- 


duction in the intensity of the lines was observed 
because of the increase in lattice distortions. 


_— 
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From this it follows that the study of quadrupole 
effects due to the re-grouping of atoms in super- 
saturated solid solutions should be a very sensitive 
medium for the investigation of the process of pre- 
cipitation, especially in its early stages. 

This report contains the results of the application 
of the method of NMR to the investigation of the 
ageing of duralumin, which has been studied in con- 
siderable detail by other methods [4]. 

The work was conducted in the radio-spectrometry 
department of physics of the Moscow Institute of 
Steel with a permanent magnet generating a uniform 
field strength of 5035 oersteds [5, 6]. The NMR 
signals were automatically recorded on an electron 
potentiometer type EPP-0.9 from the first derivative 
of the absorption line frequency. Modulation depth 
was 0.1 of the line breadth with the exception of the 
modulation distortion of the latter. Measurement of 
the intensity of the NMR signals was made with a 
Pound-Watkins calibrator [7]. 

The alloy investigated contained 4.57 % by weight 
Cu, 0.55 % Mg and 0.6 % Mn. The specimens were 
in the form of a powder (fillings) with a particle size 
of 320 mesh which eliminated distortions due to 
skin effect. The powder was first held for 30 min in 
an evacuated sealed ampule (volume about 1 cc) at 
500° and quenched in water, and was then dried out 


Ageing time, hr 


FIG. 1. 


at room temperature for 10 to 15 min and placed in 
the measuring head of the radio-spectrometer. 

We will use g (v) to designate the standardized 
function 


o(( g(v)dv= 1), 
0 


which defines the form of a line. The value 


0 


is the momentum of the nth order. 
The intensity of line 


8(%) max 


and the width of line Av were determined experi- 


_ mentally for ?7Al. The second and fourth moments 


were calculated from experimental data. Subsequent- 
ly K, the factor of the shape of the line, was cal- 
culated, which is the ratio between the fourth mo- 
ment and the square of the second; for a line of 
Gaussian shape this value if 3, for the Lorentz 
shape it is 6.51. 
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At the same time as the NMR signal was being 
recorded measurement was made of the electrical 
resistivity of a 50-micron-thick flat specimen which 
had been quenched together with the powder speci- 
men. 

a) a natural ageing. Continuous measurements 
were made on each specimen for the whole of the 
8 hr immediately succeeding quenching. The results 
showed very good reproduceability. 

Directly after quenching the resonance line was of 
Gaussian form (K = 3), but intensity was consider- 
ably less than in the annealed alloy. This could be 
explained by distortion of the cubic symmetry in the 
crystal lattice of the super-saturated single-phase 
solid solution, mainly because of differences in the 
atomic radii of the components of the alloy. 

In the course of the 8 hr holding time at room 
temperature the intensity and magnitude of the sec- 
ond moment increases, reaches a maximum and then 
starts to diminish. The width of the line at first 
diminishes but after passing through a minimum it 
starts to increase again. The shape of the line varies 
considerably, approaching a lorentzian shape in 5-6 
hr (up to the moment when other parameters reach 
external value) and then once again becomes gaus- 
sian (see Fig. 1). 

The reduction in the width of the resonance line 
and its approach to the lorentz form can be explain- 
ed by the appearance at this stage of the decomposi- 
tion of the supersaturated solid solution, of inten- 
sive diifusion in the stress fields, which arise as a 
reanlt of the formation of segragates coherently 
bonded with the parent phase (8, 9). Subsequent vari- 
ations in the parameters of the NMR line indicate the 
gradual reductions in the movement of the atoms ap- 
parently due to completion of re-grouping in the al- 
loy, which is usually connected with the formation 
of > Guinier-Preston zone. The character of the NMR 
lines indicates that at this stage of decomposition, 
crystal lattice distortions are greater than the dis- 

sens in the annealed alloy. 

.:aiiel measuremenis of electrical resistivity 
» owed that it increases with time, which is charac- 


teristic of natural ageing. 

b) induced ageing. For the measurements during 
induced ageing quenched specimens were also 
placed in evacuated ampules and were held for 1 hr 
at 50, 100, 150, 200, 250 and 300°. Radio-spectro- 
scopic measurements were made cn each of these 
specimens. The variations in the characteristics 
of the NMR lines were studied as a function of 
tempering temperature. 

One hour’s holding at 5 produces the same vari- 
ation in NMR line parameters as the 8 hr holding 
at room temperature (natural ageing). 

The reduction in the intensity of a resonance line 
and the magnitude of the second moment observed 
at low tempering temperatures (100 and 200°) indic- 
ate a growth in crystal lattice distortions which 
corresponds to the state of maximum strength char- 
acteristics [10]. If the tempering temperature is in- 
creased there is a considerable increase in the in- 
tensity and breadth of the line, and the second 
moment is reduced; of course, as the state of full 
annealing is approached there will be an accompany- 
ing reduction in lattice distortions close to the alu- 
minium atoms. 

These results do at least provide qualitative con- 
firmation of current ideas according to which, at a 
certain stage in the induced ageing of duralumin 
there is precipitation of a meta-stable phase r’, 
which at higher holding temperatures will be trans- 
formed to a stable phase @. After this the matrix of 
the alloy will contain only A! atoms which will 
cause practically the total disappearance of the 
static distortions around the ?7Al nucleus which 


emit NMR signals. 


Translated by V. Alford 
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THE REASONS FOR THE INCREASE IN COERCIVE FORCE WITH A REDUCTION IN 
THICKNESS OF FERROMAGNETIC SHEETS * 
V.A. ZAIKOVA and YA.S. SHUR 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received I June 1960) 


Measurements of coercive force have been made and domain structure has been observed by 
the powder figure method, on mono-crystalline disk of ferro-silicon of various thicknesses, and 
different crystallographic orientation of the surface. On polycrystalline specimens of silicon iron 
measurement has also been made of the temperature dependence of coercive force. On the basis 
of the results obtained the conclusion has been drawn that the increase in coercive force with 
reduction in the thickness of ferromagnetic sheets of soft magnetic material is due to increase 
of stray magnetic fields on the surface of the specimen. This should occur in all ferromagnetic 


materials. 


INTRODUCTION 


It has been established experimentally [1-6] that 
in thin sheets of magnetically soft materials coer- 
cive force H, is substantially dependent on the 
thickness d: The thinner the piece the higher will be 
H,. If d is reduced in comparatively thick sheets to 
0.05—1 mm H, hardly varies at all; after reaching 
a certain critical thickness, further reduction in d 
causes a considerable increase in H_. Thus in 
sheets 10° mm thick, H, will be several times great- 
er (sometimes as much as 10) than that in sheets 
where d > 0.2 mm. 

It has been shown in paper [4] that in thin sheets 
there is a linear dependence between the value of 
H,, and the unit surface of the specimen (surface of 
1 cm® of a specimen of given depth). From this the 
conclusion was drawn that the increase in H, which 
occurs with reduction in d was due to the surface 
effect of the specimen on the process of technical 
magnetization. This effect might be due to various 
reasons. It is thus natural to assume that when d is 
reduced there is an increase in the process of the 
technical magnetization of the surface layers of the 
specimen which, due to different forms of contamin- 
ation, have higher H, than the internal layers. How- 
ever, from a generalization of the large amount of 
experimental material it has been established by us 
[3, 4] that besides this trivial cause indicated for 
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the growth in H_.,, there are several other factors, 
connected, apparently, with the form of the mag- 
netic structure of the piece and its changes on trans- 
formation to a thin sheet. Here it was assumed that 
there was an increase in the energy of the stray 
magnetic fields of the surface of the specimen with 
the reduction in thickness. The latter should make 
the process of technical magnetization more dif- 
ficult and consequently, should cause increase in 
coercive force. Two main sources of stray magnetic 
fields could be indicated on the surface of a ferro- 
magnetic sheet: 

a) magnetic charges at the points where domain 
boundaries reach the surface; 

b) magnetic charges over the whole surface of 
the specimen which occur as a result of differ- 
ence in the axes of easy magnetization of the 
crystals and its surface. 

Fig. 1 shows diagrammatically the distribution 
of these magnetic charges over the surface of a 
uniaxial crystal in which the axis of easy magnet- 
ization coincides with the surface (Fig. 1a) or is 
at a slight angle to it (Fig. 15). In the first case 
(Fig. 1a) stray fields at the surface of a crystal 
are only generated by spins from the boundary 
zone. This case was investigated theoretically in 
papers [7, 8], in which the magnetostatic energy of 
the boundary zone was calculated and it was shown 
that the density of the boundary energy increases 
with reduction in the crystal thickness and that 
this, in its turn, should cause increase in coercive 
force. This could be the case in thin films in which 
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FIG. 1 a. Diagrammatic representation of the distribution 
of magnetic charges in a ferromagnetic crystal (axis of 
easy magnetization coincides with the surface. 
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FIG. 1 6. Diagrammatic representation of the distribution 
of magnetic charges in a ferromagnetic crystal (axis of 
easy magnetization is at an angle of @ with the 
surface). 


e — rolling. 


the magnetization vector of the domains lies in the 
plane of the specimen. In ordinary ferromagnetic 
materials however, this case is very rarely encounter- 
ed in a pure form at those sheet thicknesses at which 
the value of H, begins to increase (about 0.1 mm). 
What usually occurs is that illustrated in Fig- 16, 
in which the axis of easy magnetization of the crys- 
tals is inclined from the surface of the piece. This 
causes magnetic charges to appear over the whole 
surface. The stray fields generated by these charges 
will interact with the spins of the boundary zone. 
The latter should cause rotation of these spins and 
as a result of this, the formation of magnetic char- 
ges inside the boundary layer (Fig. 15). This 
causes the density of boundary energy to increase 


Q05 G10 020 


FIG. 2. Dependence of coercive force in 78-Permalloy 
on the thickness of the sheet: 
o — electrolytic etching; 


d, mm 


and as a result of this the coercive force will also 
increase. As the thickness of the monocrystal is 
reduced, as will be shown below, the density of the 
magnetic charges should grow and should be accom- 
panied by an increase in coercive force. If these 
qualitative considerations are correct, then it is to 
be expected that in thin films any variation in the 
density of the surface magnetic charges should 
cause a corresponding variation in coercive force. 

The present work is devoted to the experimental 
verification of these considerations concerning the 
reasons for the growth in 

H 

with reduction in the thickness of ferromagnetic 
sheets. 
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FIG. 3. Dependence of coercive force on the thickness 
of monocrystal I. 


ANALYSIS OF THE MEASUREMENTS 
OBTAINED 


The dependence of coercive force on the sheet 
thickness was investigated on mono- and polycryst- 
alline specimens of silicon iron (3. 5% Si) and the 
alloy 78-Permalloy. The specimen thickness was re- 
duced by electrolytic etching and by cold rolling 
with subsequent high temperature annealing in a va- 
cuum. Coercive force was measured in all cases on 
a high-sensitivity astatic magnetometer. The temper- 
ature dependence of coercive force was also measur- 
ed on the polycrystalline specimens of silicon iron. 

Observation of the variations in domain structure 
on reduction in the crystal thickness was made on 
monocrystalline specimens by the powder figure 
method. 

A check was made first of all to see that there 
was no contamination of the surface layers on heat 
treatment, which could be the cause of the increase 
in H, in thin pieces. For this purpose H, was mea- 
sured on specimens of 78-Permalloy which were re- 
produce to varying thicknesses by electrolytic etch- 
ing and by rolling. The results of these measure- 


ments are shown in Fig. 2 where H, and H,, res- 
pectively indicate coercive forces at given and 


initial (0.18 mm) depth of the specimen. The small 
circles indicate specimens obtained by electrolytic 
etching and the black dots, those obtained by roll- 
ing. 

It can be seen from Fig. 2 that up to a depth of 
0.04 mm H_, remains almost unchanged; below this 
depth H,. grows sharply. If the data in Fig. 2 are 


H, oersted 


16 
14 


005 010 Qls 020 


7, mm 


FIG. 4. The same as Fig. 3 for monocrystal II. 


compared it can be seen that if the depth of a sheet 
is reduced either by rolling or by electrolytic etch- 
ing, the relationship 1, (d) will have the same 
form. Similar results were obtained previously for 
the measurement of the dependence of H., on the 
depth of a silicon iron sheet, which had been thin- 
ned down both by electrolytic etching and by roll- 
ing [4]. It follows from this that in our experiments 
the increase in coercive force with reduction in the 
sheet thickness is in the main not due to contamin- 
ation of the surface in the process of heat treat- - 
ment. 

To explain the influence of surface stray magnet- 
ic fields on the value of H., in thin sheets the fol- 
lowing was carried out: 

a) measurement of the relationship H, (d) on 
monocrystalline specimens of silicon iron with 
different crystallographic orientations of their 
surfaces; 

b) observation of domain structure by the powder 
figure method on the surface of these mono- 
crystals. The monocrystals examined were in 
the shape of disks 10-12 mm in diameter; 

they were etched out from one plate (0.2 mm in 
depth) which contained coarse crystals. Subsequent 
thinning of the specimens was done by electrolytic 
etching. The surface of crystal I was paralle) to 
(011) plane which means that the axis of easy mag- 
netization [100] lay in the plane of the piece. The 
surface of crystal II] was inclined considerably 
away from the (011) plane and the axis of easy mag- 
netization closed to the surface of the piece ({100]) 
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FIG. 5. Relative variation in coercive force in specimens of silicon iron 
with reduction in thickness: 


1 — monocrystal I; 
2 — monocrystal II; 


3 — polycrystalline specimen; 
O — theoretically calculated points. 


was at an angle of ~ 10° to it. 

Figs. 3 and 4 show the curve for the relationship 
between coercive force and the thickness of these 
crystals. Curves ] and 2 were measured parallelly 
and perpendicularly respectively to axis [100] (Fig. 
3) or its projection on the plane of the sample (Fig. 
4). It can be seen from these curves that the depend- 
ence of coercive force on the specimen thickness, 
which is characteristic of magnetically soft mater- 
ials, also obtains in these monocrystals. In crystal 
I however, there is a considerably greater difference 
between the curves measured parallelly (curve /) 
and perpendicularly (curve 2) to the [100] (Fig. 3), 
than that in crystal II (Fig. 4). 

In Fig. 5 are curves of 


H,<d) 


obtained for both crystals in the [100] direction and 
for the polycrystalline specimen of iron silicon 
which was thinned by electrolytic etching. It can be 
seen from the curves in Fig. 5 that the increase in 
coercive force with reduction in thickness of cryst- 
al I begins at a smaller thickness (0.007 mm) than 
that of crystal II (0.12-0.14 mm). The relative in- 
crease in coercive force with reduction in thickness 
from 0.18 to 0.01 mm in crystal I is considerably 
less than that in crystal II: in crystal IH, increa- 
ses about twice and in crystal II, about four times. 


Even greater increase in H. (curve 3, Fig. 5) is 
observed in the polycrystalline piece. 

Let us now pass to a study of the results obtain- 
ed by observation of the powder figures on the sur- 
face of crystals I and II. These observations were 
made for the same three thicknesses of crystal as 
the measurements of H_,. 

Fig. 6 shows photographs of the powder figures 
on crystal I 0.18 mm thick (initial thickness). The 
orientation of magnetization in the domains is in- 
dicated by arrows. It follows from the form of the 
powder figures that the domain structure of this 
crystal consists only of ten parallel domains div- 
ided by 180-degree walls. This form of magnetic 
structure is maintained in this crystal even after its 
thickness is reduced down to 5-10 p. The surface 
domain structure of crystal II is composed, at its 
initial thickness (0.18 mm) of a complicated pat- 
tern of closed regions (Fig. 7a) which is due to the 
presence of magnetic charges on the surface of the 
crystal [9]. This form of domain structure is main- 
tained down to a thickness of 0.1-0.07 mm. If the 
thickness is reduced to 0.05 mm the magnetic 
structure will be simplified (Fig. 75) although it 
will still remain fairly complicated. At 0.020- 
0.015 mm this structure is considerably simplified. 
On the surface of the specimen boundaries can be 
seen between the main magnetic regions and there 
can be seen also a large number of closed regions 
in the form of “drops” (Fig. 7c), in which the 
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FIG. 7. Variation in domain structure of monocrystal II 
with reduction in thickness: 
a—0O. 18 to 0. 22 mm; 
b — 0. 07 to 0. 05 mm; 
c — 0.020 to 0.015 mm; 
d — 0.005 to 0.003 mm. 


direction of magnetization is opposite to that in the 
main regions. Further reduction in thickness causes 
an even greater simplification of structure. 

Fig. 7d shows a photograph of the powder figures 
on the surface of crystal II 3.5 p thick, from which 
it can be seen that the domain structure consists of 
basic regions divided by 180-degree walls, and that 
there is a considerable number of closed regions. 

It thus follows from the form of the powder figures 
shown in Fig. 7, that in crystal II, the surface of 
which is inclined from the (011) plane, a substantial 
simplification of magnetic structure is observed when 
the crystal thickness reduced. This simplification of 
structure, as has been indicated earlier [10, 11], is 


apparently due, not to rotation of the magnetization 
vector which in a thick crystal is oriented parallel 
to the [100] axis in the plane of the specimen, but 
to the fact that, in thin specimens, the existence of 
closed regions is energetically unfavourable. The 
fact is that the area of closed regions on the sur- 
face of a crystal is related in a definite way to 
their dimensions in the direction perpendicular to 
the surface (i.e. inside the crystal). As it is already 


impossible in thin specimens to maintain the closed 
regions inside the crystal, then it is unavoidable 
that their area should be reduced on the surface and 
that at very small thickness they should disappear 
completely. In this way the disappearance of closed 
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regions with maintenance of the orientation of mag- 
netization parallel to the 1100] axis, which is in- 
clined from the surface, should lead to an increase 
in the density of the magnetic charges on the sur- 
face as the crystal thickness is reduced. 

In crystal I, because of the coincidence of the 
axis of easiest magnetization with the surface, these 
magnetic charges do not arise (or are exceedingly 
small). 

On the basis of these observations of domain 
structure the reason for the difference in the behav- 
viour of curves ] and 2, Fig. 5, can be understood. 
The increase in H, in crystal I (curve 1) could only 
be attributed (in agreement with the calculations in 
papers [7, 8]) to the increase of stray magnetic 
fields at the places where the 180-degree walls 
emerge on the surface of the crystal. It is here as- 
sumed that in this kind of crystal there are no other 
sources of magnetic charges. The accuracy of this 
assumption is confirmed by the fact that the theoetic- 
al values (quadratic) given in Fig. 5, which were 
determined on the basis of the theoretical curves in 
paper [8], coincide almost exactly with the exper- 
imental curve J. 

The increase in H, in crystal II (curve 2) can be 
explained not only by the increase in the energy of 
the stray magnetic field at the point of emergence 
of the 180-degree wall on the surface of the crystal 
(as in crystal I), but also by the growth of these 
fields over the whole surface. Changing over to a 
thin specimen, the density of the magnetic charges 
over the whole surface of the crystal will grow, 
causing the reduction and disappearance of the 
closed regions (Fig. 7). Besides this, the thinning 
of a crystal on the surface of which there are mag- 
netic charges, should lead to an increase in the mag- 
netostatic energy of the whole crystal. 

It may thus be suggested that the difference bet- 
ween curves ] and 2 is mainly due to the presence 
of magnetic charges on the whole surface of crystal 
II and the lack of them in crystal I. 

The difference observed between the curves for 
H., (d) measured on crystals I and II (Fig. 3-4) 
parallelly (curve 1) and perpendicularly (curve 2) to 
the direction of easy magnetization may be due to 
the difference in the process of re-magnetization 
of the crystal in these two directions [12]. 

In the polycrystalline specimens, besides cryst- 
allites similar to the ones we have studied above, 
there are always some whose axes of easy magnet- 
ization are inclines even further from the surface of 
the specimen than in crystal I]. In polycrystalline 
ferromagnetic materials it is therefore to be expect- 


ed that there will be an even greater growth in 
stray magnetic fields on changing over to thin spe- 
cimens. This would apparently explain the fact that 
curve 3 (Fig. 5) is above curves ] and 2, and the 
thinner the pieces the greater is the separation. In 
thin polycrystalline specimens of iron silicon there- 
fore, it seems that the value of H, is in the main 
determined by stray surface fields. 

Let us consider how to express the magnetostatic 
energy due to charges on the surface of a thin poly- 
crystalline specimen of silicon iron. As has already 
been shown, in this kind of specimen the closed 
regions wil! disappear and the whole domain struct- 
ure will consist of the basic domains with anti- 
parallel orientation of magnetization (Fig. 7). The 
energy of the stray surface fields of the crystal, in 
which the axis of easy magnetization is inclined 
from the surface, as shown in Fig. 10, is, accord- 
ing to [13], 


0.85 x x Dx 
xl? 


K 


Ey= 


1+ 


is the domain width; 

is the saturation intensity of magnetiza- 

tion; 

is the angle between /, and the surface 

of the specimen; 

is the constant of magnetic anisotropy. 

Considering that in any given crystal i, is par- 

allel to the [100] axis, in calculating the value of 
D it is possible to use the formula obtained for a 
magnetically uniaxial crystal. 


% 
D = 
171 


(2) 


where y is the density of wall energy and L is the 
length of a domain. From this we find 
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FIG. 8. Temperature dependence of coercive force in specimens of 
silicon iron of different thickness: 
1-5 respectively, pertain to specimens 0.9, 0.4, 0.044, 0.011 
and 0.005 mm thick. 


a and b are constants of the order of 1; ;,190;— 6: 
is saturation magnetostriction parallel to the [100] 
axis; E is Young’s modulus. In the considered crys- 
tal of silicon iron 


00) =2 10-*; 


K = 3x 108 ergs/cm? and E = 2x 10? dynes/cm?, 
and therefore 


1.00) 


From this we find that 


1~(K)¥. 
Considering that 


2 
nly 


K >! 


(J, = 1600 gauss), we get 
(4) 


From (4) it emerges that if the temperature of a thin 
specimen is varied within the limits of the temper- 
ature range where the value /, changes very little 
while K changes considerably, then it may be as- 


sumed that 
E ~ K% (5) 


As demonstrated by observations of domain struc- 
ture, in thin specimens of iron silicon the magnet- 
ization in the main regions is oriented along the 
axis of the easy direction close to the surface of 
the specimen. In crystallographically isotropic 
polycrystals these axes are inclined at a small angle 
to the surface. It is therefore possible to use form- 
ula (5) for a polycrystalline specimen as well. 

As has already been shown, in thin specimens in- 
crease in magnetostatic energy Ey, will cause an 
increase in wall energy, resulting in increase of 
H,. From this it emerges that in thin sheets of sili- 
con iron there should be some regular relationship 
between the temperature dependence of coercive 
force and the temperature dependence of magnetic 
anisotropy. As for thick samples, here the value of 
H, depends very little on surface charges and for 
this reason another form of temperature dependence 
is to be expected for H,, It is therefore to be ex- 
pected that curves H, (7) will approach closer and 
closer to curve K (7) as the silicon iron sample be- 
comes thinner. In order to check this conclusion 
measurements of coercive force were made in poly- 
crystalline specimens of iron silicon of different 
thickness in the temperature range from — 195 to 
400°. When a piece was heated from — 195 to 400° 
the value K decreased by about four times while 
the value /, was only reduced a very small amount 
(about 10%). 

The specimens investigated were obtained by cold 
rolling, after which they were annealed in a vacuum 
of 10°* to 10°5 mm. Hg. at 1100°. The thickness of 
the specimens was varied from 0.9 to 0.005 mm. The 
results of these measurements are given in Fig. 8 
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where the temperature dependence of the constant of 
anisotropy is also shown. From the curves in Fig. 8 
it can be seen that as the thickness of the piece 
becomes less the curves of the temperature depend- 
ence of coercive force approach nearer to the curve 
for temperature dependence of the anisotropic cons- 
tant. This result may serve as a further qualitative 
confirmation of the ideas presented above concern- 
ing the reasons for increase in H, in thin pieces. 


CONCLUSIONS 


On the basis of the results obtained it may be 
concluded that the main reason for the increase in 
coercive force which occurs when ferromagnetic 
sheets are made thinner (excluding the case of sur- 
face contamination) is increase in stray magnetic 
fields on the surface. 

If domain magnetization is parallel to the surface, 
then the increase in coercive force on reduction ip 
the thickness of the sheet will be due to stray sur- 
face magnetic fields around the place where the do- 
main walls emerge at the surface of the specimen. 

If domain magnetization is at a certain angle from 
the surface of the piece, then besides those mention- 


ed, magnetic charges will arise over the whole sur- 
face and will cause additional increase in coercive 
force in thin sheet. In the second case also, as in 
the first, stray fields will increase the wall energy 
of the crystal which also leads to increase in coer- 
cive force. 

Thus, increase in coercive force proportional to 
reduction in the thickness of the sheet should occur 
in all ferromagnetic materials. The critical size 
below which H_, begins to increase, may be differ- 
ent in different materials in dependence on the value of 
the main characteristics of the ferromagnetic material 
(constant of anisotropy and saturation magnetiza- 
tion), which determine the magnitude of the stray 
fields. Because the density of surface magnetic 
charges due to non-coincidence of the magnetiza- 
tion of domains with the surface, during a decrease 
in K will diminish, then in ferromagnetic materials 
with low K the critical size should be lower than 
that of materials with high K [3]. In ferromagnetic 
materials with a high constant anisotropy there 
may be some reduction in critical thickness due to 
the creation of crystallographic texture, which also 
causes the reduction in stray surface fields. 


Translated by V. Alford 
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The problem is considered of using ferro-probes with longitudinal symmetrical saturation excit- 
ation to measure weak uniform or non-uniform magnetic fields. The resulting equations consider in 
more detail than in previous works, the influence of eddy current field and the internal magnetic 
charges of the core, and also the possibility of varying the beginning portions of the re-magnetiza- 
tion loop branches under the influence of the measured field. The calculations are made with the 


indicator current of the probe running idle. 


1. 


Aschenbrenner and Goubau [1] were the first to 
provide a qualitatively correct basis for the new 
high-sensitivity method of measuring magnetic field 
strength by means of non-linear magnetic elements — 
ferro-probes, and they successfully applied it to the 
measurement of the pulsations of the earth’s magnet- 
ic pole. Several different types of ferro-probe are 
known at the present time '. Probes similar to those 
suggested in [1] (called ferro-probes with longitudin- 
al symmetrical saturation excitation) are of consider- 
able practical importance at the present time. Sub- 
stantial additions to their theory have been made in 
papers [2-11] and others, which deal with the case 
of measurement of a uniform permanent field; in pa- 
pers [12] and others some mention is made of their 
use in a non-uniform field. Substantial advances 
have also been made in the technical problem asso- 
ciated with their application. Thanks to these ad- 


* Fiz. metal. metalloved., 10, No. 3, 359-366, 1960. 

t The basic differences between the various types of 
ferro-probe lie in the nature of the excitation. Excitat- 
ion is called longitudinal if H ull H, (the length of the 
core is usually parallet to H, ), oad transverse if 

H,,, H, (probes with this kind of excitation are review- 

ed in fis) and elsewhere); symmetrical if H, 4= — Hyp 

and H,, (t)=—H,, (t + T/2), in the remaining case, un- 
symmetrical (Liel etc.); saturation, if > H;,, and 
unsaturated in the remaining case (17] etc.). The 


vances the following have been constructed on the 
basis of the ferro-probe: very highly sensitive 
quick-acting magnetometers (used for example, to 
investigate the short cycle variations in the earth’s 
magnetic pole, in aeromagnetic prospecting for 
minerals); extremely small measuring instruments 
for the local values and gradients of highly non- 
uniform magnetic fields (for example, for the detect- 


tion of cracks in steel invisible to the naked eye); 
automatic apparatus for different magnetic measure- 


ment etc. etc.. However, a considerable part of the 
operationally important problems are still solved 
by an inefficient purely empirical selection, as the 
existing theories are either not accurate enough or 
not general enough, as a result of which a number 
of important problems remain either completely. un- 
touched or are fraught with gross errors. It is there- 
fore high time that a more general postulation and 
more detailed study was made of a number of im- 
portant aspects of this subject. Unlike previous 
papers in this field, in this article the following 
problems will be postulated and partially solved: 
a) A more detailed account of the influence of 
the field of magnetic core charges and that of 
eddy currents in it. 
b) A more detailed account of the influence of 
any possible non-uniformity in the field being 
measured. 


meaning of these designations is explained in the 
text. 


— _ 


c) An account of the influence of deformation in 
the initial portions of the re-magnetization loop 
branch, which might arise under the action of 
the field being measured. 

In the calculations we have made the following 
limitations and assumptions: 
a) The field measured is many times less than the 
maximum of the excitation field. 
b) Magnetic viscosity effect and after-effect are 
ignored. 


c) The conditions studied are those of idle running. 


2. 


Let us imagine that the core of the ferromagnetic 
element is in the shape of a rotating body (all that 
will be said below can easily be generalized for 
cores with any cross-section but the recording would 
be much more cumbersome). We will call the rotat- 
ing axis of the core OX and the point O on it will be 
the beginning of the co-ordinate. The distance bet- 
ween this point and the rotating axis we will call r; 
the radius of the side surface of the core in the sec- 
tion with co-ordinate x will be r, (x). Let the core 
have an excitation winding supplied with excitation 
current i which varies monotonically and symmetric- 
ally with time between the extreme values +/,_, 
i.e. so that 


= — +2) 


(T is the cycle of the excitation current); it gener- 


ates an excitation field 1 ,, (x,t). The part of the 
core from x = ato x = b is occupied by the indicat- 


or winding with n; (x) turns per unit of length; we 
will assume that the resistance on which this wind- 
ing is closed is very high and therefore that the cur- 
rent in it is so low that the magnetic fields gener- 
ated by it may be ignored (idling conditions). Let 
the “magnetizing” field H (x) be acting on the core. 
The field of eddy current induced in the core will 

be designated by Hy (r,x,t) and the field of the mag- 
netic charges of the core, by H_(x,t). We will assume 
that the core is so thin (r, is so small in compar- 
ison with length), that the non-uniform fields H,, 
H,, H< in the transverse (relative to length) dir- 
ections can be neglected. As in this case the coef- 
ficient of demagnetization for transverse directions 
of magnetization will be very high in comparison 
with those in the longitudinal direction, then the 
value of the transverse components of magnetization 
and its variation due to variations in the fields 
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acting upon it, will, in the ordinary conditions of 
this problem, be so small in comparison with the 
longitudinal component and its variations that they 
will play no noticeable part in practice. For this 
reason, under the symbols given above for the 
vectors, and also under B (magnetic induction) and 
H (total field: H =H, + H, + Hy + He) we will 
understand only their longitudinal components (with 
the exclusion of those cases where the vector char- 
acter. of the relevant value is clearly indicated). 

E.m.f. e (¢) induced in the indicator winding (we 
are using CGSM units) is equal to 


aB 
em — (2 rdr. (1) 
0 


a 


The figures for the variable values relating to 
the case where H_ = 0 will be separated by “little 
zeros”. From (1) we get: 


b fo 
e=e—e°= —2n rdr. (2) 
dt | 


a 


Because at low H_, ¢ is very small in compar- 
ison with e°, then in practice it is usual to use not 
one but two (sometimes four) completely or nearly 
identical ferromagnetic elements. The method of 
arranging them relative to the measured field and 
the circuit for their winding are selected so that 
the e.m.f. of the indicator circuit of the system 
(called the differential ferromagnetic probe) is 
composed of the difference between e° and the sum 
of ¢ of these elements; then the latter will be com- 
pletely or‘nearly free from the influence of e° and 
its variations. We will not dwell at the moment on 
these problems as they have practically no influ- 
ence on the course of the calculations of e° or €*. 

Formula (2) may be transformed by using the fol- 
lowing property of the family of ‘curves for the re- 
magnetization of ferromagnetic materials. Experi- 
ment has demonstrated [13, 14] that if H varies 
monotonically between the limiting values H 4 and 
Hp which satisfy the inequalities: 


* Their influence consists only in that, ia the case of 
a system of several ferromagnetic elements H = is 
generated not only by the magnetic charges of the core 
of these, but also of the residual ferroelements. 
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(Hx is a parameter of the material which is some- 
what higher than its coercive force), then the ends 
of the ascending and descending branches of the re- 
magnetization loop are practically identical with the 
branches of the limiting re-magnetization loop for 
this same material (as shown in Fig. 1). The begin- 
ning points of these branches can therefore only be 
points of this limiting loop. Because of this, if the 
inequalities (3) and monotone variation in H are 
maintained, then the loops B(/) will clearly be de- 
termined by H, and Hp.* 

Let /,,,, be so high that the inequalities (3) are 
satisfied in all the elements within the core. Then 
H,, = 0, each of these elements will be re-magnetiz- 
ol through a certain symmetrical loop B°(H°). In 
each moment in time H ?, H°, H§ in this element will 
have definite values and consequently, a definite 
continuous function H° (t) will obtain for it. This 
function determines both H, < 0 and Hp =— HP 
for a given element of the whole and through them, 
also the shape of loop B°(H°), which in its turn 


determines the function 


BH? (¢)}.* 


Field H, changes H both directly and indirectly 
through the variation of H; and H®; because of this 
the variations in the function H (¢) will be different 
Ling H° (t). H4 and Hp also become different from 

H»,asa of which loop B (H) will be 
- ferent 208 loop B° (H°). In this way, in (2) the 
values B and B° relating to one and the same mo- 
ment in time will be different, firstly because H 
and H° are different at one and the same ¢ (just as 
H (t) and H° (t) are different) and secondly, because 
of the difference in lopps B (H) and B° (H°) (as 
shown schematically in Fig. ] for magnetic states 
relating to the ascending branches of a remagnetiz- 
ation loop). 

Having expanded into a Taylor series we can 
write the following for the conditions relating to 
ascending branches: 


* This remains correct up to magnetic viscosity and 
after-effects. In the conditions of our problem the re- 
lative value of the latter is small and need not there- © 


fore be considered. 


* The fact that not one, but two values of B correspond 
to each value of H®° (one for the ascending and one for 
the descending branch of the remagnetization loop) 

(continued on the next page) 
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OB measurable permeability, it seems that this value 
+ (4, — (=) has or used. It would be 
OR — natural to call it “re-arrangement permeability”. 
+ (H —H?®) eg, * (4a) Experiment has shown that where | H, | are very 
Pan aa high in comparison with H,, the two branches of 
the remagnetization loop close to the apex virtual- 
ly merge. Then 


For the magnetic conditions relating to descend- 
0 
ing branches: He 


is continuous for the whole length of the loop (in- 


0B 
+(H—h) (=) te (4b) po = 0 
B(H) H=H 


also all along the loop (as then the entire loop 
practically repeats the limiting remagnetization 


In these formulae B (H) in the index indicates that loop of the core material). In the opposite case 


this derivative is taken from curve B (H); index (when the angle between the branches of the loop 
H = H° indicates that the variable value thus denot- at the apex is not equal to zero) the value 

ed is that which it has at H = H°. If H. is low 

enough the differences in series (4a) and (4b) will 9, 

be so small that terms of the second order and above 

can be discarded. Then with precision up to values calculated from the branch which ends in that apex 


of the second degree of smallness we will have: (we will call this 


0 
0B 
A A B B oH B(H) nant® 


will be greater than that of the branch which begins 
(5) from there (we will call this 


_ (28. 


For greater brevity in writing let us introduce the In this case 
symbols: 


will at the beginning of the branch have the value 
the value of differential permeability where H=H° po 
calculated from the loop B° (H°); P 


Poa = — Maan, 


(6) 


B°(H®): and will subsequently fall reaching zero at the end 
TP Mla Fuca of the branch or sooner; the greater | H , | the long- 
er will be those portions of the branches along 
The value for H = H° of the said derivative having which 


p°=0. 
(continued from previous page ) P 
carries no ambiguity if it is agreed (and this we have 
accepted) that for those stages in the process of re- 
magnetization where H° is increasing the corresponding 
values of B° are selected from the ascending branch, and 
for the stages where H° is diminishing — from the des- 
cending one. 


practically obtains. 
Allowing for this we find: 


—H). (7 


In future the variables in (7) will have to be ex- 
pressed by H,. This problem is solved elementarily | 
and only for a particular case where H, and H, are 
uniform within the limits of the whole volume of the 
core, and the latter has the shape of an ellipsoid in 
which its thickness and electric conductivity are so 
small that it can be assumed that H, = Hy= 0. Then, 
using N to designate the coefficient of remagnetiza- 
tion of the core relative to the longitudinal field (for 
an ellipsoid in the uniform field N is constant and 
dependent only on the ratio of its main axes), we 
have: 


4n—N 


4x—N 


Ho = (9) 
According to Fig. 2 we also have: 
Substituting this in (7) we find 
(11) 


(4m —N + uN) (42—N 


B—B’= 


This, together with (2), gives: 


(12) 


b 
= AH, f(t); A = 4n? fa i (x) r2 (x) dx, 


at (4n—N+p) N} (4x —N+ N) 


If in (12) we assume that 


then we will get a solution similar to tha: studied 
in [10]. For this reason we will not here repeat its 


analysis or the recommendations emerging from it. 


We note that in these conditions curve ¢ (¢) will 
vary with variations in H, only as regards its scale 
on the ordinate axis (proportional to H_), maintain- 
ing one and the same form, since here f (t) is not 
dependent on H p (at the same i, (t), the nature of 
the dependence of 


on ¢ remains the same).* 
3. 


For more general cases, besides equation (7) we 
have the following 


4zR 


r Qa (15) 
0 d dr & 
= (B° — B) de, 
r Q 


0 


and.as a result of them, the same equations with 
the addition of the index A to B, B°, H, H®, Hef, 
H rs In (14) R denoted the distance between that 
point on the core for which H-H° is claculated, and 
the elements of volume dV; integration is carried 
out throughout the whole volume V of the core in- 
cluding points on its outer ‘surface (i.e. including 
the surface layer in which magnetization falls to 
zero). y— is the electrical volume resistivity of the 
core material. Equatier ‘13), (14) are applicable 
to all cases; (15) was found on the assumption of 


* Tr must be remembered that this only relates to cases 
where H, is so small that in (4a) and (4b) limitation 
may be Bade by terms of the first order. If Hp is in- 
creased beyond this limit ¢ (¢) will change not only in 
scale, but also in shape. The phase variations of the 
second harmonic resulting from this have been 
studied in [8]. 
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such a moderate dependence of rp and B on x, that 
H; could be calculated from the formula for magnetic 
field in an infinitely long straight solenoid in the 
winding of which the layer of current (total current 
per unit length of the solennoid) is equal to that of 
the eddy currents in the section of the core under 
consideration (within the limits of the end portions 
of the core, the length of which is about r, this as- 
sumption doubles the value of H;; but in the portion 
further from the ends, this error is fairly moderate 
for the usual forms of Reenenaene probes and their 
conditions of use). 

Equations (7), (13)-(15) are linear and uniform in 
relation to all unknowns 


(B-B°, H-H®, H° H -H;°) 


and parameter p» and for this reason if at H,=h, 
their solution values 


B—B°=\B, H—H°® =AH, Ho —H* 


and 


o=AdH 


then at 


A, = Kh, 
the sc.ution will be the same 


AB. SH, GH, 


AH, multiplied by K,. 

Sa this it follows that in all cases where the 
acting fields H, under different observations, are 
geometrically similar, they will then be defined by 
a formula of the form: 


Hy = K, hy (x), 


where K_ is a coefficient which is not dependent on 
4 (this is particularly so in measuring non-uniform 

where hy is not dependent on x), where upon 
a is so wnat that in (4a), (4b) we can restrict 
sloiesives to terms of the first order, ¢ (t) in all 
observations will have the same form and the 
scales will be related to the corresponding values 
of K., 

In the cases where it is not only the scale but 
also the shape of the curve ¢ (¢) which varies, 
quantitative comparison of different H_ (x) with 
respect to ¢ (¢) created by them can only be made 
within the frame work of a number of limitations and 
conditions. For example, if one wishes to use the 
compensation method of measuring (which is high- 
ly recommended for measurements of uniform fields) 
and if for this purpose we turn to a ferromagnetic 
probe with measured field 


(x) 
and compensating field 
Kp 2h, (x) 


simultaneously, we cannot by means of any varia- 
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tions in the intensity of the compensating field H_, 
thaving substituted this for multiplier 2) 
in getting curve ¢,' (t)=¢,'(¢) (as fot instance observ- 
ed by an oscillograph) to merge with the axis of the 
abscissa. Systems also suffering from this: disadvan- 
tage are those where the e.m.f. output indicator 
reacts not on the total difference ¢,-¢, but on some 
harmonic of it :* we will find the output signal is 
equal to zero only where in e, (t) and ¢, (t) these 
harmonics coincide not only in amplitude but also 

in phase. In paper [12] for example, it has been 
shown experimentally that in a general case the sec- 
ond harmonics in e, (¢) and ¢, (t) have different phases 
from H pi (r, x) and H p2 (r, x) which have different 
space configurations fact rules out the possi- 
bility of their complete neutral compensation in the 
difference ¢,-¢, in any amplitude relationship. 

In similar circumstances it is possible to set up 
in the circuit an indicator instrument which will 
show the value of any integral function of ¢ (t) (for 
example, the average with respect to modulus, mean 
square, the amplitude of anyharmonice (t) independ- 
ent of its phase etc.) and to treat as equivalent 
those values of H. which emit the samé output 
signal when operating in turn on the ferromagnetic 
probe. In particular, comparing non-uniform and uni- 
form fields in this way, one may find their “uniform 
equivalents”. 

A very important question is the relationship bet- 
ween fields and “> emitting identical output 
signals in these observations. Of course, if all the 
factors which break the additivity law for the local 
values of H, in forming the output signal of the 
ferromagnetic probe, are small enough (conforming 
with the linearity of the system of equations (7), 
(13)-(15)), the equality of the output signals should 
indicate the virtual coincidence of the values H 
and H *. p averaged for the whole volume V of the 
core: 


] ‘ 1 
V V 


However, a more precise determination of the con- 
ditions and limitations to the application of the 
approximated equation (17) can appareatly only be 
done experimentally. In all cases known to us its 
practical application has produced satisfactory 
results but the possibility should be considered that 
in less favourable conditions (for example where 
there is-a very high degree of non-uniformity in the 


measured fields) exceptions will be encountered. 


Tt is also possible that the equivalents of fields 


with different spacial configuration as established 
from the indications of one probe, will not always 
be so precisely confirmed when compared directly 
with that of another one having other parameters, 

or even with that from the same proble but with 
different i, (¢), or a different type of indicator which 
reacts to another function of ¢ (t).. This problem 
requires still further investigation. 


Translated by AJford 
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The intensity of the X-ray scattering background (in the regions between Debye lines has been 
measured in polycrystalline specimens and in powders of the same material (Cu, Ag). 
It has been established that in the bulk polycrystal the background has higher intensity than 
that of the powder. The excessive background observed from the bulk polycrystal, as compared with 
' that from the powder, has been compared with figures obtained by theoretical calculation for the in- 
tensity of background on scattering from a perfect lattice of the material and the average estimates 
obtained for the “amorphous” part of the material in a polycrystal, which is taken to he the part 


which composes the grain boundary zones. 


From a calculation of the size of the crystallites the “thickness” of the grain boundaries may 
be estimated as, on average, of the order of several hundred Angstroms, which agrees with estimates 
made earlier by indirect methods. This thickness is dependent on the purity of the material (tie 


number of dissolved impurities). 


1. GENERAL CONSIDERATIONS REGARDING 
THE INVESTIGATION OF GRAIN BOUNDARY 
ZONES 


The treatment of a wide range of phenomena in 
polycrystalline solids is related to the idea that in- 
tergranular links (or so-called grain boundaries) re- 
present a zone of many atoms in thickness [1, 2]. 

From a large number of experimental data [3-6] an 
approximate estimate of the thickness of intergran- 
ular transition zones can be made as several hur- 
dred Angstroms. These estimates are indirect and 
- contain the elements of one or an other hypothesis 
introduced in constructing a model for the inter- 
granular transition zone. The question of the extent 
to which these hypotheses are firmly based becomes 
more and more vital since for many of the physical 
phenomena investigated earlier it was not necessary 
to have a model of an intercrystalline transition 
zone several atoms thick, and thus the zone could 
be treated as a layer of roughly atomic dimensions 


* Fiz. metal. metalloved., 10, No. 3, 367-374, 1960. 

t The idea of investigating the difference in X-ray scat- 
tering by a polycrystal and a powder of the same mater- 
ial for the purpose of studying grain boundaries was re- 
commended by A.F. Ioffe. The writer are particularly 
pleased to find this article being published in the issue 
of the journal which is dedicated to A.F. Ioffe. 


(although a zone of multi-atom thickness is not in 
principle excluded here). However, one must pass 
on to the consideration of the now generally esta- 
blished ideas according to which local deviations 
of the atoms in a crystal lattice from the correct 
arrangement and from the normal (for any given 
perfect lattice)-level of potential energy of atomic 


interaction will attenuate within two to three inter- 


atomic distances. This idea has in substance a 
negative basis (lack of adequate data upon which 
it would be possible to base the more “collective” 
nature of atomic behaviour in a lattice with a re- 
layed propagation of a deviation from the normal 
to a large group of atoms). 

At the present time however, an ever-increasing 
number of experimental facts is being accumulated 
which indirectly point to the “collective” nature of 
the behaviour of the atoms (here may be indicated 
the phenomena of accelerated recrystallization, 
“bainite” phase transformation in steel, diffusion 
plasticity etc. etc.). This “collectiveness” as ap- 
plied in particular, to models of an intergranular 
zone of multi-atom thickness, requires more direct 
experimental evidence. 

The difficulty in making direct experimental in- 
vestigation of the structure of intercrystalline 
transition zones arises from two main causes. First- 
ly, the low absolute magnitude of their thickness 
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(around 107° cm). In view of the fact that the grain 
boundaries of a polycrystal are with rare exceptions 
irregularly wavy, it is very difficult to create an 
experimental method of the “probe” type for local 
and therefore “point” investigation of sufficiently 
small sections of the polycrystalline substance near 
the grain boundaries. 

Secondly, the structure of the intergranular zone, 
as has already been explained [1], is joined to the 
perfect lattice of the crystallites by gradual transi- 
tions with distortion gradients along the boundary 
(of the “superstructure” type). Therefore, the struct- 
ure of the grain boundary cannot be discreetly separ- 
ated in experimental investigation from the crystal- 
line surrounding. 

The structure assumed for the grain boundary can 
be characterized by a certain degree of “armorphiz- 
ation” of the substance, varying in a transverse 
direction; it is minimal at both edges of the zone and 
reaches a maximum in the middle. The degree of 
“armorphization’ varies, in addition, along the bound- 
aries (at each “depth” in the zone). Only in the 
central sections of the nuclei of a network of a two- 
dimensional nonius, at the centre level in depth of 
the intergranular zone, is “amorphization” able to 
reach such a level that the crystalline lattice is 
completely destroyed; in the remaining portions 
“amorphization” is expressed by various degrees of 
lattice distortion. 

In other words, the supposed structure of the in- 
tergranular zone is characterized by distortion grad- 
ients and periodicity of their distribution which are 
intermediate between atomic-microscopic and macro- 
scopic. The possibility is thus ruled out, of study- 
ing the structure of the zone as a whole by diffraction 
methods. In addition to this, the amount of material 
in the intergranular zones (even the total by volume 
for the whole specimen) is small compared with the 
total amount of the substance composing grains. 
There is no sense in talking of attempts to isolate 
intergranular zones from a polyrcrystal by removing 
(for example by dissolving) the grains, as the very 
existence of intergranular zones is due to their 
organic bond with the body of each of the crystal- 
lites joined by the zones. In addition to all this, it 
must be added that the structure of zones in the 
hypothetical model described also varies substan- 
tially and in a complex manner with variation in the 
nature of the disorientation of the joined crystals. 

All these facts practically rule out the possibili- 
ty of local (“individual”) study of intergranular 
zones by “probing” methods. 

The possibility must therefore be explored of an 


experimental study of the zones on the basis of 
phenomena embracing a whole number of zones ex- 
iending over quite a long distance. Moreover, as it 
is impossible to avoid averaging the quantitative 
characteristics of the phenomena observed, which 
depend on the degree and form of the spatial dis- 
tribution of “amorphization” in the zones, one 
further difficulty in dealing with the results will 
here be unavoidable: superimposed on the effects 
connected with the behaviour of the phenomenon 
being investigated in intergranular zones are those 
due to the same phenomenon inside the grains. In 
the majority of cases the second effects predomina- 
te over the first and herein lies the main difficulty 
in approaching the problem. 

In choosing the phenomenon to be used for invest- 
igating the difference between the structure of in- 
tergranular zones and that of a normal crystalline 
lattice one must have the possibility of assessing 
the additivity of the contributions made separately 
by the zone and lattice to the value under measure- 
ment. 


2. STATEMENT OF THE PROBLEM OF 
DETAILED INVESTIGATION OF X-RAY 
SCATTERING BY A POLYCRYSTALLINE 
SUBSTANCE 


If one is searching for the most direct approach 
in assessing the degree of “amorphization” of a 
substance in intergranular zones as the main char- 
acteristics of the structure of the zones then, of 
course, the best indicator to select is the pheno- 
menon of X-ray scattering. 

Since the supposed structure of intergranular 
zones is defined by a certain degree of “amorphiz- 
ation” in which signs of the crystalline nature of 
the substance are preserved to a known extent, 
this “amorphization” can be compared with that 
which characterizes the structure of a fluid, where 
signs of a crystalline nature are also maintained, 
although in a different form of spatial arrangement. 
For both cases “amorphization” can be regarded as 
the same kind of co-ordination of neighbouring 
atoms in short-range order surroundings. 

As is well-known, this co-ordination of atoms in 
a liquid causes the X-ray diffraction pattern to 
have broadened scattering maxima close to the 
same diffraction angles, as those in the main dif- 
fraction maxima for a crystalline lattice. This 
provides the opportunity of observing the presence 
of the liquid phase together with the -rystalline, 
from the additional intensity of the background 


lo 


The nature of grain boundaries 


close to the Wolfe-Bragg angles and to give an ap- 
proximate estimate of the quantitative ratio between 
the liquid and crystalline phases. 

If it is decided to reduce the estimate of the de- 
gree of “amorphization” of the substance in the in- 
tergranular transition zones to some fluid equival- 
ent, then the attempt may be made in a designated 
way to reveal the “amorphization” in intergranular 
zones and to estimate its extent, expressing it in 
this kind of equivalent. 

This method can be formulated as the measurement 
of the intensity of X-ray scattering from a polycryst- 
alline substance in comparison with that from a pow- 
der of the same substance, where both specimens 
have the same grain size possessing a similarly 
corrected crystalline lattice, under standard condi- 
tions of measurement of intensity. 

Here it is assumed that in each granule of the 
powder there is one or not more than two to three 
monocrystalline grains, and that no substantial lat- 
tice distortions exist in the free outer surface layer. 
In the bulk polycrystalline specimen there is a high- 
ly developed network of grain boundaries which on 
X-ray scattering causes an additional background 
over that found from a powder. 

Calculation similar to that made in the paper by 
Olmer [7] show that the ratio between the intensity 
I of scattering radiation to the intensity /, of the 
primary beam is equal to 


dhl 


ifl,=p— : . 
Be sma_r* (1) 
sinb 


is the scattering coefficient of one elec- 
tron; 
is the absorption coefficient referring to 
one electron; 
is the angle of incidence between the pri- 
mary beam and the surface; 
is the angle formed by the axis of the beam 
of scattered rays (entering the ionization 
chamber) with the surface of the crystal*; 
is the width of the inlet diaphragm of the 
counter; 

is its height; 

r is the distance from the surface of the spe- 
cimen to the diaphragm. 

In deducing this formula it was assumed that the 
specimens were sufficiently thick and that the an- 
gles a and b were not less than certain limits, so 
that the incident beam would not leave the speci- 


men. 

It can be seen from formula (1) that ratio ///, is 
not dependent on the density of the scattering sub- 
stance, i.e. it is the same for the polycrystalline 
specimen as for the powder. fi is on this fact that 
the possibility of comparing the background obtain- 
ed from a polycrystalline and from a powder speci- 
men is based. 


3. EXPERIMENTAL PROCEDURE 


The materials used for the investigation were 
electrolytic copper 99.94% and 99.999 % purity re- 
melted in a vacuum, and electrolytic silver 99.99 % 
and 99,999 % purity remelted in a neutral atmos- 
phere and rolled. 

From the bars of copper and silver obtained spe- 
cimens were manufactured in the form of massive 
polycrystals and powder. The polycrystals were 
thoroughly forged evenly on all sides. The powders 
were prepared by filing with a barette file. The spe- 
cimens were then annealed at a temperatures of 
400 to 500°, with different conditions of annealing 
for different series of experiments: in an argon 
atmosphere, in a flow of CO, in a vacuum 107° mm. 
Hg.'. As explained, the result obtained were the 
same with all three variants. Annealing time was 
not less than 8 (up to 50) hr. According to informa- 
tion in the literature [8] under «.2se conditions 
third order stresses which are revealed by X-ray, 
are completely relieved. 

As a result of this annealing a grain size of 10- 
30 » was obtained in the polycrystalline specimens. 
The grains in the powder used for comparative mea- 
surement were of the same size. 

Grain size was determined either by X-ray, from 
the number of interference spots along a Debye 
line, or metallographically. For the X-ray measure- 
ment of the specimens in the form of a powder, the 
latter was tightly packed in flat moulds of plexi- 
glass able to enclose a volume of 25 x 15 x 10 mm. 
These were the dimensions of the polycrystalline 
specimens. 

The measurement of the intensity of the X-ray 
scattering background was made on X-ray appar- 
atus URS-50I with a Geiger-Muller counter. 

K,, Cu radiation was used with monochromatic re- 
flection from a flat crystal of calcite. The operat- 
ing conditions of the X-ray tube were 1] mA 40 kV. 


* Thus the scattering angle 0 = a + b. 

t In the latter case, together with the specimens, 
titanium was put in lumps into the ampoule to absorb 
the residual oxygen. 
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FIG. 1. The angular dependence of the background intensity of radiation 
scattering for copper and silver. In all cases the upper curve refers to 


the —-- and the lower to the 


powder. The vertical strokes indic- 


ate the limits of error. 


The readings took 30 min. 

The first non-monochromatic beam was limited in 
width and height by the slot, 2 x 10 mm; after re- 
flection from the monochromator it passed through a 
slot 0.25 x 8 mm and a trap slot to remove the dif- 
fraction effect from the edges of the previous slots. 
The beam scattered from the specimen was limited 
in width and height by the entrance slot of the count- 
er (2x 8 mn, in angular measnrement 40’). 

The table with the specimen and the counter was 
set up in such a way that the primary and scattered 
beams of X-rays made exactly the same angles with 
the external surface of the sample. A second calcite 
crystal was used in the apparatus. The background 
intensity was measured for a wide range of angles 


on both sides of the (111) and also (311) Debye | 


line, without reaching the precise Wolfe-Bragg 
angle at a distance equal to twice the total breadth — 
of the lines. 

As shown by control measurements, in all cases 
the diffraction maxima were “triangular” in form, 
making it easy to determine the width of the line; 
in relation to line (311) this fact also confirms the 
absence of any noticeable lattice distortions. 

For line (111) in the geometrical conditions in- 
dicated, the width was about 1° and the edges of the 
measuring intervals of the background were 2° from 
the middle of the Debye line on both sides. 

Measurement of 


was made three times for each specimen. 
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Calculation of the intensity of the scattered 
beams / was carried out according to the formula 


[9] 
n n 
nin—l) 


Here n is the number of measurements, / is the 
mean value of intensity, N is the total number of 
pulses registered during measurement, ¢ is the time 
for the measurement. 

In our experiments the absolute error in measur- 
ing the value / was 2 to 3 pulses/min. 


4. DISCUSSION OF RESULTS 


The results obtained in measuring the intensities 
scattered by polycrystalline and powder specimens, 
are given in the figure. Each point is the average 
of three measurements made on 4-5 specimens. In 
the region of angle 


2 0 = 25-30° 


(and less, as shown by control measurements), with- 
in the limits of measuring error, the curves for the 
poly crystal and the powder coincide. At 2 30° 

the intensity of radiation scattered by the polycryst- 
al is greater than that by the powder. The difference 
in intensity increases with angle 2 @ and reaches its 
maximum at 2 @ = 38-40° in copper and 2 @= 32- 
34° in silver. Further increase in angle 2 6 causes 
the difference in intensity to be reduced. The posi- 
tion of the maximum difference in intensity is not 
substantially dependent on the purity of the material. 
The extent of this difference is however consider- 
ably less in metals of high purity. For 99.94% Cu 

it is 30 impulses/min (10 to 15 times higher than 

.|. precision of measurement) while for 99.999 % Cu 
it is 15 impulses/min. For 99.99 % Ag this differ- 
-rce was 14 impulses/mia and 3-4 impulses /min 

tur 99.999 % Ag (in the latter case measuring time 
was 2 hr so that the measuring error was reduced to 
1 impulse /min). 

The difference in the intensity of scattering by 
the polycrystal and the powder can only be explain- 
ed by the fact that in the grain boundaries in a 
volycrysta! there is a smal! amount oj a phase 
vhich is amorphous to a certain degree. 

The chief scattering maximum of a iiquid is known 
to be somewhat displaced toward smaller angles 


with reference to the first Debye line of the same 
substance in the solid state. The difference maxi- 
ma for the intensity of scattering from a polycrystal 
and a powder are also displaced in the same direct- 
ion with regard to line (111), both in copper and 
silver (see Fig. 1). 

The results obtained were used to estimate the 
“thickness” of the intergranular transition zones. 

For conversion to absolute intensities of scatter- 
ing in electron units (/, ) use was made of an 
independent standard — paraffin wax (C,5H,0), scat- 
tering in the position 2 6 = 90°. 

The formula [10] 


Ny 1 + cos? 28 


may be used to describe in arbitrary units (/) the 
intensity of scattering in any substance. Here K, 
is the constant of the experiment; N, is the number 
of molecules per unit volume of the given substan- 
ce; # is the linear coefficient of absorption; 2 0 
is the scattering angle. 

In our experiments / for paraffin was 14-15 im- 
pulses/sec. 

Substituting in formula (2) the data for paraffin 
wax 


(NV, =2.3x107! em-3; = 3.13 


H 


(fis the atomic factor; Z is atomic number), we 
calculate the value of K, 


K = 4.42 x 


et us write equai’ 2) for copper 

N | 4+cos?23 

Cu 
\ Qu 2 


instead of /©*% we will substitute the difference 
between the background ietensity for the polycryst- 
al and the powder.* Then /,©" will indicate the 
additional intensity of scattering by the polycrystal, 
(see footnote on the next page) 
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due to intergranular boundaries and calculated for 
one atom. For 99.94% copper we find 


4.83 (el. units). 


In the calculation per unit of volume the polycryst- 
al, according to our experiments, scatters addition- 
al intensity equal to 


IS" N, = 4.2 «10? (el. units). 

Here it must be noted that in the last calculating 
operation we are taking the density of the substan- 
ce in the intergranular transition zone to be equal 
to the density of copper, while in point of fact the 
density of the copper in a perfect lattice is greater 
than that in an intergranular zone. 

The scattering per unit of volume of a perfect 
crystalline lattice of copper is:' 


1S" N, = No 
N, = 19.6 x10™ (el. units) 


Consequently the contribution of the same bound- 
aries to the scattering is 


10% 
19.6x 10% 2.1% (3) 


Considering that the intensity of scattering by 
grain boundaries and grain bodies is proportional to 
the volume occupied by them, we can find the thick- 
ness of the intergranular transition zone from the 
volumetric proportion of the latter is a polycrystal. 

Let us assume that the grains are in the shape of 
cubes. The volume of N grains is Nd* where d is 
the average cross-section of a grain (in our experi- 
ments d = 20-30 p). 

The volume of the intergranular boundaries border- 


(Footnote from previous page) 

* As it is not possible to accept that individual atoms 
scatter independently at small angles, an interference 
function must be introduced into the calculation. We 
will assume that it is equal to the structure factor, i.e. 
we will knowingly reduce the determinable “thickness” 
of the grain boundaries. 


t Atomic factors C and fc, have been taken from 
the book by A.I. “Rentgenostrukturnyi 
analiz” (X-ray diffraction analysis) Moscow, 1950, 230. 


ing N grains will be 6Nd?h, where h is the effect- 
ive “thickness” of the intergranular transition 
zone. 

The proportion of grain boundaries in a polycryst- 
al is: 


= 


Then, from (2) and (3): 


h= = 200—1000A. 


For 99.999 % Cu the depth of the intergranular 
transition zones was found in all conditions to be 
400—500 A; for 99.99 % Ag, h = 400—500 A for 
99.999% Ag, h = 80—100A. 


CONCLUSIONS 


1. When X-rays are scattered by copper and silv- 
er in the form of polycrystals and powders with the 
same grain size the background due to scattering 
from the polycrystal is rather greater than that 
obtained from the powder. The difference in the in- 
tensity of scattering from the polycrystal and the 
powder could only be explained by the fact that in 
the polycrystal there is in the grain boundaries a 
small quantity of a phase which is amorphous to a 
certain degree. 

2. The position of the intensity difference maxi- 
mum obtained for the polycrystal and the powder 
corresponds to the position of the chief maximum 
for the liquid phase of the metal investigated. 

3. The extent of the difference in intensities 
obtained on scattering from a polycrystal and a 
powder is reduced as the purity of the metal is in- 
creased. This indicates that in the purer metal the 
intergranular zones are narrower (or the degree of 
their “amorphization” is less) than in less pure 
metals. 

4. Analysis made of the thickness of grain 
boundary zones in copper and silver produced fig- 
ures of the order of some hundreds of Angstroms. 


Translated by V. Alford 
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THE EFFECT OF ADDITIONS OF A THIRD COMPONENT ON THE AGEING OF 
AN ALUMINIUM-SILVER ALLOY * 


R.R. ZAKHAROVA and N.I. BUINOV 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 


(Received 26 May 1960) 


From analysis of the anomalous scattering of X-rays, electron microscopy and from hardness 


measurements, a study has been made of the effect of a third component (copper, magnesium, silicon 
and zinc) on ageing in an Al-Ag (5.9 at.% alloy). The distribution of the third component in the alloy 


1. A considerable part is played by Guinier- 
Preston zones (GP) in the strain-hardening of ageing 


alloys. The more stable the zone, the more stable are 


the mechanical properties of the alloys. 

The question of the stability of the zonal stage 
of decomposition in alloys has not been developed. 
Only the qualitative ideas produced by Nystrém [1] 
are known, according to which Guinier-Preston 
zones are,stable if the coefficient of diffusion of the 
matrix metal is higher than that of the alloying com- 
ponent. 

In determining the stability of zones the following 
of course, should play a role: 

1) the geometrical factor, i.e. the degree of cor- 
respondence between the crystal lattices of the 
parent solid solution and the GP zones; 

2) the nature of the chemical forces of interaction 
between the atoms entering the zone; 

3) the ratio between the coefficients of diffusion 
of the atoms comprising the alloy etc. 

The stability of zones ia binary alloys can be 
varied by the introduction of a third component. If 
the addition is equally distributed throughout the 
alloy and has a radius considerably different from 
the radii of the atoms of the main components, then 
in this case it will, so to speak, “loosen” the lat- 
tice of the solid solution and may thus facilitate 
diffusion. The stability of the zones shou!d be re- 
duced and the rate of decomposition should increa- 
se. If an alloying element enters the solid solution — 
or the zones and reduces the degree of difference 
between the crystal lattices of the zone and the 
matrix, then the stability of the zones should prob- 


* Fiz. metal. metalloved., 10, No.3, 375-381, 1960. 


and its influence on the stability of Guinier-Preston zones have been established. 


ably be increased and the rate of decomposition 
reduced, A third component might change the ratio 
between the coefficients of diffusion of the main 
components of the alloy and consequently, lead to 
changes in the stability of the zones. 

In order to find out the conditions for the stabili- 
ty of zones one must know the distribution of ad- 
ditions through the alloy. The structural methods 
usually used do not provide a complete picture of 
the distribution of additions. For example, Sachs’s 
method may provide information concerning the pre- 
sence of additions only in the solid solution. Che- 
mical analysis is mainly used only for determining 
the composition of particles of the final precipitat- 
ion phase. 

In the present work an attempt is made to use 
the method of anomalous scattering of X-rays in 
conjunction with precision measurements of the lat- 
tice constant, to establish the distribution of ad- 
ditions of copper, magnesium, zinc and silicon in 
the ageing alloy Al-Ag (5.9 at.%). To establish the 
influence of these additions on the stability of GP 
zones, in addition to the X-ray method, use was 
also made of an electron microscope and of hard- 
ness measurements. 

Table 1 gives the additions of the third compon- 
ent in atomic percent in the binary alloy Al-Ag 
(5.9 %). 

2. In Laue photographs obtained from coarse- 
grained quenched specimens of the alloy Al-Ag 
(5.9 %) anomalous effects are observed in the form 
of diffuse spots and holes. A short-term induced 
ageing causes them to increase in intensity and 
decrease in extent. 

The non-uniform distribution of additions may 
excercise a substantial influence on the shape of 
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TABLE 1 


Moment of addition, at. % 


Zn 


FIG. 1. Anomalous effects on Laue photographs of the alloy Al-Ag (5.9%) 
with 2.36% Zn after quenching and natural ageing; the arrow indicates 
the position of the trace from the primary beam of X-rays: x 3. 


the anomalous effect. From the variations in the 
latter, it is therefore possible to establish the dis- 
tribution of additions of a third component in an 
alloy. 

Interpretation of the anomalous effects on X-ray 
photographs of alloys with and without additions 
was made by means of the diagrams given in papers 
[2] (Figs. 2 and 3) and [3] (Figs. 1a and 15). 

As has already been shown, magnesium atoms, 
which have a large radius, cluster primarily in the 
zones and increase their constant in comparison 
with that of the matrix. In consequence of this re- 
ciprocal lattices of the second type are “displaced” 
with respect to the lattice sites of the reciprocal 
lattice of the matrix towards the central lattice site. 
On the X-ray photographs diffuse spots are obtained 


in the form of a ring, similar in shape to “halfmoons”, 


arranged with their convex part towards the trace 
of the primary beam (Fig. 1 a and 2 in paper [3] ). 
zinc atoms like magnesium atoms, pass mainly in- 
to the zone. Their radius is less than that of alu- 
minium and silver atoms, and they reduce the lat- 
tice constant of the zones and thus displace the 
second type reciprocal lattice in the direction of 
the central lattice site (000), while on the X-ray 
photographs diffuse spots are found in the form of 
rings, similar in form to halfmoons with their con- 
cave parts towards the trace of the primary beam 
(see illustration). 

The presence of a field of zero intensity on the 
X-ray photograph of alloys with additions of mag- 
nesium and zinc is evidence of the fact that the 
GP zones have a perfect structure independent of 
the degree of mis-fit between the crystal lattices 
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TABLE 2 


Composition at. % 


Lattice parameter A 


Measured Caiculated 


GP zones Alloy 
(a,) 


Al — Ag (5.9%) — Zn (2.36%) 
Al — Ag (5.9%) — Mg (0.75%) 


4.0411 
4.0461* 


4.0172 
4.0565 


* Figure obtained with allowance for the fact that part of the Mg (0.3 %) is 
to be found in the matrix of the solid solution and increases its parameter 
in the same was as the aluminium parameter [4]. 


of the zone and the matrix. The distortions appear 
to be localized mainly in transition layers adjacent 
to the zones. 

From the method used in paper [2] to determine 
the content of silver in GP zones, the magnesium 
and zinc contents were calculated in the zones of 
the ternary alloy. The zone constants dye to the ad- 
dition of magnesium increased by 0.011A (+ 0.0037) 
in comparison with that of the zone in constants the 
binary alloy. Calculations were made from X-ray 
photographs taken of specimens aged at 165° for 
7.5 hr. (Because of the low intensity the anomalous 
effect after natural ageing could not be used for the 
calculation). The magnesium content in the zones 
according to the calculated constant was determined 
from the graph showing the dependence of the lattice 
parameter of aluminium on magnesium content [4]. 

The use of this type of graph is possible because 
the constant of the binary alloy Al-Ag is not sub- 
stantially different from that of aluminium. Accord- 
ing to this determination 4.3 + 1.1 % of the zones 
consisted of magnesium atoms. Calculation from the 
electron photograph shows that the zones comprise 
not less than 10% of the total volume of the alloy. 
Consequently, if the zones contain 4.3 % magnesium 
atoms, then there must be 0.43 % magnesium in them, 
i.e. more than half that introduced into the alloy 
(0.75 %). 

When up to 2.36 at.% zinc was added to the alloy 
the zone constant was reduced by 0.0025 A (+ 0.006). 
Calculations were made from X-ray photographs of 
naturally aged specimens. In this case the anomal- 
ous effects were very intensive due apparently, on 
one hand, to the entry of zinc into the zone, which 
increases the intensity of anomalous scattering, 
and on the other, to the accelerating influence of 


this addition on the ageing of the alloy. 

If use is made of the graph for the dependence of 
the lattice parameter of aluminium on zinc content 
[5], it will be found that 29 + 8% of the zones con- 
sists of zinc atoms. In the calculations it was as- 
sumed that additions of zinc, as also of magnesium, 
change the solid solution constant in the same way 
as that of pure aluminium, which applies for a re- 
latively small amount of the third component. 

According to the electron diffraction photographs 
the zones in alloy Al-Ag-Zn also comprise not less 
than 10% of the total volume. This shows that there 
is 2.9% zinc in the zones, i.e. practically all the 
zinc. 

Like the magnesium, so also does the zinc pass 
predominantly into the GP zones. 

Nevertheless, as shown by Sachs’ measurements, 
after quenching and low temperature ageing the lat- 
tice constants of alloys Al-Ag-Mg and Al-Ag-Zn 
remain the same as if the atoms of the addition has 
been statistically distributed over the lattice sites 
of the solid solution. The alloy constant is of 
course determined not only by the composition of the 
matrix, but also by the zones. 

Guinier [6] proposed that the lattice constant of 
an alloy should be a mean value between the cons- 
tants of the matrix and the zones, i.e. 


a, =(1—v)-a,4+ U- 4s, (1) 


where a, a, and a, are the lattice parameters of the 
binary alloy, ternary alloy and zones in the ternary 
alloy respectively; v is the specific volume of the 
zones. The constant of the solid solution matrix is 
regarded as equal to that of the ternary alloy. This 
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assumption contains no substantial error as the zone 
constant in this alloy is only very slightly different 
from that of the alloy itself. To test Guinier’s pro- 
posal calculations were made of the constants of 


alloys Al-Ag-Mg and Al-Ag-Zn. Here it was assumed 


that v = 0.1 and that the parameter of the binary al- 
loy 


a, = 4.0437 A. 


No allowance was made for the degree of accuracy 
in determining the parameters. (This only affects 
the fourth figure after the decimal point). The results 
of the calculation are given in Table 2. In the first 
column are the zone parameters measured by the 
method described in paper [2], in the second — the 
binary alloy parameter measured by Sachs’ method 
and in the third — the ternary alloy parameter cal- 
culated from formula (1). 

It can be seen from the table that the theoretical 
figures are close to the measured ones. 

If the composition of the GP zones is known and 
use is made of the fact that the zinc addition goes 
completely into the zones, a calculation can be ma- 
de to find out what proportion of silver is to be found 
in the zones. As shown above, all the zinc introduc- 
ed into the alloy to the amount of 2.36 at.%, goes into 
the GP zones and enriches it by 29%. The silver 
enriches the zones by 24% [2]. 

It is assumed that this is also correct for a tern- 
ary alloy. The amount of silver in the zones (X) in 
atomic percent can be determined from the simple 
ratio 29%: 24% = 2.36 at.%: X. Thus we find that 
X = 1.95 at.%. Taking the 5.9 at. % silver — the total 
amount in the alloy — as 100%, then 1.95 at.% will 
be 33%, i.e. 33% of the total amount of silver in the 
alloys is to be found in the zones. If one obtains 
electron microscope data, according to which the GP 
zones compose 10% of the alloy, then in this case 
they should contain 41 % of the silver. 

If additions of copper and silicon are made to the 
alloy Al-Ag the form of the anomalous effects re- 
mains unchanged on the X-ray photographs and con- 
sequently in the reciprocal space there is no dis- 
placement of fields of the first and second type re- 
lative to one another. This indicates that the ad- 
ditions are evenly distributed between the zones 
and the matrix of the solid solution. (In paper [2] it 
was erroneously shown that silicon goes only into 
the solid solution). 

These investigations provide a basis for a pre- 
liminary conclusion that additions of Mg, Zn, Cu 
and Si are distributed in the alloy Al-Ag in accord- 


ance with the constitution diagrams. Actually, the 
first two additions have greater solubility in silver 
than in aluminium, both at low and high tempera- 
tures. Besides this, they form intermetallic com- 
pounds with the silver with relatively high melting 
points (820 and 700° respectively). Zinc does not 
form an intermetallic compound with aluminium 
while the intermetallic compound of magnesium with 
aluminium has a lower melting point (450°) than that 
with silver. The predominating flow of zine and 
magnesium into the zones is obviously due to the 
greater chemical affinity of these elements with 
silver. 

Copper is evenly distributed between the zones 
and the matrix, which is to be expected from its 
roughly similar solubility in aluminium and in silver, 
However, copper forms an intermetallic compound 
with aluminium Al,Cu (O-phase) and should appar- 
ently, therefore, enter mainly into the solid solu- 
tion, which is not what has been observed. The 
similar solubility of copper in the matrix and in the 
zones is possibly due to the fact that there is a 
large quantity of aluminium in the zones and also 
by the fact that there is only a small tendency to 
form the compound AlI,Cu. Indication of this is 
shown by the low melting point of the compound 
(590°). 

Silicon is dissolved only in the aluminium but, 
like copper, it is evenly distributed throughout the 
alloy. This is apparently due to the fact that the 
zones are rich in aluminium. The presence of silver 
in them does not have any influence on the solubi- 


lity of the silicon. 


.On the basis of these experiments the conclusion 
may be made that the binding forces of chemical 
interaction determine to a considerable extent the 
distribution of additions in alloys. This conclusion 
is not trivial, because it relates to the metastable 
states of alloys, where the composition of embryos 
of a new phase may be varied during decomposition. 
In these states other factors may also influence the 
distribution of additions, for example, absorption, 
lattice distortion etc. etc. 

Additions of 0.05 and 0.5 % copper do not have | 
any noticeable effect on the kinetics of low temper- 
ature and high temperature ageing in the alloy Al- 
Ag. Such a quantity of alloying element is, of - 
course, not sufficient for copper precipitation. A 
large addition of copper (2.42 %) also has no in- 
fluence on the rate and stability of the zonal stage 
of decomposition although it considerably increa- 
ses hardness. As a result of ageing at 200° maxi- 
mum hardness is almost doubled as compared with 


that of the binary alloy. 

From a comparison of electron diffraction photo- 
graphs of the alloys Al-Ag (5.9 %) and Al-Ag (5.9 %)- 
Cu (2.42%) it was established that the formation of 
the stable phase ® occurs earlier than that of the 
y phase. Moreover, the re-arrangement of the 0’ 
particles in ® occurs, in the presence of particles 
of the y’ phase, more rapidly in the ternary than in 
the binary alloy. However, the process of coalesc- 
ence of the @ phase subsequently takes place more 
slowly than in the binary alloy Al-Cu. At high tem- 
pering temperatures (300° 1 hr, 430° 3 hr) the pres- 
ence of copper both in the solid solution and in the 
form of the ® phase has no influence on the rate of 
precipitation and coalescence of particles of the 
y’and y phases. 

The y’ phase in Al-Ag alloys is more stable than 
the ®’ in Al-Cu alloys, although low temperature 
ageing occurs in the first alloys no less intensively 
than in the second. The lower stability of the 0’ 
phase is probably due to the fact that the misfit bet- 
ween the lattice of this phase and the matrix is great- 
er than in the case of the y’ phase in the Al-Ag al- 
loy. In the Al-Cu alloys, Al-Ag and Al-Ag-Cu, as is 
apparent, the degree of misfit of the crystal lattices 
plays a greater part in the stability of the zones 
than for example, the relationship between the coef- 
ficients of difiusion. If one follows Nystrom’s ideas 
[1], then GP zones on the basis of copper in alumin- 
ium should be less stable. 

From preliminary data silicon has no substantial 
influence on the rate of ageing or on the stability of 
the GP zones either at low or at high temperatures. 
It is probable, as with additions of copper, that this 
is due to the fact that silicon has no effect on the 
prevailing differences between the crystal lattices 
of the zones and the matrix. Evidently, the “loosen- 
ing” effect of copper and silicon is insignificant. 

In electron diffraction photographs of Al-Ag alloys 
with additions of Mg (0.75%) and Zn (2.36 %) after 
quenching (535°) and low temperature ageing (natur- 
al ageing and at 165° for 7 and 19 hr) lamellar pre- 
cipitations of the y-phase are visible along the 
mosaic block boundaries and to a small extent in- 
side the blocks (grains). At these stages of decom- 
position no separation of a y’ phase is observed in 
the binary alloy Al-Ag (5.9 %). From this it may be 
concluded that additions of Mg and Zn accelerate 
the ageing process and make the zonal stage of de- 
composition, especially along block boundaries, 
less stable. This agrees very well with the fact that 
magnesium and zinc additions increase the misfit 

between the matrix and GP zone lattices. 
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Increase in the misfit between crystal lattices 
thus reduces the stability of GP zones at low 
ageing temperatures. This conclusion may be con- 
firmed by an analysis of Hardy’s data [7] relating 
to investigation of the influence of Sn, In and Cd 
additions on the ageing of Al-Cu alloy. According 
to the constitution diagrams these additions are 
dissolved in the copper and practically undissolved 
in the aluminium and therefore they pass mainly in- 
to the GP zones, increasing their parameter (be- 
cause their atomic radii are greater than those of 
Al and Cu) and consequently, they reduce the misfit 
between the crystal lattices of the zones and the 
matrix. This latter increases the stability of the 
zones. The Al-Cu alloy with these additions does 


in fact age more slowly at room temperature than 


the binary one. 

Hardness measurements of the Al-Ag-Mg and 
Al-Ag-Zn alloys made after ageing at 200° showed 
that magnesium and zinc additions, like the copper, 
make no substantial alteration to the position of 
the hardness maximum. Evidently, the decisive 
factor in induced ageing is not always the degree of 
misfit between the lattices of the zones and the 
matrix. Hardy’s data also demonstrate this [7]. All 
three additions, Sn, In, Cd, accelerate the induced 
ageing of the Al-Cu alloy and reduce the stability 
of the zones. The observation is probably due to 
the fact that at low temperatures a substantial role 
in the development of the zones is played by ascend- 
ing diffusion. The role of ascending diffusion is 
sharply reduced at increased temperatures. 


CONCLUSIONS 


1. From an analysis of the anomalous scattering 
of X-rays it is possible to determine the distribut- 
ion of additions in an alloy both quantitatively and 
qualitatively. 

2. Copper and silicon additions are distributed 
evenly throughout the alloy Al-Ag (the concentra- 
tions are the same in the matrix and the zones); 
magnesium and zinc additions go mainly into the 
zones. 

3. Mg, Zn, Cu and Si additions are distributed 
between the matrix and the zones according to their 
solubility in aluminium and silver and their ten- 
dency to form intermetallic compounds with these 
elements. 

4. The action of the additions at low ageing tem- 
peratures may be due to variations in the degree of 
misfit between the crystal lattices in the zones and 
in the matrix. If the misfit increases (Mg, Zn) the 
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stability of the zones is reduced and the rate of zonal stage of decomposition not only the composi- 
decomposition is increased. If it remains unchanged tion of the matrix but also the amount and parameters 
(Cu, Si) the stability of the GP zones and the rate of the GP zones in the alloy detemine the lattice 
of ageing remain the same as in the case of the con stant of the solid solution. 
binary alloy. 

It has been shown experimentally that in the Translated by V. Alford 
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On the basis of experimental data relating to specimens of Cu, Ni, Fe and also of Sn and Pb, 


it is shown that constancy of the product v7 (v is the steady state creep rate, 7 is the stress-rupture 
time under load) is found only where the applied stress p is high. If p is reduced the product v7 is 


1. It has already been noted in the literature [1-3], 
that with variation in temperature and applied stress 
p stress-rupture time under load in metals is inverse- 
ly proportional to the steady-state creep rate v. In 
paper [2] this relationship has been followed in de- 
tail in quite a wide range of temperatures and loads 
for platinum, aluminium and several aluminium al- 
loys and the conclusion has been drawn that 


= A = const. (1) 


In the same work empirical relationships have been 
found for v and r: 


U,— 
U= U,e and (2) 


in which U, is the activation energy of the proces- 
ses of creep and rupture under load; y, vp and 15 
are constant; k is Boltzmann’s constant and 7 is 
absolute temperature. According to [2], the value of 
U, is different from the activation energy of self- 
diffusion and coincides with that of the latent heat 
of evaporation; 7) is roughly equal to an oscillation 
period for the atoms in the crystal lattice. In the 
opinion of the authors of [2], formula (2) for r with 
these constants “is not a simple empirical relation- 
ship but reflects a deep physical process” where- 
fore “the disclosure of the nature of this process 


* Fiz. metal. metalloved., 10, No. 3, 381-389, 1960. 


rapidly increased. The meaning and results of this dependence of v7 on p are discussed. 


is the main task in the problem of strength, the 
solution to which ... will provide an understanding 
of the physical basis of strength in solids” ((2], 
p. 719). 

Formula (2) for 7 is however, known to be incor- 
rect where p = 0, because it gives a finite value 
for the stress-rupture time. Evidently formula (2) 
may also be inoperable for v where p = 0, as it 
would also be relevant to the appearance of steady- 
state creep in a solid which had not undergone the 
action of external forces. Further, as shown in [4] 
and [5], the activation energy of the process of 
delayed fracture which determines the stress-rupture 
time under load, is found to be equal to the latent 
heat of evaporation only if calculated by formula 
(2) in which the pre-exponential multiplier is as- 
sumed to be constant. If experimental data are de- 
veloped (including those obtained in paper [2]) ac- 
cording to the theoretical formula derived from an 
analysis on the basis of diffusion ideas [6] 


(3) 


then U, will coincide with the value for the activ- 
ation energy of self-diffusion. In formula (3) E is 
the modulus of elasticity in tension; 6 is the 
linear atomic dimension; n, is the number of va- 
cancies in the crystal lattice, the combination of 
which corresponds to the beginning of a nucleat- 
ed crack (which grows under load in the process 
of rupture); D, is the pre-exponential multiplier of 
the coefficient of self-diffusion; C is a numerical 
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log v 
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log p 


FIG. 1. Dependence of the log of steady-state creep rate on the log of applied 
load p for powder metallurgical specimens of Cu, Ni, Fe. Straight line portions 
may be seen both at low p, which corresponds to v ~ p”, and at high p, where 


Gis 600; n= 
> Cal n= 1.7, m = 48; 


3 — Cu, 1040°, 


n=1; 


4—Ni, 900°, a= 1.2, m = 4.6; 
5 — Ni, 1100°, n= 1.1, m= 4.6; 


6 — Fe, 1100, 
Fe, 900, 


coefficient of the order of several units, which is 
not determined more precisely. 

Experiment shows [4, 5] that formula (3) success- 
fully defines the dependence of stress-rupture time 
under load on temperature and stress in a wide 
range of variations of these values. Thus the exist- 
ence of a relationship like (1) should not neces- 
sarily indicate that the activation energy of creep 
coincides with the latent heat of evaporation, but 
shows only that in the expression for v pre-expon- 
ential multipliers are included which must be neg- 
lected in determining activation energy. 

It follows from what has been said above that a 
relationship like (1) is lacking in precision for 
small values of p. On the other hand, this relation- 
ship could be used for a more detailed explanation 
of the dependence of creep rate on stress and tem- 
perature. Several different formulae (exponential, 


n=1.1, m= 4.8; 
= ].1,m= 4.8. 


powder-theories etc.) have been put forward in the 
literature for the v/p dependence and the correct 
one has not yet been selected. 

2. In this work investigation has been made of 
stress-rupture time under load and steady-state 
creep under tensile load, of powder-metallurgical 
specimens of copper, iron and nickel at various 
temperatures and stresses, for the purpose of find- 
ing out the range over which the type (1) relation- 
ship is applicable. The experimental technique 
used was no different from that used in papers [4] 
and [7]. 

The measurements were made on specimens with 
very low porosity (2-3 % im the case of Cu and Ni 
and 3-5% for Fe) obtained by vacuum pressing 
with prolonged annealing at very high temperatures 
(Cu — 25 hr at 1040-1060°, Ni — 30 hr at 1300°, 
Fe — 8 hr at 900 + 40 br at 1300°). The stress- 
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rupture tests were made on notched specimens [4]; 
control tests were made on samples used to investi- 
gate creep (test length 80 mm and cross-section 
6-9 mm’). 

Fig. 1 gives the data for steady-state creep rate 
v at different temperatures in relation to applied 
stress. log v and logp are plotted along the axes. 
At sub-melting temperatures (in copper specimens 
at 1040°) v is practically linearly dependent on p. 
At much lower temperatures the dependence found in 
the range of low loads can be described as a power 
series one: v ., p™ with the exponent n somewhat 
greater than | (n = 1.1-1.3). According to the data 
in investigations made previously [8], the amount 
by which n differs from 1 at low values of p depends 
on the unevenness of the testpieces. After long- 
time annealing at sub-melting temperatures the de- 
pendence of the rate of diffusion creep v on p is 
found to be linear at low values of p. In the range 
of higher p values, according to the data shown in 
Fig. 1, creep rate increases far more rapidly with 
increase in p than would be the case according to 
linear law. In a fairly wide range the relationship 
between log v and logp here again becomes practic- 
ally linear, and the gradient of the straight lines 
obtained is much steeper. A power series depend- 
ence v ~ p™ obtains approximately in this range, 


FIG. 2. Dependence of nz, inv and In (vr) on stress p for Cu. 
Testing temperature 600, 900 and 1040°. 


& 


° 


—/ 


with exponent m = 4.6-4.8. It is. interesting to 
note that the same exponent is the same as that 
established by Weertman [9] for creep which occurs 
because of the climbing of dislocations, this has 
also been confirmed experimentally. 

However, if the same data as those in Fig. 1 were 
plotted on a semi-logarithmic graph, with p along 
the absissa and log v along the ordinate (see Figs. 
2 to 4) then on the resulting graph the values log v 
are dependent on p — at high values — in a practic- 
ally linear manner, which corresponds to the ex- 
ponential v ~ a?P. The available experimental 
figures for v can also be defined by means of the 
function Shap (where a is a certain constant which 
is independent of p), although here a somewhat 
larger scatter in the points is obtained as compared 
with the theoretical curve. 

Figs. 2 to 4 show the dependence of log v, Inr 
and In (vr) on applied load p for specimens of Cu, 
Ni and Fe (at 600, 900, 1040° for Cu, 900 and 1100° 
for Ni and 800, 900, 1100 and 1200° for Fe). 

These results show that at high values of p the 
value In (vr) = C is actually constant and that the 
values found for the constants are practically inde- 
pendent of temperature (if there is some slight de- 
pendence it is not very noticeable on the logarith- 
mic scale). At small values of p however the value 
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FIG. 3. Dependence of In7, Inv and In (vr) on stress p for Ni. 
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FIG. 4. Dependence of Inr, Inv and In (v7) on stress p for Fe. 


900 and 1100°). 
The constancy of the product vr at high values of 


p indicate that in this range for the dependence of 
creep rate v on applied load p, it is possible to use 


of In (vr) ceases to be constant and increases quite 
abruptly with reduction in p. This is particularly 
noticeable in the curves for experiments carried on 
at high temperatures (Cu at 900 and 1040°, Ni at 
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TABLE 1 


Creep rate and stress-rupture time 


Mi, 
degree’ 
dynes 


z, 
dynes* 
cm* degree 


Cu 


4x10—'3 


3x 10!2 


Ni 


6x10—!4 


1.5x 


a-Fe 


(80Cana 900°) 


1.6% 107 !4 


1.8x 10'3 


1.6x 10—!* 


1.8x10!3 


1-Fe 
(1100 andi 200°) 


the formula 


(4a) 


where M and a are constants. On the other hand at 
low values of p the dependence for v is found to be 


a) 


which corresponds to diffusion creep [8]. Thus the 
experimental values of v may be defined by a two- 
term formula 


U,—ap 
aT\ - 
v= M, ( aT (5) 


The experimental values of v for Cu, Ni and Fe 
at the temperatures used in the experiments are in 
complete agreement with relationship (5). The 
value of the constants which were used here are 
given in Table 1. 

3. Of particular interest is the problem of the 
value of the product vr at low p, p + 0. According 
to the data given above, it will be found that 


p> Oln (vr) 


Actually, for 


Or as — 
p> > co 


while v + 0, as p. Their product tends towards in- 
finity, as 1/p,. This result follows unavoidably 
from the experimental data. For confirmation, in the 
graph in Fig. 5 we will plot the values 


g=Int+ y 


Cu (900 to 1040°) and Cu (900 to 1100°). The linear 
relationship ¢ (p) resulting from equation (3) is 
well confirmed in experiment. Repeated testing of 
the linear dependence v (p) at low p, p » Ohas 
also failed to throw any doubts on this. 

All the same the result obtained must be regard- 
ed as unquestionably untrue for p = 0. Actually, if 
r is the time during which the plastic deformation 
of creep occurs at the rate of v, then the product 
vr is the simple value of the total deformation of 
of the specimen ¢ occurring in the length of time r. 
However, if p = 0, i.e. if no external forces are 
applied to the specimen, then it is clear that the 
value ¢ will be equal to zero even if the period of 
time 7 is infinitely long. 

The lack of agreement between the experimental 
data and the unavoidable conclusions given above 
shows that for very small values of p some varia- 
tion is to be expected in the dependence of r and 
v on p. Either v should become more dependent on 
p, or r should begin to be less dependent on p. This 
contradiction may be lessened to some degree if 
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FIG. 5. Dependence of ¢ (p) = Inr + 3 Inp on stress p for Cu and Ni: 


1—Ni, 900 


2— Ni, 1100; 
3—Cu, 900; 


allowance is made for the presence of several stages 
of creep*. 

However there are not yet enough experimental 
data for this problem. It might be expected that, as 
p is reduced, the total elongation of the specimens 
e would first increase, reaching a certain maximum, 
and then rapidly decrease to zero. It would be very 
difficult to check this conclusion as extremely small 
load experiments would be required, i.e. at an ex- 
tremely high stress-rupture timewhichshould be 
established at high temperatures where only diffus- 
ion creep takes place, the rate of which v is pro- 
portional to p. 

4. As regards the absolute value of the product 
ur which if found to be constant at high p, in the 


metals investigated this value varied considerably. 
However, comparing the data available in literature 
for Al and Pt [2] and also our hitherto unpublished 
data for Pb and Sn, a certain conformity may be 
detected in the variations in the constant value 


In (vr) obtained under high load for the different 


metals. 

In Fig. 6, In (vr) is plotted against p for Al and 
Pt according to the data in paper [2], and in Fig. 7— 
for Pb and Sn from the data obtained from the ex- 


- periments carried out .. our laboratory*. 


The values of log (vr) obtained at high p are as 
follows for the different metals: (see Table 2) (these 
are common logarithmic values and not natural 
ones as in the graphs). 


* The contradiction could be lessened if the presence of 
a finite, albeit small, yield point could be assumed: buat 
such a proposition is inadmissible due to the diffusion 
character of the creep process. 


* Fine Pb and Sn (6 ~ 0.2 mm) wires were used for 
this investigation. They were made by extruding 
them through at very high (sub-melting) 
temperatures. 
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FIG. 6. Dependence of log (vr) on stress p for Pt and Al 
(according to [2] ). 
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FIG. 7. Dependence of In (v7) on stress p for lead and tin. 


In analysing these figures it must be remembered 
that there is a certain amount of scatter, which is 
particularly high for platinum and aluminium (see 
Fig. 6). Nevertheless it can be seen that the const- 
ants are lower for high melting-point metals than for 
low melting ones. The sequence is broken for Pb and 
Pt. This may however be due to scatter of the ex- 
perimental points. 


CONCLUSIONS 


1. The constancy of the product vr (where r is 
the stress-rupture time under load, and v is steady 
state creep rate) observed previously in the litera- 
ture, is only true where high loads are applied to 
the specimen. In the low load range there is a rapid 
increase in vr with reduction in p, which is especial- 


ly intensive at high temperatures. 

2. The experimental figures for steady-state 
creep in Cu, Ni and Fe as a function of applied 
load are defined very well by a two-term formula 
(5). 
_ 3. According to the experimental data obtained 
the extent of total deformation before rupture ¢ at 
high temperatures increases in specimens of Cu, 
Ni and Fe with reduction in p. This result how- 
ever cannot be extrapolated to p = 0. It is to be 
expected that at p = 0 will also be equal to zero, 
even if 7+ 00, 

4. The constant In (vr) = C found at high load is 
different in different metals and appears to be less 
at higher melting points. 


Translated by V. Alford 
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X-RAY ABSORPTION SPECTRA IN COMPOUNDS WITH A NICKEL-ARSENIDE STRUCTURE * 
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An attempt is made to confirm by experiment Pearson’s hypothesis that the d-electron of transi- 
tion metals are only weakly involved in the chemical bond and that there exists a P*- electron con- 
figuration in compounds of the nickel-arsenide type. The difference in the nature of the atomic inter- 
action has been revealed from an analysis of the absorption spectra of chromium in chromium chalco- 


genides and in the oxide. 


From the current theory of solids it follows that 
in electron semi-conductors the predominating bonds 
between the atoms are covalent and that when these 
are formed the valent s, and p shells of the atoms 
are completely filled even though one of the inter- 
acting components is a semi-conductor. This criter- 
ion is in fact correct for a larger number of semi- 
conducting compounds, particularly those with elec- 
tron sp’ [1], 2]. 

There are a number of compounds which occupy 
an intermediate position between metals and semi- 
conductors (semi-metals) [3]. At low temperatures 
these substances behave as “metals” and at high 
temperatures, as semi-conductors. Because of this 
it is very difficult to model the atomic interaction in 
semi-metals. 

The semi-metals also include certain compounds 
with a Ni-As structure, for instance, CrS [4], CrSb 
[5] and others. The crystal structure B8 has hexa- 
gonal symmetry D¢, . The metalloid atoms are ar- 
ranged in hexagonal close packing; the metal atoms 
in the octahedral pores. Six metallic atoms are ar- 
ranged in the angles of a triangular prism relative 
to each metalloid atom. 

As shown by Pearson [6], the difficulty which 
arises in discussing the chemical bond of the chal- 
cogenides of transition metals consists in that we 
do not know to what extent the d-electrons of the 
transition metals participate in the formation of the 
valence band. On one hand, the nearest neighbour 
co-ordination of the transition metal and metalloid 
atoms means that a considerable number of d-elec- 


* Fiz. metal. metalloved., 10, No. 3, 390-396, 1960. 


trons (d?sp*-d‘sp-electron configurations [7] ) may 
be involved in the chemical bond, and on the other, 
experimental data from the determination of the mag- 
netic moment per atom in compounds with a nickel- 
arsenide structure shows that the d-electrons are 
only weakly involved in the chemical bond, the 
magnetic moment per atom being high in the region 
of 4to 5 up. The values of p55 for the compounds 
investigated have been taken from various papers, 
and are given in the table. 

In order to explain qualitatively the contradiction 
between the electrical and mechanical properties 
(semi-conduction and high magnetic moment per 
atom) of compounds with a NiAs structure, Pearson 
made a number of propositions which amount to a 
statement that d-electrons of transition metals are 
only weakly involved in the chemical bond, i.e. 
they exist in discreet states while the resonant p° 
bonds satisty octahedral and trigonal-prismatic co- 
ordination of the metal and metalloid atoms respect- 
ively. 

Shturm [12] suggests that sp?- and dp?-electron 
configurations, which according to Kimball [7] 
correspond to distorted trigonality, can with an al- 
lowance for the resonance of the bond, also exist 
in structures of the NiAs type. 

Thus, the idea of the hybridization of wave 
functions in structures of the NiAs type and of the 
role of d-electrons in the chemical bond seem to us 
to be interesting but demanding of direct experi- 
mental confirmation. In our investigations an at- 
tempt has been made to fill this gap to some extent, 
by the use of X-ray absorption spectra. 

X-ray investigation was made of the K absorpt- 
ion edges of chromium in compounds with crystal 
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TABLE 1. Magnetic moments of atoms in metals investigated 


Substance 


* 


eff 


4 


4,830) 


ns Pere was calculated from the Curie-Weiss law. 


structure B8: Crs, a7 CrSe, CrTe and CrSb. 

The experiments were carried out in conditions 
similar to those described previously in papers [13, 
14]. The resolving power of the instrument was 
found from the deviations of the experimental width 
of the line K,, , for Mn near the K absorption edge 


of chromium from the width of the same line theore- 
tically calculated in paper [15]. Around wave 
length 2000 A the resolving power of the instru- 
ment was 


BA 
> = 10,000. 


It should be noted that our previous investigations 
[13, 14], in which the resolving power of the instru- 
ment was not estimated, were carried out on exact- 
ly the same instrument with the same crystal focus- 
sing. 

Powder specimens CrS, ,,, CrSe, CrTe and CrSb 
were used for the investigation, which had been 
produced as described in papers [4, 5, 16]. All the 
substances investigated were checked by X-ray 
spectral analysis* and consisted of a single phase 
with e lattice of the NiAs type. The CrS, ,, and 
CrTe samples were in the ferromagnetic state and 
the CrSe and CrSb, in the antiferromagnetic. 

The absorbant was prepared by grinding the power 
samples in an agate mortar and then spreading them 
on cigarette paper. The maximum density of the 


* The authors are grateful to I.G. Fakidova, N.P. 
Grazhdankina and Ye.B. Blankova for the specimens 
presented for investigation, and to S.I. Alyamovskii for 


his help in the X-ray photography. 


absorbant was 5-6 mg/cm’. 
EXPERIMENTAL RESULTS 


Fig. 1 gives the curves for the principle K ab- 
sorption edge of chromium in the compounds invest- 
igated (CrS, ,,, CrSe, CrTe and CrSb). For compar- 
ison a K absorption edge of chromium is given for 
pure chromium and chromium oxide. 

The energy of the X-ray quantum is plotted along 
the abscissa and along the ordinate is the value 
proportional to the coefficient of absorption. For 
convenience the curves are arranged one under the 
other. Points a, 6 and c indicate the first absorpt- 
ion field and here point 5 correspond to the first 
bend in the curve 


(up to point c). The energy position of point ¢ de- 
termines the centre of the whole rapid change in 
absorption while the position of point A corresponds 
to the first absorption maximum. The characteristic 
step (maximum) in the centre regions of the princip- 
al K edge is indicated by the letter d. 

It can be seen-from Fig. 1 that the principal K 
absorption edge of chromium in the compounds in- 
vestigated (curve 2, 3, 4, 5) varies in a character- 
istic fashion in comparison with the K edge of pure 
chromium and is very different from the absorption 
edge of chromium in the oxide Cr,0,. Firstly the 
initial absorption field is considerably reduced in 
height and corresponds in value to the initial ab- 
sorption field for Cr,0,. Secondly, as opposed to 
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FIG. 1. K-absorption spectra of chromium in several compounds with a nickel 
arsenide structure. 


Cr,0,, in the compound with the NiAs structure there 
is a clearly expressed step (maximum d) in the cen- 
tral field of the edge, which effectively displaces 

¢ in the longwave direction. The average value of 
the displacement of point ¢ compared with that for 
pure chromium is about 2eV; for the oxide Cr,0, on 
the other hand, absorption in the central field of the 
principal edge is to a considerable extent reduced, 
and as a result of this point ¢ is displaced to the 
higher energy side to the extent of 4eV. 

The energy position of the centre of the initial 
absorption field (b), calculated with precision within 
the limits of experimental error (0.2-0.3 eV) remains 
the same for all the compounds. 

It must be said that in our work we did not study 


the peculiarities of the K absorption edge of chrom- 
ium in each compound, (CrS, ,,, CrSe, CrTe and 
CrSb) which are undoubtedly present. The inherent 
similarity of these spectra, particularly the presen- 
ce of an intensive submaximum of absorption (d) and 
the low initial absorption field (abc) interests us 
more. 


DISCUSSION OF THE EXPERIMENTAL 
RESULTS 


In earlier papers [13, 14] discussion has been 
made of the problem of the influence of the proba- 
bility of transition on the intensity of initial absorp- 
tion in the K spectrum of chromium. In Fig. 2 a 


Ae 

Se 


VOL. 
lo 


10 20 


30 40 eV 


FIG. 2. Comparison of the absorption spectra of the metal and a salt. 


comparison is made between the chromium absorp- 
tion spectra in pure chromium and in Cr, (SO,),, 

from which it can be seen that in the ionic salt spec- 
trum the initial absorption field disappears while the 
energy position of the first absorption maximum re- 
nains anchanged. This experiment indicates the con- 
siderable influence of the probability of the trans- 
lation P (E) (1s to 3d- 4s translations are prevent- 
ed by the dipole laws of selection) at the height of 
the initial absorption, while the influence of the 
density of the state N (E), on the other hand, ought 
to lead to the appearance of intensive absorption 
lines because the 3d- and 4s-states of chromium are 
to a considerable extent free. 

There is thus a basis for the suggestion that the 
extent of the initial absorption field in the spectra 
of different compositions of transition metals might 
be characteristic of the degree of hybridization of 
the ds-states with the p-states and could give 
some idea of the nature of the chemical bond. 

On the basis of these ideas let us consider the 
perimental curves for the compounds investigated, 
_n the height of the principal absorption edge of the 
wansition metals. 

The appearance of a characteristic absorption 
pre-maximum in the central fields of the principal 
K-edge and, as a result of this, the displecement of 
¢ on the longwave side, is evidently explained by 
the increased probability that the K-electron up- 
cooted by the quantum will be Gauslered to 
corresponding free states in the valence band, which 
is defined in the main by hybrid funciions of p- 
symmetry. The relatively low height of the initial 


absorption field (abc), which is mainly due to ls to 
3d transitions, probably indicates the weak particip- 
ation of the 3d orbit of the metal atom in the chemic- 
al bond. 

Thus it seems to us that this type of principal 
chromium absorption edge in compounds with a 
NiAs structure, and particularly the low height of 
the initial absorption field and the steep course of 
the coefficient of absorption (maximum d) immediat- 
ely after it, provides a certain experimental confirm- 
ation to the idea of the presence of a hybrid valen- 
ce band of p-symmetry. 

The existence of electron configuration d’sp’, 
which according to Kimball is possible in this 
structure, is subject to doubt, as in the presence 
of semi-conduction this kind of hydridization means 
that a comparatively large number of 3d-chromium 
electrons should be drawn into the chemical bond, 
which is contrary to the magnetic moment data. 

The proposition made by the Pearson concern- 
ing the p*-electron configuration in NiAs structures 
vow seems possible because in a trigonal pyramid 
the Lerween siable o-bonds are 90°. And if 
. is assamsc that th -boud is resonant, then 
there may be unlocalized o-bonds in the direction of 
the angles of the octahedron. 

Fig. 3 shows a comparison between the principal 
curomium K-absorption edge in a nitride and a sul- 
phide of chromium having structures NaCl and NiAs 

ectively. The nearest neighbourhood of the 
chromium atom is more or less the same in both 
cases (octahedral co-ordination). However, as can 
be seen from the comparison, the absorption spectra 
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FIG. 3. Comparison of the absorption spectra of two compounds in which the 
nearest neighbours of the chromium atom are identical. 


are of a different character. This example gives a 
very clear demonstration of the different nature of 
atomic interaction in CrN and CrS. Unlike the nitride 
of chromium which has a basically ionic kind of 
atomic interaction [13], in the sulphide there is 
mainly a covalent type of bond, as a result of which 


in the K-edge there is an intensive absorption maxi- 
mum d and consequently considerable displacement 
of € toward the longwave side as compared to pure 
chromium. 

By analogy with [1, 6], it could be suggested that 
the valence states of the atoms in the compounds 
investigated with a NiAs structure (for example CrS) 
are defined by the initial (a) and final (b) electron 
state of the chromium and sulphur atoms in the fol- 
lowing way: 


a 


jd 4p 


Jp 


This rough recording of the valence states of the 
atoms is in agreement with the idea of the donor- 
acceptor bond [17] which is formed due to the pair- 
ing of electrons of one atom — the donor, and the 
free of another atom — the acceptor. In this case 
the chromium atom appears as the acceptor, having 
released two unpaired electrons to the chemical 
bond and one free orbit for the donor electron (of 
the sulphur atoms). The existence of this kind of 
electron configuration is not contradicted by the 
electro-negativity of the atoms of chromium-sulphur- 
selenium-tellurium and antimony, as they are all 
very close to one another [18] (2.12, 2.5, 2.34, 2.1 
and 2.28 respectively). 

Thus, bearing in mind the scheme deduced for the 
valence states of atoms, it follows that the atoms 
of chromium and sulphur will each have three active 
valence electrons, which can only form a complete- 
ly covalent bond with three neighbouring atoms. But 
since in the crystal structure of the NiAs type the 
number of nearest neighbours of each atom is not 
three, but six, there will then exist not a complete 
o bond but a semi-bond (a half o-bond). In this 
type of hybridization the valence bonds are neither 
saturated nor localized. The attraction of the bind- 
ing electron cloud to this or that atom will depend 
on the electro-negativity of the elements. 

Besides this it also follows that only 3d elec- 
trons of the chromium atom will share in the chemic- 
al bond. This is in agreement with experimental 
data obtained by the magnetic method, which are 
given in Table 1. 

From a qualitative comparison of absorption 
spectra in chromium compounds with elements of 


78 
LACES 
P 
10 
VOI 
lc 
| 
5 
b 
Ja 45 4p 
jo 
3s Jp 


VOL. 
lo 
1960 


X-ray absorption spectra 


the sixth sub-group O, S, Se, Te it follows that, 
despite the similarity in the arrangement of the 

outer electron shells of sulphur, selenium, tellurium 
and oxygen, the nature of atomic interaction in 
chromium oxide is qualitatively different from that 

in the sulphide, selenide, and telluride of chromium 
which in their turn, have much which is common to 
all. This conclusion follows from an analysis of the 
specific behaviour of the absorption coefficient for 
Cr,0, and the compounds of chromium chalcogenides 
investigated. The influence of the different character 
of the binding forces is particularly noticeable in 
the central field of the X-ray K absorption edge. The 
centre of the region of rapid absorption change in the 
case of the oxides is nearer to the shortwave side 
than with pure chromium, while in the chalcogenides 
it is on the longwave side (see Fig. 1). 


CONCLUSIONS 


1. In compounds with an NiAs structure the d elec- 
trons of transition metals appear to participate only 
weakly in the chemical! bond. 

2. In the compounds investigated p*- or sp?-elec- 
tron configuration is most likely to appear. 

3. In the chalcogenides of transition metals, many 
of which are semi-metals, the covalent nature of the 
binding forces is, unlike the oxides, very apparent. 
In these structures however the bonds are not satur- 
ated, which demonstrates the mixed covalent-metal- 
lic nature of atomic interaction. 


Translated by V. Alford 
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INVESTIGATION OF PHASE RECRYSTALLIZATION IN TITANIUM* 
V.D. SADOVSKII, G.N. BOGACHEVA, L.V. SMIRNOV, I.P. SOROKIN and N.A. KOMPAREITSEV 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received 30 May 1960) 


The purpose of the present investigation was to study the features of phase recrystallization in 
titanium and in particular, to find out if there was a possibility of correcting the coarse-grained 


Structure of industrial titanium by heat treatment. 


Papers dealing with ferro-nickel alloys have de- 
monstrated the possibility of causing recrystalliza- 
tion after phase transformation without previous 
plastic deformation [1].Alloys containing about 30% 
nickel are completely austenitic on cooling to room 
temperature. If they are cooled in liquid nitrogen 
partial martensitic y + a-transformation takes place 
and the opposite a~ y transformation takes place on 
heating to 450° when the original micro- and macro- 
structures are restored [], 2]. 

Further heating causes recrystallization of the 
austenite close to 900° which is revealed by grain 
refinement. Austenite, which has undergone two 
(primary and reverse) transformations but without 
having been heated to the temperature of recrystal- 
lization, can be subjected to a new similar cycle 
of heat treatment as a result of which the initial 
microstructure and grain orientation will be preserv- 
ed [1]. Restoration of the original structure is due 
to crystallographic ordering of the phase transform- 
ations, leading to the emergence of a grain texture 
characteristic of the structural inheritance during 
transformation. If heating is carried to high enough 
temperatures this texture will break up as a result 
of recrystallization. A similar recrystallization ef- 
fect, due to phase transformation, has also been 
observed in a number of steels after previous super- 
heating [2]. The recrystallization is the result of 
internal stresses due to the phase strain-hardening 
which accompanies the a > y transformation. 

In forming an opinion concerning the limits of 
applicability of the mechanism suggested (phase 
transformation accompanied by internal work-harden- 
ing, which creates internal stresses sufficient to 
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cause the process of recrystallization at certain 
temperatures), it is interesting to investigate the 
behaviour of titanium, in which a phase transforma- 
tion takes place at 882°; the low temperature alpha 
modification, which has a hexagonal close-packed 
lattice, is transformed on heating to the beta mod- 
ification which has a body-centred cubic lattice. 
The transformation is of a martensitic character 

[3, Chap. IX]: there is practically no supercooling 
when the cooling rate is increased, the transforma- 
tion is accompanied by the appearance of relief on 
the polished surface of a metallographical specimen 
when quenched and it is characterized by a definite 
crystallographic correspondence between the lattices 
of both phases. 

This kind of investigation on titanium is inter- 
esting both from the point of view of the general 
mechanism of recrystallization, and in solving a 
number of practical problems. It should be noted 
that there has been some indication in published 
works that it is not possible to cause grain refine- 
ment in titanium by heat treatment consisting of 
heating and cooling through the transformation 
point [3], chap. IX]. 

To investigate the nature of the transformation, 
the changes taking place on the polished surface 
of a specimen in the course of heating were observ- 
ed by the high temperature vacuum metallographic 
method [4, chap. I]. The specimens were in the form 
of plates 50 x 10 x 3 mm. The transformation was 
accompanied by the formation of a distinct acicular 
relief on the surface of a coarse-grained specimen 
which had been previously quenched in water from 
1100° (Fig. 1). The relief also appeared on trans- 
formation on the surface of fine-grained specimens 
obtained by a recrystallization anneal after plastic 
deformation, although in this case it was much less 
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FIG. 1. Surface relief on a+ B transformation. 
Taken at 1000°; x 200. 


distinct. The appearance of this relief in the pro- 
cess of transformation during heating is an indicat- 
ion of crystallographic ordering which also takes 
place in the a+ 8 transformation independent of the 
original state of the specimen. 

In order to ascertain whether there was any chance 
of grain refinement of titanium by recrystallization 
due to phase strain-hardening, specimens in various 
initial states were given different kinds of heat treat- 
ment. A specimen which had been quenched in 
water from 950° was heated to 850° and held at this 
temperature for 3 hr. It might have been expected 
that the internal stresses which arose on quenching 
as a result of phase transformation, would cause re- 
crystallization to the alpha state at a temperature 
somewhat below critical point. Recrystallization did 
not however take place. A specimen which had been 
deformed at room temperature was for comparison 
given a recrystallization anneal under the same con- 
ditions; this caused the appearance of a new struc- 
ture consisting of polyhedral grains. 

Coarse-grained specimens which had been previ- 
ously quenched from 1350° in oil, were electrically 
heated with a gradient. The specimens were of vari- 
able section, thanks to which it was possible on 
one specimen to follow the variations in structure 
at different temperatures, right up to the tempera- 
ture close to melting point. 

Fig. 2 shows the macrostructure of a specimen in 
the initial state (a) and after electro-heating (b). A 
comparison of these photographs permits the con- 
clusion that on secondary heating the size and shape 
of the original grains is restored even at very high 
temperatures. Experiments carried out on cast titan- 
ium produced exactly the same results. 


As the specimens are heated very rapidly with 
electro-heating (for 5 to 7 sec up to a maximum 
temperature of 1300 to 1350°) and instantly quench- 
ed, it might be assumed that recrystallization can- 
not take place in these conditions and that as a 
result of this no grain refinement is to be observed 
in that part of the specimen which had been heated 
to very high temperatures. In order to hold the spe- 
cimens rather longer at high temperatures, experi- 
ments were conducted with furnace heating. Coarse- 
grained specimens previously quenched and cast, 
were heated in a furnace to various temperatures 
above the critical point. Here also it was found 
that there was no recrystallization in specimens 
which had been heated to 950-1200°; after heating 
the grain was the same in size and shape as in the 
initial state (Figs. 3 and 4). 

In technical titanium therefore, the coarse grain 
is stable in a wide range of temperatures above the 
critical point. After two phase transformation the 
initial coarse-grained structure is restored with the 
same size and shape as it has previously. 

It might be assumed that the lack of recrystalliza- 
tion of the beta phase on heating is due to inade- 
quate phase strain-hardening on the a>  trans- 
formation. One of the factors which determines the 
extent of phase strain-hardening is the volume 
change in transformation. Dilatometric measurements 
were made on specimens of technical titanium in 
order to analyse the extent of the volume change. 
The measurements were made on a vertical vacuum 
dilatometer (Fig. 5) and on a horizontal photo- 
recording Chevenard dilatometer. For the horizon- 
tal dilatometer the specimens were 3.5 mm in dia- 
meter and for the vertical one, 8 mm. The curve 
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FIG. 2. a — macrostructure of a quenched specimen; 
b — macrostructure of the same specimen 
after gradient electro-heating; x 1.5. 


FIG. 3. a — macrostructure of quenched specimen; 
b — macrostructure of the same specimen 
after heating in a furnace to 1000°; x 2. 


obtained on the vertical dilatometer is shown 

in Fig. 6. The linear effect of transformation 

on heating, calculated from the dilatometer record- 
ing, fluctuates from 0.08 to 0.17%. The curves from 
the Chevenard dilatometer were quite different. The 
specimen shrinks in both the a> 8 and B > a trans- 
formations. This effect, which is clearly visible on 
thin specimens, can be explained by the mechanism 
of oriented transformation in the force field of the 
dilatometer spring [5]. 

From information published in the literature con- 
cerning the parameters of the alpha and beta lattices 
and their temperature dependence, it is possible to 
calculate the extent of the volume change on trans- 
formation. Data on the alpha phase parameters close 
to the critical point can be found in the paper by 
Berry and Raynor [6], who found for titanium (with 4 
0.16 % C) for which at room temperature a = 2.950 A 
and c = 4.682 A, the mean value of the coefficient 
of expansion on heating to 700° — a, = 13.4 x 107° 
degrees~' along the c axis and a, = 11.0x 107° 
degrees~* perpendicular to the c axis. Assuming 


that these coefficients remain unchanged right up 
to transformation point, we can find the parameters 
of the alpha-lattice relating to these temperatures: 


a= 2.978 A, c=4.736 A. 


Extrapolating the data on the beta phase para- 
meters in binary systems at room temperature for 
100% Ti, Levinger [7] found the parameter was 
3.282 A. Using the averaged coefficient of linear 
expansion 10. 1 x 107° degrees~', he got 3.312 4 
for 900°. Further studies were carried out on the 
basis of Levinger’s results calculated at the trans- 
formation temperature, 


a=3.311 A. 


Knowing the lattice parameters prior to phase 
transformation it is possible to calculate the speci- 
fic volumes of the phases and subsequently, the 
volume change due to transformation. Calculation 
was made by the formulae: 
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FIG. 4. a — macrostructure of specimen of cast titanium; 
b — macrostructure of same specimen after heat- 
ing in a furnace to 1200°; x 4. 


FIG. 5. Diagram of vacuum dilatomer: 


1 — glass cover; 2 — measuring head; 

3 — casing; 4 — thermocouple lead; 
5 — quartz tube; 6 — thermocouple; 

7 — quartz ram; 8 — specimen. 


cm*/g, which amounts to a volume change of 

0.17 + 0.10% (the linear effect is therefore 0.06 + 
0.03 % which agrees very well with the experiment- 
al results). Thus, the re-arrangement of the hexa- 
gonal alpha phase with a close-packed lattice into 
the cubic beta phase with a body-centred lattice is, 


where A.,; is the atomic weight of titanium. 
According to the calculation the specific volume 
of the phases is v, = 0.2300 cm*/g and vg = 0.2296 
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FIG. 6. Dilation curve of industrial titanium. 


as has been noted in the literature [5], accompanied 
by some, albeit small, reduction in volume. This 
effect is explained by the fact that the reduction in 
interatomic distance due to reduction in the co- 
ordination number from 12 to 8, has a stronger effect 
than the reduction in the packing density. 

In order to study the crystallography of the trans- 
formation in titanium, a space model of the beta to 
alpha transformation was constructed with the use of 
published data, modelling the arrangement of the 
crystal lattices of the phases in the process of tans- 
formation. The mechanism proposed by Burgers for 
zirconium [3] was used as the basis: 


(0001), {110}, 


(basal plane of the prism coincides with the dodeca- 
hedral plane of the cube), 


(HQ 


(the diagonal of the prism is parallel to the space 
diagonal of the cube). 

The applicability of this mechanism to the des- 
cription of the transformation in titanium was esta- 
blished by X-ray analysis by Newkirk and Geisler 
[8]. Using this space model it was found that there 
were further orientation relationships which take 
place when the lattice is re-ordered. The Burgers 
mechanism for instance, causes the following crys- 
tallographic relationships: 


(1120) 
[0001 joe [10 
[1 [1 2i]p. 


(0001 LOT)p, 
PU 


Comparison of the interatomic distances in the 
alpha and beta phases shows that in the process of 
the beta to alpha transformation these distances 
increase by 4% (from 2.867 to 2.978 A) and 1% 
(from 4.682 to 4.736 A) respectively in exactly the 
same directions 


These figures are considerably less than the therm- 
al fluctuation amplitudes of the atoms which even 
at room temperature are 5 to 10% of the interatomic 
distance [9, chap. III]. The exceedingly small chan- 
ge in interatomic distance in the directions 


(0001). || s 


causes almost complete equidistance in the paral- 
lel planes 


(0001 and (101)— 


so that in the process of transformation there is in 
essence a two-dimensional re-arrangement of the 
lattice in the plane 


(101)p 


The re-arrangement consists in the shearing of the 
lattice by 0.22 in the direction 


accompanied by change in the interatomic distance 
in this direction, 


“5 2.867 A 
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(and also in the lattice parameter a B = 3.311 A) up 
to a value of parameter of the alpha lattice 


=3.311 A), 


Besides this shear, each second basal plane is sub- 
stantially displaced in the direction [1010], (close 
to direction [101],) by a value equal to one-sixth 
the interatomic distance in this direction, relative 
to the system of fixed basal planes. This could be 


regarded as the mutual shear of “even” and “uneven” 


basal planes in opposite directions by one-twelfth 
the interatomic distance in the direction indicated. 

The close orientational dimensional correspond- 
ence in titanium and the slight volume change on 
transformation facilitate the re-arrangement of one 
lattice to another and vice versa, with considerable 
reduction in the energy barrier which must prevail 
at the beginning of the transformation, as compared 
with martensitic transformation in carbon steel. The 
sharp reduction in the energy barrier causes the 
transformation to begin even with slight supercool- 
ing below equilibrium temperature (while in steel, 
martensitic transformation begins with considerable 
supercooling), and more over it occurs slowly [3, 
chap. IX] as the result of a slight gain in free ener- 
gy in the course of transformation. 

In its turn, the slight supercooling which is suffi- 
cient to cause transformation, together with slight 
heating for the reverse transformation, causes a low 
temperature hysteresis of transformation. 

To analyse the extent of the internal stresses 
arising as a result of variation in specific volume 
on transformation, the formula 


p= 


[10] was used. This formula, which was deduced by 
means from the mathematical theory of elasticity, 
gives the hydrostatic pressure created by a spheric- 
al nucleus emerging with a change in volume inside 
an infinite isotropic matrix. The modulus of elastic- 
ity E at the transformation temperature, which is 
necessary for the calculation, can be found from the 
data collected by the Makvillens [3]: at room tem- 
perature E = 10850 kg/mm’, the mean temperature 
coefficient in the range (— 180 to ( + 600°) y = 6.4 
kg/mm?. Conversion to transformation temperature 
which was made on the assumption that the coeffi- 
cient remains the same right up to this temperature, 
produces Eggo = 5300 kg/mm? for the alpha phase. 
Assuming that the beta phase has a modulus close 


to this, the figure obtained can be used in the 
calculation. It was assumed that 


Av 
— =0.17%. 


The value for the internal stresses arising in the 
process of phase transformation in titanium was 
found to be P = 3 kg/mm’. 
Lehr [11] made a similar calculation for iron. 
Assuming that E equalled 11.5 t/mm? and ° 


1%, 


v 


Lehr found the extent of the internal stresses 
which should arise on phase transformation in iron, 
to be 38 kg/mm’, a figure of a much higher order 
than that in titanium. The degree of plastic deform- 
ation in the process of phase transformation must 
therefore be considerably greater in iron. The de- 
formation which occurs in titanium during phase 
transformation cannot reach the critical degree ne- 
cessary for recrystallization. 

This investigation has shown that when titanium 
is heated above the critical point the phase trans- 
formation is not accompanied by recrystallization 
of the beta phase. The absence of recrystallization 
after phase transformation is appareatly due to the 
small degree of intemal hardening which accompa- 
nies the transformation, which in its turn is due to 
the small volume change and good orientational- 
dimensional conformity between the lattices of the 
alpha- and beta-phases. As a result of this, when 
titanium is heated above critical point the initial 
beta grain is restored, which existed during the 
previous heating in the beta field, and further 
elevation of the temperature does not cause any 
refinement. 


Translated by V. Alford 
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DEFORMATION TEXTURE WHICH OCCURS WHEN LOW-ALLOY DYNAMO 
STEEL IS COLD ROLLED* 
K.V. GRIGOROV and M.Ya. ZUKUTNER 
Sverdlovsk Pedagogic Institute 
Sverdlovsk Agricultural Institute 
(Received 2 June 1960) 


This article gives the experimental result of investigations obtained by the magneto-metric 
method into the mechanism of the development of cold rolling texture in low-alloy dynamo steel 
(0.9% silicon) as a function of the degree of deformation, iu a wide range of deformation. An 
attempt has been made to explain the results obtained on the basis of the geometry of the mechan- 
ism of plastic deformation in crystals by means of slip. 


In the present work a study has been made of the 
development of the texture which arises in dynamo 
steel on cold rolling. The steel contained about 
0.9% silicon. In order to get different deformations 
with one and the same final thickness of the speci- 
meas (about 0.2 mm), sheet bar d, = 10 mm thick was 
tirst roiled to different “initial” thicknesses. This 
was done on a laboratory mill with rolls 55 mm in 
diameter. The pieces were then anuealed five to 
six times at 1000°, i.e. above allotropic transforma- 
tion point. The annealing was done for the purpose 
of breaking up the texture in the original piece. 
After this they were reduced tc a thickness of appro- 
ximately d = 0.2 mm. Due to the difference in ini- 
tial thickness the degree of deformation in the pieces 
was different. Maximum deformation corresponded to 
a 110 times reduction in the thickness of the piece. 
Rolling was carried out at the same rate for all the 
pieces and was approximately 2.5 m/min. The degree 
of deformation was the principal parameter as a 
fuaction of which texture was determined. It was 
supresses as totel relative strain 


= In 


Here /, is the initial and 2, the final length of the 
rolied piece. As variation in the width of the piece 
oe volling was small it was possible to assnme that 
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where d, is the initial and d, the final thickness of 
the piece. 

The direction of rolling was noted on the pieces 
obtained. Then specimen disks of 30 mm diameter 
were cut out. A number was attached to each disk. 


THE NORMAL COMPONENT OF 
MAGNETIZATION IN COLD ROLLED PIECES 


The normal component of magnetization /, was 
measured in CGS units as a function of the angle 
between the direction of rolling and the direction of 
the vector of magnetic field strength. Each piece 
was measured in a magnetizing field of 2200 oersteds 
L5, 6]. 

Fig. 1 shows a typical dependence of the normal 
component of magnetization / on the angle 
ween the direction of rolling and the field dir- 
ection for specimens in which the reduction of thick- 
amounted to: 


fo 


for curve I, and 


for curve 2. it can be seen from the graph that the 
neture of this dependence is the same in both cases. 
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FIG. 1. Dependence of the ncrmal component of magnetization on 
direction, in specimens of cold rolled dynamo steel. 


Pieces with different degrees of deformation differ 
only in the value of the normal component of mag- 
netization. 

In Fig. 1 it can be seen that at 


= 40- 45° 


curves /,, (4) pass through zero. At these values of 
@ magnetization energy has an extremal value. At 
an angle of approximately ¢ = 45° to the direction of 
rolling lie the axes of both easy and difficult mag- 
netization. If a disk is put in the magnetic field in 
such a way that it can rotate freely it can be seen 
how, under the influence of the field, it arranges 
itself in such a way that the rolling direction is at 
an angle of approximately 45° to the direction of the 
field strength. Hence it may be concluded that crys- 
tallographic direction type < 110 > lies in the dir- 
ection of rolling, while the direction of type <100> 
lies at an angle of 45° to the rolling direction, which 
agrees with the results of X-ray investigations [10]. 

The norma! component of the vector of magnetiza- 
tion /, is a periodic function of the angle of rotat- 
ion of the piece in the magnetic field. The variation 
cycle of 1, (f) can be regarded as equal to 7. For 
each piece this function can be expanded into a 
Fourier series in the form [7] 


I, (2) = + A, sini (2p +0.) + 


+ A,sin(4o+ + 


+ A,sin(S2 +) +... 


Translating the beginning of the co-ordinate by 

2 

and assuming the initial phases of the second and 
sixth harmonics to be approximately 180°, while the 
fourth are equal to zero, we shall have a typical 
equation for the normal component of magnetization 
for cold rolled pieces in the form 


/, = A,sin22 + A,sin4¢ + A, sin 62. 


Instead of giving the initial phases harmonics, 
their amplitudes will be given plus or minus signs. 
Amplitudes A,, A, and A, of the second, fourth and 
sixth harmonics are those which mainly determine 
the normal component of magnetization. These va- 
lues can provide the primary characteristics of 
texture. 
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4110} <001> 


FIG. 2. Orientation type {001} <110>. 
RD — rolling direction. 


{at} <112> 


< 11> 


RD | (/12] 


FIG. 4. Orientation type {111} <112>. 


THE RESULTS OF MEASUREMENTS OF THE 
NORMAL COMPONENT OF MAGNETIZATION 


The deformation texture in ferrosilicon alloys can 
be represented diagramatically as the superposition 
of three types of orientation [10]: 

1) a type {001} plane parallel to the rolling plane 
and type <110> direction parallel to the roll- 
ing direction; 

2) type {112} plane parallel to the rolling plane 
and type <110> direction parallel to the roll- 
ing direction; 

3) type {111} plane parallel to the rolling plane 
and type <112> direction parallel to the roll- 
ing direction. 

In certain cases the third type of orientation may 


10> 


RD |! 10) 


d, 
Sinz 


FIG. 5. Dependence of amplitude A, of the fourth 
harmonic on total relative deformation. 


be different, namely: 3a) plane {111} parallel to the 
rolling plane, direction <110> parallel to the roll- 
ing direction [3]. 

The first three orientations are shown in Figs. 
2, 3, 4 respectively. The definition of the texture 
grows continuously with increasing deformation. — 
This is primarily due to the fact that /,, the normal 
component of magneiization, increases continuous- 
ly with increasing deformation. This can be seen 
in Figs. 5 and 6 which show the dependence of 
A, and A, on total relative strain Ind,/d. These 
graphs show that both A, and A, increase with in- 
crease in strain. As has already been mentioned, 
A, and A, are the primary characteristics of the 
degree of preferred orientation. 

Figs. 5 and 6 also show that in a range of 5 to 
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FIG. 6. Dependence of amplitude A, of the second harmonic on total 
relative deformation. 


80 times reduction in thickness of the pieces, A, 
and A, increase approximately in proportion to the 
value of the total relative strain. 

These graphs show that A, and A, vary monotonic- 
ally and evenly, without abrupt changes. The mech- 
anism of texture formation seems to remain constant 
throughout the process of rolling or, if there is any 
variation, it varies exceedingly smoothly. Deviation 
from this linear dependence is only to be observed 
at the beginning of the co-ordinates, where deforma- 
tion is either very slight, or very great when the 
value d,/d of unit deformation is higher than 80. 

It can also be seen from Fig. 5 that the amplitudes 
A, of the fourth harmonic are positive in the whole 
range of deformation. A, reaches its maximum value 
at the maximum degree of deformation, when Ind,/d= 
4.72; A, is here approximately equal to 43.5 gauss 
(CGS units). The amplitude of the 2nd harmonic A, 
in absolute value is approximately equal to 7-C.G.S. 
units. At slight deformations A, has both positive 
and negative significance. With considerable deform- 
ation A, is negative for all the specimens having 
increased during this time with respect to its 
absolute value. 

The scatter of the points on curve A, = f (Ind,/d) 
can be explained by the influence of initial texture 
which remains in the material even after repeated 
annealing at a temperature above the allotropic 
transformation point. The scatter of the points in 
this curve could also be due to residual stresses in 


the metal. Curve A, = f (Ind,/d) also has some, 


albeit small, scatter of points. This seems to be 
due to the fact that the pieces were not rolled in 
exactly the same direction; every time the piece 
passes through the rolls the direction is slightly 
altered. 

Fig. 7 shows the amplitude A, in the sixth har- 
monic in relation to the degree of deformation. It 
can be seen from this illustration that A, remains 
very low and, with certain exceptions, negative. 
With one or two exceptions the value of A, is never 
greater than 1 CGS during the whole range of de- 
formations. 

Calculation of the mean square and probability 
of error in determining the values of A, and A, 
show that at small deformations the probability of 
error for A, is about 20%, and about 7% for A,. At 
greater deformations the probability of error for A, 
is 8%, about 5% for A, and 20% for A,. The relat- 
ively high degree of error shows the necessity of 
measuring |, A, and A, on a large number of 
pieces. The curves in Figs. 5 and 6 in particular, 
were obtained as a resu!t of measurements of 
several hundred specimens. 

This high degree of error is due mainly to varia- 
tions in the normal component of magnetization 
from piece to piece, even where the degree of de- 
formation is exactly the same. The reasons for 
these variations may be different: slight variations 
in composition, the nature of deformation, the ex- 
tent and nature of internal stresses etc. etc.. In 
this connexion it would be interesting to find out 
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FIG. 7. Dependence of amplitude A, of the sixth harmonic 
on total relative deformation. 


what are the variations in the normal component of 
magnetization (A, and A,) after partial relief of in- 
ternal stresses. For this purpose a number of speci- 
mens with different degrees of deformation were an- 
nealed at 500° for 5 hr. This kind of annealing cau- 
ses partial relief of internal stresses without chang- 
ing the essential character of magnetic anisotropy. 
The results of this annealing are shown in Figs. 8 
and 9. 

In Fig. 8 curve ] shows amplitude A, of the fourth 
harmonic for unannealed specimens. Curve 2 in the 
same illustration shows A, for annealed specimens. 
Fig. 9 shows amplitude A, of the second harmonic: 
1 — for unannealed specimens, 2 — for annealed 
specimens. In both graphs total relative deformation 
is plotted on the abscissa axis. 

It can be seen from Fig. 8 that a partial stress 
relief somewhat increases the value of A, in the 
field of high deformations. As a result of annealing 
there is a considerable change in A, (Fig. 9). The 
results of measurements of /,, A, and A, made after 
annealing at 500° were used subsequently to calcul- 
ate the quantitative characteristics of the texture. 


CALCULATION OF THE RELATIVE VOLUMES 
OF CRYSTALS WITH PREFERRED 
ORIENTATION IN THE DEFORMATION 
TEXTURE 


A complete picture of the orientation of crystals 
in a polycrystalline aggregate can be obtained by 
the use of pole figures, i.e. by stereographic pro- 
jection. This method however, reqpires a consider- 
able amount of time and is not always suitable. The 
relative volumes of the crystailites participating in 
the formation of a given type of texture can be de- 


termined from the values of A,, A, and A, It is 
here assumed that the crystallites of any particular 
group are all oriented in the same direction. This 
kind of representation of texture is approximate and 
schematic. It provides a more visible and to some 
extent a quantitiative characteristic of texture. 
From A,, A, and A, the relative volumes of crys- 
tallites of preferred orientation participating in the 
formation of texture, must be calculated in relation 
to the degree of deformation. These figures, treat- 
ed as a function of the degree of deformation 
Ind,/d, give the degree of sharpness both of indi- 
vidual orientations and of all orientations together 
(1, 2]. 

Fig. 10 shows the relative volumes of crystals 
at W, and W, with orientations {001} <110> and 


{112} <110>, and also W = W, + W, in relation to 


the total relative deformation Ind,/d. The propor- 
tion W, of crystals with orientation {001} <110> 
increases slowly with slight, and very much faster 
with considerable, deformation (Fig. 10). The pro- 
portion W, of crystals with orientations {112}<110> 
increases with slight deformation approximately 
proportionally to the value of the total relative de- 
formation (Fig. 10). As the extent of deformation 
increases the increase in W, becomes slower and 
in the range Ind,/d = 4 to 4.72, W, tends to be 
saturated. The total relative volume W of crystal- 
lites of both orientations increases roughly propor- 
tionally to total relative strain throughout its en- 
tire range (Fig. 10). 

It can be seen from Fig. 10 that where total re- 
lative deformation Ind,/d = 4.72 W, and W, are the 
same. This occurs at roughly the same degree of 
deformation in the specimens dealt with by 
Kurdyumov and Sachs [10]. They noted that in this 
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FIG. 9. Dependence of amplitude A, on deformation 


FIG. 8. Dependence of amplitude A, on total deformation 
for unannealed (1) and annealed (2) specimens. 


for unannealed cold rolled specimens (1) and those an- 


nealed at 500° (2). 


dln ad 


FIG. 10. The relative volumes of crystals W,, W, and W = W, + W, in 
dependence on total relative deformation. 


case the orientations {001} <110> and {112} <110> Ke 
° Le = — — Sin 69, 
are approximately equal. 18 
It has already been noted that in iron silicon al- 
loys weakly expressed orientations of the type 
{111} <112> and {111} <110> are encountered. In where K, is the second constant of magnetic aniso- 
the case of {111} <112> the mechanical moment tropy. 


acting on a specimen in a magnetic field will be As can be seen from Fig. 7, A, is low and its 
value varies considerably from piece to piece. The 


K overwhelming majority of amplitudes A, are ne- 
L,= ey Sin 6e. gative, i.e. corresponding to orientation {111}<110>. 
The value of W, characteristic for this orientauon 
is approximately 10 to 20%. 
For orientations type {111} <110> The total relative volume of crystals participating 


92 
W 
60 
vor 
Coe 


lo 
1960 


Cold rolling texture in low-alloy dynamo steel 


FIG. 11. Orientation type {110} <001>. 


in texture formation, i.e. 
V=W,+W,+ Ws 


is approximately 60 to 70% where deformation 
Ind,/d = 4.7, i.e. where 


fo = 110, 
d 


DISCUSSION OF RESULTS 


From the results of the different investigations it 
can be assumed that the formation and development 
of deformation texture during rolling occurs in the 
course of the interaction of different factors. The 
principal ones among them are: the action of extern- 
al forces and the particular nature of the plastic de- 
formation in different crystals of the polycrystalline 
ageregate, the movement along definite planes and 
directions of the crystal lattice [4, 6, 8]. Deforma- 
tion during rolling can be represented primarily as 
the ilow of metal in a longitudinal plane (i.e. in the 
plane parallel to the rolling direction and perpendi- 
cular to the rolling plane). When a crystal is deform- 
ed the orientation of its lattice changes in such a 
way that the slip direction approaches that of the 
forces acting upon it (8). This proposition obtains 
if deformation occurs by a sequence of shears in 
two slip directions (“double slip”), in the longitu- 
dinal plane symmetrical to the rolling direction. 
Orientation of the type {100} <110> comes primarily 
under this heading. In crystals of this orientation 
the directions of slip are in the longitudinal plane 
formed at an angle of 35° 30° to the direction of 
rolling. When rolled these crystals are extended but 
do not change their width. X-ray investigations [9, 


10] show that this is the preferred orientation in 
the deformation texture. Orientations {110} <001> 
also come in this category (Fig. 11). In this case 
however, the directions of slip are at an angle of 
54° 30’ to the direction of rolling. This requires 
considerable shear in the slip direction in order to 
get the same deformation in the rolling direction. 
For this reason this kind of orientation must be re- 
garded as less stable and in the process of rolling 
it is transformed into the first. 

Crystals with the second kind of orientation are 
less stable and in the process of deformatién they 
will assume the first orientation. Here the rolling 
deformation can be regarded as an extension in the 
rolling direction and compression in the direction 
normal to the plane. From this one can understand 
the presence of orientations such as {111}-<110> 


in the rolling texture. When this orientation trans- 


forms to the more stable one, orientation type {112} 
<110> may emerge. 


CONCLUSIONS 


1. The degree of preferred orientation in dynamo 
steel increases with increase in the degree of de- 
formation, approximately proportionally to the total 
relative deformation. 

2. In the cold rolled texture the preferred orient- 
ation is {100} <li>. 

3. “Saturation” in the degree of preferred orient- 
ation is not found even at maximum deformation 
(reduction of thickness by more than 100 times). 

4. The increase in preferred orientation can be 
represented as the static process of the transfer of 
the crystals from the less to the more stable orient- 
ations. 

5. In general the nature of the development of 
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texture in dynamo steel is roughly similar to that 
which occurs in mild steel. 


Translated by V. Alford 
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Since the papers by Boas and Honeycombe [1] 
written 15 years ago, there remains no further doubt 
that the microstructural thermal stresses of aniso- 
tropy [2] may exceed the crystallographic yield 
point. Theoretical analysis of the temperature stres- 
ses due to anisotropy of the coefficient of thermal 
expansion has already been made by one of us [2] 
(some information may be found in [4]). The theore- 
tical results are shown in Table 1. 


grains. This can easily be illustrated on the ex- 
ample of a hexagonal bicrystal. Let the hexagonal 
axes [GO], and [GO], of the two neighbouring grains 
1 and 2, as also the normal N to boundary AA, lie 
in one plane, e.g. the plane in Fig. 1. y is the 
angle between the axes while 5 and £ are the an- 
gles between the interface AA and directions [GO], 
and [GO], (see Fig. 2). Then, as shown theoretic- 
ally [2], for the stresses in the first and second 


TABLE 1 


Material 
was made 


Type of lattice for which calculation | , 


kg 
mnr degree 


Uranium Monoclninic (orthohombic) . . 


Selenium Hexagonal 
Zinc Hexagonal 
Cadmium Hexagonal 
Tin Tetragonal 
Tellurium Hexagonal 
Zirconium Hexagonal 
Antimony Rhombohedral (trigonal) 
Bismuth Rhombohedral (trigonal) 
Magnesium 


© 


0.254 
0,154 
0.125 
0.0645 
0.0506 
0.0322 
0.0272 
0.0150 
0.0066 
0.90193 


(a, is the maximum stress which may arise close to 
the grain boundaries in a polycrystalline aggregate 
with variation of temperature by 1°; AT the possible 
ranges of temperature; a) AT the stresses corres- 
ponding to this range of temperatures). 

The microstructural thermal stresses of anisotropy 
are more than 100 times less in magnesium than in 
uranium. Their value is also dependent on the cryst- 


allographic orientation of the two neighbouring tare 


* Fiz. metal. metalloved., 10, No. 3, 412-424, 1960. 


grains (o, and o, respectively) the following equa- 
tion may be obtained: 


Og = (1) 


—2,) [cos* B — cost (8 +1)]} X 


Six [sin4B + sind (B + Syy [cost B + cos! + y)] + 
X AT 


4 (2S B sin? + (2 + x) sin?-.(B + 7)] 


Here AT is the temperature range; 
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FIG. 1. Calculation of stress on the boundary of a bicrystal. 
Coarse hatching shows the position of the basal plane. 


ah, 


are the coefficients of linear expansion along and 
across the hexagonal axis respectively; 
S;, are the coefficients of elasticity (in the usually 


accepted meaning). nid 
Figs. 2 and 3 show the curves for cadmium, cal- = (Siu S12 Sus) 
culated from formula (1). The value 9 + Sos — 


Here o;, is the average stress in a grain in the dir- 


is plotted along the ordinate axis. For other mater- ection perpendicular to the hexagonal axis; 


ials with a hexagonal lattice the qualitative picture ol is the same but in the direction parallel to 
to the hexagonal axis; 


is the same. For zinc therefore, the figures on the 

vertical axis would be doubled. K is the modulus of cubic compressibility (for 
The values in Table 1 and Figs. 2 and 3 do not in ” polycrystal); baie 

themselves permit any conclusions regarding the G is the modulus of elasticity in shear (for a 


mean acting stresses because they refer to a parti- polycrystal). 
cular case (certain other variants have been studied § The remaining symbols are the same as above. 
in paper [2]). Besides this, mean stresses should We thus find for zinc: 
be more characteristic of the behaviour of the mater- 
ial as a whole than local stresses: the latter may be a, = 0.0166 kg/mm’.deg, 
considerably reduced due to local plastic strains. 

Analysis of mean true stresses in the volumetric @, = 0.00482 kg/mm?.deg, 


case [2] for a hexagonal polycrystal gives the fol- 
lowing formulae: 


which at A T = 400° produces: 


(2) 
1 (2S)5 + S53) (ay o, = 6.64 kg/mm’, 


a,=—= 


AT 3K 
9 + =} + Siz) S35 — 2575] 0, = 1.53 kg/mm’. 
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FIG. 2. The dependence of the microstructural thermal stresses of anisotropy in a 
bicrystal of cadmium on the orientation of boundary f with various angles y 
between axes: 


1-0; 2—10; 3 — 20°; 4— 30°; 40°; 6— 50°; 7 — 60°: 8— 70°; 9 
10—90; 11 — 100°: 12 — 110°; 13 120°: 15 — 140°; 16 — 
17 — 160°; 18 — 170°: 19 — 180°. 


A similar analysis was carried out for cadmium (at 


AT = 300°) and produced the following results: 
a, = 0.0108 kg/mm?.deg, 
ay = 0.00222 kg/mm?.deg, 


a, = 3.24 kg/mm’, 


0} = 0.67 kg/mm’. 


These stresses are higher than the yield point of the 
polycrystals concerned even at room temperature, not 
to mention a higher temperature or the yield point of 
monocrystals. Thermoelastic microstructural stres- 
ses of anisotropy may, under fluctuating temperature 
conditions, be the cause of “thermal fatigue”, which 


was demonstrated in the example of zinc, cadmium, 
tin, tellurium and tin-antimony alloys [1]. 

If the same specimen has a texture, then its 
shape and dimensions may be changed as a whole. 
Externally this looks like irreversible thermal ex- 
pansion (or more precisely shape change). This ef- 
fect was first discovered in uranium [4]. The speci- 
al position of uranium in reactor engineering and 
its great tendency to deformation (cases are known 
where the length of specimens has been increased 
5 to 7 times) have excited a large number of invest- 
igations [3-9]. From the very beginning however 
there has been much greater disagreement in the 
the data obtained for uranium than for any other 
material. For example, Boas and Honeycombe [1] 
observed a noticeable reduction in grain deformation 
with perfection of texture; on the other hand, 


| 

ke/mm? degree | 
Take 
1960 meaty 


Irreversible thermal change in shape of zinc 


15 

13 
/2 
7] 


ON | 


30 60 - 


Chiswick and Kuhlman [3] found that there was an 
increase in the coefficient of growth in uranium with 
similar change in texture. 

In discussion [4] it was emphasised that this con- 
tradiction is the result of the development of a bi- 
axial texture in uranium in oppostion to the uniaxial 
one which occurs in the materials used in paper [1], 
and that in materials such as zinc, cadmium or tin, 
irreversible thermal shape change was not to be 
expected. 

However, the contradiction noted above appeared 
to us to be imaginary, as papers [1] and [3-9] were 
dealing with different aspects of the phenomenon: 
internal microdeformation and variation in the dimens- 
ions of an article as a whole. We therefore decided 
to mount a corresponding series of experiments with 
the aim of demonstrating that irreversible thermal 


FIG. 3. Dependence of the microstructural thermal stresses of anisotropy in a 

bicrystal of cadmium on the mutual orientation y of the hexagonal axes at 
different positions of the 8 boundary: 

1-0°; 2—10°; 3— 20°; 4— 30°; 5 — 40°; 6 — 50°; 7 — 60°; 8 — 70°; 


9-— 80°: 10—90°: 11 — 100°; 12 — 110°; 13 — "120°; 14 — 130°; 75 = 140°; 16 — 
150°; 17 — 160°; 18 — 170°; 19 — 180°. 


120 150 180°C 


shape change due to the anisotropy of thermal ex- 
pansion is a phenomenon common to all, and not 
the exclusive property of uranium. The very first 
experiments showed that we had not deceived our- 
selves in this. The effect could be observed on 
cadmium [2, 11], tin [2, 10] and zinc [2, 13]. As 
was also to be expecied, anisotropy of thermal ex- 
pansion did not cause shape change in magnesium 
and bismuth [2] as the corresponding stresses (see 
Table 1) were too small to cause any noticeable 
plastic deformation (although magnesium and bis- 
muth are very sensitive to irreversible thermal 
shape change because of relaxation of thermal 
stresses caused by temperature gradients). 

Some of the preliminary results of the experi- 
ments have already been published [2, 10-13]. This 
paper describes experiments with zinc (purity 
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99.97 %) and sums up the state of the problem at the 
present time. 


EXPERIMENTAL RESULTS AND THEIR 
DISCUSSION 


Besides the cases especially mentioned, experi- 
ments were carried out in the following conditions. 
cyclic thermal action was created by transferring 
specimens in transformer oil from the hot to the cold 
zone in a vertical double-tube electric furnace by 
the method described in paper [10]. 

The cycle was 4 min and the specimens spent 2 
min each in the high and low temperature zones, 
transfer taking 2 sec; the lower temperature of the 
cycle was 10°. Cylindrical test specimens 100 mm 
long and 6 mm in diameter were first forged (€,, = 
55 %), and then rolled into flat bars (c , = 45%) and 
annealed at 200° for 1 hr. Grain size was 0.033 mm. 
The test length was selected as the difference bet- 
ween scratches made at a great distance from the 
ends. Measurements of the length were made on a 
horizontal comparator with graduations of 0.001 mm. 
The value selected as characteristic of the rate of 
change in dimensions was the coefficient of growth 
y determined from the equation 


Here N is the number of thermal cycles; /, is the 
initial distance between the scratches; ly is the 
distance between the scratches after N cycles; 


is the unit change in length. 

The thermal cycling method ruled out stresses 
which might arise in a specimen due to a tempera- 
ture gradient along the cross-section. 

The experiments demonstrated that the coefficient 
of growth is due both to the parameters of themal 
cycling and to the state of the material. The main 
results of the experiments consist in the following. 


1. The influence of the parameters of thermal 
cycling 


a) Number of cycles. In the first cycles the coef- 


ficient of growth was usually 5-10 times greater 
than in subsequent tests. This is a general law in- 
dependent of the material used, for the parameters 
of a temperature cycle and the mechanism of deform- 
ation [2] and is due to the basic processes of re- 
distribution of internal stresses (adaptability) and 
other phenomena characteristic of transition condi- 


_ tions. In a number of cases the first portion of the 


“growth coefficient/number of cycles” curves may 
be reproduced or varied according to the wishes of 
the experimentor, that as soon as it has passed 
through a few cycles the coefficient of growth be- 
comes independent of the number of thermal cycles, 
This is illustrated in Fig. 4 for two specimens with 
different degrees of preferred orientations, tested 
in the range AT = 200° (difference between the up- 
per and lower temperatures of the cycle), As can be 
can be seen, in an extreme case no change in the 
rate of growth is observed up to 5000 cycles. We 
must remember that a similar picture obtains in 
cadmium up to 10,000 thermal cycles — experiments 
have not been carried beyond this [2, 11], and up to 
3,000 cycles for uranium [3]. : 

At first glance it seems that this behaviour of the 
test specimens is evidence of the high stability of 
the structure because, as we will see below, in the 
final analysis it is state of the material which de- 
termines its behaviour. And indeed, Chiswick and 
Kuhlman [3] have emphasised that in their experi- 
ments with uranium the texture, grain size (fine 
grained specimens) and also the density of a mater- 
ial of a high degree of purity remain practically 
constant despite substantial changes in dimensions. 
One of us, analysing experiments with cadmium and 
tin [2], has come to the same conclusion. Thus, in 
cadmium density is reduced by not more than 3 x 
10°5 % per cycle, and the texture and grain size 
remain, within the limits of experimental error, un- 
changed. It is true that a characteristic variation 
in microstructure has been found in all the mater- 
ials investigated: the formation of a large number 
of slip lines and sometimes of twins or slip bands 
etc. But all the remaining accumulation of experi- 
mental data bear witness to the fact that the struc- 
tural distortions arising and corresponding to in- 
crease in the coefficient of growth are basically 
“healed” in the process of the thermal cycle itself. 

In experiments with zinc, the texture and grain 
size was also preserved. This seems to be a gener- 
al law where shape change is due to relaxation of 
the microstructural thermal stresses of anisotropy. 

However, the high stability of the degree of 
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TABLE 2 


TUS, kg/mm? 


0 
500 
1200 
2000 


preferred orientation and grain size is not sufficient 
to deny the possibility of other irreversible structur- 
al variations. Even the very first experiments with 
zinc for example, showed that cyclic thermal action 
causes intensive cracking and a consequent worsen- 
ing in physico-chemical properties. 

Fig. 5 shows the dependence of unit reduction in 
density on the number of thermal cycles for the same 
pair of specimens as in Fig. 4. It can be seen that 
in cycles the density falls by about 5%, which is 
practically the same for both specimens. At the 
same time it is appropriate to note that if a forged 
cylinder (55 % deformation) is so badly ruptured 
after 500 cycles that it shows no further resistance 
to deformation and can be bent like a chain, then 
rolling the zinc (deformation 45%), which expands 
it considerably more, will preserve its strength to a 
considerable extent even though it is damaged by a 
large number of cracks which are visible to the naked 
eye*. A photograph is shown in Fig. 6. Table 2 
gives the experimental data obtained on tension — 
compression test specimens (diameter 6 mm). They 
were cut from forged pieces (55 % deformation) which 
had previously undergone cyclic thermal action in 
the conditions described in the experiments above 
(A T = 200°). 

In 2,000 thermal cycles tensile stress falls from 
14.6 to 4.1 kg/mm? and elongation from 34.3 to 
2.5 % (in compression tests all the specimens be- 
haved in practically the same way). In the light of 
these figures the independence of the growth coeffi- 
cient of the number of cycles (see Fig. 4) seems 
particularly remarkable. And indeed the material is 
damaged to such an extent that it can be pulverized 
in the hands like rotten wood, although the rate of 


* A noteworthy although unpleasing fact: if the material 
suffers considerable cracking with reduction in the 
growth coefficient (and vice versa), this may be a 
considerable hindrance in preventing “thermal 
fatigue”. 


growth has remained unchanged. Subsequently, 
variations in structure, such as cracking, have no 
influence. on the behaviour of the specimens even if 
the latter are divided up by a network of cracks 
grouped in small patches and vaguely connected 
with one another. This shows once again that the 
shape of an article does not play any important part 
(see papers (2,11]) if the irreversible change in 
dimensions is due to relaxation of the micro- 
structural thermal stresses of anisotropy. This con- 
clusion does not appear to obtain where the shape 
change is a result of the action of ordinary thermal 
stresses [2]. 

b) Temperature range. One of the most important 
factors influencing the growth coefficient is the 
range of the temperature cycle. In an overwhelming- 
ly large number of cases increase in this range 
causes more intensive change in size, so long as 
the effect is not complicated by any other causes 
{2, 3, 11). 

The dependence of the growth coefficient on tem- 
perature range is shown in Fig. 7 for the two cases 
which we have already mentioned. It can be seen 
that if the temperature range is increased from 100 
to 300° there is a change of about 20 times in the 
growth coefficient. In other conditions of thermal 
cycling the difference may be less (see Fig. 9). As 
a general rule however, the effect of non-reversible 
shape change is highly sensitive to the tempera- 
ture range of the cycle. 

This is furthermore understandable when one 
considers that the temperature range, other condi- 
tions being equal, determines both the extent of 
the true stresses and the thermal conditions under 
which the process of relaxation may take place. In 
a first approximation true thermo-elastic stresses 
are proportional to the temperature range. A no less 
important fact is that the greater the difference 
between the lower and upper temperatures of the 
cycle, the greater will be the difference in relaxa- 
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FIG. 4. Dependence of elongation in zinc on the number 
of thermal cycles (AT = 200°): 
1 — forged zinc (55 %); 
2 — forged zinc (55%), and then rolled (45 %). 
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FIG. 5. Dependence of variation in the density of zinc 
on the number of thermal cycles (A T = 200°): 
1 — forged zinc (55%), and then rolled (45 %); 
2 — forged zinc (55 %). 


FIG. 6. External appearance of zinc testpieces: 

1 — initial state; 2 — after 5000 cycles; AT = 200°; 
piece was forged (55%), and then rolled (45 %). 
After testing section was rhombic which is why the 
piece seems thicker. 


tion times in ranges where the stresses are mutuaily 
compensating. And this, as has been shown theore- 
tically [2], in the final analysis determines the coef- 
ficient of growth. The “thermal ratchet” mechanism 
[3, 14] which is currently propounded, leads to the 
same results. 

c) The cycle. As the process of stress relaxation 
is time-dependent, it would be natural to expect 
that the rate of irreversible change in dimensions 
would increase if the specimens are held longer in 
the high and low temperature zones. This is illust- 
rated by Fig. 8 where the dependence of the growth 
coefficient on holding time at the maximum temper- 


ature of the cycle is shown (2 min at the lower 
temperature). The figures relate to zinc previously 
forged (55 % deformation) and then rolled (45 % de- 
formation) and two ranges of temperature — 160 and 
250°. 

In a temperature range of 160° the specimens 
hardly change their dimensions when the holding 
time is around zero, and they have a growth coef- 
ficient of 8.6 x 10°* per cycle when it is 20 min. If 
A T = 250° then the cylinders will increase in 
length substantially at any holding time in the high 
temperature zone. In the latter case stress relaxa- 
tion subsequently takes place even in the course 
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FIG. 7. Dependence of growth coefficient on temperature 
range: 
1 — forged zinc (55 %); 
2 — forged zinc (55 %) and then rolled (45 %). 


of heating or cooling. 

Curves similar to those in Fig. 8 were obtained 
also for uranium [3], cadmium [2, 11] and tin [2, 10] 
and are explained very well from the premises of the 
theory of rheology [2, 12]. 

d) Rate of heating and cooling. If no stress relax- 
ation were to occur during heating or cooling it would 
not be possible to discover the influence of the rate 
of change of temperature in the cycle. This should 
be quite understandable as the rate of heating or 
cooling cannot excercise any influence either on the 
degree of true stress or on the thermal conditions of 
their relaxation or the time taken by the latter pro- 
cess. 

Actually of course, some stress relaxation occurs 
even in the process of temperature change. For this 
reason variation in its rate of increase or fall may 
have some effect on the growth coefficient. It is, 
unfortunately, very difficult to organize the condi- 
tions of heating and cooling quantitatively while 
keeping all the remaining factors unchanged and for 
this reason we will touch only lightly on this quest- 
ion. 

Experiment has shown that increases of from | sec 
to several hours in the heating or cooling time of 
zinc have practically no effect on the growth coef- 
ficient. Fig. 9 shows the dependence of the growth 
coefficient on the temperature range for tests car- 
ried out in the following conditions: heating in 
quartz tubes for 6 min with subsequent cooling for 
6 min. The figures relate to specimens which have 
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FIG. 8. Dependence of growth coefficient of zinc on 
holding time in the high temperature zone: 
{temperature range 160°) 

2 — temperature range 250°. 


been previously forged with a deformation of 55 %. 
Comparing curve 9 with curve /] in Fig. 7 it can be 
seen that there is no essential difference, although 
the specimens represented in Fig. 7 were heated 
and cooled for only 2 sec. 
The same pattern is revealed also in experiments 
with cadmium [2, 11], uranium [3] and tin [2, 10]. 
We will now discuss the influence of the state 
of the material. 


2. The influence of the structure of the 
material 


Of the parameters characteristic of the structure 
of a material we will here only study grain size 
and texture. 

a) Texture. If the specimen is devoid of texture 
it will not be possible to distinguish the prevail- 
ing directions as regards physical properties and 
consequently, relaxation of the microstructural 
thermal stresses of anisotropy should not cause 
any change in shape. The only thing possible is 
internal deformation which is not connected with 
the external geometry of the piece. The fact that 
the size and shape of the specimens does not play 
any part in our effect has been demonstrated ex- 
perimentally in experiments with cadmium [2, 11]. 
In the case of zinc we also failed to discover any 
effect exerted by size or shape: round (3-20 mm 
diameter), square or flat pieces behaved in exact- 
ly the same way. This appears to be correct up to 
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FIG. 9. Dependence of growth coefficient of zinc on temperature 
range (heating and cooling in quartz tubes; 
6 min each heating and cooling time). 
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FIG. 10. Dependence of growth coefficient of zinc on 
the degree of previous plastic deformation in rolling 


(A T = 240°). 


the point where variation in the temperature condi- 
tions inside the specimen leading to change to an- 
other shape and size, can be neglected. 

For any zinc articles therefore, deformation can 
only take place in the presence of texture. Here it 
is natural to expect that the nature and degree of 
previous plastic deformation will have a consider- 
able effect on the growth coefficient. 

Fig. 10 shows how it varies when subjected to 
considerable deformation in forging into bars. If it 
is 0.75 x 1075 per cycle at a deformation of 55 %, 
then on upsetting by 86 % it will be 4.1 x 10°* per 
cycle, i.e. it will be increased by more 5.4 times 


(A T = 240°). 


A more complicated dependence is shown in Fig. 
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FIG. 11. Dependence of growth coefficient of zinc on 
the degree of previous plastic deformation on rolling 
(pieces were previously forged with 55 % deformation); 


T = 200°. 


11 where the growth coefficient is plotted as a func- 
tion of previous plastic deformation in rolling 

(A T = 200°). Before rolling the specimens were 
forged with 55 % deformation. It can be easily seen 
that even a change in sign is observed: if at small 
compressions the samples shorten with a coeffici- 
ent of growth about 1 x 10°* per cycle then at de- 
formation greater than 40% they increase at y = 

6 x 10°5 per cycle. It is relevant here to note that 
precisely the same curve was obtained by one of us 
for cadmium [2, 11]. 

The figures in Fig. 11 throw some light on cert- 
ain controversial pieces of information published in 
literature. Claus and Lohberg [16] for instance who 
discovered some errors in method permitted by 
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FIG. 12. Dependence of growth coefficient of zinc on 

variation in the coefficient of thermal expansion along 

the axis of the piece related to the mean value of this 
characteristic in the absence of texture: 


1 — rolled zinc (AT = 200°); 
2 — forged zinc (AT = 240°). 


earlier writers, put forward experimental results for 
the shape change of zinc. In these experiments the 
specimens which had been previously deformed by 
11 %, were intensively reduced in length (in complete 
agreement with the curve in Fig. 11). On the other 
hand, Bochvar and others [17-19] observed increase 
in the length of zinc plates. In these experiments 
unfortunately, a temperature gradient across the 
section was not excluded, making it impossible to 
compare them with the results of paper [16]. There 
is however, mention that the degree of previous 
plastic deformation was high — about 77% [19]. In 
this case the specimens must, according to the 
curve in Fig. 11, have increased in length. 

The degree of previous deformation is an exceed- 
ingly uncertain characteristic of temperature and for 
this reason it is very difficult to interpret the curve 
in Fig. 11. The preferred orientation could be ana- 
lysed by X-ray, but we did not use this method as it 
does not yield quantitative data. As the character- 
istic of temperature, we chose the variation in the 
coefficient of linear expansion along the axis of the 
specimen related to its mean value in the absence 
of preferred orientation. This method has already 
been successfully applied in the case of cadmium 
[2] and uranium [4]. 

The curves plotted in this way are shown in Fig. 
12. They relate to the same specimens as those in 
Figs. 10 and 11. It can be seen that they actually 
pass through the beginning of the co-ordinate; this 
is a further demonstration of the fact that where 

there is no texture pieces will not change their 
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FIG. 13. Dependence of growth coefficient of zinc 
on grain size (piece was forged (55%) and then 
rolled (45 %); 
(AT = 200°). 


shape. The change in the sign of the growth coeffi- 
cient is also understandable: the direction of irre- 
versible shape change is determined completely by 
the nature of the preferred orientation which con- 
forms to the well-known ideas on the mechanism of 
the “thermal ratchet” [14, 2]. 

Comparing the data above for zinc with the cor- 
responding results for tin [2, 10], uranium [3, 4] 
and cadmium [2, 11] one must come to the definite 
conclusion that in the final analysis it is texture 
which is the decisive factor in the behaviour of 
specimens under cyclic thermal action. 

b) Grain size. In all the experiments described 
above grain size remained constant and equal to 
0.033 mm. This is due to the fact that previous 
plastic deformation in all cases (including forging) 
was not less than 55 % while annealing was carried 
on under identical conditions (200°, 1 hr). However, 
a considerable reduction in growth coefficient is to 
be expected with increase in grain size, as this 
was the effect discovered for uranium [3], cadmium 
[2, 11] and tin [2, 10], i.e. in all the cases known 
to us. 

Fig. 13 gives the results of experiments with 
zinc. Here the specimens were previously forged 
(55 %) and then rolled (45%) and then held at a 
temperature of 200°. As was to be expected, grain 
growth caused a considerable reduction in the 
growth coefficient. It was reduced from 7.0 x 1075 
per cycle to 1.5 x 1075 per cycle with a variation of 
only 0.03-0.06 mm in grain size. 

What are the reasons for this effect ? It might be 
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that the nature of the stressed state is altered as 
the grain becomes larger. But this can be ignored, at 
any rate until the grain size ceases to be less than 
the transverse dimension of the specimen [2]. Grain 
growth is always accompanied by a partial relief of 
texture. To reduce, if not to exclude, this effect, we 
did a preliminary anneal in exactly the same condi- 
tions for all cases. In paper [2] it was shown that 
the growth coefficient will be considerably reduced 
as a result of a change in texture. 

It appears that the most serious factor must be the 
increase in the time of relaxation of the microstruct- 
ural thermal stresses of anisotropy on transforming 
to a coarse-grained material. This is demonstrated 
in particular by the fact that the difference in the 
behaviour of specimens with fine and coarse grains 
is eliminated at larger periods of the thermal cycle 
[2]. 

We have not in this work touched on problems con- 
nected with the influence of composition. We would 
note only, that in the cases of cadmium-lead and 
zinc-cadmium we found a complex relationship bet- 
ween the coefficient of growth and the content of 
the elements (including change of sign). 


CONCLUSIONS 


1. Shape change due to relaxation of the micro- 
structural thermo-stresses of anisotropy must be 
regarded as a fairly common phenomenon exhibited 
by a large group of materials. 

2. The extent of this effect is determined both by 


the parameters of thermal cycling (temperature 
range, cycle, and to some extent heating and cool- 
ing rate), and by the state of the material (grain 
size, texture, composition). The size and external 
shape of the piece has no influence, at any rate as 
long as variation in the corresponding thermal con- 
ditions can be neglected. Except for the beginning 
of the test, the value of the growth coefficient is 
not affected by previous changes in temperature. 

Increase in the temperature range and the cycle 
increase the deformation effect except in rare 
cases where it may for instance, cause change in 
grain size [2, 11]. Heating and cooling rates play 
a secondary part. The grain growth always leads to 
reduction in the growth coefficient. Texture is the 
decisive factor in the behaviour of the material. If 
it is varied the shape change effect may be elimin- 
ated or it may change its sign. 

3. Cyclic thermal action usually causes no chan- 
ge in texture or grain size. At the same time, it 
does sometimes cause “embrittlement” of the mater- 
ial leading in some cases to its complete destruct- 
ion. Notwithstanding, this may have no effect on the 
growth coefficient which in this case will remain 
unchanged. 


Translated by V. Alford 
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THE STUDY OF CUTTING PROCESSES AT VERY HIGH SPEEDS* 
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This paper describes a laboratory apparatus by means of which it is possible to study the proces- 
ses of metal cutting at speeds of 100 to 700 m/sec. Aluminium and duralnmin were cut in this range of 
speeds while studying force changes, chip shrinkage, its hardness, the depth of the work-hardened lay- 
er under the cut surface, weight of chip removed at constant depth of cut and variation in build-ap. 

Besides this, the recrystallization temperatures were determined in the work-hardened layer below 


the surface, and various other values. 


1. INTRODUCTION 


The processes of high speed machining, which 
have been mastered to a very high degree in indust- 
ry, have not been adequately studied from the theore- 
tical point of view, and for this reason the theory is 
not yet at a sufficiently developed stage to be able 
to give any definite forecast of the possibilities of 


further increase in speed. The science of metal mach- 


. ining is at the present time still unable to instruct 


our industry on the propsects of machining at speeds 
of several hundred m/sec. This is due to the fact 
that the processes of cutting and plastic deformation 
at high speed have been studied very little. We know 
of no experiments in machining metals at speeds of 
the order of 100 m/sec in which measurements were 
made of cutting force and temperature, and we know 
of no experiments at all in machining metals at 
speeds above 150 m/sec. This is due primarily to 
technical difficulties in producing super-high 
speeds. 

Some scientists have made proposals concerning 
the possibilities of machining metals at super-high 
speeds (several hundred m/sec). It is possible that 
the cutting tools would stand up to these speeds. 
For example, in 1933 the German firm Krupp took 
out a patent for the “Zalamon” (German patent 
No. 523594) [1, 2]. According to this patent the 
temperature of the cutting edge when milling first 
begins to increase, if the cutting speed is increas- 
ed, and then falls (Fig. 1). According to “Zalamon” 
milling is possible at speeds less than V, and 


* Fiz. metal. metalloved., 10, No. 3, 425-434, 1960. 


greater than V,. For iron fo- example, V, is 750 
m/sec. 

Twenty-six years have passed since this patent 
was published but in this time no-one has been 
able to say whether the assertions made in it are 
accurate. 

In 1947 Kusnetsov proposed a new method of cut- 
ting metal at very high speeds. It consists in the 
following. A cylindrical chuck is attached to the 
end of a rifle in extension of the barrel. The chuck 
holds cutting tools which cut the samples fired from the 
rifle. By this means cutting may be carried out at 
rates of some hundreds m/sec. Using this method 
an apparatus was developed in our laboratory in 
1948 to study the process of abrasion cutting at 
very high speeds [3]. In this work an improved 
method was developed for measuring the course and 
rate of abrasion cutting, and also of improving the 
method of catching chips and determining the vol- 
ume of build-ups. With this apparatus it is possible 
to measure cutting force and rate and also to catch 
the machined specimens and the chips intact dur- 
ing machining, in a split second of time. 

On this apparatus a study was made of a number 
of physical phenomena connected with the high 
speed abrasion cutting of aluminium and duralumin. 
Our main study was directed not towards processes 
of cutting the metal but the processes of abrasion 
cutting, as conclusion could be drawn from these 
experiments which would be applicable for both 
cutting and grinding. Besides this, Davidenkov 
[4, 5] has shown that in abrasive cutting hardness 
is linearly related to true strength. Davidenkov’s 
experiments were carried out at low speeds. This 
relationship may exist also at high speeds. We 


Cutting processes at very high speeds 


a 


| 
| 
| 


Vo 


Temperature of cutting edge 


Ve 


Rate of cutting 


FIG. 1. (Zalamon). 


FIG. 2. Apparatus for cutting test specimens at high speeds. 


intend to find this out subsequently. 
2. METHOD 


On the basis of the idea described above, of the 
possibility of cutting metals at very high speeds by 
firing testpieces from a rifle, an apparatus was de- 
signed in 1948 for the study of cutting processes 
[3]. In the present work this apparatus was improv- 
ed and consists in the following. The rifle 9 is 
mounted on a rigid metallic base J] (Fig. 2). The 
test specimens (Fig. 3) are put into a cartridge __ 
together with the bullet and when fired they fly bet- 
ween the two cutters 4 which remove chips from 
them. After this they fall into box ]4 lined with 
strips of felt 2 and come to rest intact. The pieces 
do not rotate in passage along the barrel. After 
firing, the rifle recoils and the shock is taken by 
the rubber shock absorber 10. 


The cutter holder 5 and test specimen collector 
14 are suspended on two pairs of fine threads ] and 
3. Each pair of threads is strictly parallel. They 
are arranged at an angle to the plane perpendicular 
to the drawing and are attached with a special mech- ~ 
anism by means of which the length of the threads 
can be regulated. By varying the length of the 
threads the cutter holder can be adjusted to the 
position at which the upper and lower cutters pro- 
duce identical cuts (Fig. 4). Adjustment of the cut- 
ter holder is made with the aid of a special optical 
device. The cutter holder and bullet reveiver are 
pushed out of place under the action of the test- 
piece. The extent of the displacement is recorded 
by needles 12 and ]3 on a smoked glass. From the 
displacement of the tool holder and the bullet re- 
ceiver, the mean cutting force and speed can be 
determined. 

To eliminate the effect of gunpowder gases on 
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the tool holder there is a mandrel 8 with a longitu- 
dinal groove passing through it. The gases flowing 
out of the grooves are separated from the tool hold- 
er by cast iron plate 7. By their means the degree 
of error introduced into measurements of cutting 
force, as a result of gunpowder gases and air vibra- 
tion, did not exceed 5%. 

A hole was bored through plate 7 concentric with 
the axis of the gun barrel. The end of mandrel 8 
went into this hole. This made sure that the gun 
barrel was co-axial with the hole in the plate through 
which the testpiece pases. On the other side of the 
plate is a guide tube 6, which falls a few milli- 
metres short of the cutters. 

The abrasive cutters were made of high speed 
steel. The geometry of the cutters is shown in Fig. 
5. The materials used for the investigation were 
aluminium and duralumin. These materials were 
selected because when they are cut at very high 
speeds the stability of the cutters is quite adequate 
for the conduct of the tests [3]. Before cutting, the 
test specimens were annealed for an hour; aluminium 
at 400° and duralumin at 500°. After soaking at 
these temperatures the specimens were cooled in 
the furnace. 

The chips were collected in special pockets in- 


side the tool holder. The pockets were lined with 
cottonwool to protect the flying chips from deform- 
ation. 

During cutting a mean force F,, is acting on the 
cutters. Under the influence of this force the tool 
holder with mass Q acquires a velocity V{.. Accord- 
ing to the theorem for quantity of movement 


where ¢ is cutting time. After cutting, the chips fly 
into the pockets in the tool holder at a velocity of 


V,. -, and reduce its velocity to V,, and for this 
reason 


= QV, +m 


where m’ is the mass of the chips (m’< Q). Thus 


Fi t= QV, +m'V, ch: 


Cutting time will be 
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FIG. 7. Scheme for measurement of cutting rate: 
1 — battery; 2 — cutters; 
3—test specimen; 4 — oscillograph screen. 


where 1, is the length of the testpiece and U,, is the 
mean cutting rate. 


Then F,, will be 
U 


It can be seen from Fig. 6 that the component of 
the speed of a chip is 


V, on = V - $in 7, 


where V., is the velocity of the chips, and y is the 
front cutting angle. The velocity of the chip is de- 
pendent on shrinkage 


C=— 


lo 


( equals the length of a chip). After separating the 
numerator and the denominator for cutting time t we 


find 


V ch = sin y. 


Having found this relationship we finally have 
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, 2 
QViUm m WU, siny 
(11) 


Knowing the extent of the displacement of the 
tool holder and its rocking radius, we can calculate 
V,. The deviation of the bullet receiver is used to 
to determine U,. When the testpiece falls into the 
bullet receiver with the felting it completely loses 
its velocity and the bullet receiver acquires a velo- 
city-of V,, therefore 


m,U, => (m, + M) Vs, U, = Va, 
1 


where m, and U, are the mass and velocity of the 
testpiece after cutting; M and V, are the mass and 
velocity of the bullet receiver. V, is calculated 
from the extent of the displacement of the bullet 
receiver and its rocking radius. Ii U, and QV, are 
known, then it will be possible to calculate the 
average rate of cutting. The amount of movement 
before and after cutting should be the same. Before 
cutting the movement of the piece.is mU, where m 
and U, are the mass and velocity of the piece be- 
fore cutting. After cutting the movement of the piece 
will be m,U, and that of the tool holder with the 
chip will be QV,. Consequently 


mU, = m,U, + QV;. 


Hence the mean velocity will be 
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FIG. 9. Dependence of cutting force on speed; 
1 — aluminium, nominal depth cf cut 0.82 mm; 
2 — duralumin, nominal depth of cut 0.47 mm. 


where m’ is the mass of the cut chips. 

The mean velocity of the piece can be determined 
during the process of cutting by means of a pulse 
operated oscillograph. For this purpose the cutters 
are electrically insulated from the cutter holder and 
connected up with an electric current as shown in 
Fig. 7. On cutting, current from electric battery ] 
flows vertically into oscillograph OK-17-N and 
causes a trace on the screen 4 which is photograph- 
ed. If the. velocity of the horizontal trace is known 
together with the length of the signal on the screen 
and the length of the specimen, it is possible to‘cal- 
culate average cutting rate. Comparing the rates 
obtained by the first and second methods it is found 
that they agree very satisfactorily (scatter of ~ 5%). 

Cutting at speeds below 100 m/sec is not possible 
on the apparatus described as the piece would be 
very considerably braked in the course of cutting, 
for which reason cutting at static speeds was carried 
out with the same cutters on a special apparatus in 
which the cutting force was measured by a spring 
dynamometer. 

After cutting, the pieces had what are known as 
build-up edges which are shown in Fig. 8 by arrows 
1 and 2. To determine the weight of the build-up 
edges they were removed with a special device and 
weighed. The cross-sectional area of the cut was 
calculated after measuring width, depth and radius 
of curvature. 
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FIG. 10. Aluminium. 


1 — total weight; 


2 — weight of built-up edges; 
3 — weight of chip. 


The depth of the work-hardened layer under the 
machined surface was determined by measuring the 
microhardness in perpendicular transverse sections. 
The specimens were prepared by electrolytic polish- 
ing. 


3. RESULTS OF THE INVESTIGATION 


In an earlier paper [3] an experimental determina- 
tion was made of the force acting on cutters during 
the abrasion cutting of brass and duralumin at 
rates of 100-700 m/sec. The methods used for de- 
termining the force, the shape of the cutters and of 
the specimens, were the same as in this work. 
These were the first experiments in the study of the 
cutting process at very high speeds. In those in- 
vestigations besides the curve F,-U,_ (force- 
speed) no other figures were obtained and it was 
very difficult to deal with the relationship between 
variations in F,, and U,,. In this work, at the same 
time as variations in speed a study was made of 
variations in force, chips shrinkage, its hardness, 
the depth of the work-hardened layer under the 
machined surface, the weight of chip removed at 
constant cutting depth and variations in the extent 
of the built-up edges. Besides this the recrystalliz- 
ation temperature was found in the work-hardened 
layers below the machined surface and certain other 
values. We were not, however, able to find satisfact- 
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FiG. 11. Duralumin. 
1 — total weight; 2— weight of chips; 
3 — weight of built-up edges. 
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FIG. 12. Relative strain of chip: 
1 — Aluminium; 
2 — Deralumin. 


a. 


ory experimental figures on the variations in temper- 
ature at the cutting face of the tool. It is very diffi- 
cult to carry out methodical measurement of tempera- 
ture for a cutting time of the order of 10°* sec. This 
is a problem for the future. 

The variations in force F, acting on the cutter are 
shown in Fig. 9 in relation to speed. When the speed 
is increased the force is at first reduced and after 
reaching a minimum it increases. Thus at speeds of 
~ 100 m/sec force F,, is considerably less than at 
static speed. It is possible that if cutters with posi- 
tive rake angles are used the difference in static 
force and that at speeds of ~ 100 m/sec will be 
reduced but there is some reason to believe that the 
minimum will be retained. From this point of view 
it is not only possible but extremely advantageous 
to machine aluminium and duralumin at rates of 
~ 100 m/sec. It is true that the temperature on the 
cutting edge is of considerable significance in solv- 
ing this problem but at speeds where high tempera- 
tures do not apparently develop signs of melting of 
the chips are not observed until speeds of over 
600 m/sec are reached. For the definite solution of 
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FIG. 13. Microhardness of chip: 
1 — Doralumin; 
2 — Aluminium. 
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this problem, temperature measurements must be 
made on the cutter or stability tests must be carried 
out. 

In the cutting of metals the work of cutting is 
usually expended to a considerable extent in deform- 
ing the chips and therefore there exists a qualita- 
tive relationship between the variation in chip 
shrinkage and cutting force. In abrasion cutting the 
whole volume of the cut does not pass into the chip, 
part of it goes into the sides and for this reason 
build-up is formed along the edges. Moreover the 
chip develops speed (the case where the work is 
stationary and the cutter moves; if the cutter is 
attached and the work piece is moving then the 
forces arising will be the same but the distribution 
of forces will be less apparent), and for this reason 
the work of cutting is used up in transmitting kine- 
tic energy of the chip. When cutting aluminium 
(density 2.7) and duralumin (density 2.8) at rates of 
up to ~ 100 m/sec this work will be less while at 
rates of over 100 m/sec it begins to increase and 
assumes greater significance. Consequently the 
force in abrasion cutting will be dependent firstly 
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FIG. 14. Depth of cold-worked layer (aluminium). 


on the cross-section of the built-up edges S, and 
‘the cross-section of the cut S., and secondly, on 
the shrinkage of the chip and thirdly, on its kinetic 
energy. If the mean stress on area S. is expressed 
by o, and on area S},, by o},, then the cutting force 
can be found from the equation 


F=S cyst S, (12) 


It follows from Maslov’s work [6-8] that when cuts 
are made by crumpling, the stress in the cut will in- 
crease with the cross-section and so also will the 
extent of the built-up edges and here the greater the 
strength of the material the more intensive will be 
the increase in stress. For this reason when cutting 
aluminium the increase in stress will be less than 
when cutting duralumin. Thus o},, is dependent on 
S},, and will vary in the same way, while the pro- 
duct o},,5;,, will vary more abruptly than S,,,, and 
the maximum and minimum figures for S,, and 
Fhu Shu Will coincide. There is no similar relation- 
ship between S. and o,. Stresses 0, are weakly de- 
pendent on S, and are mainly determined by the 
shrinkage of the chip. The less the shrinkage, the 
less will be stress 0. and vice versa. For this 
reason up to speeds of ~ 100 m/sec the value of o, 
will be related to chip shrinkage and at speeds over 
100 m/sec stresses a, will still be dependent on the 
kinetic energy possessed by the chip. 

Fig. 10 shows how the weight of the built-up 
edges and the chip varies with increase in speed in 
the abrasion cutting of aluminium, and Fig. 11 shows 
the same for duralumin. Figs. 12 and 13 show the 
relationship between the percentage shrinkage of 


the chip 


e(e = ]—£) 


and microhardness. It can be seen from these graphs 
that at the beginning the percentage shrinkage of 
the chip decreases and microhardness also falls 
accordingly. As a result of this 7, ought also to 
decrease. After ~ 100 m/sec, shrinkage remains 
constant but at speeds of over 100 m/sec stresses 
0, will increase as a result of increase in the kin- 
etic energy of the chip. S, also decreases up to 
100 m/sec and after that minimum, it grows again. 
stress 0}, as has been explained above, varies in 
the same way as S,,. Thus in formula (12) S,,, 
7,4 and o, decreases up to ~ 100 m/sec and then, 
as the speed increases, their value grows again. 
Cutting force S, varies in a similar manner and 
consequently S., which varies in the opposite 
direction, plays a less important part than terms 
Siur My and o, and cannot exert any very great 
influence on the total variation of the sum in the 
righthand side of formula (12). 

It is extremely interesting that chip shetahage, 
which begins at a rate of above 100 m/sec, remains 
constant. The variation in shrinkage where angle 
y is constant (Fig. 6) is due to variation in the 
shearing angle f, (machining angle). The greater 
the chip shrinkage the less will be angle 8,. When 
the cutting rate is increased to 100 m/sec chip 
shrinkage is reduced and angle f, should increase. 
Further increase in cutting rate leaves chip shrink- 
age constant and angle f, reaches a certain limit 
and also remains constant. To find out the reasons 
for this phenomenon one must investigate the vari- 
ation in angle f, at various different angles of 
y in the process of cutting different types of metal. 

Reduction in chip shrinkage reduces the work 
necessary to transform the cut into a chip. For this 
reason it will be energetically preferable to remove 
the material from the cut by cutting and not by 
crumpling. This causes a re-arrangement of the 
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FIG. 15. Microhardness at various distances from the bottom of the 
cut (aluminium): 
1 — 602 m/sec; 2—503 m/sec. 
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FIG. 18. Depth of cold-worked layer: 
1 — duralumin; 
2 — aluminium. 


relationship between S, and S,,,-. As shrinkage is piece. When the cutting rate is increased (above 
reduced S, increases and S,,, decreases. Chip 100 m/sec) the kinetic energy of the chip increases 
shrinkage remains constant at cutting rates above and as a result the work expended in transforming 
~ 100 m/sec and for this reason S, ought also to be the cut into a chip also increases, for which rea- 
constant but, as we have already mentioned, at son it becomes energetically more favourable to re- 
high speeds inertial forces begin to appear. Stres- duce S, and increase S},,, which same has been ob- 
ses due to the kinetic energy of the chip begin to served in experiments. From a certain speed own- 
act on the area S,. Similar stresses on S},,, do not wards, the total weight of the build-up and of the 
arise since the build-ups move together with the chips increases (Figs. 10 and 11) and as a result 
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FIG. 19. Microhardness at a distance of 0.1 mm from the bottom of the cut 
at different annealing temperatures: 


1 — static speed; 


the volume of the cut also increases at constant 
depth of cut. To explain this phenomenon, even in 
general terms, further investigations are required. 
At the moment one can only say that increase in the 
dimensions of the cut is related to an increase in 
transverse stresses, 

Variation in the amount of build-up will naturally 
change the depth of the cold-worked layer of the 
machined surface. The greater the build-up the great- 
er will be the depth of the cold-worked layer. When 
build-ups are formed the metal flows upwards and 
for this reason, the deeper the cut the more difficult 
will it be to transfer it to the surface in the form of 
build-ups. This should mean that the upper layers 
of the cut will be forced into build-ups and the low- 
er layer will be cut out in the form of a chip. Be- 
cause of this the depth of the cold-worked layer 
below the cut should be mainly dependent not on the 
size of the build-ups, but on chip shrinkage. The 
variation in the depth of the cold-worked layer in 
the central part of the cut (underneath) is shown at 
various speeds in Fig. 14, and Fig. 15 shows as an 
example, the variation in microhardness in depend- 
ence on the existence from the bottom of the cut at 
cutting speeds of 602 and 503 m/sec. 

When the depth of the cold-worked layer in dura- 
lumin was determined by the microhardness method 
there was some danger that the heating of the mach- 
ined surface in the process of cutting might cause 
further ageing of the pieces and change the micro- 
hardness independent of plastic deformation. To 
clear up this problem composite testpieces were 
made (Fig. 16) the conical part of which had been 
previously polished. After the specimens had been 
annealed chips were cut from them at three differ- 
ent speeds and, immediately after cutting and again 
after a week, microhardness was measured along 


2 — 600 m/sec. 


the conical surface until the original microhardness 
was obtained. The figures obtained in the first and 
second measurements agreed. From this the con- 
clusions may be drawn that after cutting there is no 
ageing in the pieces. 

It can be seen from the graph in Fig. 14 that 
when cutting speed is increased the depth of the 
cold-worked layer at first decreases in the same 
way as shrinkage, but at subsequent increases in 
speed, shrinkage remains constant and the depth 
increases. We assumed that this increase was 
due to general increase in the size of the cut be- 
cause this increase is caused by an increase in 
transverse stresses. The following experiments 
were carried out to check this assumption. Two 
edges were cut off the specimens as shown in Fig. 
7 by the dotted lines and the distance between the 
cutters was varied in such a way that the depth of 
the cut remained the same at all speeds. In this 
case the depth of the cold-worked layer at first be- 
came less when speed was increased, and then it 
was stabilised and remained constant (Fig. 18). 
This confirms our assumptions. 

The cold-worked layer under the machined sur- 
face may vary with increase in cutting speed not 
only quantitatively but also qualitatively. The 
mechanism of plastic deformation may be very dif- 
ferent at low and high speeds. This problem has 
been studied very little. The nature of the lattice 
distortion may vary qualitatively under deformation 
at different speeds. 

Fig. 19 shows the variation in the microhardness 
of the cold-worked layer at a distance of 0.1 mm 
from the bottom of the cut at various different an- 
nealing temperatures for 1 hr after cutting at a 
static speed and at 600 m/sec. It can be seen from 
the course of the curve that the degree of deforma- 
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tion at static speed is greater than at 600 m/sec 
but, despite this, relief of static cold work occurs 
at much lower. temperatures. This shows that at 
high speeds the deformations cause partial distort- 
ions of the lattice such as do not occur at static 
speeds. These distortions are more temperature re- 
sistant. 

From the material presented in this work it can 
be seen that the process of very high speed cutting 
is essentially different from cutting at commercial 


speeds. The experimental information obtained 
could not always be explained, even qualitatively. 
The study of phenomena occurring during very high 
speed cutting is of considerable practical and theo- 
retical interest and it should be furthered more in- 
tensively as some encouraging data have been ob- 
tained in the present work concerning the possibi- 
lity of machining metals at critical speeds at which 
the work of cutting is a minimum. 


Translated by V. Alford 
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PENETRATION OF A NON-RIGID ROD BY SHORT STRESS IMPULSES 
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The level of the maximum stresses passing through steel rods is investigated by measuring 
the strains occurring in rods of different strength when longitudinal disturbance waves pass 
through them. The impulsive loads, the duration of which was ~ 10° * sec, were created by means 
of an explosive charge and were conducted to the test specimen through a rigid rod of the same 
diameter as the specimen. In this paper a determination is made of the level of the drop in the 
amplitude of the impulse after passage through the elastic-plastic zone of the test specimen in 


relation to the mechanical properties of the latter. 


INTRODUCTION 


One of the first problems which always arises in 
investigations of the process of the short time load- 
ing of elastic-plastic testpieces, is that of assess- 
ing the stresses freely distributed in that part of the 
specimen which is undisturbed by plastic deformation. 
From a completely general point of view not only, 
would it be interesting to measure the maximum am- 
plitude of the stress, but also to explain the form of 
the impulse both at the front section and also at the 
falling part. 

A large number of investigations, particularly 
theuretical ones [1-9], have been devoted to invest- 
igation of stress waves and deformation in elastic- 
plastic rods. Experimental works in this field [10- 
20] are most frequently of all devoted to the aim of 
verifying or clarifying some theory [10-13], and as 
a rule are limited to observation of one particular 
aspect of the phenomenon, for instance the rate of 
propagation of the disturbance etc. Such investiga- 
tions have been carried out under widely differing 
load conditions particularly as regards the cycle of 
load application, which makes it impossible to gener- 
alize their results to explain the dependence of the 
amplitude of the stress ahead of a zone of plastic 
disturbance, on the initial properties of the material. 

Our present work represents an attempt at the 
direct measurement of the level of the maximum com- 
pression which steel rods with differing initial 


* Fiz. metal. metalloved., 10, No. 3, 435-444, 1960. 


properties transmit under similar conditions of load- 
ing from the disturbed end to the opposite one. It 

it assumed that maximum interest in this question 
centres round the shortest possible impulses when 
there should be some delay in the relaxation pro- 
cesses in the material. For this reason the method 
selected for exciting the impulses in the test spe- 
cimens was that of firing off small charges of ex- 
plosive. 


SELECTION OF THE METHOD AND ITS 
DEVELOPMENT 


A review of a number of the known methods of 
measuring impulse stresses, including the method 


of Hopkinson [21], Davies [22] and others [23- 26] 


and also of the works in which these methods have 


been applied [27, 28] shows that the methods enu- 
merated all suffer from a number of deficiencies. 
The most suitable method seems to be that where 
a resistance wire-strain gauge used. This method 
permits the direct recording of variations in deform- 
ation in time in the portion of the specimen being 
investigated. As they are virtually inertionless 
transmitting elements, resistance strain gauges 
have been widely used in dynamic stress investi- 
gations [15, 29]. Experiments have been made in 
using them at impact velocities of the ballistic 
range [30-32], and also in measuring the deforma- 
tions caused by explosions [19, 20]. 

In the case which interests us, that of the mea- 
surement of stress impulses propagated along a rod 
after shock, the wire transmitting element method 


Penetration of a non-rigid rod 


FIG. 1. Schematic drawing of vacuum chamber for experiments with 
explosive charges: 


1 — specimen; 
2 — measuring disk; 
3 — strain gauge; 


4 — indicator for starting oscillograph and camera; 
5 — charge with electric detonator; 

6 — paper fuse for setting charge; 

7 — rubber ring supporting specimen. 


seemed to us to be the most suitable. The test spe- 
cimen for this purpose has to be a cylindrical rod 
whose diameter is less than the expected wave 
length * [23], while the base of the wire strain gauge 
attached to it should also be less than this length. 
If these conditions are observed the transmitting 
elements will satisfactorily record all forms of the 
elastic stress wave. 

With the aim of making the strain gauge method 
suitable for the conditions which interested us, we 
made preliminary measurements of the elastic im- 
pulses propagated along the rod where the figures 
obtained could immediately be checked by other in- 
dependent methods. 

In these measurements the impulse was excited 
by exploding a 5 gr. cylindrical charge with the 
same diameter as the rod, against the end of the rod. 


* Wavelength here means the length of the section disturb- 
ed by deformation when the impulse passes through it. 
It is calculated as the duration of the impulse ¢ and the 
speed of sound c in the material used. 


This gave a load which acted for about 10 micro- 
seconds at maximum amplitude of the pressure. In 
these experiments no prior opinion could be formed 
of the nature of the impulse. But with the strain 
gauge measurements made simultaneously however, 
an approximate determination could be made of its 
maximum amplitude using Hopkinson’s method, i.e. 
by measuring the velocity of the flight of a thin disk 
(of the same material as the specimen) ejected from 
the back end of the rod after a portion of the wave 
had been reflected from it at maximum pressure. 
The steel rods had a diameter of 14 mm and were 
250-300 mm in length. Two transmitting elements 
connected in series, were attached to diametrically 
opposite portions of the specimen at a distance of 
not more than 100 mm from the shock loaded end. 
The length of the wave excited by the blast was not 
more than 60 mm. The selection of the positions to 
attach the gauges thus provided for a pure recording 
of the first impulse without disturbance from reflect- 
ed waves. In the circumstances selected these was 
also no risk of dispersion [23]. The strain gauges 
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Penetration of a non-rigid rod 


FIG. 2. Strain gauge recording of elastic deformations from a direct 
and a reflected impulse. 


used were of constantan with a base length of 8 mm 
and mean resistance of about 100 ohms. They were 
connected with the usual strain gauge circuit. Sign- 
als created by the passage of an impulse were tans- 
mitted through a wide band amplifier to a cathode 
oscillograph. 

The scale of the strain gauge recording along its 
ordinate was determined in the following way. Im- 
mediately after recording the curve of an impulse a 
signal from the standard signal generator, calibrated 
in frequency and amplitude, was transmitted onto the 
same channel of the oscillograph. In this way both 
the time blip and the size of the impulse ordinate 
were transmitted at the same time. It was photograph- 
ed on the same frame of film, slightly below the main 
oscillograph recording (see Figs. 2 and 4). This 
eliminated the possibility of accidental variation in 
the conditions of the working and calibrated experi- 
ments such as migh arise in separate calibration of 
the impulse amplitude. The amplitude of the cali- 
brated signal was measured with a valve voltmeter 
with a precision of 2%. 

If the ballast resistance in the applied potentio- 
meter circuit is many times greater than the resist- 
ance of the strain gauges R then the height of the 
signal h on the oscillogram may be regarded as pro- 
portional to /AR, where / is the current in the cir- 
cuit and A R is the variation in the resistance of 
the strain gauges under the influence of the measured 
deformation. As 


where 7 is the coefficient of sensitivity of the trans- 
mitter, € is elastic deformation, E is the modulus of 
elasticity in tension of the specimen, then the stress 


sought 0,,.,, can be found by the formula 


a 
tens 


kh 
x Ps = const A; 


where & is the coefficient of proportionality which 
is established by experiment. Thus, if the gauges 
register purely elastic deformation then the oscil- 
logram will be a stress-time diagram. 

The rods used in the preliminary experiments 
were made from normalized steel U10A and the sam 
steel heat treated to R-. = 60. The charge was ar- 
ranged at different distances from the end of the roc 
coaxially with the latter, and also immediately on 
top of it. 

In order to be free of explosion shock waves 
created in the immediate vicinity of the measuring 
apparatus, the tests were carried on in a special 
vaccum chamber 0.1 m* in volume which was eva- 
cuated to ~ 1 mm Hg. In these conditions the blast 
was practically soundless. 

The diagram in Fig. 1 shows the chamber divid- 
ed into two parts by a solid steel membrane. The 
specimen is arranged in such a way that its shock 
end is above the membrane and the blast from the 
charge will pass into the upper part of the chamber: 
the strain gauges are below the membrane, shieldec 
by the latter from the ionized products of the blast. 
Rubber rings were used to fasten the rod, which ex: 
cluded the possibility of the impulse becoming dis- 
torted by reflection or scattering as, thanks to the 
extremely low acoustic rigidity* of rubber, that 
part of the specimen which was contained within 


* Acoustic rigidity is the product of density and the 
speed of sound for a given material. 
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FIG. 3. Movement of the measuring disk (5000 exposures/sec). 


them could be regarded as having a free surface. 

In the lower part of the chamber there were two 
sight windows opposite to one another. By this 
means it was possible, using the FTI apparatus for 
HF photography [33, 34], to measure the speed of 
movement of a steel Hopkinson disk 1.5 mm thick 
held to the end of the rod by a thin layer of oil. The 
period of time elapsing between exposures was mea- 
sured by means of a photomultiplier and a cathode 
ray oscillograph. The photography was carried out 
at the rate of 5000 exposures/second. 

Fig. 2 shows an example of a strain gauge record- 
ing obtained in these experiments. The reflected 
impulse from the rear end of the rod can also be 
seen. Fig. 3 shows a series of three photographs 
illustrating the movement of the disk after its separ- 
ation from the rod. 

At the moment of reflection from the rear end of 
the rod at maximum amplitude of the impulse, this 


end acquires maximum displacement velocity v 
equal to twice the mass velocity of movement of 
solid particles on the crest of a wave. The measur- 
ing disk acquires practically the same speed as the 
end of the rod. If v is known, it will be easy to cal- 
culate the maximum amplitude of true stress o from 
the following well-known formula [35]: 


3 == OC 
9 


where p is the density of the material, and c is the 
speed of sound in the rod. 

The wavelength of the disturbance penetrating 
into the specimen was, as mentioned before, about 
50-60 mm while the base length of the strain gaze 
was 8 mm. If the impulse in our case had been U- 
shaped, then its duration would have been more 
precisely recorded by the strain gauges by ~ 2micro- 
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TABLE 1. Comparison of mean * stress amplitude maxima found by two 
independent methods 


Max. stress of 
impulse 


o kg/mm 


State of shock-loaded 


Material 


Distance between 
charge and end of 


rod, mm 


Strain Measuring! 
gauge disk 
method | method 


| end after experiment 


Steel U10A, 


normalized.......... 
Steel U10A quenched to 
high hardness...... 


tS 
8 


The same 


* Figs are average of 5 measurements 


4l Plastic disturbance 
66 Initial state 


144 |Scarcely perceptible plastic 
disturbance 

Clipping in plastically 
disturbed zone 


seconds, i.e. by the period of time expended in pro- 
gressing the front of the impulse along the base 


length of the transmitting element. In this case the 
isaximum amplitude recorded would have been cor- 
rect. 

In our experiments the impulse was nearly trian- 
gular. Error in determining the duration of the impul- 
se did not exceed that state above. But the error in 
determining its amplitude could have been quite con- 
siderable as every ordinate of the strain gauge re- 
cording is reflected in the duration of a whole cycle 
of action of the impulse on the deformation spread 
out along the base length of the transmitting ele- 
ment. If the apex of the true curve of the impulse as 
in the form of a triangular peak then its upper part 
with a base length equal to that of the strain gauge 
will be occupied in the oscillographic recordings by 
a roughly similar in size right triangular with the 
same base. For this reason the height Ah of the 
portion of the impulse on the strain gauge recording 
under observation will be reduced by a half. The un- 
known degree of error in finding the maximum ampli- 
tude of the impulse can be determined approximately 
from the ratio of the magnitude AA/2 taken from the 
oscillogram, to the height of amplitude h as shown 
on the strain gauge recording. 

Allowance for this when dealing with our strain 
gauge recordings showed that the correction to the 
maximum amplitude of deformation recorded in the 
least favourable circumstances did not exceed 16 %. 


When the data obtained for steel rods of the two 
types indicated above were studied, it was found . 
that the values of the maximum amplitudes measur- 
ed by the two independent methods were in very 
good agreement (Table 1). 

It can be seen that disagreement does not exceed 
10%. This allowed the strain gauge method to be 
used satisfactorily to find out the ability of rods 
of different strength to transmit short impulsive 
loads. 


DISCUSSION OF RESULTS 


The experiments were carried out as follows. 
The steel test rod after being placed in the lower 
part of the chamber, was extended at its upper end 
by a short (100 mm) rod of the same diameter (14 
mm) made either of the same steel or of a steel 
heat-treated to higher hardness. This extension was 
attached to the test rod by a rubber sleeve. It thus 
received the shock from the 5 gr charge placed at 
a distance of 10 mm from its end and conducted the 
impulse passing through it to the test rod. By at- 
taching strain gauges to the rod which transmit the 
shock, close to its junction with the test rod, it 
was possible to know in each experiment exactly 


what impulse was being conducted to the test spe- 
cimen. It was first established that the existence 
of a junction between the rods would not alter the 


form and amplitude of the impulse so long as their 
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mechanical properties and diameters were the same. 

The experiments described below were carried out 
on four groups of steel rods with different hard- 
nesses (Table 2). Two of the groups (A and B ) were 
used both as test and as transmitting rods. As only 
steel rods were used they could be treated as poss- 
essing practically the same acoustic rigidity and 
consequently there was no danger of reflection of 
the impulse from the contact surface affecting the 
results of the measurements. 

The strain gauges were attached at different dis- 
tances (from 15 to 80 mm) from the joint. In addi- 
tion to direct impulses oscillograph recordings were 
also made of those reflected from the rear end of the 
test rod (Fig. 2). 

If the strain gauged portion of a specimen being 
examined had no plastic deformation (at great dis- 
tances from the shock-loaded end), a “tail” of the 
oscillogram appeared at the zero line (Fig. 2 and 
4a). Here, as has already been noted, the oscillo- 
gram provided the opportunity for calculating the 
curve o (t). If the measured portion had suffered 
plastic deformation only the diagram « (t) could be 
reflected by the strain gauge recording. 

Fig. 4a shows the strain gauge recording of an 
impulse conducted to the test rod through the trans- 
mitting rod. Fig. 46 shows the strain gauge record- 
ing of the same impulse after it had penetrated the 
test rod at a portion close to the junction point (15 
mm) which had in consequence undergone plastic 
deformation. In this case the “tail” of curve « (¢) 
passes out at a level other than the zero line. This 
kind of strain gauge recording has been noted al- 
ready [16, 18, 32]. If the maximum amplitude of the 


Penetration of a non-rigid rod 


FIG. 4. Strain gauge recordings of deformations in the transmitting rod 
(a) and test rod (b) which has been plastically deformed in the 
shock zone. 
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total deformation of a given portion of the test spe- 
cimen does not exceed 5% it can then be assumed 
that the strain gauges maintain their linear charac- 
teristic [29]. Then the amount by which the “tail” 
of the strain gauge recording rises above the zero 
line will be determined by the small amount of resi- 
dual strain in the portion of the test rod. When this 
deformation was measured at the end of the experi- 
ment from the variation remaining in the resistance 
of the strain gauge, it agreed in all cases with the 
value recorded on the oscillogram. 

The difference between the amplitude of total de- 
formation on the strain gauge recording and the am- 
plitude of residual deformation on it, is reflected 
approximately by the maximum amplitude of the 
elastic disturbance which freely penetrates further 
into the rod. This assumption was in fact confirmed 
from the strain gauge recordings of portions far from 
the point of impact. 

The results which we obtained from the measure- 
ment of the maximum amplitudes of deformation « 
in the process of the movement of a disturbance 
along a specimen are shown in Fig. 5 for steel rods 
of three different strengths. Each of the points in 
the graphs represents the mean value of deformation 
found after several observations under the same 
conditions. In the right-hand corner of the same 
graph is given the distribution of residual compres- 
sive strains in the test specimen close to its work- 
ing end. 

The results obtained from the strain gauge record- 
ings are given in Fig. 6 converted into stress va- 
lues *. Here, together with the height of the stress 
(see footnote on the next page) 
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FIG. 5. Measurements of deformations due to the move- 
ment of the impulse, made at different distances from 
the working end of specimens of different strength, 
(see Tabie 2 for B C and D). 


amplitudes in the test specimens, the level of the 
maximum stress amplitudes in the conducting rod is 
given. From this it can be seen to what extent the 


impulse amplitude has fallen as a result of plastic 
disturbance at the working end of the test rod. In the 
case where the transmitting and test rods of the 
same material, no drop in amplitude is observed. In 
the remaining cases the amplitude fell by various 
degrees and with subsequent movement of the im- 
pulse along the rod (to length limits about 200-250 
mm) it remained practically unchanged'. 

The initial mechanical properties of the materials 
of the rods are given in Table 2 together with the 
observed levels of the impulse amplitudes. 

From the data presented it can be seen that the 
level of the stresses passing through the metal on 
impulsive loading is in fact a characteristic of the 
material related to its mechanical properties. Evid- 
ence of the independence of this value of the condi- 
tions by which the impulse is transmitted to the 
test rod is given by the experiments with the pair of 
rods B + C. Rod B, which received the shock 
straight from the explosive charge ( > 170 kg/mm?) 
and suffered thereby considerable disturbance of 


* In calculating the stress amplitudes the value of the 
modulus of elasticity in tension was used, measured by 
the acoustic method [36]. 

t Length also includes the path of the wave after reflect- 
ion from the rear end of the test rod. 
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FIG. 6. Levels of stress amplitudes passed and taken 
up in specimens A, B, C and D (see Table 2) 
with different strengths: 

1 — transmitting rod; 2 — test rod. 


the shock-loaded end, conducted exactly the same 
maximum stresses as in the case where the impulse 
was conducted to it through a transmitting rod of 
material A. In exactly the same way rod C, notwith- 
standing the amplitude level of the impulse conduct- 
ed to it through a rod of materials A and B, was 
able in comparable circumstances to conduct practic- 
ally identical amplitudes of stress through itself. 

In theoretical studies of the phenomenon we are in- 
vestigating, the expectation is usually expressed 
that the level of the amplitude of the wave passing 
through the rod cannot be higher than its elastic 
limit or, in a rougher approximation, than its yield 
point. It is obviously more correct to talk of the 
elastic limit of the material. 

If the stress amplitude measured by us corresponds 
to the true elastic limit it should not have any no- 
ticeable effect on the rate of load [36]. Incidental- 
ly it can be seen from Table 2 that in all cases the 
amplitude of the shock wave is greater than the 
yield point in compression; besides this it seems 
that iron which of all the metals used in the experi- 
ments has the lowest yield point under static stress 
conditions, takes not the last but the first place as 
regards the amplitude of the impulse excited in dyn- 
amic experiments. All this indicates that the ampli- 
tude of the impulse penetrating the rod is depend- 
ent on the sensitivity to speed of the resistance of 
the material to small plastic deformations, or in 
other words, the duration of load. Residual deform- 
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TABLE 2. Comparison of mechanical properties of rod materials from maximum 
stress amplitudes of the impulse propagated in them 


Material 


Hardness 


Amplitude of stress wave, 


Ctens kg/mm? 


Conducted Passed 


in compres- 


sion, 
On» kg/mm 


Yield point 


Steel U10A heat treated to high 
hardness 

Steel U10A heat treated to 
medium hardness 

Steel U1OA, normalized 


Technically ‘pure iron 


600—629y 
'290—31G 
170—19G 
100—11¢ 


131—166 


81—93 
83—99 
45—48 
41—50 
64—8] 


> 170 


> 170 
134— 166 
130—151 
81—93 
164—170 


ation, as established by us from the strain gauge 
recording, is ~ 0.04%; it is thus considerably lower 
than that permitted for yield point (0.2%) while it 

is at the same time higher than the minimum permit- 
ted figure in determining elastic limit (0.001 %). 
Thus the amplitude of the stress wave measured by 
us is no other than the elastic limit of the material 
under the loading circumstances used (rate, time) 
which is appropriate for a comparatively high level 
of small residual deformations. 

How does one explain the fact that in our dynamic 
experiments iron showed a higher amplitude of stress 
waves than normalized steel U10A ? This is due in 
the first place, to the well-known fact [11, 17, 37, 
38], that of all ferrous metals pure iron is the most 
sensitive to the rate of deformation, so that the 
higher the degree, the closer we come to the begin- 
ning of the stress strain curve. Secondly, the pure 
iron used in our experiments has a clearly expres- 
sed yield zone (with a projection). In these cases, 
as we well know, the elastic limit will be very lit- 
tle different from the yield point and its level for 
the selected rate of deformation will be shown 
mainly by the height of the peak in the yield zone. 
If the material has no yield point in tension then the 
yield point in compression will, both in static and 
dynamic measurements be dependent on the toler- 
ance for residual deformation. In these cases elas- 
tic limit and yield point will be different. Thus, as 
the elastic limit of iron is subject to a zone of 
yield which reacts with greater sensitivity to in- 
crease in the rate of deformation, there is nothing 
extraordinary in the fact that the amplitude of the 
stress wave is higher than that for normalized 


steel U10OA. 
CONCLUSIONS 


It can be seen from the data presented that the 
amplitude of a stress wave passing through a rod 


_is a characteristic similar to the elastic limit for 


the given conditions of experiment; it responds 
very delicately to the structural and physical pecu- 
liarities of the material. Its study could therefore 
be useful in explaining a number of metallographic- 
al questions and solving a number of problems con- 
cerning the physics of strength. 

The first steps made above in this direction point 
the way to the use of this method for a more detail- 
ed study than has hitherto been possible of the in- 
fluence of the rate of deformation and duration of 
loading on the stress-strain curve and, particular- 
ly, on the characteristics of the resistance of dif- 
ferent materials to small plastic deformations. For 
both plastic and brittle materials possibilities 
emerge for the precise determination of the technic- 
al cohesive strength by this method. 

In conclusion the authors wish to extend their 
thanks to M.I. Ivanov for his great help in develop- 
ing and measuring the method, and also to L.B. 
Shurkina, A.A. Kozhushko and E.I. Kotov for their 
help in carrying out the experiments. 


Translated by V. Alford 


124 | 
~ 
A 
C 42 
lc 
13¢ 


VOL. 
lo 


Penetration of a non-rigid rod 


REFERENCES 


Kh.A. Rakhmatullin, Prikladn. matematika i 
mekhanika, 9, 91 (1945). 

Kh.A. Rakhmatullin and G.S. Shapiro, Prikladn. 
matematika i mekhanika, 12, 369 (1948). 

V.V. Sokolovskii, Prikiadn. matematika i mekhanika, 
12, 261 (1948). 


. V.S. Lenskii, Prikladn. matematika i mekhanika, 


13, 165 (1949). 


. D.F. Lazutkin, Prikladn. matematika i mekhanika, 


16, 94 (1952). 


. M.P. White and Le van Griffis, J. Appl. Mech., 


14, 337 (1947). 

Th.v. Karman and P.E. Duwez, J. Appl. Phys., 
21, 987 (1950). 

L.E. Malvern, J. Appl. Mech., 18, 203 (1951). 


. G. Taylor, Proc. Roy. Soc., 194, 289 (1948). 
. P.E. Duwez and D.S. Clark, Proc. Amer. Soc. Test. 


Mat., 47, 502 (1947). 


. A.G. Whiffen, Proc. Roy. Soc., 194, 289 (1948). 
. E.J. Sternglass and D.A. Stuart, J. Appl. Mech., 


20, 427 (1933). 


. J. Miklowitz, J. Appl. Mech., 24, 231 (1957). 
L.M. Shestopalov, De formirovanie metallov i volny 


plastichnosti v nikh (Deformation of metals and 
plastic waves in them} Izd. Akad. Nauk. SSSR, 
(1958). 


. Yu.Ya. Voloshenko-Klimovitskii, Zav. lab., 


22, 1090 (1956). 
Yu. Ya. Voloshenko-Klimovitskii, Jzv. Akad. Nauk. 
SSSR, OTN, 4, 147 (1956). 


. G.V. Uzhik and Yu.Ya. Voloshenko-Klimovitskii, 


Nekotorye problemy prochnosti tverdogo tela 
(Some problems of the strength of solids } 
Symposium dedicated to N.N. Davidenkov on his 
80th birthday. Izd. Akad. Nauk. SSSR, 238 (1959). 
j.D. Campbell and J. Duby, Proc. Roy. Soc., 

236, 24 (1956). 


. H. Kolski, Phil. Mag., 45, 712 (1954). 


. §. Petersson, Mechanics. Coll. of translations and 


reviews of foreign literature, 3 (25), 131 (1954). 


. B. Hopkinson, Phil. Trans. Roy. Soc., A213, 437 


(1914). 


. R.M. Davies, Phil. Trans. Roy. Soc., A240, 375 


(1948). 


. G. Kolski, Stress waves in solids. Foreign 


Literature Publishing House (1955). 


- H.D. Mallory, J. Appl. Phys., 26, 555 (1955). 
- R.W. Goranson, D.Bankcroft et al, J. Appl. 


Phys., 26, 1472 (1955). 


- L.V, Al’tshuller, K.K. Krupnikov et al, Zh. eksp. 


tekh. fiz., 34, 874 (1958). 


J.S. Rheinhart and J. Pearson, Behaviour of metals 
under impulsive load, Foreign Literature Publishing 
House, (1958). 


R.M. Davies, Brit. J. Appl. Phys., 7, 203 (1957). 


. Izmenenie napryazheni i usilii v detalyakh mashin 


(Measurement of stresses and forces in machine 
components } Symposium ed. N.I. Prigorovskii, 
Mashgiz (1955). 


. J.M. Krafft, Rev. Sci. Instr., 26, 539 (1955). 


. J.D. Bluhm, Proc. Soc. Exp. Stress Analysis, 


13, 167 (1956). 


. D.M. Cunningham and W. Goldsmith, Proc. Soc. 


Exp. Stress analysis, 16, 153 (1959). 


. F.F. Vitman and V.A. Stepanov, Nekot. probl. 


prochnosti tverd. tel. (Some problems of the strength 
of solids} Symposium dedicated to N.N. Daviden- 
kov on his 80th birthday. Izd. Akad. Nauk. SSSR, 
207 (1959). 


. A.L. Salishev, Uspekhi nauchnoi fotografii, 6, 157 


(1959). 


. S.P. Timoshenko, Teoriya uprugosti (Theory of 


elasticity} ONTI (1936).. 


. N.N. Davidenkov, Dinamicheskie ispytaniya 


metallov (Dynamic testing of materials } 
ONTI (1936). 


. A. Nadai, Plasticity and the rupture of solids, 


Foreign Literature Publishing House (1954). 


. N.N. Davidenkov, F.F. Vitman and N.A. Zlatin, 


Symposium dedicated to A.F. loffe on his 70th 
birthday, Izd. Akad. Nauk. SSSR, 
307 (1950). 


125 | 
2. 24 
25 
3. 
— 
2, 
7. 
10 
12 
i3 
1S 
35 


THE INFLUENCE OF ELASTIC VIBRATIONS ON INTERNAL FRICTION AT LOW 
TEMPERATURES IN AN ALUMINIUM ALLOY WITH 2% MAGNESIUM * 


V.P. KETOVA and V.A. PAVLOV 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 


(Received 26 May 1960) 


A study has been made in the temperature range 200-300°K of the influence of elastic vibrations | 
with an amplitude 10°* on the temperature dependence of internal friction at a vibration frequency of 


around 1,500 c/s. An internal friction peak has been discovered around 250°K the height of which in- 
creases with increase in the number of vibrations of the sample. The existence of the peak is in all 
probability due to the movement under the influence of stress, of lattice defects such as groups of 


The measurement of internal friction at low tem- 
peratures and high frequencies may provide a method 
for studying the formation and movement of lattice — 
defects such as vacancies and dislocations. 

Bordoni [1] was the first to investigate internal 
friction at low temperatures and discovered two 
peaks below 100°K. Subsequent study of internal 
friction at low temperatures was made in papers 
[2-5], and in this case a new peak was discovered 
around 200°K. 

Bordoni explained the existence of two low tem- 
perature peaks of internal friction by the movement 
of edge and screw dislocations. A more satisfactory 
theory for this internal friction was put forward by 
Seeger [6]. From this point of view it is, however, 
difficult to explain the lack of sensitivity of the 
internal friction peaks to impurities which can 
block the dislocations and considerably reduce 
their mobility at low temperatures [2, 4]. 


In paper [3] the activation energy of one of the 
Bordoni peaks, around 100°K, and of a peak at 200°K 
was determined for Al and an Al alloy with 2% Mg. 
The results of these investigations indicated that 
the peak at 100°K could be attributed to the move- 
ment of paired vacancies, and the one at 200°K to 
the movement of single vacancies. 

In the present work a study is made of the influ- 
ence of elastic vibrations with an amplitude of 
about 10°* and frequency of 1,500 c/s on the mag- 
nitude and temperature dependence of internal fric- 


* Fiz. metal. metalioved., 10, No. 3, 445-452, 1960. 


vacancies, which occur in the course of vibration. 


tion in the temperature 200-300°K. 
EXPERIMENTAL PROCEDURE 


For the conduct of the investigation a cryostat 
was made from thin walled Cu tube 600 mm in length 
with an internal diameter of 35 mm and a slot 5 mm 
in width on one side of the tube. A copper coil was 
attached to the outside of the pipe for the passage 
of liquid nitrogen. Both pipe and coil were mounted 
in a casing filled with heat insultating material. 

The test specimen was suspended on fine wires 
inside the cryostat, the wires were carried through 
the slot in the tube and attached to the vibration 
exciter and receiver. 

Internal friction was measured during transverse 
vibrations with a frequency of about 1,500 c/s on 
the apparatus whose basic design is given in Fig.1. 
Audio-signal generator LIG-40 I through electro- 
dynamic vibrator 2 excited transverse vibrations of 
the specimen 4 suspended on two fine wires in 
cryostat 12. These vibrations are received by 
piezoelectric transmitting element 3 and through 
amplifier 28-IM 5 and 6 they are transmitted to 
electroscillograph 7 and scalers PS-64 8 and 9. 
‘he audio-frequency oscillator was controlled by 
means of quartz calibrator KK-6 10, the frequency 
of which was multiplied by multivibrator 1]. Elec- 
tronoscillograph 7 was used at the moment of 
checking the frequency of the audio oscillator and 
in determining the vibration frequency of the test 
specimen itself from observation of the maximum 
amplitude. The scalers PS-64 were adjusted in such 
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FIG. 1. Diagram showing arrangement for measuring internal 
friction under transverse oscillations. 


a wav that the number of free oscillations of the spe- 
cimen for the interval of time in the course of which 
the amplitude of vibration was reduced by half, could 
be determined from the difference in their readings. 
The degree of internal friction could easily be cal- 
culated from these data. 

The temperature was measured by potentiometer 


14 with three thermocouples, the juctions of which 
were placed in holes made in the ends and middle 
of the control specimen 13. The control specimen 
was made of exactly the same material as the test 
specimens, had exactly the same geometrical dim- 
ensions and was arranged in the cryostate beside 
the test specimen. A uniform distribution of temper- 
ature along the specimen in all the experiments was 
maintained within the limits of 1°. 

The test specimens were in the form of round bars 
170 mm in length and 10 mm in diameter of Al with 
2% Mg. Because of its high yield point this alloy 
is very suitable for the investigation. 

The investigation consisted in the continuous 
reading of succesive temperature dependence cur- 
ves of internal stress under slow cooling (average 
rate of 1.5°/min) or heating (with an average rate of 
about 0.5°/min) of a specimen which had previously 
been cooled from the temperature of liquid nitrogen. 

During the process of taking one temperature de- 
pendence curve the specimen received about 
1,000,000 c/s of vibration with an amplitude of about 
10°’. The variation in temperature dependence was 
studied according to repeated tests and the increase 
in the number of vibrations. 


RESULTS OBTAINED 


The temperature dependence of intemal friction 
in the Al- 2% Mg alloy has the form shown in Fig.2. 
Against e general background of internal friction 
the value of which increases considerably in the 
temperature range 250-300°K, there are two peaks 
at 200 and 100°K. These peaks als» appear in pure 
Al at the same range of temperatures. The nature of 
these peaks has been discussed above. 

Fig. 3 shows the temperature dependence curves 
of internal friction which were obtained from one 
specimen with repeated experiments as described 
above. 

Curve ] shows the temperature dependence of in- 
ternal friction of the testpiece in its initial state, 
previously annealed at 380°C for 1 hr. This curve 
was taken while the specimen was cooling. During 
the experiment the piece received about 1 x 10° c/s 
vibration. If, without interrupting the experiment, 
the temperature dependence curve is taken on heat- 
ing the same specimen after it has been cooled from 
the temperature of liquid nitrogen, then the internal 
friction will increase considerably, forming a maxi- 
mum at around 250- 270°K (curve 2). On reaching 
room temperature internal friction will be about 1.5 
times greater than at the initial state. However, 
during its 12-15 hr at room temperature the internal 
friction in the specimen will fall, but without reach- 
ing the initial figure (compare the beginnings of 
curves ] and 3). Repetition of the experiment pro- 
duces curve 3. From this curve it can be seen that 
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after taking the temperature dependence of interna! 
friction during cooling and heating, in the course of 
which the specimen received about 2 x 10° c/s of 
vibration, the value of internal friction increases 
considerably. Curve 4 was taken subsequently during 
heating. As the maximum degree of internal friction 
was approached while taking this curve, measure- 
ments were started again during the cooling of the 
specimen (curve 5). In this case internal friction 
decreases smoothly as the temperature falls. 

If a test specimen, having undergone a fairly 
large number of vibrations and therefore with a high 
degree of internal friction, waich has a temperature 
dependence characterized by curve ] and Fig. 4, is 
now subjected to electrolytic polishing (surface 
layer of about 10°? mm is here removed), there will 


then be a considerable reduction in internal friction. 
The 250°K peak disappears and the background level 
is reduced while its value is no longer dependent 

on temperature (Fig. 4, curve 2). 

The consecutive taking of internal friction cur- 
ves on a specimen previously electrolytically polish- 
ed, is accompanied by a gradual increase in the 
peak (Fig. 5). 

The dependence of the increase of the internal 
friction peak on the number of vibrations of the spe- 
cimen during the course of the experiments is shown 
in Fig. 6. 

The internal friction peak in the temperature 
range of 250°K can also be found if the specimen is 
annealed at high temperatures. Fig. 7 shows intem- 
al friction curves taken after annealing the specimen 
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at different temperatures and for different periods. 
After annealing the specimen was cooled in air. The 
internal friction curves were taken immediately after 
cooling the specimen. As can be seen from the fig- 
ure, the internal friction peak increases as the tem- 
perature increases or the duration of annealing is 
extended. The effect of annealing is to a consider- 
able extent removed in the course of prolonged hold- 
ing at room temperature. Electrolytic polishing re- 
lieves internal friction even more effectively. 

Fig. 8 shows the curve for the increase oi the 
peak with increase in the duration of annealing at 


600°C. 


These experiments show that the appearance of © 
the internal friction peak in the 250°K range is prob- 
ably due to the generation of a vacancy of groups © 
of vacancies at the time of elastic fluctuations dur-. 
ing the anneal. 

As investigations have shown that polishing con- 
siderably reduces the height of the internal peak, 
microscopic investigations were made of changes 
in the surface of the specimen. In paper [7] it was - 
shown that if Al specimens are cooled rapidly after 
annealing, small pits will appear on their polished 
surface as a result of the departure and coagula- 
tion of vacancies these can be seen in the dark 
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FIG. 7. Influence of temperature and prolonged annealing 
on internal friction: 
1 — annealing at 380°C, 1 hr; 
2 — annealing at 600°C, 1 hr; 
3 — annealing at 600°C, 2 hr; 
4 — annealing at 600°C, 9 hr. 


field of a microscope in the form of light spots. With 


the dark field method, observation was made of the 
change in the surface of a specimen after annealing 
and in the process of vibrating the specimen. 


Fig. 9a is a photograph of the polished surface of 


the specimen in its original state. Against a total- 
ly dark background one or two small light spots are 
visible, representing defects in the polishing of the 
specimen. After annealing at 600°C for 1 hr with 
subsequent cooling in air, a large number of white 
spots appear on the surface uniformly distributed 
over the major part of the field of vision (Fig. 95). 
No white spots are observed along the grain bound- 
aries (the grain boundary is indicated by arrows in 
the photograph). Vacancies are known to escape at 
grain boundaries, and for this reason their concent- 
ration is low in the area immediately adjacent to the 


boundary. 


FIG. 6. 
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Figs. 9c to d are photographs of the surface 
after elastic vibrations of the order of 10° and 10’ 
c/s at room temperature. It can be seen from the 
illustrations that under elastic vibration defects 
arise on the surface of the specimen similar to 
those which occur after annealing, except that they 
are non-uniformly distributed and are of different 
size. The number and size of the defects increase 
with the number of vibrations. 


DISCUSSION OF RESULTS 


The increase in the background of internal frict- 
ion and the appearance of a peak in the tempera- 
ture range of 250-270°K is apparently due to move- 
ment of lattice defects of the vacancy type, which 
are formed in the course of elastic vibrations or 
which have remained in the metal after annealing 
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and subsequent rapid cooling. disordered fashion to the surface and are unevenly 
These vacancies pass to the surface, forming distributed. The formation of vacancies during vib- 

small pits there. The difference observed in the va- ration occurs gradually, they pass through the spe- 

cancies “precipitate” at the surface is evidently cimen and cluster mainly around already existing 

explained by the fact that after annealing with sub- imperfections. 

sequent rapid cooling, a high degree of super satura- Not all the excess vacancies however, pass ra- 

tion is reached and the excess vacancies pass in a pidly to the surface. Some of them remain for a long 
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time in the metal, causing increased internal friction. 

It was shown in a former work [5] that internal 
friction peaks at 100 and 200°K could, from their 
activation energy, be due to the movement of paired 
and single vacancies respectively. The internal 
friction peak discovered in our investigations is at 
a much higher temperature. The relaxation time for 
this peak should therefore be higher than for the two 
previous ones. On this basis it could be assumed 
that the peak at 250°K is due to the movement of 
groups of vacancies which are less mobile than pair- 
ed or single ones. 

This conclusion is in agreement with the results 
of electron microscope investigations of thin foils 
after quenching from high temperatures or fatigue 
testing at low stresses [8]. In both cases a large 
quantity of dislocations were observed, which were 
formed as a result of the coalescence of vacancies 
into flat disks and their subsequent collapsing on 
reaching critical dimensions. 

If the surface is electrolytically polished there 
is a considerable reduction in the internal friction 
of the background and the changes due to speci- 
men fluctuations or high temperature annealing may 
be eliminated. This shows that in the course of 
time excess vacancies accumulate close to the sur- 
face. When electrolytic polishing is carried out at 
100°C, not only is that surface (or part of it) with 
the surplus vacancies removed, but also favourable 
conditions are created for the departure of vacancies 
from the interior of the metal, thanks to the periodic 
rupture of the oxide layer and the high temperature. 

The super-saturation of a metal with vacancies 
is probably due to the presence of the thin oxide 
layer on the surface, which prevents the free depart- 
ure of vacancies to the surface. Thin surface layers 
of oxide films of the order of 10°5 cm are known to 
cause a considerable increase in resistance to de- 
formation. This is usually explained by the fact 
that the layer of oxides creates a barrier to the de- 
parture of dislocations. Oa reaching the oxide layer, 
dislocations are retained and form into groups. The 
stress field around them prevents their movement 
along slip planes. Barrett [9] carried out special 
investigations of the after-effect of twisting wires 
with and without surface oxide films, in order to 
observe the dislocations retained in the region of 
the surface. He observed an anomalous after-effect 
when the surface layer was etched away, such as 
might be expected if it is assumed that when the 
oxide layer is etched away the piled-up dislocations 
would escape. 


If dislocations are moved during the oscillation 
of the specimen, the pile-ups around the surface 
could become centres for the coagulation of vacan- 


cies. 


CONSLUSIONS 


1. An investigation has been made of the influ- 
ence of elastic vibrations with an amplitude of 
about 10° and frequency of about 1,500 c/s, on 
the extent and temperature dependence of internal 
friction in the temperature range, 200-300°K. 

2. As a result of elastic vibrations an internal 
friction peak appears at about 250°K and there is 
an increase in background. 

3. The increase in background and the peak of 
internal friction appear to be due to the formation 
of vacancy-type lattice defects during the process 
of vibration. Part of the vacancies escape to the 
surface, coagulate and forms surface defects in the 
form of pits. If the number of vibrations is increas- 
ed there is an increase in the number of pits on the 
surface and their dimensions are also greater. Part 
of the vacancies remain in the metal, probably 
close to the surface, and form aggregations of 
vacancies less mobile than the paired and single 
ones. The hypothesis has been put forward, that 
the creation of a metal super-saturated with vacan- 
cies is aided by the surface oxide layer which _ 
prevents free escape of the vacancies. 

4. Electrolytic polishing, in the course of which 
a small layer (about 10° mm) ir removed, consider- 
ably reduces internal friction. 


Translated by V. Alford 
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THE INFLUENCE OF IMPURITIES ON THE TEMPERATURE-TIME DEPENDENCE OF 
THE STRENGTH OF METALS*'* 
V.I. BETEKHTIN, S.N. ZHURKOV and A.V. SAVITSKII 
Physico-Technical Institute, Academy of Sciences U.S.S.R., Leningrad 
(Received 12 April 1960) 


The temperature-time dependence of strength has been investigated for Al and Ag of various 
degrees of purity, and solid solutions of Al with Cu and Mg, and of Ag with Al. In a wide range of 
variations in the content of impurities (five orders for Al) confirmation has been found of the gener- 
al dependence of the stress-rupture time of a material on applied stress and temperature: 


T= T exp 


Uo— 13 


RT 


It has been established that for pure metals the values U, and 7), which coincide with the bonding 
energy and oscillating frequency of the atoms in the space lattice, are independent of the nature 
and concentration of impurities, and that the one parameter which is definitely connected with 
strengthening due to alloying, is the structure-sensitive coefficient y. A relationship has been de- 
termined between the variations in y and impurity concentration. 


The study of the temperature-time dependence of 
the strength of solids described in papers [1-4] kas 
led to the general empirical equation 


U.—ye 


(1) 


where r is the stress rupture time of the material, 
i.e. time from the moment of the application of load 
to the moment of fracture; 

o is applied stress; 

R is the gas constant; 

T is testing temperature; 

Uo, To, y are constant values which determine the 

strength properties of the material. 

Rupture stress, is, according to dependence data, 
determined by the time spent by a solid in the 
stressed state. The dependence (1) was checked for 
a wide range of materials: polymers, glass, pure 
metals etc. etc.. 

The present work was undertaken with the aim of 


explaining the influence of impurities on the temp- 


* Fiz. metal. metalloved., 10, No. 3, 453-461, 1960. 
t Paper presented before the All-Union Congress on the 
physics of strength (Sverdlovsk). 


erature-time dependence of the strength of metals, 
i.e., to establish the correlation between the va- 
lues’ Uo, 7, y and variation in strength on alloying. 
It seems to us that this correlation might help to 
explain the nature of strengthening by alloying and 
answer the question of whether this strengthening 
is due to change in the bonding energy of the atoms 
in the crystal lattice. 


1. THE TEMPERATURE-TIME DEPENDENCE OF 
THE STRENGTH OF METALS WITH DIFFERENT 
QUANTITIES OF IMPURITIES, 

AND OF ALLOYS 


The first thing to find out is whether equation 
(1) is correct for alloys and for metals of different 
degrees of purity. * 

Investigations were carried out on aluminium and 
silver of different degrees of purity and on alloys 
of aluminium with copper, aluminium with magnes- 
ium and silver with aluminium. The total content of 
the impurities in aluminium varied in five ranges 
and for silver, in two. The alloying additions used 
in the investigations were selected with the purpose 


* Earlier tests on this problem were described in paper 
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FIG. 1. Dependence of stress-rupture on stress at T = const: 


x — Al (99.9999 %); 


e — Al (99.3 %). 


Temperature 1 — 150°; 


2— Ws 
3 — 250°, 
4— 150°; 
S— 


of checking various factors which might be evidence 
- for the strengthening of the solvent metal. The de- 
gree of lattice distortion varied sharply in the alioys 
studied as, according to paper [6], magnesium in- 
creases the lattice parameter of aluminium, copper 
reduces it and aluminium has practically no effect 
on the lattice parameter of silver. The relationship 
between the free electrons of the solvent and solute 
atoms in the alloys was also different. The concent- 
rations of alloying elements used varied by several 
times. 

The aluminium alloys with copper and magnesium 
were prepared from 99.996 % Al. The alloying was 
carried out with electrolytic copper and Mg. 99.9 %. 
99.98 % Ag and 99.996 % Al were used for the alumi- 
nium-silver alloy. The alloys of aluminium and cop- 
per were prepared under a flux of 50% NaCl + 50% 
KCl, while the silver-alaminium alioy was prepared 
in a vacuum. The resulting bars were hot forged and 
homogenized. All the alloys were investigated in 


the homogeneous solid solution range. The depend- 
ence of stress-rupture time on stress was studied 
in a wide range of times and temperatures in uni- 
axial tension. The preparation of the testpieces 
and method of testing for stress-rupture time of 
10°* to 10* sec have been described in detail in 
paper [4]. To stabilise the structure of the test- 
pieces they were first annealed in a vacuum for 
one hour. 

The experimental figures obtained are shown in 
Figs. 1-3. 

Figs. 1-2 show the dependence of stress-rupture 
time on stress at various testing temperatures for 
aluminium with various contents of impurity and for 
the aluminium alloy with copper. This dependence 
presents, in the co-ordinates log r-o a series of 
straight lines which, on extrapolation intersect at 
one point — the “pole”; each straight line corres- 
ponds to a certain testing temperature. 

Consequently, a large difference in the impurity 
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FIG. 2. Dependence of stress-rupture time on stress at T = const: 
e — Al (99.996%); x—Al+0.5% Cu. 
Temperature: 1 — 250°; 
2 — 150°; 
3— 18°; 
4 — 300°; 
5 — 200°C. 


content of the aluminium, from 0.7% in technical 
aluminium to 10°*% in zone purified aluminium, 
does not appear affect to the nature of the depend- 
ence of stress-rupture time on stress. Similar re- 
sults were obtained for silver and its alloy with al- 
uminium (Fig. 3) and also for the other materials 
investigated. 

It follows from the data shown that in a wide ran- 
ge of variations in the impurity content the depend- 
ence of stress-rupture time on stress is maintained 
and is expressed by the equation 


== Ae at T =const. (2) 


Study of the results obtained showed that the 
temperature dependence of stress-rupture time in the 
co-ordinates log r—1/T, is in the form of straight 
lines representing values of o = const (Fig. 4) and 
the variation in the activation energy of the fracture 


process has a linear nature (Fig. 5). A similar con- 
formity was also found in dealing with the experi- 
mental results for the other materials investigated. 
Generalizing the figures obtained (Figs. 1-5) 
the conclusion may be drawn that for metals of vari- 
ous degrees of purity and for solid solutions the 
dependence of stress-rupture time on stress and 
temperature is subject to the equation 


Us— 
( RT ). 


where U, is the energy constant of the rupture of 
process which is dependent only on the nature of 
the material and is determined by extrapolation of 
the dependence of U on o on the axis o = 0 (see 
Fig. 5). The slope of the U/o dependence deter- 
mines the value of y. ; 
Having convinced ourselves of the accuracy of 
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FIG. 3. Dependence of stress-rupture time on stress at T = const: 


eo — Ag (99.96 %); 


x — Ag+ 2.5% Al. 


Temperature: 1, 2 — 450°; 


equation (1) let us see how different impurities and 
additions affect the values U,, 7, y. These values, 
calculated from the experimental data, are shown in 
Table 1. 

Also in Table 1 is shown the purity of the metals 
investigated, which differ sharply in strength (see 
Fig. 1-3) and in a number of other properties, for 
example, in the rate of recrystallization. Thus the 
recrystallization of cold-worked Al (99.9999 %) oc- 
curs at room temperature [7] and is indirectly re- 
flected in our work by a reduction in the strength in 
such aluminium from 12.5 to 7.5 kg/mm? after re- 
covery at 18°C (testing at r= 10 sec). The figures 
for Uo, ro and y in Table 1 were calculated for 
metals of various degrees of purity and for alloys 
where the alloying additions used were, as has 
already been noted, selected with the aim of check- 
ing the various factors of strengthening: degree of 
lattice distortion, relationship between valence 
electrons, concentration of alloying additions. 

From the data given (see Table 1) it follows how- 


3,4 — 250; 


5 — 150°; 
6 18°C. 


ever, that the values U, and 1 are practically in- 
dependent of the form of the addition and of the 
purity of the metal, while the influence of the im- 
purities and additions on strength appears only in 
the variation in the numerical value of y. For this 
reason further investigations were devoted to the 
problem of finding out the relationship between the 
variation in y and concentration of impurities. 


2. RELATIONSHIP BETWEEN VARIATIONS IN 
THE VALUE OF y AND THE 


CONCENTRATION OF IMPURITIES 


The investigation of the dependence of y on 
concentration c of impurities had to be made with 
identical grain size as, according to paper [8], y 
is linearly related to the square root of the grain 
size. Let us first establish whether there is any 
correlation between the strengin of a metal with 
different percentages of impurity and the value of 
y at the same grain size d. For this we will compare 
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Material Purity, %| U,, o sec °C 

Al 99.9999 52.0 5.8 30 

Al 99.996 51.5 4.6 300 

Al 99.96 51.9 lie 4.0 300 

Al 99.3 52.5 10~'3 2.9 300 
Al+0.1% Cu 50.0 3.4 300 
Al+0 5% Cu 50.5 2.5 350 
Al+0.3% Mg 51.5 107 !? 4.5 3£0 
Al+2% Mg _ 52.0 io” ** 1.5 420 

Ag 99.96 62.5 107 1.9 50 
Ag+2% Al 1.6 


FIG. 4. Dependence of stress-rupture time on temperature 
at 0 = const: 
e — Al (99.996 %); o — Al (99.3 %). 
l—o= 4kg/mn’; 
2-—o= 8 kg/mm’; 
3-—o= 6 kg/mm’; 
4 —o= 11 kg/mm’. 


the time dependence of the strength of aluminium 
of various degrees of purity (Fig. 6). As can be 
seen from Fig. 6 the time dependence of strength 
(at T and d= const) differs only in slope a because 
the coefficient A (see equation (2)) remains const- 
ant. To determine y we will use the formula * which 


* The value of y calculated by this formula is identical 
with that calculated from the slope of the dependence 
U/o (Fig. 5), but it is easier to use formula (3). 


U. kcal/mol 
60 
50 
40} 
JO 
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FIG. 5. Dependence of activation energy of the process 
of fracture on stress: 
1 — Al (99.9999 %); 
2 — Al (99.3 %); 
3 — Al+ 2% Mz. 


follows from comparison of equation (1) and (2) 
(3) 


The values calculated for y are given in Table 2, 
from which it can be seen that y is reduced as the 
content of impurity is increased. This correlates 
very well with the observed strengthening of the 


metal. 

To find the relationship in the variation of y 
with the concentration of the solute impurity, in- 
vestigations were carried out on four aluminium cop- 
per alloys (copper content from 0.04 to 0.5 %) and 
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TABLE 


2 


Impurities, % 


| ~ igs 
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FIG. 6. Dependence of stress-rupture time on stress at 150° and 
d = 0.07 mm: 
1 — Al (99,9999 %); 
2 — Al + 0.26% Cu; 


3 — Al (99.3 
4—Al+2% 


Sour aluminium magnesium alloys (magnesium cont- 
ent from 0.1 to 1%). 

Fig. 7 shows the dependence of y on copper con- 
centration at constant grain size. We see that y 
becomes steadily less as the content of copper in- 
creases. The only exception is in the range oi 
smal! concentrations, where y remains practically 
unchanged. Such a course for the depeadeace of + 
cs, concentration obtains for al! grain sizes studied, 


from 0.04 to 0.16 mm. Fig. 7 only gives the data 


%); 


for the extreme grain sizes. 

Similar relationships ...ze found in the aluminium 
magnesium alloys. 

Analysing the results obtained for the alloys of 
aluminium with copper and magnesium, we note the 
following interesting facts: if the first portions of 
the solute impurity of the order of several hundredths 
percent have practically no influence on y nor, in 
consequence, on the strength, then even a slight 
increase in their content, for example of up to 0.1 %, 
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FIG. 7. Dependence of y on concentration of copper 
in aluminium: 
1 —d=0.16 mm; 


2— d= 0.04 mm. 


will cause a sharp reduction in y. The reason for 
this dependence of y on concentration is still not 
clear. One possible explanation could be that the 
course of the dependence of y on c is related to the 
distribution of impurities in the polycrystal: at con- 
centrations which do not affect y, the impurities 
will mainly be segregated around grain boundaries, 
and at concentrations where the sharp reduction in 

y begins (strengthening of the metal), they enrich 
the grain itself. * 

This proposition concerning the uneven distribut- 
ion of impurities is in qualitative agreement with 
the results of microhardness measurements (Fig. 8). 
In the field of low concentrations the microhardness 
of the body of the grain remains practically unchang- 
ed, while it increases sharply from the point where 
the concentrations cause noticeable strengthening 
(reduction in y). 

Let us consider the dependence of y on concent- 
ration in the strengthening range. Analysis of the 
form of this dependence has shown that it is defined 
very well as an exponential function 


(4) 


where c is the concentration of the impurity; B is a 


* In studying time dependence, fracture was observed to 
be mainly transcrystalline. 
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FIG. 8. Dependence of microhardness of aluminium on 
content of alloying elements: 
1 — aluminium + copper; 2— aluminium + magnesium. 


constant value; the exponent a < 1. 

With the results obtained, the general nature of 
the variation in y with variation in concentration 
and grain size can be shown. The dependance of 
y on grain size has been shown in Fig. 9 for pure 
aluminium and its solid solutions with copper. In 
the co-ordinates y — d% this dependance is in the 
form of straight lines, both for pure aluminium and 
its alloys with copper. A similar result was also 
obtained for aluminium-magnesium alloys. The de- 
pendance of y on grain size in aluminium and its 
alloys with copper and magnesium can therefore be 
described in the form 


to+ BV 6) 


_ From the results obtained it follows that coe ffi- 
cient B determining the slope of the straight line 
(see Fig. 9), decreases regularly with increase in 
concentration of the solute impurity, while yo in- 
creases. For this reason y varies more abruptly 
with grain size in pure metals. It should be noted 
that the dependance of y on d” for pure Al 
(99.996 %) and alloys of aluminium with 0.04 and 
0.08 % Cu is represented by a straight line which 
fact as has been noted above, is due to the cons- 
tancy of y in the low concentration range. 

The reduction in coefficient 8 and increase in 
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FIG. 9. Dependence of y on grain size for aluminium and its 
alloys with copper: 
1— 5 —Al (99.996 %); 
e — Al+ 0.046% Ca; 
x — Al + 0.08% Cu; 
2 — Al + 0.12% Cu; 
3 — Al + 0.26% Cu; 
4—Al+ 0.5% Ca. 


Yo with increased concentration causes the depend- 
ance of y on grain size to become ever weaker to 
the point where it is no longer dependent. This is, 
of course, the point where the maximum strengthen- 
ing possible by alloying is reached. 


3. RESULTS OF THE WORK 


The experimental data obtained in this work show 
that in metals of various purities and in solid solu- 
tions the strength properties are subject to the 
general law 


, 


which was previously established for various mater- 
ials [1-4]. Using these facts and equation we can 
make a quantitive evaluation of the influence of 
different impurities and alloying additions on the 
values U,, r) and y, which define the strength pro- 
perties of materials. 

The systematic study of the temperature-time de- 
pendence of the rupture strength, carried out on 
metals of different purities andon «'= ‘sinm silver 
alleys, has revealed that the coefficients U, and 
r, are independent of both the nature and concent- 
ration of impurities, which may vary considerably. 


These coefficients, as has already been demon- 
strated in papers [2, 3], coincide in pure metals 
with the bonding energy and oscillation frequency 
of the atoms in the crystal lattice, respectively. 

From this, the conclusion may be drawn that the 
independance of U, and rp on the nature and con- 
centration of an impurity indicates the absence of 
any direct relationship between strengthening on 
alloying and the energy of interaction of the solvent 
atoms. 

The one parameter whose variations are clearly 
connected with the strengthening of a metal on al- 
loying, is the coefficient y, which means that it 
may be used for quantitative analysis of the strength- 
ening effect of different impurities. The physical 
meaning of this parameter is unfortunately still 
not entirely clear. In paper [8] it was demonstrated 
that the coefficient y is a structure-sensitive 
characteristic of a material, the value of which 
varies with wariation size. 

The writers of papers [9, 10] have already noted 
the structural chaages, as also the fact that 
strengthening on alloying is basically the result of 
increase in the utilisation of interatomic bonds. As 
demonstrated in the work cited, coefficient y is 
tependent both ca the nature of the impurity intro- 
ueced and in a complex way, on its concentration. 
lo explain the nature of these variations in y of 
course, a closer connexion between y and the 
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provide a better understanding of the physical 
nature of the coefficient y which is the one charac- 
teristic of the strengthening effect. 


structure of the metal will have to be established, 
particularly with the characteristics of fine struct- 
ure. The clarification of this problem seems to us 
will make possible a more detailed explanation of 
the strengthening influence of impurities and to 


Translated by V. Alford 
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THE DISTRIBUTION OF RESIDUAL STRESSES IN PLASTICALLY DEFORMED 
CRYSTALS OF ROCK SALT * 
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Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 9 May 1960) 


Investigation is made of the distribution of residual stresses and deformations around slip 
traces in rock salt. Some correlation has been noticed between residual stresses, intensity of 
scattering and variation in density in slip bands. 

At this stage of deformation, bulging is observed in the region where the slip bands on the 
(100) shear plane leave the specimen, i.e. a plastic extrusion of the material. The bands are thus 
regions of a localized process of intensive dispersion which leads to block formation, variation in 
density and the generation of residual stresses. In the beginning stage of shearing considerable in- 
fluence is exercised by the potential directions of slip which increase the local non-uniformity of 
shear. 
Dislocation phenomena may only play an important part in the beginning stages of deformation, 
i.e. up to the appearance of slip bands. An analogy has been drawn between slip bands in mono- 
crystals and slip lines in polycrystalline materials. 


VOL. 
lo 


The formation of slip bands in crystals is one of 
the main signs of plastic deformation. In the trans- 
parent crystals of rock salt the bands are revealed 
by the specific distribution of the double refraction 
light which arises on deformation [1]. It is usually 
considered that slip bands are due to displacement 
of parts of the crystal relative to one another, which, 
on deformation, move in one general plane which is 
described as the “shear plane”. The interface bet- 
ween the moving parts of the crystal is called the 
“slip plane” 

In rock salt these planes are defined by the in- 
dices (100) and (110). 

The double beam refraction which appears has 
been used to explain the complex nature of the dis- 
placement. Besides this it is assumed that all parts 
of a crystal are displaced parallel to plane (100). It 
is also known that, besides the double refraction 
close to slip bands, variation of the absolute value 
of the refraction index may be observed by inter- 
ferometer in the light passing through the test spe- 
cimen. Variation in refractive index may thus be 
the result of a corresponding variation in density 
which, according to interferometer investigations, is 
10°* the mean density of the crystal [2]. 


* Fiz. metal. metalloved., 10, No. 3, 462-471, 1960. 


The shear stresses which are responsible for 
double refraction need not cause change in density. 
For this reason the variation in density observed is 
evidence that other processes are going on in the 
crystal at the same time as shear, leading to the for- 
mation of residual stresses with the spherical com- 
ponent of the stress tensor 0;; # 0. 

The present investigation was undertaken with the 
purpose of finding out the relationship between the 
two mechanisms leading to the appearance of resi- 
dual shear stresses and residual changes in densi- 
ty. 

Besides the formation of slip bands, in plastic 
deformation dispersion is observed [3], which ap- 
pears to be accompanied by the restoration of con- 
tacts between fragments [4-6]. Dispersion is most 
intensive in the zone of slip bands at the stage 
where these bands and groups of them, are being 
formed. Dispersion is so weak at the stage of ele- 
mentary shear [5] tha: ic cannot be observed from 
measurement of the intensity of light scattering. 
Double refraction is seen at this stage, but it is not 
possible to establish any change in density. At 
much earlier stages dispersion may be revealed not 
only close to the slip bands but also in regions of 
“se erysial which are free of bands. Variation in 
density between slip bands is also very small. It 
has nevertheless been possible to show that at the 


beginning stage of deformation the appearance of the 
first slip traces is due to the formation of a system 
of line imperfections, apparently cracks, which cau- 
se secondary extinction of the polarized light in the 
transient beam [5]. Comparing the data on double 
refraction, scattering of light, secondary extinction 
and change in density, one can expect that all these 
phenomena appear as an effect of only one process 
which occurs with maximum intensity in the zones 
where slip traces, lines or bands are formed. A com- 
parison of the data on change in density with the 
value for double refraction must demonstrate to what 
extent this proposition is correct. 


TEST SPECIMENS AND EXPERIMENT 
PROCEDURE 


The test specimens were crystals of natural rock 
salt which were previously annealed at 650° for 
24 hr with subsequent slow cooling to room temper- 
ature. The crystals selected for the investigation 
were checked by polarization and ultra-microscopes 
to make sure that there were no defects. 

Deformation was carried out in compression in a 
special press. 

Dynamometers of two sizes were used, depending 
on the size of the testpieces, with maximum loads 
of 30 and 50 kg. The degree of error in measuring 
force was respectively + 150 and + 250 g, and in 
measuring deformation, + 1 micron. The press, 
together with the specimen which was fixed in 
clamps, was placed on the turntable of a polariza- 
tion microscope. This arrangement was to enable 
the specimen to be rotated in the loaded state around 
the vertical and horizontal axes so that, where ne- 
cessary, it could be observed through any of the 
four side faces which were wiped over with immers- 
iow liquid and covered with thin plane-parallel glas- 
ses. The light source was a mercury arc lamp work- 
ing on low current density. Interference and other 
filters were placed in the path of the beam. 

The quality of the specimens was checked from 
the uniform illumination of the field of vision at 
stresses of 20-50 g/mm’. The presence of large 
blocks and vicinal faces was also revealed by this 
method [7]. Specimens in which the illumination had 
been uniform in the field of elastic stresses, were 
deformed until slip bands appeared. Then flakes 
were chipped off them, about 1 mm in thickness, 
which were put between two cover glasses and the 
immersion. In this form they were investigated in 
the polarization microscope. 


Residual stresses 


The residual shear stresses r,, in the slip plane 
were measured by means of a rotating wedge quartz 
compensator using Obreimov’s method 


" 2 A Ld (1) 


where o, and o, are the main normal stresses in 
planes (011) and (011); 
a is the displacement of an interfer- 
ence line in the direction of a slip 
band in the plane of the compensa- 


tor wedge; 

A is the distance between neighbour- 
ing interference bands; 

L is a piezo-optic constant which is 


dependent on crystal orientation 
and wavelength of the light. 


For the conditions in which the experiments were 
conducted (tension-compression along [011] and | 
beam of light along [100]), L = 2.9 x 10°* mm/g; 

d is depth of specimen in the direction of the light 
beam; ¢ is the angle between the directions ot slip 
and the interference line. A Michelson interferometer 
[2] was used to determine the relative variation in 
density in the slip band. The relative displacement 
of interference lines at their points of intersection 
with the slip planes made possible the determination 
of the variation in refractive index. The relative 
variation in density 


n¢+n?*—n 2d A 


where p is density; 

n is the refractive index of the undeformed 
salt; 

A is the wavelength of the light; 

a is the displacement of the interference 
lines; 

A is the distance between neighbouring in- 
terference lines. 


RELATIVE DISPLACEMENT OF PARTS OF THE 
CRYSTAL ON PLASTIC DEFORMATION 


On plastic deformation of the crystal, anisotropic, 
non-uniform displacements arise at different time in 
different parts of the piece. The very simple case 
is usually considered uniform displacement along 


T 
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FIG. 2. Interference pattern in light reflected from slip 
plane (100). Specimen deformed until slip bands ap- 
peared, 0 = 400 g/mm’. Bulging of the surface as a re- 
o = 400 g/mm’; x 290. sult of plastic deformation of the material in the bands 


FIG. 1. Distortion of scratch AA made on plane (100) (ia 
reflected light). Specimen was deformed until slip bands 
appeared, 


is noticeable; x 290. 


FIG. 3. Distortion of interference lines (transmitted light) by a group of 
traces in slip bands along [011]. The polarized prisms are crossed anda 
wedge compensator is used. 
Scale along axis [011] 1 mm—430 g/mm’; x 14. 
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FIG. 4. Point of intersection of slip bands when polariz- 
ed prisms are crossed and wedge compensator used: 
x 18. 


the direction of slip. In the case of a hexagonal 
crystal the basal plane is the only one with special 
properties, and for this reason it is considered pos- 
sible to observe this phenomenon in undistorted 

form in these crystals. Experiment has shown how, 
ever, that in these crystals slip can also be extreme- 
ly non-uniform. Non-uniform slip along the basal 
plane in not very pure crystals frequently causes 
tears and cracks [8]. In purer crystals uniform slip 
extends along each slip trace, the material becomes 
more plastic but the extent of the displacement of 
neighbouring atomic planes is different ander the 
same load. Non-uniform displacement along neigh- 
bouring slip planes cause the distortion and rotat- 
ion of individual parts of the crystal and creates 
distortions which can be called “twinning on irra- 
tional planes” [9]. 

This phenomenon was first described by Brillian- 
tov and Obreimov [10] who observed it in rock salt. 
In uniaxial compression or tension of a prism of 
rock salt with its axis oriented in the [190] direction, 
shear is possible in four equal directions [011], 
[011], [101] and [101]. This makes the matter even 
more complicated. It might be supposed that at each 
point of the specimen slip takes place at the same 
time on all four possible directions and that this 
causes a disturbance in continuity, the formation of 
microblocks, their rotation and displacement, ac- 
cording to the degree of local non-uniformity of the 
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FIG. 5. Distortion of traces in slip bands at a point of 
intersection when polarized prisms are crossed; 
x 60. 


shear in all these directions. It seems that one of 
the possible directions must prevail for various 
different reasons, in selected parts of the speci- 
men. In this case a slip trace will arise in one of 
the directions indicated. At first this will be “ele- 
mentary shear” but even at this stage the influence 
of the other three virtual shears will cause non- 
uniformity, the formation of the cracks noted above, 
producing a secondary extinction of light [5]. 

The relief of the faces of the specimen may be 
used to describe the relative displacement of parts 
of the crystal, as revealed by electron microscope 
study of the steps on the side face of a specimen 
[5]. The graduation line method can also be used 
to establish the non-uniformity of the displacement 
of crystal portions occupied by groups of slip bands, 
as shown in Fig. 1. It is very important to note 
that besides displacement in the plane of shear, 
non-uniform bulging is observed on the (100) sur- 
face parallel to the shear plane, which is revealed 
easily in Fig. 2 which is an interference picture 
obtained on reflection of light from a deformed spe- 
cimen of rock salt. Similar bulging is observed 
also on the other side. On the side faces there are 
breaks and steps in the slip traces while between 
them there is smooth deformation of the surface. 
Thus the relative displacement of the parts of the 
crystals is non-uniform and their movement is not 
one plane. The complex nature of the displacement 
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FIG. 6. Schematic diagram showing point of intersection of traces in 
slip bands and shear stress signs. 


appears also to lead to the very peculiar and com- 
plicated distribution of the stresses remaining after 
deformation. 


RESIDUAL STRESSES 


It is not possible to study the residual stresses 
close te local shears in microfields. Not until after 
the formation of “elementary shears” does residual 
double refraction appear to an extent sufficient to 
judge the residual stresses [5]. 

Fig. 3 is a photograph of a group of parallel slip 
traces in the (011) plane, taken with crossed polar- 
ized prisms and the wedge compensator. The distort- 
ion of the interference lines represents to a certain 
degree (see Fig. 3) the distribution of shear stress 
r. Judging from Fig. 3, r shifts abruptly and changes 
its sign at each of the slip traces. r aslo changes 
its sign in the gap between neighbouring slip traces, 
but here its value varies smoothly and passes grad- 
ually through zero without an abrupt change. 

Traces of “elementary shears” arise as a rule on 
the surface and are propagated into the interior of 
the specimen (see e.g. Fig. 1 paper [5]). These 
traces are propagated in dependence on the extent 
of deformation and they intersect the whole test- 
piece in the (011) plane. They are some tenths of 
a millimetre apart normally. Attention is drawn how- 
ever, to the remarkable correlation of signs of the 
double refraction lines on either side of this kind of 
trace. On one side 7 > 0; while on the other 7 < 0, as 


can be seen in Fig. 3. Neither the crystal symmetry 
nor that of the specimen nor the system of operative 
forces can be responsible for the arrangement of 

the regions with 7 > 0 or r< 0. It appears that 
further investigation should be made into this ques- 
tion. It should also be noted that the slope of neigh- 
bouring interference lines in Fig. 3 is somewhat 
different, i.e. the value of 7 varies along the band. 
This fact is dealt with below (see Figs. 7 and 8). 

Further increase in load causes the appearance 
of additional traces of elementary shear and in this 
case some of them are in a perpendicular direction. 
According to Stepanov’s data [11], there is in this 
case “interference of internal stresses”. 

A more detailed study of the pattern of double 
refraction in these cases shows that simple super- 
position of stresses takes place only at a compar- 
atively great distance from the intersection. Close 
to the intersection of the slip bands considerable 
distortions arise, the general character of which 
can be illustrated in Figs. 4 and 5. Fig. 5is a 
photograph of several intersecting slip bands. The 
sign of r was determined by means of a compensat- 
or and is shown in Fig. 6 which illustrates the 
typical distortions of slip traces which are observ- 
ed close to the point of intersection. 

Sections of traces OO and the distorted traces 
may be said to have a fine stepped structure with 
sections oriented along < [110]>. At a distance 
from the distorted regions the stresses are simply 
added together, as shown by the distribution of the 
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FIG. 7. Dependence of shear stress 7 (curve 2) and variation in density op/p 
(curve 1) on co-ordinate x along a trace of partial shear. 
Deformation o = 500 g/mm’. 


25 26 27 28 29 30y,mm 


x,mm 


FIG. 8. Dependence of shear stress 7 (curve 2) and vari- FIG. 9. Dependence of variation in density | op/p| on 
ation in density op/p (curve 1) on co-ordinate x along a co-ordinate y, perpendicular to slip bands; 1, 2, 3 and 
slip line crossing the specimen. 4 show positions of bands. 

Deformation at o = 500 g/mm’. Deformation at o = 500 g/mm’. 


FIG. 10. Schematic development of the nucleus of a crack 
(acc. Mott [13] and Stroh [14]). 
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FIG. 11. Two lines of elementary shear with crack nuclei arranged at an angle of 70° 
to the direction of shear A. Electron microscope, carbon replica shadowed with 
chromium in direction B. Arrow C indicates direction of crack. x 15.000. 


interference lines of the wedge compensator in Fig. 
4. If the optical axis of the compensator is rotated 
through 90° in respect to its position in Fig. 4, S- 
shaped curves will be formed in the quadrants AOB 
Fig. 6), which do not appear to differ from the inter- 
ference line curves in Fig. 3. 

Only in section OO the interference lines (Fig. 6) 
have abrupt changes which conform to the system 
of signs of 7 given in Fig. 6. 

In the case where the slip lines do not intersect, 
and also at some distance from the point of inter- 
section, the double refraction may be attributed to 
the effect of residual shear stresses in planes (011) 
and (011), However, according to Figs. 13-14 in 
paper [2], it follows that in these planes the shear 
stresses oriented along [100] are about the same 
value. This shows that the residual stresses a volu- 
metric and not a planar character, which fact agrees 
very well with data on the variations in the absolute 
value of the refractive index with plastic deforma- 
tion. 

Using the idea of dispersion, thanks to the simul- 
taneous slip in all four possible planes, it may be 
suggested that the traces of the slip bands are sim- 
ply a region of localized chips, fragments and other 
products of dispersion, and that residual stresses 


arise as a result of change of volume in the dispers- 
ion zone. 

In any case the appearance of residual stresses 
cannot be regarded as only the result of the forma- 
tion of a pile of dislocations moving in the direct- 
ion of slip, as has been suggested for instance, in 
the paper by Indenbom and Tomilovskii [12]. 


COMPARISON OF VOLUME AND SHEAR 
RESIDUAL STRESSES * 


If it is assumed that volume and shear residual 
stresses appear together as a result of dispersion, 
then the intensity of dispersion might be expected 
at the same time to determine the magnitude of the 
shear and volume stresses, and these two types of 
distortion should increase and decrease in different 
parts of the crystal in more or less the same man- 
ner. In Fig. 7 the values 


* 0.A. Stepanchenko performed the measurements relat- 
ing to this section. 
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and 7 have been plotted at points along a trace of 
partial shear. The distance along the slip trace on 
the (100) face in direction [011] is plotted along the 
abscissa axis. Along the ordinate axis 7 and 


ip | 


are plotted in different scales. Judging from Fig. 7, 
curves 7 (x) and 


(x) 


agree very well. These two values increase and de- 
crease in exactly the same way at the same points 
in the specimen. 

Fig. 8 shows similar curves for a slip trace inter- 
secting the specimen. Here increase in the distort- 
ions is seen close to the points where this trace 
intersects other perpendicular traces. The reduction 
in residual stresses in the immediate vicinity of the 
side faces of the specimen x = 0 and x = 6, as also 
in the field of partial shear (x ~ 5, Fig. 7), can be 
explained in the first case as the result of the de- 
formation of the free side surfaces of the specimen, 
and in the latter — as evidence of the fact that the 
residual stresses in the crystal are localized around 
' regions where the greatest distortions have occur- 
red. 

The local character of the residual stresses and, 
in particular, the variation in density close to slip 
traces is also illustrated by the graph in Fig. 9 in 
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FIG. 12. Dispersion of material in slip band with formation of blocks and gaps 
between them. Electron microscope. Carbon replica shadowed with 
chromium; X 15.000. 


which 


is plotted for the different points of a straight line 
which intersects a group of parallel slip lines. The 
peaks 


occur roughly at these places through which the 
slip lines pass. 


THE PROBLEM OF THE FORMATION OF 
CRACKS IN THE VICINITY OF 
DISLOCATION PILE-UPS 


It may be assumed that, before the emergence of 
a zone of intensive dispersion, there is a pile-up 
of dislocations leading to fracture of the crystal. 
The mechanism of the formation of cracks at the 
head of a pile-up of dislocations was put forward 
by Mott [13] and developed in papers by Stroh [14]. 
It follows from calculations that maximum normal 
stresses at the head of dislocation pile-ups are 
distributed in a straight line at an angle of ~ 70° 
to the direction of slip (Fig. 10). In paper [15] a 
mechanism was proposed for the development of 
cracks in the slip plane as a result of the move- 
ment of dislocations of different signs in close 
parallel slip planes. In paper [16] an investigation 
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was made of the curvature of the atomic planes par- 
allel to a slip plane and perpendicular to the 
Burger’s vector, which might also lead to the forma- 
tion of a free surface in the slip plane. 

By studying the plastic deformation of rock salt 
crystals at the stage where elementary slip lines 
are formed under stresses of o = 70 g/mm’, second- 
ary extinction was found which was explained by the 
emergence of a system of line cracks. A more de- 
tailed study of these traces was made with an elec- 
tron microscope. 

Specimens deformed until traces of elementary 
shear appeared, were chipped along the cleavage 
plane with a fine cutting edge. Then the cleaved 
surface was covered with a carbon film in a vacuum 
and shadowed with chromium. Shadowing was carried 
out at an angle of 12° to the cleavage plane and per- 
pendicular to the direction of slip. The replica pro- 
duced in this way was studied in the electron micro- 
scope. 

In Fig. 11 a system of line cracks may be seen, 
passing from the elementary slip line and arranged 
at an angle of ~ 70° to the direction of slip, indic- 
ated by arrow A. The cracks extent for ~ 0.14 » and 
the distance between them is 150-200 A. 

At much later stages cracks arise in the slip plane 
itself. They are due to high local stresses in the 
band, which cause the formation of separate frag- 
ments and blocks which are separated from each other 
by gaps of various different shapes (Fig. 12). In the 
paper by Startsev and others [17] it was shown by 
X-ray analysis that at this stage distortions are 
localized mainly in the regions where the slip bands 
are situated. 


It appears that dislocations are not the only 
reason possible for these processes. 


CONCLUSIONS 


Displacement of part of a crystal, residual stres- 
ses and variations in density are localized around 
slip bands. This provides basis for the assumption 
that slip bands are regions of dispersed material 
the density of which differs from the density of ad- 
jacent layers of the crystal, causing a complex 
volume-stressed state to arise. 

This description of slip bands in monocrystals 
has much in common with slip lines in polycrystals 
which are known to be regions of localization in 
strongly deformed grains. The orientation of the 
slip lines may be attributed only to the system of 
stresses operating. In monocrystals these forma- 
tions are also dependent on the anisotropy of the 
mechanical properties of the crystals. In this case 
the dislocation theory may only be applicable in 
the very early stages of deformation in monocryst- 
als. 


Translated by V. Alford 
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PECULIARITIES IN THE MECHANICAL PROPERTIES OF LITHIUM, RELATED TO 
LOW TEMPERATURE POLYMORPHOUS TRANSFORMATIONS * 
I.A. GINDIN, B.G. LAZAREV and Ya.D. STARODUBOV 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 21 May 1960) 


The mechanical properties of lithium have been studied in tension in the temperature range 1.5- 
300°K. A number of peculiarities have been found which are due to the simultaneous presence in the 
metal of two or three modifications which transform into one another both when the temperature is 
lowered and in the process of plastic deformation. Where the low temperature modifications are stab!< 
at reduced temperatures there is a considerable increase in plasticity, uniformity of deformations, 


strainhardening and microhardness. 


The features found are regarded as one of the criteria for the presence of low temperature poly- 
morphism. The possibility is discussed of applying these peculiarities to explain the mechanical 


properties of certain non-equilibrium alleys. 


A number of metals are known to possess low 
temperature polymorphism [1-3]. In certain of these 
cases a new modification has been observed when 
cooling is carried to a sufficiently low temperature 
(for example Li, Na); in other cases equilibirum of 
the modification does not arise on cooling to such 
low temperatures and plastic deformation will be ne- 
cessary for its formation (Li and Na once more, and 
Bi, Hg and Be). | 

In lithium for example, which has a body-centred 
cubic lattice (bec), beginning with a temperature 
approximately equal to 74°K (M,) a modification ap- 
pears with a hexagonal close-packed lattice (hcp). 

Kinetically this is a martensitic transformation 
which causes the formation of a comparatively small 
amount of the new phase. 

The plastic deformation of lithium at low tempera- 
tures 


140° K) 


causes the formation of a modification with a face- 
centred cubic lattice (fcc) which does not exist 
with simple cooling. 

The transformation due to plastic deformation, as 
has been shown already [3], is clearly visible in 
compression diagrams in the form of a sharp break 


* Fiz. metal. metalloved., 10, No. 3, 472-480, 1960. 


in load. Observation of this break is a simple and 
satisfactory method for revealing low temperature 
polymorphism, together with X-ray diffraction, ther- 
mal and other methods [2, 4-7]. 

As the actual transformation is completed in the 
process of plastic deformation the latter must take 
place in the substance with the phase composition 
varying in such a way that is approaches equilibr- 
ium as deformation increases. 

Peculiarities in the mechanical properties of the 
metal are therefore to be expected in the field of 
low temperature polymorphous transformations. 

The present report presents the results of the in- 
vestigation of the mechanical properties of lithium 
in the range 1.5-300°K, which embraces the range 
of its polymorphous transformations. 

Plastic deformation was carried out in tension 
over a range of various elongations up to the des- 
truction of the testpiece. The most suitable metal 
for these purposes is lithium; it is plastic in the 
whole range of temperatures and at the same time 
its transformation points lie within a temperature 
range suitable for an investigation (143 -74°K). 


1. MATERIAL, TEST SPECIMENS, PROCEDURE 


99.3 % pure lithium had the following impurities: 
K 0.01%, Ca 0.03%, Na 0.2%, Mg 0.03 %, Al 0.0099 
Fe 0.003 %, Si 0.05 %, N 0.03%, Mn 0.005 %. The 
specimens were made in the form of flat plates 
with heads for attaching to the grips of the testing 
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FIG. 1. Load-elongation curves for lithium at 


temperatures: 
1 — 170°K; 
2— 78°K; 
3 — 78°K after previous cooling to 20°K; 
4— 20°; 
5 — 4.2°; 6 — 1.5°K. 


machine. They were produced in press: ds in 
kerosene. Test length was 9 mm, cross-s: ction — 
3.7 x 7 mm. 

The testpieces were polished on felt soaked in 
methylated alcohol. This was found to be quite a 
good etching medium also. After polishing the piece 
was immersed in methylated alcohol. This caused the 
polished side to be etched while a layer of oxides 
was removed from the rest of the surface. * After 
this the testpiece was washed in gasoline, rapidly 
dried on filter paper and immediately transferred to 
a Dewar flask filled with liquid nitrogen. The lithium 
remained in the liquid nitrogen without noticeable 
tarnishing for quite a long time. 

Before fixing the specimen in the grips all the 
testing parts of the machine were previously cooled 
and submerged in liquid nitrogen. 

The testpieces were deformed in a tensile testing 
machine with mechanical drive and a fixed tubular 
dynamometer [8] at a rate of 0.03 mm/sec and temp- 
erature of 1.5 and 4.2°K (liquid helium), 20.4, 64 
and 78°K (liquid nitrogen), 170 and 220°K (gasoline 
cooled in liquid nitrogen) and room temperature (in 
the latter case in a fore-vacuum chamber at p~ 10°? 
mm Hg). The following mechanical properties were 
determined: yield point, tensile strength, true stress, 
percentage elongation and reduction, modulus of 
strain hardening and microhardness. 
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FIG. 2. True stress diagram at temperatures 

170, 78 and 20°K. On the right hand is the 

scale showing the growth in yield point at 
_ different stages of deformation. 


2. RESULTS 


a) Load-elongation curves. The load-elongation 
curves (Fig. 1 and true stress curves (Fig. 2) differ 
considerably in the nature of the strain-hardening 
above and below the point of “deformation” trans- 
formation bec + fec. At temperatures above the 
transformation point (7, ) the load-elongation curves 
have an extremely small region of slight strain- 
hardening above the yield point*, while at low tem- 
peratures the curves are characterized by rapid 
strain-hardening up to relatively high stresses. 

In the first case the strain-hardening is due to the 
actual process of plastic flow and is extremely 
smal]. In the second it is due to polymorphous trans- 
formation caused by plastic deformation, and starts 
as a result of the formation of a multi-phase system 
in the very early stages of tension. X-ray diffraction 
analysis has in fact revealed a noticeable amount 
of fcc, modification, already after only 15-20% 
elongation. 

A very considerable increase in the modulus of 
strain-hardening occurs at temperatures below the 
transformation point bec + hcp, when the initial 
structure is two-phase even before deformation. The 
increase in strain-hardening at these temperatures 
is also assisted, as revealed by X-ray analysis, by 
the transformation of the bcc and hcp to the fee 


* The presence of an oxide film may, as is well known, 
cause considerable distortion of the load-elongation 
diagram [17]. This appears to have occurred now and 
then. [12]. 


* For lithium, in which Debye temperature is around 400- 
450°K, it is unlikely that recrystallization would occur 
in the process of deformation at 170°K, or a relief of 
strain hardening because of this. 
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FIG. 3. Temperature dependence of elongation 6 and reduction in area w. 
The shaded points relate to specimens previously cooled to 20°K. 


modification with formation of a finely dispersed 
structure. 

For the same reason the modulus of strain-hard- 
ening increases in a specimen which has been pre- 
viously cooled to 20.4°K and then deformed at 78°K, 
in comparison to that of a specimen which is immedi- 
ately fractured in liquid nitrogen. 

The hcp phase is preserved when heating to 78°K 
as its reverse transformation point to bcc is some- 
what higher [16]. 

At temperatures below transformation point 7, 
three sections may be distinguished on the true 
stress curves (Fig. 2) with different moduli of strain 
hardening. It can be seen that the maximum increase 
in yield point occurs in section I with about 35 % 
elongation, where deformation is accompanied by 
polymorphous transformation; in section II the rate 
of strain hardening decreases because of plastic 
flow of the two-phase system at relatively high 
stresses; section II] represents the localization of 
flow and is again characterized by increase in the 
rate of strain hardening. It is important to note here 
that even in the case of very localized deformation 
in the neck the modulus of strain hardening will not 
reach the value it achieves on polymorphous trans- 


formation. The moduli of strain hardening for test- 
pieces deformed at temperatures of 170, 78 and 
20.4°K are given in Table 1. 

We note also that the ordinary temperature cour- 


_se of strain hardening in a single-phase system is 


very small, especially in metals with a bcc lattice 
[9, 10]. The increase in the modulus of strain hard- 
ening with reduction in temperature (particularly 

at the initial stages of deformation) occurs as a 
result of the more complete bcc to fee and hcp to 
fcc transformations. 

b) Plasticity and strength characteristics. The 
temperature course of the plasticity characteristics 
(Fig. 3) also reflects the presence of polymorphous 
transformation in lithium in the range investigated. 

In bec metals reduction in temperature usually 
causes less percentage elongation and reduction in 
area. In lithium below transformation temperature 
T, reduction in area w continues to decrease, while 
elongation 5 passes through a minimum and increa- 


ses rapidly, reaching at 1.5°K a higher level than at 


room temperature (100-110% and 90- 100% res- 
pectively). 

A similar minimum has been observed in the tem- 
perature dependence of elongation by Kostenets in 
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sodium [10] which, as was subsequently demonstrat- 
ed [1-3], is also subject to low temperature poly- 
morphous transformation. 

The minimum on the temperature-elongation curve 
is one of the main “mechanical” criteria for poly- 
morphous transformation in lithium. 

It may be presumed that the increase in the plasti- 
city of lithium at low temperatures is due both to 
this very process of polymorphous transformation 
and to the high plastic properties demonstrated by 
the low temperature fcc modification. 

The process of transformation and the formation of 
a two-phase system causes considerable strain hard- 
ening and a more uniform type of flow. Deformation 
is not localized in one place and is propagated, ac- 
cording to the progress of the transformation, from 
one section to the other throughout the whole test 
specimen. 

Besides this, the plasticity of the low tempera- 
ture modification, as is usual in metals with a fcc 
lattice [8], increases as the temperature is lowered. 

Thus the distinctive feature of low temperature 
deformation which is accompanied by transformation, 
is its uniformity, which also to a considerable ex- 
tent accounts for the extent of elongation. 

This is demonstrated by the shape of test speci- 
mens fractured at different temperatures (Fig. 4). 
Here there is a clearly expressed minimum of elong- 
ation and increasing uniformity of deformation with 
reduction in temperature. 

The high plasticity at room temperature is demons- 
trated by the well-formed elongated neck typical of 
ductile fracture, while at the temperatures of liquid 
hydrogen and helium the even greater elongation is 
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FIG. 4. External appearance of fractured test specimens of lithium: 
1 — initial state; fractured; 


6—4.2; and 


170°; 
5 


obviously due to the uniform reduction in cross- 
section throughout the piece and rapidly increasing 
strain-hardening; the break is like a brittle fractare 
(this is also reflected in the load-elongation cur- 
ves). A similar type of variation in plastic proper- 
ties has been observed in a number of cases of 
metastable alloys andhas not so far been explained 
[18]. This is, for instance, the way in which austen- 
itic steel EYAIT behaves [10, 18], probably due in 
some way to reduction in supercooling in the process 
of deformation during martensitic transformation. 

These circumstances could probably be used as 
a possible explanation of what is known as “super- 
plasticity” [13-15]. 

The increase in elongation which occurs with re- 
duction in temperature may therefore, together with 
the increased heterogeneity of deformation, be re- 
garded as yet another criterion for the presence of 
low temperature polymorphism or, in a general case, 
the supercooled state. 

Yield point and tensile strength in lithium are 
particularly sensitive to transformations of the mar- 
trensitic type (fig. 5).F or example, during cooling 
from 78 to 1.5°K yield point is increased more than 
three times and true tensile stress more than four 
times. Up to M. there is nothing remarkable about 
the yield point curve. Its subsequent rapid increa- 
se is of course due to increasing rigidity as a re- 
sult of the penetration of the metal by needles of 
the hexagonal modification. This is confirmed by 
the abrupt increase in yield point at the tempera- 
ture of liquid after previous cooling to the tempera- 
ture of liquid hydrogen (for the immediate formation 
of a large amount of the hexagonal close-packed 
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FIG. 5. Temperature dependence of yield point o tensile stress o,, and tr 
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FIG. 6. Dependence of microhardness at 78°K on the temperature of the pre- 
vious treatment: H, — microhardness of specimens previously cooled at 


various temperatures: 


— microhardness in the neck of specimens pre- 


viously broken at various temperatures. 


modification). It is this mechanism of course, which 
is responsible for the abrupt increase in tensile 
stress. However, in the process of plastic deforma- 
tion this increase is already noticeable at the trans- 
formation point of bcc > fcc. It is interesting to 
note that there is a certain drop in tensile stress 
between 4.2 and 1.5°K, because, apparently of the 
intermittent nature of the plastic deformation in this 
temperature range (Fig.-1). It may be that this inter- 
mittent deformation has some of the features of 
dynamic loading. 


c) Microhardness. Microhardness was determined 
on the PMT-3 tester. The measurements were made 
at the temperature of liquid nitrogen. For this pur- 
pose a cylindrical plexiglass cup with a handle 
was used to hold the specimen. Nitrogen was pour- 
ed in until the flat surface of the specimen was sub- 
merged. Before use the indenter was held in liquid 
nitrogen for some time to achieve the necessary 
cooling. 

As has been noted earlier, the hexagonal phase 
does not appear until cooling below 74°K; on heat- 
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FIG. 7. Microhardness at 78°K along a specimen deformed at 170°K (the line 
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FIG. 8. Microhardness at 78°K along a specimen deformed at this same tem- 
perature. (The drawn line is the relative distance of the indentation 
marks along the specimen). 


ing, it is preserved up to a temperature above the 
boiling point of liquid nitrogen [16]. It is therefore 
possible to investigate a test specimen in liquid 
nitrogen with a phase composition which is ordinar- 
ily stable at much lower temperatures to which the 
specimen had previously been cooled. 

It is suggested that this also obtains for test spe- 
cimens which have been deformed at various temper- 
atures. 

Fig. 6 shows the results of microhardness measure- 
ments of lithium at the temperature of liquid nitro- 
gen. The lowe: curve (H, shows the course of the 
hardness of testpieces cooled to different tempera- 
tures. It can be seen quite clearly that the main in- 
crease in hardness occurs as a result of the forma- 
tion of the hcp modification; there are abrupt chan- 
ges on passing through M. from 4 to ~. 7kg/mm?. The 


changes are due to the formation of a two-phase 
structure (bec + hcp). The slight increase in H, 
when the temperature is reduced below the change 
right down to 1.5°K appears to indicate that there 
is very little difference in the volume transformed 
in the range 64 to 1.5°K. 

The upper curve H_ ., characterizes the micro- 
hardness of fractured pieces close to the point of 
fracture. Two transformations are reflected by the 
course of the curve: bec + hcp (~ 74°K) and bec > 
fee (~ 140°K). 

The increase at T~ 143°K was not directly mea- 
sured but it may be assumed from the microhardness 
figures at 78 and 170°K (8 and 6 kg/mm? respect- 
ively), that it is small. 

Deformation at 78°K, i.e. above M., causes a 
noticeable increase in microhardness (up to 8), 
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FIG. 9. Microhardness at 78°K along a specimen deformed at 20°K. 


which is evidence of the formation under plastic 
deformation at this temperature, of a certain amount 
of the fcc phase penetrating the parent bcc phase. 

The sharpest increase in microhardness H_ 
(from 8 at 78° to 13.5 at 64°K) is similar to the in- 
crease in strain hardening and, for the same reason, 
occurs in the range of formation of the hcp modifica- 
tion. 

The increase in microhardness in dependence on 
the degree of deformation is very different in the 
single-phase and multi-phase systems, in the first 
it is insignificant while in the latter it is extremely 
great. And indeed, the deformation of the metal at 
170°K, i.e. in the single-phase state (bcc), causes 
only a small (up to 30%) increase in microhardness 
even under considerable deformation (Fig. 7). 

Even at 78°K, which is below 7, (bec + fcc), the 
sharp increase in microhardness occurs in the ini- 
tial stages of deformation and is practically com- 
plete, as can be seen from the curves in Fig. 8, at 


an elongation of ~ 30%. Moreover ihe microhard- 
ness is twice as high. 

This is the range of deformation in which the 
main increase in strain hardening occurs (Fig. 2). 
Particularly rapid increase in microhardness (from 
8 to 16 kg/mm?) occurs when lithium is deformed in 
liquid hydrogen (Fig. 9). 

Thus, microhardness like strain hardening, is sub- 
ject to considerable increase when the metal is 
olastically deformed in conjunction with phase 
transformations, and can for this reason serve very 
well as a criterion of low temperature polymorphous 
transformations. 

The writers would like to express their apprecia— 
tion to members of the Kharkov Polytechnic Insti- 
tute M.B. Lazareva and N.C. Fomenko for assisting 
in carrying out the investigations and to P.V. 
Ivanitskii for helping with the experiments. 


Translated by V. Alford 
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THE INFLUENCE OF COMPOSITION ON SLIP TRACES IN ALPHA-SOLiD 
SOLUTIONS OF MAGNESIUM IN ALUMINIUM * 
V.I. SYUTKINA and E.S. YAKOVLEVA 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 


(Received 26 May 1960) 


Investigation has been made of slip traces in solid solutions of magnesium in aluminium. It 
is shown that magnesium causes non-uniform variations in slip traces in the initial stage and at 
stages where deformation of the alloys has reached a considerable degree. The influence of mag- 
nesium is explained by the intensification of the process of strain hardening of the shear zone in 
the alloys at the beginning of extension and of the process of softening when deformation has 


reached a considerable degree. 


The appearance of slip traces during deformation 
is an indication that shear is occurring to different 
degrees on the slip planes. The reason for this is 
most probably a sub-microscopic imperfection in the 
grain structure of the metal. The fine structure of 
grains is dependent on a number of factors such as, 


for instance, composition, temperature, degree of de- 
formation, etc.. These are the parameters which af- 
fect mechanical properties. The reasons for the 
changes in the properties of a metal under the action 
of these parameters may to a certain extent be judg- 
ed from the character and distribution of deformations 
in the grains. 

In the present investigation a study was made of 
the dependence of the nature and distribution of slip 
traces on the degree of alloying in alpha-solid solu- 
tions of magnesium in aluminium. Magnesium cau- 
ses considerable distortion of the aluminium lattice 
[1], and it is therefore to be expected that it would 
influence the fine structure of the metal grains and 
have an effect on the development of plastic deform- 
ation in them. The effect of magnesium on mechan- 
ical properties is well known. At room and low tem- 
peratures magnesium strengthens aluminium [2]. 
Bonding forces do not vary with the magnesium con- 
tent of an alloy [3]. 

The investigation was carried out on an electron 
microscope E-M-3 using oxide replicas. Deformation 
was effected at room and low temperatures where 
the shear mechanism is predominant. The pattern 
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of slip traces was studied after 4 and 14% deforma- 
tions of. At a small deformation the effect of alloy- 
ing should be restricted mainly to variations in the 
original fine structure. At greater deformations a 
considerable part may be played by deformation de- 
fects. 

Alloys of the following composition were investi- 
gated: aluminium 99.99%; aluminium 0.01: 0.04: 
0.10: 0.30 and 0.92 % magnesium. 

The test specimens were in the form of strips 
50 x 3 x 1 mm. In all the alloys the grain was uni- 
form and 0.1 mm in size. About fifty grains were in- 
vestigated in alloys of each composition using re- 
plicas. The most typical patterns were photograph- 
ed. The width of the lines and the distance between 
them were measured in the direction perpendicular 
to the slip traces. The surface of electrolytically 
polished test specimens was etched before deforma- 
tion to reveal the etching figures. This was done in 
order to determine the orientation of the grains and 
to facilitate the study of the deformation pattern in 
the initial stages. However, only in a very limited 
number of cases was it possible to use the etching 
figures to determine grain orientation, as it appears 
that in aluminium of 99.99 % purity and its alloys, 
it is not the planes of a cube which are revealed 
on etching but the faces of a pyramid close to it, 
the indices of which are dependent on grain orient- 
ation [4]. The etching figures did assist in observa- 
tion of slip traces as the latter were revealed more 
clearly on the etch figures than on the surface, and 
where frequently visible even when no traces could 
be seen on the surrounding surface. This is due to 
the fact that in tension, the maximum shearing 


Influence of composition on slip traces 


FIG. 1. Slip traces in aluminium: deformation 4%, 
temperature 20°; x 6500. 


FIG. 2. Slip traces in alloys of aluminium with magnesium: deformation 4%, 
temperature 20°; x 6500: 
a — 0.10% magnesium; 
b — 0.30% magnesium; 
c — 0.92% magnesium. 


stresses are arranged at an angle of 45° to the axis 
of the piece and are equal to zero in the directions 
perpendicular to the axis. In this connexion, the 
steps which occur at the place where a slip plane 
intersects the surface, are higher on the hollowed 
faces of etching figures than on the surface itself. 
For this reason, in the initial stage of deformation 
when shear is low, the etching figures enhance the 
appearance of slip traces. Moreover, uneveness in 
the distribution of shear in the metal grain is shown 
up very clrearly on the etching figures. The edge of 
the cube is offset at the point of intersection with 
the slip plane. The degree of localization of shear 
in the slip trace can be judged from the height and 
width of the offset. 


RESULTS OF INVESTIGATION 


The study of slip traces in aluminium and its al- 


loys after extension by 4% at room temperature 
showed that in pure aluminium most of the slip 
traces, when seen under the electron microscope, 
are resolved into bundles of fine parallel slip lines 
(Fig. 1). The width of the lines and the distance , 
between them is roughly the same and equal to 150A. 
When these traces intersect with the etching fig- 
ures clearly visible offsets are seen on the edges 
of the figures, which are evidence of the extremely 
non-uniform distribution of deformation in the grain 
of pure aluminium. The appearance of magnesium 
atoms in the aluminium is accompanied by a change 
in the nature and distribution of the slip traces. As 
the amount of magnesium in the alloy increases the 
traces become finer and the distance between them 
is reduced. Even in an alloy containing 0.30% mag- 
nesium there are practically no wide bands of slip 
traces. The traces become so thin that the offset of 
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FIG. 3. Dependence of the width of a slip trace (a) and the distance between 
trace (b) on the magnesium content of the alloy. Numbers indicate the 
number of measurements, marks show the amount of scatter. 


the edges at the point of intersection with the slip 
planes becomes indistinguishable (Fig. 2). 

The results of the measurement of the width of 
traces and the distance between them are given in 
Fig. 3. In plotting the graph in Fig. 35 use was 
made of both electron microscope photographs and 
microphotographs taken with a magnification of 320 
(Figs. 4 a-b). This was necessary for pure alumin- 
ium and its low alloys, in which the slip traces 
were rare and the distance between them could not 
be determined from individual electron photographs. 

It can be seen from Fig. 3 that in the investigat- 
ed range of magnesium concentration, the width of 
a slip trace is reduced by about four times while the 
distance between them, by 8-10 times. Consequent- 
ly, in the initial stage of extension the appearance 
of magnesium atoms in aluminium has, as it were, 
the effect of evening out the properties of the micro- 
volumes of the alloy, causing a more complete and 
even distribution of deformation over the whole 


grain. 


If one considers that magnesium strengthens alloys, 


then the most probable reason for the effect of al- 
loying observed in the test must be the interaction 
of magnesium atoms with dislocations. As a result 
of this interaction magnesium atom atmospheres are 
formed near the dislocations, reducing their mobil- 
ity in the slip planes [5]. The mobility of a disloca- 
tion is taken to be the reciprocal of the mean rate 
of movement which is determined by the length of 
the dislocation path, divided by the sum of the time 
of movement of a freed dislocation before it reaches 
an obstacle and the time it spends at the obstacle. 
Obstacles to the movement of dislocations are 
another form of defect in crystal structure. More- 


over, in alloys Cottrell atmospheres encountered on 
the path followed by a free dislocation may also 
provide barriers [6], for which reason the shear in 

a slip trace in alloys is less than in aluminium and 
the coefficient of strain hardening in them is high- 
er [7]. Besides this, Cottrell atmosphere hinders 
the exit of dislocations from the slip planes, as the 
clouds impede the approach of vacancies to the 
edge of a surplus semi-plane, i.e. they prevent the 
dislocation from rising to a neighbouring atomic 
plane. This reduces th2 weakening of the slip 
plane, which also causes reduction in shear. When 
dislocations pile up near an obstacle elastic stres- 
ses arise in the neighbourood of the slip plane, res- 
tricting the development of shear in this field [6] 
and a component of force arises perpendicular to the 
slip plane. Screw dislocations, which do not inter- 
act with impurity atoms (or interact only weakly and 
indirectly) may, even in alloys, transfer under the 
influence of these forces, to neighbouring slip 
planes. The elastic field which prevents the deve- 
lopment of shear in these planes is weaker in the 
alloys than in aluminium, as it is reduced by 
Cottrell atmospheres, and for this reason the layer 
of metal around a shear is wider in the alloys than 
the width of one shear line in aluminium. The form- 
ation of wide slip traces in the form of bundles of 
lines, does not occur in alloys, probably because 
of the difficulties encountered in them by the pro- 
cesses of recovery by vacancy migration. 

The mechanism established for the influence of 
magnesium on the nature and distribution of slip 
traces provides complete confirmation of the re- 
sults of the microscopic investigation of these al- 


loys [8]. 
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a — aluminium; 
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FIG. 4. Photomicrographs of slip traces: 


b — aluminium + 0.30% magnesium; 


deformation 2%, 
temperature 20°; x 320. 


When the degree of extension is increased the 
levelling action of magnesium on shear deformation 
is reduced. In the alloys the distribution of deforma- 
tion in the grains occurs less evenly than in the ini- 
tial stages of extension. The width of the trace in- 
creases as also the degree of shear and the distance 
between the traces. Here offsets arise on the edges 
of etching figures at the points where they inter- 
sect slip traces not only in aluminium, but also in 
the alloys. The fine network of slip traces revealed 
in the alloys in the initial stage of extension, dis- 
appears under greater deformation. It probably be- 
comes so dense that it can no longer be revealed by 
the oxide method. Certain differences may be noted 
in the nature of the traces in aluminium and in the 
alloys with considerable deformation. In aluminium 
they consist of bundles of thin slip lines while in 
the alloys they can scarcely be resolved into lines 
(Figs. 5 a-c). A similar character in the slip traces 
was discovered by Thomas and Nutting [9] in alumin- 
ium alloys with much more magnesium (1-7 %). 

The localization of shear in the slip traces of al- 
loys under considerable deformatiom may be explain- 
ed by the more intensive weakening of the shear 
zone. It is known from load-elongation curves that 
in fact, under considerable deformation the coe ffi- 
cients of strain hardening are reduced in the alloys 
and in aluminium and approach one another [9]. The 
weakening of the alloys is to a considerable extent 
determined by the recovery and diffusion processes 


which occur in the metal under load. The number of 
deformation defects increase with increase in de- 
formation, and this includes vacancies [6]. Vacan- 
cies interact with impurity atoms, which may lead 
to a resorption of atmosphere. This reduces the re- 
sistance of the slip plane to shear and facilitates 
the emergence of dislocations in neighbouring slip 
planes. As a result of this, the extent of shear in 
the plane grows, as also the width of the zone em- 
braced by the shear. The fact that the zone of 
shear in the alloys can hardly be resolved into slip 
lines is an indication that Cottrell atmospheres are 
not completely, but only partially dispelled. 
Support to the proposition that diffusion proces- 
ses play a big part in the phenomenon of the local- 
ization of shear in slip traces is provided by the 
results of the investigation of the traces in alumin- 
ium and in its alloys with magnesium, deformed at 
low (—196°) temperatures. It has been shown that 
at —196° shear deformation in aluminium and its 
alloys occurs more uniformly than at room tempera- 
ture. The lines are thinner and the distance bet- 
ween them is less. Moreover, the pattern of the slip 
traces becomes increasingly similar in the alloys 
and in the aluminium as temperature becomes low- 
er. Reduction in the deformation temperature should 
have this effect where diffusion processes are 
responsible for the localization of shear, be- 
cause they occur at a very low rate at low 
temperature. 
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FIG. 5. Slip traces in alloys of aluminium with magnesium; 
deformation 14%, temperature 20°; x 6500: 


a — aluminium; 


b — 0.30% magnesium; 
c — 0.92% magnesium. 


CONCLUSIONS 


The investigation has shown that magnesium does 
not have the same effect on the nature and disiribut- 
ion of slip traces at small and large deformations. 
In the initial stage of elongation magnesium reduces 
the width of the slip traces and the distance bet- 
ween them. Alloying in this case therefore, will 
cause a more complete and even shear deformation 
of the grain as a whole. 

Looking at the mechanism established for the in- 
fluence of magnesium on the shear pattern in the al- 
loy side by side with its mechanical properties, the 
suggestion is made that it is inequalities in concent- 
ration, such as the Cottrell atmosfhere, which are 
responsible for the influence of magnesium. 

As deformation increases,the levelling effect of 
the magnesium on the shear deformation gradually 
disappears. Deformation is not only heterogeneous 
in the alloys, but also in aluminium. The nature of 
the slip traces is however, different. In aluminium 
they consist of bundles of slip lines and in the al- 
loys there is practically no fine structure to the 
traces. 


The variation in the pattern of slip traces in the 
alloys as the deformation increases is due to in- 
creasing weakening of the shear zones as a result 
of the diffusion re-arrangement of the magnesium 
aggregates in them. These re-arrangements become 
possible under considerable deformation as a result 
of the increasing number of deformation defects in 
the alloy. The difference in the nature of slip tra- 
ces in aluminium and in the alloys is also due to 
the more intensive weakening of the shear zones in 
the alloys. When the slip plane is weakened the 
elastic distortions of the lattice in its neighbour- 
hood are reduced and the shear can pass into the 
neighbouring slip planes. It is for this reason that 
the fine structure of slip traces is difficult to find 
in the alloys. 

We would like to take this opportunity to express 
to N.N. Buinov and his laboratory colleagues for 
the opportunity given to carry out the electron 
microscope investigations. 


Translated by V. Alford 
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RELFECTING PHASE COMPENSATOR FOR METALLO-OPTICAL MEASUREMENTS * 


M.M. NOSKOV 


Urals State University 
(Received 6 June 1960) 


The lack of suitable double refractive crystals 


for the compensation of the difference in the phases 
of mutually perpendicular polarized components of 


infra-red light has led to the development of certain 
variations of the methods of measuring optical cons- 
tants of metals without compensators. In those cases 
where the originators of these methods have endea- 
voured to achieve curved or plane polarization at the 
outlet of the optical system (so that the method of 
recording should be a “zero one”), the phase differ- 
ences necessary for this 


A 


have been achieved by choosing the angle of inci- 
dence ¢ and the number of reflections m. These 
values are as a rule, both quite high, ¢ — up to 

87°, m — up to 11—13 reflections. This is explain- 
ed by the fact that, in the infra-red range the optical 
constants n and k are for most metals considerably 


higher than 1 and therefore 
A = tan“! (2k sin d tan d/n? + x? — sin’ ¢ tan’¢), 


corresponding to a single refelction, is low right up 


to angles of ¢ = 80°. 


The necessity of using high ¢ and m can be avoid- 
ed if, for the restoration of the plane polarization 
additional reflections are used from standard metal- 
lic mirrors made out of metals or alloys, which have 
comparatively low electrical conductivity and are 
fairly resistant to corrosion, as for instance, Cr, Nb, 
Ta, Pt. For these mirrors the values n and k have 


already been determined with maximum precision by 


one of the existing conditions in the required range 
of wavelengths, so that it is less difficult to pro- 
ceed with them than with mirrors of the other metals. 
The values A and tan p — the difference in phase 
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and the ratio of the coefficients of reflection of the 
polarized components — are for instance, known for 
all values of d. The metals mentioned differ from 
the so-called “good metals” in that the main angle 
of incidence, is lower and consequently the value 

A is higher for mean angles of incidence. At room 
temperature the coefficient of absorption for these 
metals in the infra-red range satisfies the conditions 


K 


very well, where A, is the length of a light wave 

and / is the length of an electron path, which cor- 
responds to normal skin effect. These properties 
recommend these metals for use as phase compensat- 
ing materials. 

Let us consider a theoretical case where the com- _ 
pensator is a mirror and is used to analyse the light 
reflected a single time from the specimen investi- 
gated. It may in practice be more suitable to use 
certain of the reflections in the experimental mir- 
rors and one or two of the reflections in the compen- 
sating ones. The calculations are not complicated 
very much by this. 

The transformation of the elliptically polarized 
light reflected from the specimen to plane polarized 
light may be achieved by two means: repetition of 
the existing phase difference up to 7 or by compen- 
sating it by reciprocal phase difference to zero. In 
the first case the planes of incidence of the light 
onto the specimen and the compensator should be 
parallel to one another and in the second they should 
be perpendicular. 

1. Let the amplitude of the components of the 
plane polarized light falling on the specimen be 


Ap =Apocos a 


As =Apgsin a. 
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where a is the azimuth of the polarizer. After re- 
flection from the specimen and then from the com- 
pensator 

= “27! tame cxpt(A + Ay), 

where the & signs refer to the compensator mirror. 
Having selected a suitable angle of incidence on the 
compensator, let us find the plane polarization at the 
exit with azimuth a’, which is clearly determined by 
the position of the analyser at the moment where 
there is no signal at the output of the system. 


A+A,=7 1 


tan = —cot a/tana. 


2. In the second case 


7,” 
A,/A, = exp i (A — 


On compensation 


4—A,=0 


tan p = tan p;, tan a’/tan a. 


The values obtained A tan p are good enough for 
calculation of the required values of n and k accord- 
ing to metallo-optical formulae. 

The use of this type of compensator is particular- 
ly satisfactory if the objects to be investigated are 
placed in a cryostat or a vacuum, and also in those 
cases where investigation is made of the optical 
characteristics of metals with high electrical con- 
ductivity which show a tendency to ward an anomal- 
ous skin effect. 
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GALVANOMAGNETIC EFFECTS IN THE FERROMAGNETIC ALLOY MnSb* 
I.K. KIKOIN, N.A. BABUSHKINA and T.N. IGOSHEVA 
(Received 17 June 1969) 


There is at the present time no completely satis- 
factory theory of the galvanomagnetic effect in ferro- 
magnetic materials, due mainly to the paucity of ex- 
perimental work in this important field of ferromag- 
netism. 

In order to get accurate enough measurements of 
galvanmetric effects one must, of course, select a 
substance in which these effects are reasonably 
large. These conditions are satisfied by a number of 
alloys such as, for instance, chromium-tellurium, 
manganese-antimony and others. The investigation 
of the alloy chromium-tellurium [1], for which the 
Hall coefficient is almost twice as much as that in 
iron, have led to the establishment of some simple 
mules regarding the ferromagnetic and paramagnetic 
Hall coefficients. 

The present paper is devoted to the investigation 
of the temperature dependence of the Hall coeffi- 
cient and the electrical resistivity of the alloy 
manganese-antimony (50 atomic %). Measurement of 
the temperature dependence of the curves of magnet- 
ization and magnetocalorific effect were made on all 
the specimens and in this way the temperature de- 
pendence of the spontanous magnetization of the 
alloy MnSb was found. 

Fig. 1 shows the dependence of the ferromagnetic 
Hall coefficient R, on the square of spontaneous 
magnetization 


2 


The ferromagnetic Hall coefficient R, is deter- 
wines, as usual from the Hali e.m.f. for ferromagnetic 
materials 


E =(R,J + Rol)jb, a) 


where Eis Hall e.m.f.; 
J is the magnetization of the test specimen; 
R, is the classic (ordinary) Hali ccefficient; 
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H_ is the external magnetic strength; 

j__ is the primary current density; 

bis the distance between Hall electrodes. 
The dependence of R yon 


for MnSb (Fig. 1) is completely analogous to that 
obtained in [1] for the alloy chromium-tellurium and 
is defined by the equation 


R, =a( (2) 


where o, and go are spontaneous magnetization at 
at the temperature of measurement and absolute 
zero respectively (a4 for MnSb is found from mag- 
netic measurements to be 111. 76 gauss/cm*/g). 

Coefficient a appears to be a material constant. 

Equation (2) conforms to the theory of galvano- 
magnetic effects in ferromagnetic materials develop- 
ed by Vonsovskii, Patrakhin and others [2, 3]. 

Using these equations it is possible to establish 
a relationship between the ferromagnetic Hall coef- 
ficient and electrical resistivity which is different 
from the known relationship established by Karplus 
and Luttinger [4]. 


(3) 


which in most cases does not satisfy experimental 
requirements. 

The resistance of a f<:romagnetic material p 
below the Curie point can be treated as consisting 
of two terms 


Po— Ap, 


where gy is the resistance of the specimen which is 
not due to its ferromagnetic, and Ap is the reduct- 
ion im resistance due to the action of spontaneous 
magnetization. 
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The value of po is found by extrapolating part of which is analogous to equation (2). Comparing 
the temperature dependence curve of resistance above equations (2) and (4) it is easy to see that there 
the Curie point in the region of the ferromagnetic should be a linear relationship between R, and 
state. Ap. 

Gerlach [5] has shown (on the example of nickel) Fig. 2 shows the R, /Ap dependence of test spe- 
that the ferromagnetic part of resistance Ap at a cimens of MnSb investigated by us. It remains linear 
given temperature is related to the degree of sponta- from room temperature to the Curie point and is de- 
neous magnetization at the same temperature in the fined by the simple formula 
following way: 


(4) Ry = Bap, 
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which may be used instead of relationship (3). 

Corresponding treatment of the data from a numb- 
er of writers on various magnetic materials provides 
quite satisfactory confirmation of formula (5), the 
physical sense of which is simpler than that of re- 

lationship (3). 

Formula (5) is more general than (3); it can be 
regarded as a linear approximation to any degree of 
the function R/p. Unfortunately, the number of ferro- 
magnetic materials for which parallel] measurements 
have: been made of galvanomagnetic effects, magne- 
tization and electrical resistance, is too small to be 
able to judge the degree of precision of equation 


(5). 


Measurements made above the Curie point have 
confirmed that the temperature dependence of the 
Hall coefficient for the alloy manganese-antimony 
is subject to the Curie-Weiss law. The value of the 
paramagnetic Hall coefficient determined from this 
[1] coincides almost exactly with the value of the 
ferromagnetic Hall coefficient at the Curie point 
(a 07). 

A detailed description of the experiments and the 
results obtained will be published later. 


Translated by V. Alford 
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A STUDY OF THE AGEING OF SILICON MANGANESE BRONZES FROM MEASUREMENTS 


OF MAGNETIC SUSCEPTIBILITY AND ELECTRICAL RESISTIVITY * 
Z.Z. BRAININA, M.N. MIKHEYEV, P.G. RUDOMANOV and V.P. SELYAKHINA 
Institute of the Physics of Metals, Academy of Sciences S.S.S.R. 


Silicor manganese bronze type KMTSZ-1 (chemic- 
al composition: silicon 2.75-3.5%, manganese 
1.0-1.5%, other impurities (Fe, Ni etc.) not more 
than 1.1%, the rest copper), which possesses highly 
satisfactory mechanical properties, when used in 
the manufacture of different kinds of wire and other 
component parts, has a definite drawback in that 
articles rolled from this bronze (rods etc.) are liable, 
where the silicon content is at the maximum permit- 
ted, to spontaneous corrosion cracking during ex- 
tended use at ordinary room temperature. One of the 
reasons for the corrosion cracking of rolled bars of 
this silico-manganese bronze might be found in the 
ageing processes as, according to the constitution 
diagram [1], this bronze should belong to the ageing 
alloys. 

The ageing processes have been investigated in 
silicon manganese bronzes of the composition speci- 
fied with the silicon content varying from 2 to 3.5%, 
on deformed test specimens produced from rolled 
bars. 

The study of ageing processes different tempera- 
tures in the range from room to 500° was made with 
observation of the changes in magnetic susceptibi- 
lity X and specific electrical resistivity p during 
the. process of holding a deformed rolled test speci- 
men at a given ageing temperature. Magnetic sus- 
ceptibility measurements were made on specimens in 
the form of cylinders (disks) 6 mm in diameter, 6 mm 
high using Faraday’s magnetic scales method [2]. 
The specific electrical resistivity measurements 
were made on specimens in the form of wires, using 
an ordinary low-ohmic potentiometer type PPTN-1. 

The results of the temperature measurements of 
magnetic susceptibility X and specific electrical 
resistivity p given in Figs. 1-2 show that ageing 
processes do in fact take place in the alloys and 
that they are most clearly expressed in alloys with 
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a silicon content of more than 3% at a temperature 
of ~ 300°. The course of the ageing process in re- 
lation to tempering temperature and different hold- 
ing times is illustrated for the test specimens by 
the graphs in Figs. 3-4. 

The corrosion cracking observed in deformed 
articles (rolled) of bronze KMTSZ-1 with a high 
silicon content (above 3%) can be explained on the 
basis of our investigations of ageing processes 
together with other investigations devoted to this 
same problem [3]. As a result of ageing there is a 
sharp increase in the stresses in deformed test spe- 
cimens because of precipitation of a supersaturated 
phase (Mn,Si). 

To eliminate the corrosion cracking it seems that 
the upper permissible limit for the silicon content 
in bronzes KMTSZ-1 must be reduced or special 
additions must be made of a new element which will 
influence the solubility curve on the constitution 
diagram in the range of high silicon content 
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FIG. 1. Variation in electrical resistivity p as a function of ageing time 
at various temperatures for bronze test specimens: 
a — silicon content 3.5 %; 
6 — silicon content 2%. 
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FIG. 2. Variation in magnetic susceptibility X as a function of ageing time 
at various temperatures for bronze test specimens: 
a — silicon content 3.5 %; 
b — silicon content 2.06%. 
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FIG. 3. Variation in electrical resistivity p as a function of ageing temperature 
at various holding times for bronze test specimens: 

1 — slow cooling from 500°; 

2 — beginning of ageing; 

3 — after 4 hr holding time at the relevant 
temperatures; 

1 — slow cooling from 500° after 4 hr holding 
time; 

2 — beginning of ageing; 

3 — after 4 hr holding time. 


a — silicon content 3.5 %; 


b — silicon content 2.06%; 
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FIG. 4. Variation in reciprocal magnetic susceptibility 1/7 as a function of ageing 
temperature at various holding times for bronze specimens: 

1 — slow cooling from 500° after 4 hr holding time; 

2 — cooling from 400°; 

3 — beginning of ageing; 

4 — after 4 hr holding time at relevant temperatures; 

1 — slow cooling from 500° after 4 hr holding; 

2 — beginning of ageing; 

3 — after 4 hr holding time. 


a — silicon content 3.5 %; 


b — silicon content 2.06 %; 
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THE MECHANICAL STABILITY OF HIGH-ANGLE DISLOCATION 
INTERGRANULAR BOUNDARIES * 


A.N. ORLOV and I.A. SHVARTE 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 


(Received 3 May 1960) 


Electron microscope observation [1] shows that 
in certain cases high-angle intergranular boundaries 
in a metal possess a fine structure. It may be as- 
sumed that a boundary consists of several parallel 
dislocation walls. This assumption agrees with in- 
direct data on internal absorption [2] according to 
which the boundary is a distorted field several hun- 
dred Angstroms in width. 

The generalization of the dislocation model of 
low-angle intergranular boundaries as a case of many 
parallel dislocation walls built up of equally spaced 
parallel edge dislocations has been proposed by 
Chalmers [3] and reviewed by Hollander [4]. 
Amelinckx and Dekeyser [5] have shown that a bound- 
ary consisting of three parallel walls lying in the 
planes x = — Xo, 0, + xo, are mechanically stable 
wherefore the equilibrium spacing between the walls, 
%_ = 0.21 h, where A is the distance between the 
dislocations in the wall. Hollander examined n 
walls evenly spaced at x =h. At sufficiently high 
n and neglecting edge effects we see from consider- 
ations of:symmetry that model [4] is also stable. 

In the present note equations will be deduced 
which define the equilibrium distance between dis- 
location walls for any n; their solution is provided 
for the case n = 5; boundary energies are compared 
with any given angle of rotation at n = 1, 3 and 5; 
and certain other results are given. 

Adjusting to zero the formula for the forces [6] 
acting on an arbitrary dislocation of an i wall, we 
set a system of equation 


_ (— 7 
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where 


xij = Xi), 


h 


where x; is the co-ordinate of an i wall, 6 is the 
Burgers vector, G is the modulus of elasticity in 
shear, v is Poisson’s ratio. 

It follows from symmetrical reasons that if n is 
uneven there will be 


independent equations and the same number of 
(generally speaking different) interwall spaces. If 
n is even a = n/2 and here there will be no solu- 
tion to system (1). Therefore only the boundaries of 
an unequal number of walls are stable. If n = 3 the 
solution to (1) is x, = 0.21h/ [5]. If n = 5 the graphic 
solution to (1) gives 


X12 = = X23 = X34 = O.3IA. 
It can be shown quite easily that at uneven 


satisfies (1). 

Calculation of the boundary energy, including the 
energy of the interact’c. of the wall at the equal 
distances found, shows that at any angle of disori- 
entation the energy E, of a boundary of n walls in- 
creases with increase in n. Thus, at 0= 1° the 
ratios E,/E, and E,/E, are equal to 1.13 and 1.24; 
at @= 3° 1,17 and 1.31; at 0 = 6°, 1.22 and 1.39; at 
1.26 and 1.48. Aithough multi-wall bound- 
aries are energetically less favourable than simple 
ones, their formation is furthered by their mechanical 


| 


stability and possibility of further stabilization as 
a result of the adsorption of impurities. 

If it is assumed that the dislocation model of a 
boundary is suitable for r > 10 interatomic distances 
between nearest dislocations, then at n = 1, 3, 5 
the maximum angle between neighbouring grains will 
be 5°45’, 7°25’ and 12°35’ respectively. 

Finally, an interesting boundary is that composed 
of walls of different densities of dislocation. As an 
example let us consider a symmetrical three-wall 
boundary where in the middle wall the distance 
between dislocations is A and in the outer ones, kh; 
k = 1, 2, ... . The equilibrium equation for this type 
of boundary has the form 


2Qrx 


kh (2) 


k? sh 
ch? = 
A 2 


At different values of & the equilibrium distances 
x, between walls (in units A) are x, = 0.21; x,=0.28; 
x= 0.33; x, = 0.42; atk > 5 x, =0, i.e. the system 
is unstable. In the case 
] 

k= <1 
between two repulsive dense walls with a distance 
h between dislocations there is a less dense stabi- 
lizing wall. Here the equilibrium distance x between 
neighbouring walls is more graphically expressed in 
units of distance 


in the dense walls. At € = 1, 2, 3, 4, 5 x/kh = 0.21; 
0.29; 0.35; 0.39; 0.42. At high ¢ an asymptotic for- 
mula is obtained from (2) 


= — In 


Qn 


which shows that a small number of correctly ar- 
ranged dislocations can stabilize the unstable double 
wall. In this case the distance x is of the order of 
kh. This means that in those cases where the etch- 
ing pits representing single dislocations, are not 
dearly distinguishable, a continuous etchning groove 
may correspond to not one but several, parallel dis- 
location walls. 

The suggestion can be made that at k >5 and also 
in more complicated cases where the multi-wall 
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boundary ‘is not purely inclined (i.e. it contains 
dislocations with a screw component), its stability 
is assured as a result of the linear tension of dis- 
locations in directions perpendicular to the plane 
of the boundary. Moreover the boundary is a three- 
dimensional dislocation network which will require 
separate investigation. In the simplest case how- 
ever, where the walls, braced by dislocation “shaft 
rods” consist of parallel straight line dislocations 
L in length, it is not difficult to estimate the equi- 
librium distance between them. For this let us 
consider the case where the dislocations of two 
neighbouring walls share a common slip plane and 
each pair holds to m transverse dislocation “rods” 
at distance p. In assessing this it is sufficient to 
consider only the energy of interaction between the 
dislocations of the pair. In the case of edge dis- 
locations (analogue of the formula for the coefficient 
of mutual induction in parallel conductors) it will 


be equal to 


2 
E, Gb 


4x(l—v) 


p 
+29). 


The energy of m rods of length p is 


] 
Gb? pm. 


Minimizing 


E, +E, 


with relation to p we get an equation for the deter- 
mination of the equilibrium distance p at any given 
m: 


y 
(3) 
+147 =0, 
x 
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the rods is equal to the distance between walls. 
The authors wish to extend their thanks to 
1 1 Yu.A. Skakov for acquainting them with paper [1] 
prior to its publication, and for discussing their 
work. 


If m = 1 the solution to (3) is y = 0.35; if m = 2, 

y =0.20; if m= 10, y = 0.047. If m+ 0 and L + 0 

the average spacing between rods L/m + 2p. At 

finite values of m the ratio L/mp > 2 also comes to 

2.8 at m= 1. Therefore the average spacing between Translated by V. Alford 
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THE TEMPERATURE DEPENDENCE OF THE RESIDUAL ELECTRICAL 


RESISTIVITY IN ORDERING ALLOYS * 
N.V. VOLKENSHTEIN and E.V. GALOSHINA 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 


Taken as the overall effect of the action of differ- 
ent types of lattice distortion on the scattering of 
conduction electrons, electrical resistivity can fre- 
quently be used as a sensitive indicator of the 
changes occurring in solids. From this point of view 
short range ordering in an alloy should influence 
the nature of the temperature dependence of electric- 
al resistivity. This influence is due on one hand, to 
the crystal structure of the substance and the kine- 
tics of ordering, and on the other, to the properties 
of the scattering atoms. 

The mechanism of the formation of short range 
order in solid solutions and the correlation para- 
meter was first investigated theoretically by Lifshits 
who also studied the problem of the scattering of 
X-rays by solid solutions [1]. Krivoglaz and 
Matysina [2] investigated the influence of short 
range order on residual electrical resistivity in bin- 
ary solid solutions with respect to the first co- 
ordination sphere. Their calculations, which are cor- 
rect for metals with a small number of conduction 
electrons and for temperatures considerably above 
the critical ordering temperature, have shown that 
correlation (short range order) reduces the residual 
electrical resistivity p° of ordering alloys. In al- 
loys of the decomposing solid solution type how- 
ever, short range order increases electrical resisti- 
vity. At temperatures close to JT — the critical order- 
ing temperature, allowance must be made for corre- 
lation in subsequent co-ordination spheres which 
may provide contributions of a different sign to the 
electrical resistivity. The influence of correlation 
may be different in different temperature ranges. 

Men’ and Orlov [3] calculated the free energy of 
a binary solid solution with interatomic bonds of 
two types. From minimum energy conditions they 
found the equilibrium numbers of pairs of neighbour- 
ing atoms of different sorts at any given temperature 
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for each type of bond, which in certain relationships 
between the interaction energies of different atomic 
pairs are monotonically dependent on temperature. 
This latter fact may explain the anomalous tempera- 
ture behaviour of electrical resistivity observed in 
certain alloys of the transition metals. 

The temperature behaviour of residual electrical 
resistivity above the ordering temperature has been 
found to be abnormal in a number of works [4-6]. 
Damash [6] suggested that short range order had 
two effects on electrical resistivity: in some cases 
it increases electrical resistivity 


dp/dz<0. 


and-in others it reduces it 


p dp/ds>0, 


The parameter of short range order is experiment- 
ally determined from an analysis of the distribution 
of the intensity of background on X-ray photographs. 
Gibson [7], using the experimentally obtained va- 
lues for the parameters of short range order in the 
alloy Cu,Au, calculated the influence of short ran- 
ge order on residual electrical resistivity with res- 
pect to certain co-ordination spheres. Gibson’s 
calculations showed that in Cu,Au 


ds/dp > U. 


This is in good agreement with the experiment. The 
agreement is not good for alpha-brass as the para- 
meters of short range order have not been deter- 
mined for it experimentally. 

We investigated the dependence of the electrical 
resistivity of the ordering alloys Ni,Mn and Cu,Pb 
on quenching temperature in the ordering tempera- 
ture range. Both alloys have a face-centred cubic 
lattice. 

The test specimens were wires at 1 cm from the 


VOL. 
lo 
1960 


Leiiers to the Editor 


600 700 


end of which, potentiometer contacts of thinner 
wires were attached by spot welding. Annealing was 
carried out in vacuum ampoules. Holding time was 
varied from 1 to several hours. The heat treatment 
was started at high temperatures. In order to be 
sure that there would be no changes in composition 
in the course of the experiment every time a cycle 
of investigations was completed the test specimen 
was again quenched from high temperatures and the 
resistance was measured, its value coinciding with 
that of the initial state. 

Resistance was measured on a potentiometer 
PPTN-1 at two temperatures; room and that of liquid 
nitrogen. The measurements showed that there was 
no need to use lower temperatures as in these alloys, 
even at the temperature of liquid nitrogen, electric- 
al resistivity sufficiently close to residual. The 
precision of measurement was 0.01 %. Figs. 1 and 2 
show the dependence of 


on quenching temperature. Minimums in electrical 
resistivity can be seen above ordering temperature. 

The presence of the minimums may be explained 
by the fluctuation in composition and order close 
to the ordering temperature [8] or by the existence 
of close range order, which in these alloys increa- 
ses electrical resitivity. [6]. 

In order to ascertain decisively whether short 
range order has been established, direct X-ray in- 
vestigations would have to be carried out similar to 
those done not long ago by Katsnel’son [9] on 
Ni,Pt. He found the parameters of short range order 
for the first four co-ordination spheres at 700° and 
above and found that there was a different temper- 
ature dependence of the parameters of correlation 
in different co-ordination spheres. A characteristic 
feature is that the correlation signs in the first and 
second co-ordination spheres are different. 


Tranlated by V. Alford 
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ELECTRICAL CONDUCTIVITY OF n-Ge IN STRONG MAGNETIC FIELDS* 
E.A. ZAVADSKII and I.G. FAKIDOV 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received 6 June 1960) 


Investigation of galvanomagnetic phenomena is a 
known method of obtaining information of the zonal 
structure of a semi-conductor. Abeles and Meiboom 
[1] and also Schibuza [2] using the four ellipsoid 
model of isoenergetic surfaces, calculated the varia- 
tion in the electrical conductivity of the semi-conduc- 
tor germanium in a magnetic field. The theoretical 
conclusions are supported very well by the results of 
experiments in the range of weak magnetic fields 
where the anisotropy of the electrical spectrum of the 
current carriers appears more distinctly in strongly 
magnetic fields where variations in conductivity 
tend to saturation. It was therefore decided to in- 
vestigate the variations in the electrical conductivi- 
ty of n-Ge in strong magnetic fields and to compare 
the theoretical conclusions with the experimetnal 
results. Moreover, it is necessary to bear in mind 
that measurements in longitudinal magnetic fields 
produce more valuable results because the effect of 
variation in electrical conductivity is attributable 
completely to anisotropy in the effective mass of the 
current carriers. 

It follows from the theory of the variation in the 
resistivity of semi-conducting germanium in longitu- 
dina] magnetic fields [3, 4] that the degree of satur- 
ation should be practically independent of the mecha- 
nism of scattering, concentration of current carriers 
and temperature. These theoretical conclusions 
have however, never been experimentally tested. 

An attempt at this kind of investigation was made 
in [5] in a strong longitudinal magnetic field for 
n-Ge with volume resistivity p3o9°9.= 2 ohms/cm at 
room temperature only. Despite this, the necessity 
still remains for a more detailed study of the elec- 
trical conductivity of n-Ge in strong longitudinal 
magnetic fields. 

The present work was undertaken with the aim of 
mak ing a detailed investigation of the variation in 
electrical conductivity of n-Ge with volume resist- 


* Fiz. metal. metalloved., 10, No. 3, 495-496, 1960. 


ivity P, 59°, = 30 ohms/cm in a strong longitudinal 
magnetic field and wide temperature range. The 
results of our measurements provide a more sub- 
stantial basis for comparison with the theoretical 
conclusions. 

The test specimens were monocrystals cut in the 
following basic directions: [001], [110] and [111] 
from plane (110). They were 1 x 1 x 8 mm in size. 
The distance between potential probes was not more 
than 3 mm. The contacts were coated with tin with 
subsequent heating in a vacuum and were ohmic. 

The measurements were made in impulse magnetic 
fields on the apparatus described in our article [6]. 
The test specimen was arranged in a Dewar vessel 
which was placed inside the solenoid creating a 
strong magnetic field. From the system of measure- 
ment it was possible to find the dependence of the 
measured voltage on field strength directly from the 
oscillograph screen. Induced current were compens- 
ated for by a special device. To exclude side ef- 
fects the measurements were made in two current 
magnetic field directions. 

In the temperature range 100- 77°K the results 
were different in different directions of the magnet- 
ic field; change in current direction did not make 
any noticeable difference. The reduction in the 


_ cross-section of the specimen at constant length 


ruled out the dependence of the measurements on 
the direction of field. 
_ The illustration shows the results of the measure- 
ments of an-Ge sample with p, 4,0, = 30 ohm/cm. 
The direction of field was close to [001] of the 
crystal. 

Analysis of the results shows that the relative 


_ change in resistivity Ap/p, with increase in field 


strength at different temperatures tends toward the 
same value. The constant of anisotropy calculated 
from (Ap/po),,, for different specimens, fluctuates 
between 15 and 18. . 

Besides this, at T =.77°K and reasonably high 
fields, a linear increase in the effect is observed 
which is probably due to the influence of the 
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quantization of the energy of the current carrier in 
the magnetic field, which becomes effective where 
conditions h w > kT are satisfied, where h is 
Planck’s constant divided by 2 7; & is the Boltzmann 
constant; w is the cyclotron frequency and 7 is 
absolute temperature. The calculations show that 
condition hw =kT is satisfied at T = 77°K if H = 76 
kilooersteds, and at T = 120°K where H = 118 kilo- 


oersteds. The results in Fig. 1 agree with these 
values. 


The linear dependence Ap/po (H) should, accord- 


ing to paper [7], be observed in ungenerated semi- 
conductors where there is phonon scattering in large 
enough fields. Actually, the results of our invest- 


of the influence of magnetic field on the 
electrical conductivity of a number of specimens of 


electronic germanium in fields up to 500 k cersteds 
showed that linear dependence sets in as early as 
hw=kT. 


Translated by V. Alford 
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THE THEORY OF THE ATTENUATION OF ELASTIC OSCILLATIONS IN 
TWO-PHASE MIXTURES * 


M.A. KRIVOGLAZ 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 


(Received 23 May 1960) 


A theory is advanced for a new mechanism of the attenuation of elastic oscillations. The theory 
is related to a variation in the conditions of phase equilibrium as an elastic wave passes through the 
two-phase mixture. Investigation has been made of the frequency dependence of the rate and coeffici- 
ent of absorption of a sound wave and also of internal friction under different types of phase transfor 
mation kinetics. Single-component two-phase system and their two-phase mixtures of solid solutions 


are reviewed. 


1. STATEMENT OF THE PROBLEM 


1. The elastic oscillations in a two-phase system in a state of thermodynamic equilibrium are 
considered. Variations in clastic stresses (pressure) and temperature due to the oscillations, destroy 
the conditions of phase equilibrium and cause phase transformation. If the oscillation cycle of an °* 
adiabatic wave is large enough and its rate of transformation is not too small, then, in a period of 
time which is small compared with the cycle, phase transformation may-take place in a number of 
substances according tc the conditions of heat balance. Then, besides the usual elastic deforma- 
tions, considerable deformation (change of volume) will arise in the stress field because of the dif- 
ference in the gram-molecular volume of the phases; consequently the speed of the wave will no 
longer be determined only by the elastic moduli and may differ sharply from that in a single-phase 
system. At higher oscillation frequencies phase transformation cannot take place to any noticeable 
degree and the rate will be determined by the moduli of elasticity. The rate should thns be closely 
related to frequency and should be related essentially with the relaxation time of the phase trans- 
formation. 

The processes which occur when the phase composition approaches the evuilibrium value which 
corresponds to the changed equilibrium condition, are irreversible. They lead to dissipation of energy 
and consequently, attenuation of the elastic wave which ought to be particularly large in the field 
of frequencies for which the oscillation cycle and relaxation time have values of the same order. 

The frequency dependence of the rate and coefficient of absorption may be extremely complex. In 
particular, they depend to a very great extent on whether it is possible to equalize the temperature 
difference of the particles of the two phases. In multi-component systems this important role is 
played by the diffusion processes of relaxation which arise because of differences in concentration. 

A law is deduced below for the variation of the rate and coefficient of absorption at various 
relationships among the relaxation times of phase transformation, temperature and composition. In 
the case of the rapid relaxation of temperature and composition the study is made by a method similar 
to that used by Mandel’shtam and Leontovich [1]. Single-component two-phase ‘canton will be consi- 
dered in section 2 and two-component systems in section 3. 


* Fiz. metal. metalloved., 10, No. 4, 497-512, 1960. 
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2. SINGLE-COMPONENT TWO-PHASE SYSTEMS 


2. Examples of the single-component two-phase systems to which the results obtained below 
may be applied, are those found in thermo-dynamic equilibrium of the system liquid-saturated steam 
(steam bubbles in liquid or vapor), liquid-solid at the fusion temperature, and crystals of two phases 
at the point of polymorphous transformation of a solid. The results obtained may also be applied to 
phase transformations in solutions with a composition which corresponds to the point of equal con- 
centrations (the maximam or minimum point on the phase transformation curve of the first order), in 
which phase transformation takes place without change in composition. 

Specifically we shall consider longitudinal oscillations in an infinite body or rod consisting of 
a mixture of two elastic isotropic phases and it will be assumed that the length of the elastic wave 
is considerably greater than the size of the particles.* Here the equation for the elastic wave which 
is propagated in the direction of axis x has the following form 


pil, = (1) 


ox 


Here p is mean density, u; and o;; are the components of the displacement vector and the stress tensor 
averaged for a field of considerably larger dimensions than the size of the particles and considerably 
smaller than the wavelength. The variations in temperature 7’ and gram-molecular concentration of 

the first phase 5, which arise as the wave passes through, cause additional stresses. The relation- 


ship between the mean stresses o;; and strain u;; will in this case have the form 


= + 23 (4 — K + 2) — K (2) 


Here summation from 1 to 3 is carried out for the twice repeated index /; K and p are the mean iso- 
thermal moduli of hydrostatic compressibility and of shear which are expressed through the modulus 
of elasticity of the first and second phases K,, K,, 1, , according to the formula in paper [2]; 
x, is the volume concentration of the first phase; 7’, and 7’, are the mean variations in temperature 
in the first and second phases; a, and a, are the effective volumetric coefficients of thermal expans- 
ion of these phases. In the case of a liquid or a gaseous mixture, as also in the case of a solid 
mixture where the two phases have the same modulus of elasticity, the effective coefficients of ex- 
pansion are equal to the ordinary coefficients of expansion of the appropriate.phases. If a uniform 
temperature can be established in the different phases of the solid mixture it may then be proposed 
that a, = a, = a, where a is the coefficient of expansion of the solid mixture. The value AV dp in 
formula (2) indicates the change in the volume V of a gram-molecule of the two-phase mixture in 
question with change in gram-molecular concentration by 5p (in a solid mixture, if the moduli of 
elasticity of the phases are different, AV will differ somewhat from the difference in their gram- 
molecular volumes V, and V,). 

3. As heat is either liberated or absorbed on phase transformation, the formula relating the 
variation in temperature and stress will, in the conditions of an adiabatic process, have quite a 


different form from that in the case of a single-phase body. Let us first consider the case of high 


* Qualitatively similar results will occur in the transverse or torsional oscillation of a polycrystal 
composed of elastically anisotropic crystallites, since in this case, because of the anisotropy, 
each crystal will be subject not only :o shear stress but also to cubic compression and tension. 
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temperature conducti vity and low frequency when the rate of movement of the interphase interface 
will be limited by the rate of phase transformation and not by the rate of heat input, and where the 
same change in temperature 7’ can be established in the particles of different phases for the oscil- 
lation cycle. For this purpose the inequality 


» wri, 


must be satisfied where A; is the coefficient of temperature conductivity and r; is the size of a 
particle of the i phase (i = 1.2). Then the conditions which require that the change in entropy must 
be equal to zero in a field which is small compared to wavelength and large compared to the size 
of the particles, will have the form 


aS + —aVoy = 0. 


All the values here relate to one gram-molecule; g = T (S,—S,) is the heat of transformation; 
Cp is the thermal capacity of the two-phase mixture (in the absence transformation) at constant 


pressure, and attention is drawn to the fact that 


wis 


The rate of phase transformation in the case under consideration is proportional to the area s 
of the phase interface and the difference in the thermodynamic potentials of the phases according to 
the variation in temperature and stress: 


at mV RT rRT T 


rRT* 


Here m is the mass of the system in gram-molecules; 
R is the gas constant; 
u is a value dependent on temperature and characterizing the linear rate of growth; 
r playe the part of the effective size of phase particles; 


= — 


9 


is the variation in transformation temperature under the influence of stress; 
AV’=b'V, 


where b’and 6” are the coefficients of proportionality between the values ¢, on the interface in the 


first and second phases and the mean value o,. 
In particular, in the case of low concentration of spherical particles of the second phase, it fol- 
lows from the results of paper [2] that, 
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3 (1 — 6.) Ke 
2K, (1—20,) + ” (5) 


b°=1, = 


where o; is Poisson’s ratio for the first phase. If K, = K, or o, = 0.5 (liquid mixture), then 


b’= b”<] and AV’= AV = V, — J. 
In an elastic wave with frequency w and wave vector k the changes in the different values are 


proportional to 


exp |i (kx — of)} 


i (kx-of, 
Uj, T’, dp ~ ef (6) 


Bearing this relationship in mind, it is possible by using equations (3) and (4) to express 7’ and 
dp through o;;. Equation (2) for o,, and o,, then provide a possibility for expressing o,, through 
u,,- Considering that 


Oly, 
Ox 


= —ku, 


and that for longitudinal waves in an infinite crystal u.. = 0, and for longitudinal waves in a rod 
oy, = 0, we find after this from (1) the usual (cp [3] p. 379) expression which describes the relation- 
dip between the complex wave vector & and frequency «, i.e. the spread of the rate and coefficient 


of absorption 


k=k ike = 
(2) 


Here c, and c,, are the rates of propagation of the waves at low and high frequencies; r is relaxation 
time. For longitudinal waves in an infinite medium here: 


4 


Ky= K {I 4. KaT (AV + AV’) KTC, AV AV’ 
q Vq? 


but for longitudinal waves in a rod. 
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Formulae (7) to (10) describe the relationship between the real and imaginary parts of the 
wave vector k, i.e. the rate and coefficient of absorption related to frequency. At high frequencies 
formula (9) for K coincides with the ordinary expression for the adiabatic modulus of hydrostatic 
compressibility (cp [3] chap. II, para. 6) and the formulae for c,, coincide with the usual formulae 

for the rate of propagatibn of longitudinal oscillations. At low frequencies however K, may be con- 
siderably less than K while speed c, may differ substantially from c,. Because of this at frequencies 


wo~ 


a close relationship should be observable between speed and frequency. In this range the coefficient 
of absorption k, will also be high (calculated per unit of length). At low frequencies where 


wr < ky =~ (2, 22), 


3 


i.e. the coefficient of absorption is proportional to the square of the frequency. At high frequencies 


y 2 


(wt >> 1) ky = 


is not dependent on frequency. [t can be seen from formulae (8) and (10) that relaxation time r is 
determined to a substantial extent by the linear rate of transformation u and the area of the inter- 


face s (or the effective size of the particle r). 
In the case where the system under consideration is a mixture of particles of a second phase 


which happen to be in a liquid or gas, »p = 0, 6’ = 6” =1 and the formula for 


(1 KTAV 2 AVC, 


coincides with the formula for the speed of sound at extremely low frequencies in a liquid-vapour 
mixture deduced in paper [3] (chap. I para. 63). Having studied this system at high temperatures 


close to boiling point, we accept as a rough approximation 


~0.1 gq~10RT, Ky~10~?K., co ~108 cm/sec. 


Then for sound in an infinite medium +t ~ 10-3 sec. Moreover, even at high frequencies 
the coefficient of absorption is of the order of k,~10-* cm’, i.e. extremely high. 

In studying phase transformations in solids two points must be borne in mind. Firstly, as a 
result of elastic distortions of the parent phase during phase transformation the values gq and AV 
inserted in the formulae given above, may be somewhat different from the heat of transformation and 
volume change during phase transformation of the whole volume of the solid. This difference is, 
however, extremely small. A more important point is the fact that, if one of the phases is a solid 
then, according to the accepted representation of the kinetics of phase transformation, the linear 
rate of growth is dependent on supercooling not in a linear manner, as has been accepted in formula 
(4), but in a more complex way. For example, the dislocation mechanism of the growth of crystals 
leads to a quadratic dependence of the rate of growth [4]. This law should appear only, however, 
where supercooling is considerable and growing time is long, in aconditions where it is possible for 
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a growth spiral to be formed with a radius corresponding to the supercooling observed. 

In the case where phase transformation occurs under the influence of low amplitude sound 
waves, not even one atomic layer will increase during the period of oscillation. Growth therefore 
occurs as a result of existing imperfections (for example, screw dislocations emergir.g at the sur- 
face) on the surface of a crystal, which are dependent on the history of the specimen and not on the 
degree of supercooling, and in this case the rate of growth will have a definite .inear dependence on 
supercooling in accordance with formula (4). The coefficient u moreover is determined by the surface 
roughness and is not directly connected with the usual linear rate of growth. If the amplitudes of the 
elastic wave are high enough the surface will be shifted during the oscillation cycle by a distance /, 
which is large compared to the lattice constant, and will begin to activate the usual mechanism of 
growth. Moreover non-linear effects should emerge, i.e. the dependence of the rate and coefficient 
of absorption on the emplitude of oscillation. As can be seen from formula (3), these effects may 


take place if the stresses (pressure) in the elastic wave are high enough for 


where a is the lattice parameter. If for example, g~ RT, r~ 10-3 cm aV~ 10-4 cm*/deg, 
then o,, should be ~ 10 at. 

4. If the thermal conductivity is low and the rate of growth is sufficiently high, then the rate 
of phase transformation will be limited by the rate at which heat is conveyed to the interface and 
not by the value of u. Assuming as before that the time taken to establishe the temperature is con- 
siderably less than the oscillation cy le and relaxation time +, let us for this case investigate the 
absorption and dispersion in a system consisting of a small quantity of spherical particles of a 
second phase with radius rp situated ‘1 the first phase with thermal conductivity 


/Vi. 


The variation in the temperature 7’ of the main mass of the first phase is as before, determined by 
formula (3). On the phase interface the change in temperature will be equal to es) i.e. the change 
in equilibrium temperature under the influence of stress 0). Here the rate of phase transformation 
is determined by the extent of the flow of heat from the region with temperature 7’ to the surface 
of the spheres with temperature 7%. As the total flow of heat to the surface from all the n spheres 
in the volume under consideration is in this case equal to 


Q= — 


the derivative 


dp 
dt 
will be equal to 
dt qm 


(as before r is equal to 
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This formala differs from formula (4) in the substitute 


(11) 


u- 


The rest of equations (1) to (6) remain unchanged. For this reason when changing to the type of 
growth kinetics we are considering, in formulae (7) to (10) which define the frequency dependence of 
the speed of sound and the coefficient of absorption, we find it sufficient to substitute the variables 
(11) in the equations for the relaxation time r. The type of frequency dependence remains unchanged. 
In this case the value 7 is equal ta 


and is determined by the radius of the spheres r,, their concentration x, and the temperature condacti- 
vity of the first phase A,. If 


V % « |, 


then r is considerably greater than the time taken to establish the temperature 


(~ 


and the criterion for the applicability of our approximation is satisfied. It is evident that the con- 
sidered type of growth kinetics will exist if the equation 


u» (11 a) 


req? 


is satisfied. If no reciprocal inequality exists then the heat will be conveyed to the interface in suf- 
ficient quantity and will cause the type of kinetics observ 2d above. 

5. Let us now consider a case where the time taken to establish equilibrium temperature is 
considerably greater than the oscillation period, i.e. when the equation 


is satisfied. 
As before, let us first consider the case where the value u is not very high and the rate of trans- 


formation is determined by this value. As the depth of temperature diffusion is considerably less than 
the radius of curvature of the particles, the interface may be regarded as flat. For simplicity we will 
here restrict ourselves to the case where the modulus of elasticity of the phases is the same. Then 
in a unit of volume of phase 1 in a unit of time a quantity of heat 
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d | 


will be absorbed and in phase 2— 
— iwa, T0,,. 


The temperature at tae interface will be (see formula (1.2) appendix 1): 


Ce Vi he ; a, 


Inserting (13) in (14) we find that the formula for the rate of phase transformation will in this 
case have the form* 


Keeping in mind formulae (1), (2), (6) and (14) and formulae (1.3) and (1.5) (see appendix) for 
the average temperatures 7’, and 7’, and carrying out the same consideration as above, we shall 


exclude the variables 5’ p? T’ and o;; and we obtain the relationship k/w. For longitudinal oscilla- 
tions in an infinite medium 


— 6 


ry 


Ite 
6(1 — 6) c 


[AV + qV, V2 (a, Vii + a 
rV RT Ci + C3 Vi Vig 

— Mag Ti Cz Vi — a2 V2 Cy)? 
Y2rCi Cy Ci Ve + Co Vi 


and for longitudinal oscillations in rods 


* The periodic dependence of temperature and gj) is only established through a period of time greater than the 
(continued on the next page) 


8 
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L, 


21/14 


4 
6 


Here o is the adiabatic Poisson’s ratio of the mixture and the approximate equations are described 
for the case where k, is considerably less than , (this case exists if the frequency is high enough). 
The last term in formulae (15), (16) describes the thermo-elastic absorption and dispersion due to 
uneven heating of the particles of the different phases by the sound wave and the heat currents 
which arise as a result of this [5, 6]. In the case of a mixture of two liquids the corresponding coef- 
ficient of absorption coincides with the results obtained for high frequencies in [5]. This effect be- 
comes maximum at frequencies 


and is reduced at lower frequencies (in the case of low frequencies the mechanism of absorption 
considered in [5] need not here be considered). The term in (15) and (16) proportional to L determines 
the absorption due to phase transformation. The coefficient of absorption due to the transformation 
in this case where k, < k, remains unchanged with a frequency independent of wr and its value is 
different from the constant value obtained in the case considered above where wr > 1. 

6. The absorption due to phase transformation is at high frequencies dependent on w if u is 
high and the rate of transformation is limited by the rate of heat conduction to the interface. In this 
case with the same moduli of elasticity for the phases the value 5, is determined by formula (2.2). 
As follows from (1), (2), (6), (14), (2.2) and (2.3), in this case the formula for & can also be represent- 
ed in the form (15) or (16), but the expression for L, will now assume a different form and L = 0: 


L=0; L,= 


Ci 


ry 2 
(14S 


+ 
C3 


Moreover L, is determined both by the effects due to phase transformation and by thermo-elastic 
effects. In this case therefore the coefficient of absorption k, at high frequencies will increase as 


Vo. 


Although the frequency dependence of k, is found in the same way as in tne case of thermo-elastic 
absorption, the formula for k,, as can be seen by comparing formulae (15) and (17) for L, will have 
a completely different form and the coefficient of absorption at sufficiently high values of u, where 
the considered mechanism of phase transformation will occur, may be considerably greater than in 


(continued from previous page) : 
oscillation period. At shorter periods of time there are considerable deviations from (1.2), (13) and (14) 


which lead in these periods of time, not only to attenuation, bat also to avery complex distortion of the 
elastic wave. 
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the absence of transformation if 


C AV > 2V 9). 


It will be obvious that the rate of phase transformation is limited by the rate of heat conduction 
if u is so large that the expression (14) considerably exceeds the value of the derivative ap : 
obtained from formula (2.2). In this case the criterion a 


VRP ViVi) (18) 
Vi V3 


u> 


must be satisfied (which agrees with criterion (]] a) at 
7} 


T0 


And as is to be expected, at high enough frequencies, instead of criterion (18) the reverse criterion 
will be satisfied, i.e. the rate of heat conduction will be sufficient for the transformation to occur 
at a speed u. In this case the frequency dependence k is described by the formulae (15), (16) consi- 
dered above. On the low frequency side the field of applicability of formulae (15) to (17) is determin- 
ed by condition (12). 

7. The results obtained above relate to adiabatic oscillations. In the case of low frequency 
oscillations of thin rods isothermal oscillation may occur as a result of heat exchange from the outer — 
medium. In this case in formulae (2) and (4) it will be found that T’= 0 and that the derivative is 


ap 


dt 


From this relationship and from formulae (2) and (6) it follows that for longitudinal isothermal 
oscillations of an infinite rod the dependence of & on w is determined by formula (16) in which it 
must be accepted that 


L,=0; 
3Vr RT 


At low enough frequencies where L > @ then 


i.e. if @ + 0 the speed will also tend towards zero and the wave will die away roughly within the 
distance of its length. 


3. TWO-COMPONENT SYSTEMS 


8. When an elastic wave passes through a system of two-component phases the picture is more 


complicated than that with a single-component two-phase system, as the sound wave causes not 
only change in temperature and pressure, and movement of the interface, but also redistribution of 
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the components among the phases. Change in concentration is due to diffusion processes and usual- 
ly occurs mach more slowly than change in temperature. For this reason in this section we shall for 
simplicity assume that the temperature equilibrium in the system is established in a period of time 
considerably less than the oscillation cycle 0. The time taken for the establishment of equilibrium 
concentrations (corresponding to the data for T’, o,; and p,) may be either large or small in compar 
ison with 6. Moreover a considerable number of variations may occur in the kinetics of phase trans- 
formation depending the rate of diffusion in the two phases and the rate of translation of atoms of 
the different kinds across the boundary. Below we shall consider two variations. 

First let us consider the case where the mobility of component A is considerably greater than 
that of component B so that the time taken to establish a concentration of A atoms corresponding to 
the given T’, 0, and p,, will be considerably less than 6 and besides this, the rate of transformation 
will be limited not by the rate of conduction of the concentration to the boundary but by the linear 
rate of growth of the phase u. In this case the variations in the chemical potentials of the phases 


Ba 
tar — Pao = + (Hata — Mace) — = 0, (20) 


where the indices 7, o and c at the chemical potentials 
Pao 


of A atoms in the first and second phases will indicate partial derivatives and 4¢,, 6¢, — the 
changes in the concentration of A atoms in these phases related to the relationship 


pibe, + + (cy — 8p = 0 


(p, and p, are the gram-molecular portions of the first and second phase, 0p = dp,), 2roceeding 
from the conditions for the preservation of the total number of A atoms in tne system. The rate of 
phase transformation is now proportional to the difference in the variations in the chemical potan- 
tials of B atom (see formula (4) ), i.e. 


where WN is Avogardo’s aunbee. The conditions for heat balance will be determined by the formala 
generalizing formula (3) 
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where Ts, 5c, and 5c, are variations in temperature and composition on the transformation of Sp 
gram-molecules of the second phase in the absence of stress (0, =0); go is the heat of transforma- 
tion in these conditions. The formula (2) for g;; is also different: the expression 3KaT” is replac- 


ed by the sum 


— 3Ka(T’ — 3K — + {2 (5c, —Bc,,) 


where y, and y, are the coefficients which allow for the difference between the volume change in 
the precipitated phase and in the mixture (in a liquid mixture or in the case where the moduli of 
elasticity of the phases of a solid mixture are equal y, = y, = 1), and AVo dp now defines the 
change in volume on phase transformation with 0), = 0. Bearing in mind the changes indicated in the 
formulae and carrying out the same analysis as in section 2 we find that the dependence of the wave 
vector of an elastic wave on oscillation frequency is as before determined by formulae (7) to (10), 
while the expressions for K,, Keo and rp here will have a different form: 


TAY, C, AV AV 


|: + T AV, 


Qa — Ya Op 


| 


Cp 


Cp Ya + PiP2T Qs — Qp) 


RT Cora + PiP2TQy (Qy Qn) 
Qs Ya — Qa 


(V4 ,/N is the volume change in the first phase during the introduction into it of one A atoms); 


Q, =N gir — 


b,, 6, are the coefficients of proportionality between the average values for 91, in the individual 
phases and in the system as a whole. In the case where the gram-molecular portion of one of the 
phases is low (p, < 1) the formulae in (22) are simplified: 


«7 AV, 


Cy AV, \ + (1 
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Kil aT (Q, —Q,) AV, —aTQ,0 + 


& 

r RT 1—¢.Cp 

ug, + (1— Qp 


‘ 


It must here be remembered that 


Ca 
= — Pare, 


here and in the formula for Keo (but not for K, or 1.) the calculations are linear in relation to p,. 
The expressions obtained for K, and K« calculate the effects due not only to phase transformation 
but also to redistribution of A atoms betw7en the phases. Since even at high frequencies (wr > 1), 
when the transformation may not have taken place in the period of time 6, it is presumably possible 
for the equalizing of the chemical potentials of A atoms to take place, formulae (22) and (23) for 
Koo will be differer.t from (9). 

In many cases of transformations in solid solutions the rate of transformation is limited, not 
by the value u, but by the magnitude of the diffusion flow of atoms to the boundary. Let us considur 
the elastic vibrations which occur with this type of transformation kinetics in circumstances where 
the time taken to establish diffusion equilibrium is considerably less than r and when the second 


phase consists of a small quantity of spherical particles (p, < 1). 
D, will be used to indicate the coefficient of inter diffusion in the first phase. The diffusion 


flow is determined by the difference in the changes concentration 6c ~ (C2 —c;) 6p far from the 
surface of the spheres and the change in concentration on the surtace 5c° determined by the equili- 
brium conditions of the chemical potentials of the A and B atoms (at given 7’ and a,,). 
The derivative 
dp 
dt 


is determined by the value of the total diffusion flow to the surface of all the spheres and is equal to 


D, (bc — bc") 
(C2 —Ci) for 


The value of 7’ can be found from formula (21) (in which it can be assumed that p, = 0), which is 
also correct for this case. Having carried out the same analysis as above, we find that the depend- 
ence of k on @ is in this case as in the previous ones, determined by the formulae (7) to (10). Here 
the expression for K, is provided as before by formula (23), but the formulae for Koo and 1, are dif- 
ferent: 


Kog = K (1— 


/ Ket TV 


Cp 
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Keo coincides with K,, since at high frequencies in this case both phase transformation and the 
redistribution of atoms between phases will take place. As in the case with a rate of transformation 
limited by the rate of heat conduction, the criterion for the applicability of the approximation under 
consideration is satisfied if 


See 
Va 


9. In the case of isothermal oscillations the type of dependence of & on w for two-component 
mixtures is qualitatively different from the analogous dependence for one-component systems. If in 
the latter case transformation occurs with a constant change of pressure at constant speed, until 

the new phase is formed throughout, then in solid solutions the transformation may occur only in a 
small part, until the equilibrium of the chemical potentials of the phase components has been 
established as a result of variation in their concentrations. This will mean that, unlike the single- 
component mixtures, at low frequencies the rate of transformation will tend towards a constant 

limit and the coefficient of absorption will decrease as «,. 

The dependence k/w for isothermal oscillations may be found in the same way as this was done 
above for adiabatic oscillations, remembering that the condition (21) should be replaced by the con- 
dition T’= 0. As a result, for the case where it is possible to establish diffusion equilibrium bet- 
ween the A atoms within the oscillation cycle and the rate of transformation is limited by the value 
of u, we find that the dependence k/w is determined by formulae (7) to (10), in which the expressions 
for Ko, Koo and ro are determined not by formulae (22) but by the following 


K (vg — va (1 — (1 — C9) 
\ N® ViaicPaze (1 — 


N — ov, av 


K,=K 


(C1 — tare Hare 


Here the value AV, unlike the value AVo in formula (22), indicates the change in volume on trans- 
formation because of variation in concentration and temperature. AV can he expressed through 
AVo for p, « 1 by means of the relationship 


in. 


V = AV, — 
AV=A 


We note that all the values inserted in the formulae obtained above may, with the exception of u, 
be determined from independent experimental data. 

In the second of the cases examined above, when the rate of transformation is limited not by u 
but by the extent of the diffusion flow to the spherical particles of the second phase, for isothermal 
oscillations the expression in (25) for K,, expression in (24) for r. must be substituted in formulae 
(7) to (10) and it must be assumed that Keo = K. 

We note that in a number of cases in two-phase mixtures of solid solutions, diffusion equilibrium 
cannot be established during the oscillation period even at comparatively low frequencies. The more 
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complex dependence of k on w obtained in this case will be dealt with in another place. 

10. The results obtained in this section can be applied to a large class of systems. They 
relate to the fusion or evaporation of solutions, to the polymorphous transformation in solid gola- 
tions, to decomposition of ageing alloys*, to phase transformations of the first order, order- 
disorder, if the point of transformation does not coincide with the point of equal concentrations 
etc. etc. The results of this work can be applied to the absorption of elastic oscillations in a system 
consisting of microcavities if the vacancies are regarded as a gas of “vacuum atoms” and the micro- 
cavities as the “condensed vacuum phase” in equilibrium with this gas. 

These results can also be applied to the processes of the redistribution of impurity atoms bet- 
ween two phases in the absence of ordinary phase transformation, if the term “phases” is taken to 
include impurity atoms found in various extraneous circumstances. It is, in particular, possible in 
this way to regard qualitatively the attenuation of elastic oscillations due to the redistribution of 
impurity atoms which are to be found in Cottrell atmospheres around dislocations (or systems of 
dislocations) or near another type of imperfection in the crystals, between these distorted portions 
and the rest of the crystal (in this case it is of course, only a very rough approximation to regard the 
heart of the dislocation as a phase, since close attention must be paid to the heterogeneity of dis- 
tortions near the dislocation; the processes of the redistribution of atoms inside the Cottrell atmos- 
phere itself must also be borne in mind as also any other kind of imperfection). 

The relaxation time r may be very different in value in different cases. If, for example, 1, is de- 
termined by formula (24) and r,~ 107° cm, D, ~ 10° cm?/sec (diffusion of vacancies or intersticial 
atoms at high temperatures), x, ~ 0.003, K./Ko ~ 0.1, then r~ 10°‘ sec and the absorption due to 
this effect will be more clearly apparent in the field of audiofrequencies. If the diffusion coefficients 
are lower (lower temperatures, substitutional alloys) and the size of particles greater, r may be con- 
siderably higher, as a result of which absorption occurs more intensively in the range of frequencies 
appropriate for the investigation of the attenuation of oscillations by the internal friction method. 

11. The results set out above relate to the attenuation of elastic waves. Using these results 
is also quite easy to find a formula for the values which characterize the attenuation of oscillations 
in investigations using the internal friction method. In this case the attenuation will be characterized 
by the tangent of the angle of log tan 5, which is equal to the ratio of the imaginary and the real 
parts of the stress-strain ratio [6]. A formula for tan 5 can be found quite easily from the dependence 
o(k, if is is assumed that 


tan b= 


Using formulae (7) and (16) two types of @/k dependence were found above for the longitudinal 
oscillations of rods. In the first case tan 5 is determined from the usual kind of formula 


wt 
2 
1+ (wt)? 


* We note that in the case of ageing alloys two characteristic relaxation times may emerge, corresponding 
to the establishment of equilibrium between the precipitation and the impoverished layer and the precipitation 


and the parent phase. 
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where c,, coo and rare found from formulae (10). In tnis case tan 5 has its maximum value 


In the second case 


1-22 


tan 6 


In this case tan 5 diminishes at quite high frequencies as w —” (if L, # 0). In the case of the iso- 


thermal oscillation of single-component mixtures L, = 0 (see formula (19) ) and in all ranges of fre- 
quency tan w 

12. The attenuation of elastic vibrations considered above, which is due to phase trans forma- 
tions, was revealed in a number of experimental investigations dealing with the study of the attenua- 
tion of oscillations in a mixture of alpha and gamma Fe [7], in ageing alloys [8, 9], and in crystals 
containing microcavities [10]. It would be interesting to carry out a detailed investigation of these 
effects and their dependence on frequency, amplitude, area of the interface, temperature and con- 
centration of impurity. This type of investigation would provide an independent method of studying 


the phase transformation kinetics. 
Appendix ] 
If in a unit of volume of phase 1 (lying at x < 0), in a unit of time the amount of heat absorbed 


and in phase 2 


(x >G) — lox, To, 


the equations and limiting conditions which determine the distribution of temperature in both phases 


wil] have the following form: 


OT, 
ot 1Al + 
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CyA 
%y 
V,, C, are temperature conductivity, thermal conductivity, the volume of a gram-molecule and the 
thermal capacity of a gram-molecule of the first phase. It is not dificult to see by substitution that 
a solution periodic in time for the variation in temperature proportional to e~*“* and satisfying 
these equations andlimiting conditions, may be found from the formulae: 


Integrating these formulae: with respect to the volumes of the phases and bearing in mind that 
T, and 7, tend rapidly towards the constant limits as they become further removed from the bound- 
aries, we can find the average values for temperatures 7’; and 7’, in these phases: 


Similarly, by substituting the limiting conditions 


oT OT, 


here in equation (1.1) (where o,, = 0) it can be seen that the variation in temperature created by 
by the liberation in a unit of time of a quantity of heat 


per 1 cm? of interface has the form 
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ft =exp(]/ 2x); 


ViVis 


(1. 4) 


C1 Va + CoV) 


and that the mean value of the temperature variations attributable to this liberation of heat, will be 


equal to 


VM 
dt © + CoV, (1. 5) 


Appendix 2 
If the rate of transformation is limited by the rate of heat conduction to the interface, then equa- 


tions (1. 1) which determine 7, and 7,, will remain unchanged, while the limiting conditions will 


vary at the interface: 


In this system of equations not only are 7, and 7, unknown quantities but also the position of the 
boundary X(¢). If o;; is proportional to e~*®*, then the solution to equation (2.1) will also be period- 
ically dependent on time. It can be seen by substitution that this solution will have the following 


form: 


ae V. C3 AV 


x exp|— = x> X(t). 
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Integrating the formulae for 7, and 7, by volume in the same way as for formula (1. 3), we find that 
the average values of 7’, and 7’; are: 


a,V 
T\ Toy 


3Cy Sy 1+ 


Translated by V. Alford 
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On the basis of available data, the models suggested by various writers on the nature of the 
influence of impurities on the physical properties of metals are analysed. The influence of impur- 
ities on the electron spectrum of a system and on the thermal oscillations of the atoms is consi- 


dered. 


A large number of experimental facts point to the considerable influence of small concentra- 
tions of impurities on the properties of solid crystalline bodies. In the case of metals the term 
“low concentrations” embraces concentrations of the order of 0.01 to 0.1 at. %. In a general case 
for non-transition metals in the field of low concentrations the “properties/ concentration of a second 
(impurity) component” curves have a linear or at least a monotonic character. Subsequent abrupt 
deviations (in which even a change in the sign of the first derivative may occur) lie in the region 

of the final concentrations of the second component and correspond either to phase tranformation 

in the solid solution or to the appearance of an intermetallic compound. 

However, in cases where the matrix is a transition metal or one of the metals which have 
virtually unfilled inner electron shells there, will be a clearly visible departure from the general 
regularity noted above, of monotonic variation in properties with increase in the impurity concent- 
ration. 

In low concentration fields the “properties/concentration” dependence is obviously non- 
monotonic and the position of the extremum on the concentration scale will depend on temperature, 
the “valence” of the impurity and the atomic-electron structure of the parent metal. 

This has been observed in a number of dilute solid solutions for the coefficient of self-diffus- 
ion [1] coefficient of thermal linear expansion [2], Young’s modulus and the internal friction charac- 
teristics [3], the “rapid” melting of the fine structure of X-ray absorption spectra with increase in 
temperature [4], electrical conductivity [5], optical constants [6] etc. etc. Qualitative models have 
been proposed by the writers of the present article [7] which provide a satisfactory explanation for 
all the experimental facts concerning the “anomalous” behaviour of the properties of solid solutions 
in the low concentration ranges of impurity elements based in transition metals. Briefly, the models 
developed consist in the following. 

Entering the metal, the substitutional (or interstitial) impurity loses its external (“valence”) 
electrons which collect together in the conduction band of the energetic electron spectrum of the 
parent metal. The positive charge generated at an impurity ion may be either greater or smaller 
than the positive charge of the remaining atom shells, i.e. the impurity in the metal will have 
either a positive or negative electric charge. The perturbing potential of this excess charge will 
affect the final radius of action because of the screening effect of the conduction electrons. The 
field of effective action of the perturbing potential embraces several co-ordination spheres around 
each impurity atom. The resulting polarizing interaction causes deformation of the electron shells 
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of the matrix atoms. 

In transition metals this latter also affects the defective (partially filled) (n—1) d—or (n—1) 
f-shell. As the corresponding energy band is limited to the conduction band the energy of the elec- 
trons will be equalized at the Fermi level, i.e., in a local field around the impurity there occurs 
an overflow of electrons from defective shell to the conduction band (or conversely depending on 
the sign of the excess charge of the impurity). Thus, in the neighbourhood of the impurity the ef- 
fective charge of the atomic shells of the parent metal will vary, which may be regarded as the ap- 
pearance of induced excess charges in these atomic shells. The latter are always opposite in 
sign to the excess charge in the main impurity. Consequently an additional (polar) bond will arise 
between the parent impurity and the atomic shells surrounding it. Very curious “atomic” blocks of 
hardening appear. 

Thus the basis for the ideas which have been developed is the theory concerning the local (in 
space) deformation of the electron spectrum of the system. This representation however, requires 
special theoretical foundation. This was given in another paper [8]. The basic results-of this 
work were as follows. 

A single electron energy spectrum of an ideal crystal in adiabatic proximity and without allow- 
ance for the interaction of electrons can, as is well known, be represented in the following form: 


= j (7) H (7) de, (1) 


where H is the Hamiltonian of the system; 


Yat (r)- 


is the appropriate solution to Schrodinger’s equation (Bloch’s function); 
n_ is the number of the energy band; 
k is the wave vector of the quasi-level in the band. 
If expansion of Bloch’s function is permissible through the appropriate atomic functions localis- 


ed in the lattice sites 


N 
Yast (r) = exp (ix — Ri) 


(the explicit form of the expansion depends on the degree of orthonormal completeness of the wave 
functions and on the translation properties of the Bloch functions; here N is the number of lattice 

sites; ote j-site; qn, k of the phase), then the energy of any quasi-level 

of the corresponding band can be represented in the form ; 


E,? l SE 
Ke js 


j=l 


= Pn F—R)I 


21 
VOL. 
lo 

1960 

| | 
where | 


Theory of dilute solid solutions 


N 

dx + 2 exp {ix(R, — J 

(s#)) 


Formula (3) can be interpreted as the averaging of the values for 


in all the lattice sites. As 


has dimensional energy, this means physically that, within the framework of the permissible toler- 
ance for the energy of the quasi-level of the single electron spectrum band of the system, it may be 
regarded as the result of the averaging for all the lattice sites of the corresponding energy levels of 
the electrons which are strongly bonded in the sites. 

For a pure metal this interpretation is trivial, but it can be extended for systems with local 
perturbing potentials 


W R,). 


In this case the solution to the appropriate Schrodinger equation can be represented in the form 


(5) 


N 


and here the expansion for the Bloch state is limited only by the states corresponding to the inner 
shells and the contribution of the state of the conduction band is partially allowed for in the 
“truncated” screened form of the potential 


W(r). 


Then the energy spectrum of the system will have the form 


where H, is the Hamiltonian of the unperturbed system; ¢ is the absolute value of the electron 
charge. The displacement of a quasi-level of the energy spectrum of the system is therefore repre- 
sented in the fo m (after averaging all the possible positions of the impurity atom) 
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The value 
/ 


can also be interpreted as the result of averaging with respect to all the lattice sites the local dis- 
placement of the corresponding levels of the energy spectrum of the electrons which are strongly 
bonded in the sites. 

Thus, the representation of local (in space) deformation of the single-electron energy spectrum 
of a system is permissible for all bands of the spectrum which are suitable for strong bonds. This 
representation is therefore applicable for all the electrons of an atomic stracture including those of 
a defective shell. 

Let us now consider the effect of the additional bonds on the thermal oscillations of the atoms. 
We shall begin with the simplest example of a hydrostatic uniform external pressure (compression) 
in the case of an ideal crystal structare [9]. 

In the absence >f compression the potential energy of the system is equal to the sum of the 
potential energy at absolute zero and that of the thermal oscillations 


U = Uy + Usecs 


where all the values relate to one atom (averaged for the system) and averaged for time. The mean 
kinetic energy of the system (with reference to one atom) will be 


Eun 


where U is the displacement of an atom from equilibrium position because of thermal oscillations. If 
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the displacement u is expanded for the free oscillations in the lattice then 


is the cyclic frequency and wave amplitude (€, j), index defines the three directions in space. At 
any given temperature, at high values of T we shall have for each wave 


; (ag, = const T. 


U, is increased during hydrostatic compression. U will therefore also be increased because 
Uoec = Ein remains (at this temperature) unchanged. Then, according to Rayleigh’s theorem 


will also increase and, as a result 
(a¢, ;)*. 


will decrease. From this the conclusion may be drawn that at given T the mean square amplitude 
of the thermal oscillations of the atoms is reduced and the phonon spectrum is varied while the 
characteristic Debye temperature increases. 

In dilute solid solutions the effect is more complicated but qualitatively it is represented by 
the example above: U, is on the average increased as a result of the additional atomic bonds in 
the blocks with strain-hardening. If no allowance in the zero approximation is made for the effect 
of thermal oscillations of the impurity atoms themselves, then on the strength of the increase in 
U, the phonon spectrum should vary qualitatively in the same way as in the example considered 
above and consequently, the characteristic Debye temperature should increase and the mean square 
amplitudes of the oscillations of the matrix atoms should decrease. 

An explanation of the experimental results can easily be provided on this basis. 

1. The reduction in the mean square amplitudes of the oscillations indicates an increase in the 
elasticity of the material. This is shown by the behaviour of the curve for Young’s modulus in the 
solid solution alpha-Fe-W: increase in the concentration of W from 0 to 0.06 at. % will cause Young’s 
modulus to increase (Fig. 1 [3] ). 

2. The reduction in the mean square amplitudes of the oscillations indicates a reduction in the 
cross-ratio effect responsible for the thermal expansion of solids. This is indicated by the behaviour 
of the curve for the coefficient of thermal expansion of the solid solution alpha-Fe-W; when the W 
concentration increases from 0 to 0.6 at. % the coefficient of thermal expansion is reduced (cf. appro- 
priate graphs in paper [7] ). 

3. In the self-diffusion effect the elementary act of the jumping of an atom to a neighbouring 
“hole” is characterized by the probability multiplier exp (—Q/RT), where Q is activation energy. 
According to [10], the increase in Debye characteristic temperature is also shown by the growth 
of Q. This can also be found quite easily from the decrease in the mean square amplitudes. Instead 
of T it is better to introduce the effective temperature T,,, which is determined by the relationship 


Py 
where 
lc 
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T,, of course, characterizes the movement of the atoms at the previous (given) Q but with smaller 
(in amplitude) thermal oscillations. The idea of effective temperature can also be applied in study- 
ing other processes although its numerical values will be reduced while the physical meaning will 
remain the same as before. 

Reduction of effective temperature with increase in the impurity concentration for the process 
of self-diffusion indicates a reduction in the thermal movement of the atoms. It is this which is ob? 
served in experiment: for example, the coefficient of self-diffusion of iron in a dilute alpha-solid 
solution Fe-W is reduced sharply down to a W concentration of 0.06 at. % (see appropriate graphs 
in (7]). 

4. If the coefficient of internal friction Q-' is measured, which can be found from the decrement + 
of the attenuation of free flexible vibrations, a peak will be observed on the temperature curve 
Q-! (T) in pure iron at T = 630°. In dilute solid solutions the peak will be very sensitive to impurity 
concentrations: if the concentration of W is ~ 0.06 at. % the peak will practically disappear while 
further increase in concentration causes it to re-appear (Fig. 2 [3]). 

This peak is explained by the relaxation process of slip along grain boundaries, i.e. a diffusion 
type of process and, consequently, the result of the influence of the impurity is the same as in the 
case of self-diffusion. 

5. The presence of a fine structure on an X-ray absorption boundary (alternation of maxima and 
minima on the coefficient of absorption curve on the radiation energy scale) is known to be due to 
coherent scattering by short-range ordering atoms. With increase in temperature, according to 
Kostarev’s theory, the fine structure should disappear and the Debye factor exp (— 2M) will be 
decisive in this process, where 


M ~ 
(found from the mean square amplitude oscillation), or 


If it is assumed that the impurity reduces a?, or increases w*, then this will mean that the same 
effect is now achieved at higher temperature (the effective temperature T,; is reduced). Actually 
the experiment shows that for example, in lead in the presence of 0.2% Sn the fine structure is 

maintained up to T = 300° while in pure iron and in the alloy Pb-Sn with an Sa content of 2 at. % 
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the fine structure disappears at T = 200° (see appropriate graphs in paper [7] ). 

6. It is also to be expected that the impurity will have an effect on electrical conductivity. Ex- 
periments show quite clearly that there is a monotonic variation in resistivity in low concentration 
fields. The interpretation of the results however, is complicated because of the presence of certain 
concurrent processes: electron scattering on the thermal oscillations of the matrix atoms, electron 
scattering on the thermal oscillations of the impurity atoms and residual resistance; it is possible 
that allowance should also be made for the processes of transfer to the defective band from the 
conductivity band. Some rough qualitative conclusions are however possible. If one takes the differ- 
ence in resistance at the two temperatures, it will be found that the first process can be regarded as 
decisive and, because of the reduction in the mean square amplitudes of the thermal oscillations 
(increase in Debye temperature) under the influence of the impurities, a reduction in resistance is 
to be expected. This was in fact observed for a weak alpha-solid solution Fe-W (Fig. 3([5]). These 
results however, must be approached with considerable caution as the points taken at various values 
of T (in different ranges relative to Debye temperature 0,) may correspond to different functional 
relationships R (7, 

7. Experimental data are also available on the dependence of the optical constants on the im- 
purity concentration. A direct interpretation would be difficult here. It is possible only to note that 
all the optical constants are dependent parametrically on Debye temperature and consequently they 
should in principle be sensitive to the concentration of impurities. The effective number of electrons 
calculated from the measurement data shows the non-monotonic dependence on concentration just as 
the other properties do (Fig. 4 [6] ). It must also be remembered that the results of the measurements 
are very sensitive to the state of the surface and that the stresses which arise when the surface is 
polished mast also conform to the general mechanism of dependence on the impurity concentration 


oly | 
li 
19 


VOL. 
lo 


Theory of dilute solid solutions 


i 


Q5 10 
at. LW 


FIG. 4. 


described above. Interpretation is therefore very difficult, although the result does show the same 
qualitative conformity to the influence of impurities. 

We undertook a special investigation of the nature of the change in the potential energy of the 
system, its second derivative through the displacement of atoms (which is determined by the Debye 
temperature and other equilibrium characteristics) and its third derivative (which is determined by 
the kinetic coefficients) with respect to the nature of the influence of impurities [11]. It was found 
that properties may become non-monotonic only if there is non-monotonic variation of the potential 
energy of the additional bond between the matrix and the impurity atoms. 

This can be explained in the following way. If one impurity in a metal is studied, then its action 
on the spectrum of strongly bonded electrons in neighbouring atomic shells can be regarded as a 
kind of Stark effect (electron in the field of the nucleus and the excess charge of the impurity). The 
displacement of the energy level of the electron is determined by the gradient of the potential of 
the impurity excess charge and by it is determined ‘he induced charge (“overflow” from the con- 
ductivity band to the “defective” band) and the additional bond. The same effect will occar with 
increase in concentration of the impurity in every atomic block. Statistical averaging of the posi- 
tion of the impurities in the system must be carried out. The average (for the system) effect will 
increase monotonically with increase in the concentration of the impurity. Beginning with a certain 
concentration however, the blocks will “overlap”. In this range the atoms of the matrix will be un- 
der the influence of several impurities. When carrying out statistical averaging in this case allow- 
ance must be made for the nature of the correlation between impurities. If it is assumed that an 
impurity is distributed evenly throughout the system then in the overlap range the gradient of the 
impurity field will tend towards zero with increase in concentration, i.e. the additional bond effect 
will be weakened. | 

The fact of non-monotonic behaviour can be explained in this way and a rough prediction can be 
made of the actual behaviour of the curve “properties-concentration of impurity” (see paper [12] ). 


Translated by V. Alford 
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THE INFLUENCE OF HEAT TREATMENT ON THE MAGNETIC PROPERTIES 
OF NICKEL-ZINC FERRITES* 


N.I. LAPKIN, N.G. BUKHVOSTOVA and G.A. FALALEYEV 
Urals Research Institute of Ferrous Metals 


(Received 14 November 1959) 


Using toroidal test specimens an investigation has been made of the influence of firing and 


sintering temperature on the initial permeabiiity po, the loss-angle tangent tan 6, coercive force 
H_,, residual induction B, and Curie point O of nicxel-zinc ferrites of the same composition, For 
the heat treatment of the ferrite cores of pulse transformers the optimum conditions have been de- 
termined which would assure the reception of stable pulses with flat peaks and steeply leading 


edges. 


Although investigations in the fieid of non-metal- 
lic ferromagnetic materials were begun more than 

20 years ago and have been continued intensively 
up to the present day [1-4], the industrial product- 
ion of ferrites cannot be regarded as fully establish- 
ed. There are no State standards for articles made 
of ferrites with given magnetic properties. Ferrites 
similar in composition are sometimes manufactured 
in different ways.- Besides this they differ consider- 
ably in the degree of lack of stability of magnetic 
properties from one piece to another with respect to 
temperature, etc. 

From an analysis of papers produced by Russian 
({1-3] etc.) and foreign [4] research workers, and 
also the experience of industrial under-takings, the 
conclusion may be drawn that of all the technologic- 
al factors which exercise the greatest influence on 
the magnetic properties of nickel-zinc (NZ) ferrites 
are: chemical (phase) composition, sintering temper- 
ature, quality and method of preparing the oxides and 
their mixtures. 

Such factors as the duration and quality of the 
grinding, composition of the dispersion fluid, method 
of moulding, quality of the binder, specific compact- 
ing pressure etc. are not of great significance in in- 
creasing the magnetic properties of NZ ferrites. This 
is confirmed by our experiments. 

In this work an investigation was made of the in- 
fluence of the heat treatment-firing temperature of 
raw material (“ferritization”)and sintering tempera- 


* Fiz. metal. esniiooed:, 10, No. 4, 521-526, 1960. 


ture of the article — on the initial permeability and 
loss-angle tangent of ferrites with the following 
composition by weight: Fe,0,-66.0%, NiO —12.0%, 
ZnO — 22.0 %. 


PROCEDURE 


The test specimens were produced by mixing the 
oxides of the metals of types “CH” and “CHDA™. 
Water and ethyl alcohol were used as the dispersion 
medium. The ratio of the oxides and fluids was 1: 1. 
The mean dispersion of the initial oxides was 
0.35 —0.55 microns (found by means of an electron 
microscope with magnification 7400). 

After mixing in a ball mill for 6-8 hr the mixture 
of oxides was fired in the temperature range 750- 
1340°. After firing the mass was again ground dry in 
the ball mill, sieved through a 006 sieve and then 
mixed with a 10% solution of polyvinyl alcohol. The 
denses specimens without laminations, with maxi- 
mum shrinkage and the best magnetic properties, 
were obtained by compacting at a specific pressure 
of 4-5 t/cm? in moulds which provided for two- 
sides pressure. 

After the pieces had been compacted they were 
sintered in a silit furnace at temperatures of 1000- 
1350°. 

Besides the magnetic properties indicated above, 
an some specimens porosity (p, %) shrinkage coeffi- 
cient and phase composition were determined by 
metallographic and X-ray diffraction analysis. 
Pulse measurements were made in all the speci- 
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FIG. 1. The influence of sintering temperature on the 
magnetic properties of nickel-zinc ferrites. 
Firing temperature 1050°. 


mens with the aim of testing the cores directly in 
blocking oscillator circuits under factory conditions. 
Initial permeability po and loss-angle tangent 
tan 5 were measured by a Maxwell bridge at a fre- 
quency of 1000 c/s, coercive force H, and magnetic 
induction B,, B,, were measured on a ballistic appar- 
atus. More than 500 toroidal test specimens with an 
average diameter of 20 mm and height 5 mm were 
produced and tested for the experiments. 


THE INFLUENCE OF SINTERING 
TEMPERATURE ON THE MAGNETIC 
PROPERTIES OF NZ FERRITES AT Triring = 1050? 


In the manufacture of ferrites great attention must 
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FIG. 2. The influence of firing temperature (“ferritiza- 
tion”) on the porosity, initial magnetic permeability and 
the loss-angle tangent of NZ ferrites: 

1250; o— 1300; A— 1350. 


be paid to the sintering process. The optimum sin- 
tering conditions (temperature, holding time, medi- 
um) of ferrite articles are established experimeatal- 
ly depending on chemical composition, method of 
production and level of magnetic properties [2-4]. 

In our work the first series of experiments was 
carried out with the aim of determining the depend- 
ence of magnetic properties, and also of the porosity 
of NZ ferrites of the composition indicated above, on 
sintering temperature (1000-1350°) at constant 
“ferritization” temperature-firing of the mass (1050°), 
and sintering time (4 hr). 

It can be seen from Fig. 1 that at a sintering tem- 
perature of 1100° the magnetic properties are ex- 
ceedingly low. When the sintering temperature is 
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FIG. 3. The influence of “ferritization” temperature on the magnetic 
properties of NZ ferrites at T,;, = 1250, 1300 and 1350. 


increased to 1250° maximum magnetic induction and 
initial permeability increase sharply while coercive 
force and loss-angle tangent are reduced. 

It can be assumed from X-ray diffraction and met- 
allographic analysis that at sintering temperatures 
of 1250° a solid solution of nickel-zinc ferrite is 
formed. Further increase in sintering temperature 
causes a change in the phase composition of NZ 
ferrites — decomposition of the zinc ferrite, increase 
in porosity (Fig. 2) and worsening of magnetic pro- 
perties. 


THE INFLUENCE OF FIRING TEMPERATURE 
ON THE PROPERTIES OF NZ FERRITES AT 
Tein = '250; 1300; 1350° 


As is well known, before moulding ferrite atricles 
the oxides of the metals are mixed in ball mills, 
dried, fired (“ferritization”) and again ground in a 
ball mill and mixed with the binding agent. To ex- 
pedite the production process the firing and second 
milling operations are sometimes excluded. 

The result of the second series of experiments 
which were carried out with the aim of establishing 


the influence of firing temperature on the magnetic 
properties of NZ ferrites are shown in Fig. 3. The 
very considerable influence of the process of 
“ferritization” is shown by the change in the size 
of the articles (shrinkage), magnetic induction, 
initial magnetic permeability and the loss-angle 
tangent. The variation in coercive force with varia- 
tion in firing temperature is not significant. 

Comparing the results for the influence of firing 
and sintering temperatures (Fig. 4) one can see 
that the process of “ferritization” exercises a sub- 
stantial influence on the magnetic properties of NZ 
ferrites. 

The Curie point of NZ ferrites, which is 160° 
according to the experiments, is determined by the 
chemical composition ofthe mass and is not depend- 
ent on the conditions of heat treatment. 

The optimum heat treatment conditions for NZ fer- 
rites of the composition indicated can, for the pur- 
pose of increasing magnetic properties, be regard- 
ed as follows: firing temperature 1050-1150°, sin- 
tering temperature above 1250°. 

It can be assumed from X-ray diffraction analysis 
that nickel+zinc ferrites are zinc ferrites which 
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FIG. 4. a — variation in the initial magnetic permeability of NZ ferrites 
ander different conditions of heat treatment. 
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FIG. 4. b — variation in tan 5 of NZ ferrites under different conditions 
of heat treatment. 


contain nickel ferrites in solution. Formation of the reducing its parameters. In the process of sintering 
no new compounds of the nickel-zinc ferrites occur. 


zinc ferrite will commence in the process of firing 

a mass consisting of the oxides of iron, zinc and When establishing the optimum heat treatments for 

nickel at a temperature of about 800°. The nickel these ferrites one must remember that the greater 

ferrite will be formed at the same time. Increase in the difference between the firing and sintering tem- 
peratures, the greater will be the shrinkage and 


the firing temperature will cause the nickel ferrite 
to be dissolved in the lattice of the zinc ferrite, buckling of the finished article. 
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Magnetic propertics of nickel-zinc ferrites 


Nickel-zinc ferrites of the composition indicated composition indicated above were far superior to 
above had, after firing at 1050° and sintering at those made with the magnetically soft alloys 
1250°, initial permeability of 1000-1100 gauss-oersted, 79NSM and 50N. 

a loss-angle tangent of 0.05-0.06 and Curie point By using ferrite cores a 15-20 times reduction 
of + 160° (Fig. 4). These ferrites were suitable for can 2¢ made in the weight and size of pulse trans- 
the cores of pulse transformers with pulse duration formers, a considerable reduction can be made in 
0.6-1.0 mocrosecs. For shorter impulses ferrites cost and stable pulses with flat peaks and steep 
were used with lower initial permeability and loss- leading edges can be assured. 

angle tangent. 

By comparative testing of pulse transformers it 
was found that cores made of the ferrites with the Translated by V. Alford 
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An account is given of the magnetic method of calculating the quantity of ferromagnetic phases 


in a heterogeneous system from the temperature/magnetization curve (magnetograms) I, (¢°). 

The ase of this method is illustrated by the calculation of the quantity of cementite in a group 
of carbon steels in the range of carbon concentration from 0.2 to 1.2%. The data obtained by the 
magnetic method are compared with those on the quantity of cementite calculated from the carbon 
content of the steel. The method proposed is also used for the separate determination of bonded and 
free carbon in malleable cast irons. The data from the magnetic method are compared with those 


from chemical analysis. 


Using the additivity principle for the saturation 
induction of a heterogeneous system 


l= 
0 si 


where P; is the volume percentages of the phases 
and /,; their saturation induction, makes it possible 
to calculate the volume percentage (weight) of each 
of the phases making up the system. For this purpose 


the proportion of manetization 


Pi 
si} 
contributed by each separate phase to the total mag- 
netization of the system (/,) must be calculated. 
For annealed carbon steel formula (1) is written in 


the form 


P 
@ 


where 
P. Po 
Al, = fe Alf lf 
are the proportions of magnetization introduced by 


the cementite and the ferrite. 
If the chemical composition of the steel is not 


* Fiz. metal. metalloved., 10, No. 4, 527-533, 1960. 


known the curve 


100 


must be plotted experimentally in order to ascertain 
the values Al, and Al; and from them, the values 
p, and Pf: 

Fig. 1 shows a series of such curves for a number 
of annealed carbon steels. At f° > 210° (the Curie 
point of cementite) the magnetization of the system 
will be composed of the portions A/, (¢°) and Aly 
(¢°) and at ¢° < 210° it will only be determined by 
the magnetization of the ferrite phase, as at this 
temperature /. = 0. 

I, (¢°) can be found for any temperature below 
210°; Al; (¢°), at temperatures below A,. In order to 
reduce de element of error it is advisable to carry 
out these determinations at temperatures as far 
away as possible from A, and A, respectively. 

It can be seen from Fig. 1 that, in order to find 
the value of A/, (¢°), the portion of the experimental 
curve of the ferrite phase (section bc) must be ex- 
trapolated to lower temperature range, i.e. the cour- 
se of the curve must be determined for section ab. 
This can either be done by the analytical method 
(by choosing the equation of curve ab), or by using 
a standard. Because of its inaccuracy the second 
of these methods is not suitable . Application of the 
first method can be made considerably easier if 
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FIG. 1. Temperature /magnetization curves for annealed carbon steels: 


1 — steel 10; 
4 — U7; 


2 — steel 20; 
5 — U9; 
e — experimental points; 


3 — steel 30; 
6 — U10. 


o — calculated from an armco iron standard; 
x — calculated by analytical extrapolation. 


allowance is made for the corollary resulting from 
the Heisenberg approximation. This. amounts to the 
fact that the temperature dependence curve for spon- 
taneous magnetization is common to all ferromagnetic 
materials [1-4], when it is expressed as portions of 
magnetization at absolute zero and the temperature 
as portions of the Curie temperature, i.e. the curve 
plotted in the co-ordinates (/, /I,; T/@). 

As this method is described very briefly in papers 
(2, 3] we think it is advisable to clear up its essen- 
tials here. Fig. 2 shows the course of curve L, (¢°) 
for a test specimen of annealed carbon steel (a) and 
the curve for iron in comparative co-ordinates (6). 
From the curve in Fig. 2a we find that at tempera- 
ture 7, 


A(T) = TE 


Traascribing this expression for T = 0°K and divid- 
ing it by (4) we find 


i.e. the ratio of the portions is equal to the ratio of 
the total magnetizations. From the curve in Fig. 26 
the value of the appropriate ordinate 
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FIG. 2. Diagram illustrating the method of analytical extrapolation 
of the ferrite section: 


7 
6 


a — temperature/magnetization curve for annealed carbon steel; 
b — dependence of magnetization on temperature plotted in the 


co-ordinates (J, T/ 0). 


is determined for the abscissa x, = | and from this 
the value Al; (0°K) is found. After this the corres- 
ponding values of the ordinates 


Al ¢ (US K) 


are found from the abscissa x, = 7; for any temper- 
ature value T. < A, and the corresponding values of 
Al; (T;) are determined, the value of A‘ (0°K) being 
already known. 

The desirability of this method of extrapolation 
can easily be recognized from Fig. 1 from which it 
is clear that there is very good agreement between 
the experimental behaviour of curves Ir (t°) where 
t > 210° with those of the theoretical curves. 

Besides this method that of extrapolation from a 
standard may also be used. To carry this out, besides 
plotting the curve from the test specimen, one must 
plot the curve I; (¢°), from the standard. An armco 
iron specimen can be used as the standard for carbon 
steels. The accuracy of the method depends on the 
accuracy of the approximation. 


(5) 


i.e., the closer the composition of the standard 


approximates that of the alpha-phase of the test 
specimen, the greater wil! be the accuracy of this 
method. 

The sequence of the calculations is illustrated 
by the diagram in Fig. 3. For any temperature ¢, 
with allowance for the formula 


Aly (4) = (te (6) 


the volume percent of ferrite is calculated in the 
test specimen 


Aly 
oe 
Pr i; (file 100, 


Al f (t,) and I; (¢,), are determined from the experi- 
mental curves plotted for the test specimen and the 
standard (curves a and 5). 

After this any value of A/; (¢;) at ¢; > ¢, and 
t; < t, can be calculated from equation (6) in which 
Py = const and I; (¢;). is determined by the calibra- 
tion curve a. 

The applicability of these two methods is not 
limited only to the carbon class of steels and it can 
in principle be used in the investigation of any 
steels containing ferromagnetic carbide phases. 
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FIG. 4. Dependence of volame percentage of cementite 
@.) on carbon content in steels: 

@— points calculated from carbon content in steel 
where it is assumed that the impurities (S, P, Si 
etc. etc.) are not dissolved in ferrite or cementite 
and do not form phases of their own; 


FIG. 3. Diagram illustrating the method of extrapolating 
the ferrite section from a standard: 
@—curve for the temperature dependence of the mag- 
netization /, (¢°) of the standard; 
b — temperature/magnetization curve of testpiece; 


VOL. 
o — experimental points; 
1960 urities are dissolved in the ferrite; 
x — points calculated from temperature /magnetization 


curves by the method of extrapolation from a stan- 
dard; 

A — the same, using the method of analytical extrapola- 
tion. 


/ 
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FIG. 5. Dependence of the volume percentage cementite p, (a) and the’ portion of AJ, (5) 
introduced by the cementite to the total magnetization of the piece, on the contemt of combined carbon Comb, 


87 
| 
a2 


Magnetic phase analysis 


TABLE 1 


Chemical composition, % 


Mn Si 


U.5& 


TABLE 2 


Free carbon weight % 
Nos. of Chemical Magnetic 
heats specimens method * method 
1.35 1.35 
3 1.82 1.84 
4 1.76 1.76 
6 2.00 2.03 
9 2.11 2.06 
10 1.04 0.96 
2.60 2.45 
2 2 1.07 1.04 
4 1,55 1.52 
5 1.64 1,58 
6 1,83 1.83 
& 2,24 2.20 
10 1.86 1.85 
I] 1.97 1,95 


* Data from chemical analysis are averaged from 5-9 analyses. 


The only additional data which must be known in ence of volume percentage of cementite on the car- 
order to use these methods ofextrapolationininvest- bon content of a steel is shown for a group of car- 
igating alloyed steels are those concerning the cont- bon steels (Fig. 1). It can be seen from this illust- 
ent of the alloying elements in the alpha-solid solu- _— ration that the amount of cementite calculated by 
tion of the test specimens. From this it is possible means of both methods of extrapolation and that 


in the first method, on the basis of available data found by calculation from the carbon content of the 
in literature, to determine the Curie point of the steel, are very close to one another. This demonstra- 
alpha-phase in the test specimen and by the second tes the complete applicability of these methods to 


method it is possible to produce a standard which the solution of the problem in question. 


assures a sufficiently accurate approximation in ‘fhe use of these methods of extrapolation is suit- 
(5). able for the investigation of the process of graphiti- 


For comparative analysis of the method of analy- zation as they make it easy to distinguish combined 
tical extrapolation and the method of extrapolation and free carbon. The essence of the method consists 


from a standard, Fig. 4 is given, in which the depena- in the determination of the combined carbon (by one 
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of the methods indicated above). The. free carbon 
content is found from the relationship 


Cfree = + Ac), (7) 


where c, is the total carbon content in the system 
found by chemical analysis; Comb is the amount 
of combined carbon (in cementite); Ac is the equili- 
brium concentration of carbon in the alpha-solution. 
The method described was used by us to determine 
the degree of graphitization of wrought irons the 
composition of which is given in Table 1. 

In the alloy Fe-C the quantity of cementite always 
corresponds to a given carbon content. On the basis 
of this, varying percentage contents of combined 
carbon (from 0 to 2.45 %) were taken and, allowing 
for the actual impurities contained in the iron under 
investigation and the solubility of carbon in alpha- 
iron *, the volume of the cementite phase (p.) was 
determined and its dependence on the combined car- 
bon content (c,) in the iron was plotted. This de- 
pendence, which is illustrated by the graph in Fig. 
5a, is common to all Fe-C-Me alloys in which the 
alloying elements (Me) are not dissolved in the ce- 
mentite phase and do not form carbides. 

As the volume percentage of cementite (p_) is 
proportional to A/_, the value of which is found from 
the temperature/magnetization curve, it is quite easy 
to plot the curve for the dependence of the value of 
Al, on the content of combined carbon (Fig. 
5b). In the determination of the value of A/, it is 
not really necessary either to plot the temperature / 
magnetization curve or the curve of the alpha-phase 
below the temperature Ag. It is sufficient for this 
purpose to measure the magnetization of the test 
specimen and of the standard at any temperature 
where t, > Ag. From this the alpha-phase is deter- 
mined and then, allowing for the. degree of magnetiz- 
ation of the standard at room temperature ¢,, the 


value of Al; (¢,) can be determined from formula 
(6) and hence A/, (Fig. 3). 

The standards used were ferrosilicon alloys 
with 1.8 and 1.2% Si which provides for resonable 
accuracy in approximation (5) since the silicon con- 
centration in alpha-iron where the cast irons invest- 


igated are fully graphitized is 1.8 and 1.19% res- 


~pectively. 


The minimum precision of approximation (5) in 
determining the amount of the cementite phase in the 
specimens which had not undergone graphitization, 
where the Si concentration in the alpha-phase is as 
much as 2.02 and 1.33% did not exceed 1% which 
is comparable to the error in measuring magnetiza- 
tion. 

From the value for AJ, and graph Fig. 55 we now 
find the quantity of combined carbon, insert this 
figure in formula (7) and find the quantity of free 
carbon (C;,..). 

Table 2 gives the results obtained in calculating 
the quantity of free carbon by the magnetic and 
chemical analysis method on the same testpieces. 

The very good agreement between the results 
confirms the suitability of this method for similar 
types of investigation. The most satisfactory ap- 
plication of this method is for the systematic invest- 
igation of graphitization processes in steels and 
cast irons. Its great advantage over the chemical 
method is its rapidity. 


Translated by V. Alford 
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THE MECHANISM OF THE FORMATION OF SEPARATE RANGES OF DISPERSION 


IN THE PERMEABILITY SPECTRA OF FERROMAGNETIC SEMI-CONDUCTORS * 
L.A. FOMENKO 


Leningrad Branch of the Research Institute of the Ministry of Telecommunications U.S.S.R. 
(Received 17 February 1960) 


The discussion concerns the magnetic spectra of ferrites having one, two and three ranges of 
dispersion. In assessing the possibility of the formation of different ranges of dispersion it is sug- 
gested that the ratio between the anisotropy constant and magnetoelastic energy should be taken 
into account, as also the saturation magnetization and sintering temperature of the specimens, an 
increase in which actually causes relaxation of the boundaries because of electron diffusion, as a 
result of which radio-frequency dispersion may be displaced to lower frequencies. The influence of 
the latter mechanism explains in particular, the “two dispersion” spectrum of quenched nickel fer- 


rite. 


The existence of two ranges of dispersion in the 
magnetic spectra of ferrites — the radio-frequency, 
described by the resonance of the effective mass of 
boundaries between ferromagnetic fields, and the 
ultra-high frequency which is due to natural ferro- 
magnetic resonance, — was first discovered by Rado, 
Wright and Emerson [1] on one type of Fe-Mg ferrite. 
Their description of the phenomenon was confirmed 
by a number of subsequent papers [2, 3] dealing with 
the “double dispersion” spectra of certain other 
types of ferromagnetic semi-conductors: MgF e,0,; 
Mgo, 2, 0304, Mgo. os 0s Ou, MBo. 

Lio, ;Fe,,50, and BaFe,,0,,. 

A different point of view has been expressed in 
the paper by Chiron et Prache [9] which is discus- 
sed by the writers of [8], and in an earlier work by 
Voigt [10] who ascribed the “double dispersion” 
spectrum of Lio, ,Fe,,,0, ferrite to the processes of 
rotation only. This conclusion however, need not 
be seriously considered, as it is based on a very 
arbitrary notion of the processes of rotation in weak 
fields and does not allow for the actual value of the 
effective field of anisotropy in Li ferrite, which was 
reported by Miles [10], or the difference in the cour- 
se of the curves of the two'ranges of dispersion. 

Rado [2] subsequently put forward the hypothesis 
that the merging of the two ranges of dispersion in- 
to one wide range typical of “single dispersion” or 
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“quasi-single-dispersion” spectra es, for example, 
in Ni ferrites, is due to reduction in the absolute 
value of the effective constant of anisotropy K. 

In papers [11], 12] it was shown that the hypothesis 
did not agree with experimental data and is justi- 
fied theoretically only for heterogeneous materials 
which follow Kersten’s inclusion theory. It has been 
suggested [1], 12] that the merging of the two dis- 
persion ranges should be regarded in the light of 
the formula 


t Hoa ~ KA omnis 


as a result of the approach of the resonance fre- 
quencies of the rotation processes fo, and displace- 
ment fog due to reduction in the ratio of K to the de- 
rivative of saturation magnetostriction A, by the 


amplitude o,, ; of the mean internal stresses. 
The theoretical basis for the latter consideration 


is provided by the theory of the rotation processes 
which was first developed by Akulov, and by 
Kondorskii’s stress theory which is correct for 
ordinary polycrystalline materials which have no 
magnetic texture and have finely dispersed distri- 
bution of the compression and tension fields created 
by internal stresses under conditions where revers- 
ible magnetization occurs in the basic line of dis- 
placement of 90-degree boundaries. Our investiga- 
tions [11-14] of the magnetic spectra of ferrites in 
the state of demagnetization and residual induction 
have demonstrated the predominant role played by 


| 


the processes of boundary displacement in ordinary 
ferrites* possessing “single dispersion” spectra, 
and the strong dependence of the nature of the pro- 
cesses of their magnetization on sintering tempera- 
ture ¢,, and have provided a basis for a qualitative 
description of this dependence. From this it follows 
in particular, that the conditions formulated above 
in relation to the homogeneity of the material and 
the predominant role of the migration processes of 
90-degree (or more precisely 71- and 109-degree) 
boundaries are apparently approximately satisfied! 
by a very definite ¢, which in Ni and Ni-Zn ferrites 
for example, will be ~ 1200-1250°C. These sinter- 
ing temperatures are known [19, 20] to be used for 
ordinary ferrites in order to achieve the minimum 
radio-frequency losses; these are the temperatures 
{11] at which the radio-frequency magnetic spectra 
have their most clearly defined resonance character. 
It is approximately at the same ¢, that the electric- 
al volume resistivity of Ni and Ni-Zn ferrites reaches 
its maximum [2], 22].. This demonstrates the small 
part played at this temperature by the migration pro- 
cesses of this type of boundary (at high ¢, possibly 
[14, 12], by 180-degree ones"'), due to the diffusion 
of electrons observed by Fervais. sesides this, 
further basis for our description of the processes of 
magnetization at the ¢, indicated is provided by the 
results of more recent works [20, 23] from which it 
follows that the most homogeneous ferrites with per- 
fect crystals of the same size are obtained at just 
these sintering temperatures — 1200-1300°. 
Comparing the experimental data from a large 
number of low permeability ferrites sintered at or- 
dinary temperatures, one finds that “single disper- 
sion” spectra are observed in specimens which satis- 
fy the approximate inequality 


K,/A, < 30 


ergs/cm’, which results from the ratio 


K. i 


* Further basis for this is provided, as regards Ni-Zn 
ferrites, by more recent works [15-18]. 

t Which can definitely not be related to Ba ferrite, which 
has a hexagonal lattice. 

tt Also in agreement with this is the well known fact of 
the abrupt increase in the grain size of ferrites at 


high ¢,. 
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if it is assumed in the zero approximation that 
K = K, and o,,; = const which could be correct for 
specimens which have roughly equal y, — initial 
permeabilities. This inequality, in particular, pre- 
dicts the “two-dispersion” spectrum in Mn ferrite 


(A, =-—2x 10°* to—5x 10°* 


(24, 19], the first constant of crystallographic aniso- 
tropy K,= — 2.8 x 10* ergs/cm* (25, 26]), the ex- 
istence of which spectrum was demonstrated in 
paper [27]. The “two-dispersion” spectrum of Mn 
ferrite must also be due to the narrow band of high 
frequency dispersion, it being known from the theory 
and practice of ferromagnetic resonance [28] that 
reduction in the ratio K,/I, (compare for example 
K,/I = 70 ergs/cm* gauss in Mn ferrite with K; /I, = 
300 ergs/cm® gauss in Ni ferrite which has a “single 
dispersion” spectrum. Here /, is saturation magnet- 
ization) the width of the abserption band is reduced. 
The “two dispersion” spectra of garnets [29, 30] 
may, according to this, be due to the fact that 

K,/l, is small in relation to the high value of 

K,/I, AS K, is low in garnets (for Y ,Fe,0,, 
K,=5 x 10° [26] ), the latter conditions may be due 
to low magnetistriction or internal stresses, which 
are virtually unknown for garnet (see example on 

p- 521). The “two dispersion” spectra of BaF e,,0,, 
[3, 4], Mgo, s:Fe., 190, [5], Fe-Mn [27], Fe-Mg-Mn 
ferrites (31] and garnet [29, 30] may, however, be- 
sides the reasons indicated be due also to some 
degree to the high sintering temperature of the spe- 
cimen, as when this is elevated the relaxation dis- 
persion mechanism comes into play because of elec- 
tron diffusion. As a result of this, the radio-fre- 
quency dispersion is displaced to lower frequencies. 
The theoretical basis of this is the diametrically 
opposed character of the temperature dependences of 
the magnetic spectra due to resonance (boundary 
resonance and gyro magnetic resonance even under 
attenuation of critical order [1], 12] ) and to relax- 
ation processes (boundary relaxation controlled by 
the passage of electrons). In the first case, when 
the investigation temperature was reduced the dis- 
persion ranges were displaced to higher [32, 33, 
12], and in the second case to lower [19, 34] fre- 
quencies. The investigation temperature can there- 
fore always be found which makes possible the se- 
parate observation of two and even three dispersion 
ranges. These occur firstly when two resonance 
ranges merge and secondly when one resonance 


range of dispersion merges with a relaxation range. 
A similar effect is observed in Ni ferrites with high 


temperature sintering [35] when, instead of one wide 
dispersion range typical of specimens [36] with low- 
er t, two appear, while if the investigation temper- 
ature is lowered three separate ranges may be ob- 
served which have also been discovered at room 
temperature in a number of Fe-Mn, Fe-Mg, Fe-Mg-\in 
and Ba ferrites (27, 5, 31, 3]. 

The influence of the dispersion mechanism due to 
electron diffusion on the general character of the 
magnetic spectra curves at room temperature can be 
illustrated by the example of Ni ferrites in referen- 
ces (36, 35] respectively sintered at ¢, < 1327° 
and ¢, > 1400° and having “single-dispersion” and 
“double-dispersion” spectra (radio-frequency dis- 
persion in the latter case was apparently the result 
the merging of dispersions due to resonance and 
boundary relaxation). Using the formula in [12] for 
the frequency of maximum absorption f, of the radio- 
frequency dispersion 


f, =C 


we find in the first case C = 20 Mc/s. ergs, and in 
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THE ANOMALY OF THE SUPER HIGH FREQUENCY PERMITTIVITY 
OF ANTIFERROMAGNETIC SEMI-CONDUCTORS AT THE NEEL’ TEMPERATURE * 
A.A. SAMOKHVALOV, I.G. FAKIDOV and Ye.I. KOPYTOV 


Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received 9 March. 1960) 


Using the wave guide method an investigation has been made at a frequency of 9500 Mc/s 
into the abnormal permittivity of the antiferromagnetic semi-conductor chromium oxide Cr,0, at 
Neel temperatare. It has been demonstrated that on transfer to the paramagnetic field the permit- 
tivity increases by 3-4% in one jump. This change in permittivity may have a considerable in- 
fluence on the total variation in the energy spectrum which relate disruption of the antiferro- . 
magnetic order at Neel temperature. It will be shown that a similar anomaly has been found in 


certain other antiferromagnetic materials. 


Investigations of the electric and magnetic pro- 
perties of a substance at superhigh frequencies 
have considerably widened our knowledge of the 


m, is the mass of a free electron. 
The ¢€,¢¢ in formula (1) is the static dielectric 
constant for single-atom semi-conductors such as 
germanium or silicon [2]. For ionic crystals (alkali- 


VOL. electron energy spectrum of solids. The important 
lo results obtained from a study of spin and diamagnetic halides) ees lies between the static dielectric cons- 
1960 resonance are widely known. However, the possibi- tant and the square of the coefficient of refraction 


lities of investigating the properties of solids at 
superhigh frequencies are not exhausted by these 
phenomena. One of these possibilities which is prac- 
tically unexploited at the present time, is the study 
of permittivity for the purpose of obtaining new 
information concerning the energy spectrum of con- 
duction electrons, particularly in substances with 
spin ordering, i.e. in antiferro- and ferrimagnetic 
semi-conductors and dielectrics. 

In assessing the relationship between the activa- 
tion energy of impurity current carriers and the die- 
lectric constant in semi-conductors with spherical 
Fermi surfaces Mott’s formula [1] can be used 


2 
eff 


where U, is the ionization potential of a free 
atom; 
is the effective dielectric constant of 
the substance; 
is the effective mass of the current 
carrier; 
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(i.e. the optical dielectric constant [2, 3] ). For 
semi-conductors and dielectrics with spin ordering 
(of the simple or complex type of oxides of trans- 
ition metals which are ionic or mainly ionic com- 
pounds) the problem of ¢.¢ is complicated by the 
dispersion observed in many cases in a wide range 
of frequencies from low to 10*-10*° </s (above 
10*- 10*° c/s dispersion is in these substances ana- 
logous to that in ionic alkali-haloid compounds, i.e. 
in the frequency field from 10*-10*° up to ~ 10° c/s 
the dielectric constant is not dependent on frequen- 
cy, while above ~ 10** c/s it is reduced to the va- 
lue of the square of the coefficient of refraction 
[4] ). One possible reason for the dispersion of the 
dielectric constant of ferrites in the frequency 
range up to 10* to 10° c/s is the heterogeneity of 
the substance [5]. If this point of view is accepted 
the proposition could then be put forward that in 
this case ¢, +, should lie between the dielectric 
constant measured in the range of superhigh frequen- 
cies, and the square of the coefficient of refraction. 
It should be noted however, that this problem has 
not been investigated very much either theoretical- 
ly or experimentally. 

In view of the substantial degree of interaction 
between the permittivity and the energy spectrum of 


Potentiometer 


Super high frequency permittivity 


Amplifier 
28-IM 


the conduction electrons in the oxides of transition 
metals, we undertook the investigation of the anoma- 
lies in the superhigh frequency permittivity of cert- 
ain antiferromagnetic oxides at Neel temperature. 
Such investigations are also interesting in that they 
provide new information concerning the interaction 
of electric and magnetic properties of antiferromag- 
netic semi-conductors and dielectrics, and also 
throw light on the character of phase transitions dur- 
ing magnetic transformations. 

It was in the light of these considerations that the 
present work was undertaken. 

The first object selected for investigation was an 
antiferromagnetic material, chromium oxide Cr,0,, 
the Néel temperature of which is ~ 33- 37°. 

At this temperature chromium oxide is subject to 
the anomalies characteristic of antiferromagnetic 
materials: the maximum of paramagnetic susceptibi- 
lity (v.e.g. [6]), a jump in antiferromagnetic reson- 
ance absorption [6, 7], maxima of thermal capacity 
and the coetticient of linear expansion [8], and also 
variation in the lattice parameters [9]. According to 
its electrical properties chromium oxide is a semi- 
conductor with very low electrical conductivity — o = 
10°* to 10°** ohm**. cm** at room temperature [10]. 
According to the data in paper [10] the width of the 
forbidden hand for chromium oxide is dependent on 
a number of factors and is in the range 0.4 to 0.8 eV. 


ro 
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FIG. 1. Diagram of wave guide apparatus for measuring permittivity at 9500 Mc/s. 


On passing through the Neel point the activation 
energy sharply changes by 0.8 eV. 


PROCEDURE 


The permittivity of chromium oxide was measured 
at a frequency of 9500 Mc/s by the wave guide 
method (v. [11], 12] ). 

The specimens used for measurement were made 
of powdered chromium oxide (mark ChDA) compacted 
(5000 kg/cm?) and then sintered at a temperature of 
800 -900°. The test specimens were ground into 
plates 10 x 23 mm, corresponding to the cross- 
sectional area of the wave guide, and were from 
2 to 4.3 mm thick (the latter dimension is equal to 
@ quarter wave depth for chromium oxide). In order 
to achieve stable results before measurement any 
moisture was removed from the specimens by heat- 
ing in a vacuum at 200°. 

A diagram of the apparatus used is shown in the 
illustration. High frequency oscillations were pro- 
vided by a velocity-modulated oscillator type 51I; 
the measuring wave-guide line was the standard line 
with a clock-type indicator by means of which the 
minimum position of a standing wave could be fixed 
with an accuracy of up to 0.01 mm. The signal from 
the measuring line detector was passed either to a 
narrow band amplifier type 28-IM (in this case the 
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high frequency power of the oscillator was frequen- 
cy-modulated to 100 c/s), or to a galvauometer GPZ- 
2 (continuous oscillation was used in this case). 
The amplifier and oscillator block were supplied 
with stabilized voltage. For the measurement of 
permittivity an additional wave guide unit 1 was 
used, insulated from the wave guide of the measur- 
ing line by a thin mica strip. A furnace, 2, was 

used for the temperature measurement of the speci- 
men and it was placed at the end of the wave guide. 
A cooler, 3, with circulating water was used as the 
thermal insulator. For the measurements the speci- 
men, 4, was placed at the short-circuited end of the 
wave-guide section, or at a distance of a quarter 
wave length from the short-circuited end —in the 

the idling position. The measurements were made in 
the temperature range around the Néel point. The 
temperature was measured by a copper-constantan 
thermocouple, 5, directly connected to the specimen. 
Complex permittivity 


e* =e’ — Ie” 


was calculated from the measurements of the dis- 
placement of the standing wave minimum (with the 
specimen in the wave guide) and the coefficient of 
the standing wave determined from the width of the 
standing wave minimum. 

To avoid errors great care had to be taken in the 
measurements: elongation of the wave guide (with- 
out the specimen) during heating was allowed for, 
as also possible thermal expansion of the specimen 
which was help aquitealong time at each tempera- 
ture to assure complete temperature equalization 
throughout. 

To get satisfactory results in the determination 
of the abnormability >f the the permittivity at Neel 
point a series of repeated measurements were car- 
ried out on a number of specimens which differed 
somewhat in thickness. At each measurement the 
scatter in the value for the minimum position of the 
standing wave corresponded to an error of 0.7 to 
0.8 % in measuring the permittivity ¢”. Because of 
systematic errors in each measurement however 
(related to a certain inaccuracy in positioning the 
specimen in the wave guide, inaccuracy in determin- 
ing the thickness of the specimen, inaccuracy in 
calculating permittivity from the phase shift figures 
etc.) the degree of error in measuring the absolute 
value for permittivity «“ was 7 to 8%. The absolute 
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figure for the anomaly in permittivity Ae“at Neel 
point was measured with an error of 15 to 20%. 

To assess the anomaly of permittivity at the 
Neel point one must know in detail the course of 
linear expansion in this temperature range. As the 
data published on this subject in paper [8] do not 
contain the information we require, measurements 
of the absolute degree of linear expansion were 
carried out on our test specimens of chromium oxide 
in the temperature range from 20 to 80°. The maxim- 
um coefficient of linear expansion we obtained in 
our experiments for Neel temperature 


LAT 


degrees”' agrees very well with the data in paper 
[8]. 

Our dilatometer measurements also show that the 
sudden elongation of the specimen as a result of 
anomalous linear expansion at the Neel point lies 
considerably below the sensitivity of our apparatus 
for the measurement of permittivity and can there- 
fore be allowed for in calculating the anomaly per- 
mittivity from phase displacement data in the mea- 
suring wave guide line. The dispersion of the die- 
lectric constant of chromium oxide was also mea- 
sured in the frequency range from 10? to 10° c/s. 
The dielectric constant equal to 16 + 1 ata fre- 
quency of 10? c/s will be reduced monotonically 
with increase in frequency and at a frequency of 
~ 10° c/s it reaches the value of the superhigh 
frequency dielectric constant. 


RESULTS OF THE MEASUREMENTS 


The relative permittivity of chromium oxide was 
first measured at room temperature. The figure for 
the active part of the relative permittivity which 
was found by measuring several specimens of dif- 
ferent thicknesses in short circuiting or idling ex- 
periments, was found to be e’=.3.8 + 0.3. The 
imaginary part of permittivity ¢”, which is due to 
losses, is small but anomalies in its temperature 
behaviour are also observed at the Neel tempera- 


ture. 
The main result of the present work consists in 


that in the range of the Neel point the permittivity 
of chromium oxide increases on transition to the 
paramagnetic field. As this effect is small a series 
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of repeated measurements was carried out around 
the Néel point on specimens which differed slightly 
in thickness. These measurements showed that 
there is a sudden displacement of the minimum of 
the standing wave of 0.05 to 0.07 mm for the differ- 
ent specimens, which corresponds to a variation of 
3-4% in permittivity. 

In view of the quadratic dependence of the activa- 
tion energy of current carriers on permittivity it can 
be seen that the measured anomalies of superhigh 
frequency permittivity may play a substantial part 
in the total variation in activation energy related to 
variation in the energy spectrum on the disruption 


of antiferromagnetic spin order at the Neel point. 
A similar anomaly in permittivity at the Néel 
point has also been found by us in MnS, FeO and 
certain other antiferromagnetic materials and this 
will be described later in another article. Of cour- 
se, this anomaly in the permittivity must be consi- 
dered in analysing the anomalies of the electric 
properties of semi-conducting substances with spin 
ordering at magnetic transformation points. 


Translated by V. Alford 
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THE STRUCTURE OF TITANIUM SCALE * 
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An investigation has been made of the oxidation of sheet specimens of vacuum-annealed titaninm in air 
and in steam at a temperature of 650-800 with a holding time o1 up to 3 hr. X-ray, electron diffraction 
and microscopic analysis has been made of the structure, phase composition and texture of the scale 
formed in these conditions. Possible reasons for the difference in the texture of oxide layers obtained 


in air in steam are discussed. 


The study of the structure of scale on different 
metals is of considerable interest from the point of 
view of accumulating factual material on the proces- 
ses of oxidation, without which it is impossible to 
exercise intelligent control over scale formation. 
The oxidation of titanium is particularly interesting 
both in view of the use of this material in industry 
and because of certain features in the equilibrium 


diagram of titanium-oxygen, in particular, the abund- 
dance of phases in this system. According to the 
latest data availatie in literature [1] titanium forms 
no less than 15 compounds of different structure 


with oxygen. 

With the development in the application of titanium 
in industry there has also of course been increased 
study of the processes of oxidation of titanium in 
various different gaseous media at elevated temper- 
atures. In the last fifteen years however the quality 
of titanium has improved so rapidly that data on the 
structure of scale published as late as 1952-1954 
must be approached with care as the material avail- 
able to the authors of these publications was con- 
taminated (96 to 98 % Ti), while the ordinary purity 
of the current titanium is about 99.9%. In an earlier 
work [2] for example, it was indicated that the main 
part of the investigation was carried out on compar- 
atively impure titanium sheet specimens of which 
were obtained by sintering the powder and rolling 
the moulding in an iron sheath. When these speci- 
mens were subjected to prolonged oxidation (after 
gtinding, etching in a 10% solution HF and further 
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grinding) the oxides TiO, Ti,0,, TiO, were found in 
the thick scale and the white ferm of scale was found 
to have been transformed into black; in a purer type 
of titanium produced in an arc furnace only one 
phase was found in the scale — rutile TiO, and no 
variations in colour were observed. 

Jenkins [3] somewhat earlier investigated the 
oxidation of titanium made by the iodide process and 
that made by the Kroll method. Sheet specimens 
obtained by rolling forged ingots from an arc melt, 
were annealed at 700° in a vacuum and polished 
chemically by immersion for 15 sec in a 10% solu- 
tion HF-HNO,. The author maintains that this treat- 
ment makes the actual surface almost uniformly vis- 
ible; X-ray investigation by the back-reflection 
Laue method failed to reveal any kind of texture in 
the titanium. In the scale obtained in oxygen (700 
mm Hg), only rutile was found by X-ray analysis 
without any signs of texture on either side (of the 
removed scale). More interesting are the presence 
of porosity in the scale, observed microscopically, 
and the drop in the specific weight of the scale, as 
a function of time and temperature of oxidation. The 
specific weight dropped to 3.44 g/cm? at 925° for 
72 br (for compact rutile y TiO, = 4.2 g/cm’). 

If the oxidized specimens are heated in a vacuum 
the oxide layer dissolves in the titanium, and from 
the behaviour of surface marks the author draws the 
conclusion that the diffusion of oxygen ions plays 
a predominant part in the process of oxidation. 

Arkharov and Luchkin [4] investigated the forma- 
tion of scale when titanium is heated in oxygen, 
air and nitrogen. Although the authors investigated 
polished specimens cut from sintered bars of very 
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TABLE l. Analysis of electron diffraction patterns from the surface of a titanium 
specimen etched in sulphuric acid (in the presence of NaF) 


Lattice 
parameter 
° 


Intensity 
planes 


(Akl) 


2.50 (111) 4.43 
2.24 (200) 4.48 
Strong 1.330 

1.010 (331) ‘41 
0.860 | (511); (333)] 4.47 


= 4.397 — 4.460 A; 4.43 + 0.03 A. 


impure titanium (96 % Ti; main metallic impurities: 
2% Fe; 0.2% Al and 0.1% Si) the results they ob- 
tained are deserving of special attention. The fact 
is, that although the parent phase found in the scale 
at comparatively low temperatures was also rutile 
(the presence of TiO was disclosed at a temperature 
above 800- 900°, and of Ti,O, — above 1100-1200°) 

it was found that this layer of oxides had a prefer- 
red orientation which commenced with heating at 
900° in air or 1100° in oxygen. This is the one case 
in which texture has actually been found in the 
scale, although some indications may be found in the 
much earlier paper by Hickman and Gulbransen [5]. 
The investigations of Arkharov and Luchkin showed 
that the (110) plane of the rutile lies parallel to the 
outside surface of the specimen. The presence of 
texture in the outer layer forces one to assume that 
the diffusion of titanium ions plays a major role in 
this process. 

A second most interesting conclusion of the 
authors concerns the role of atmospheric nitrogen 
in the process of titanium oxidation [6]. 

It can be seen from what has been said that there 
is no definite picture concerning the structure of 
the titanium scale. The divergence of the results of 
different works might be due to the different puri- 
ties of the materials used, different methods of sur- 
face treatment and, to a lesser degree, the composi- 
tion of the oxidizing medium (air or oxygen). 

It is on these facts that our present work was 


based. 


EXPERIMENTAL PART 


Proceeding from the fact that the Kroll method 


has at the present time practically achieved the 
technical and physical limit for the purity of titan- 
ium, that this purity completely satisfies the pro- 
duction requirements and that it is not likely to be 
substantially altered in the near future, we decided 
to use the sponge TG.O as the raw material for the 
investigations. Electrodes compacted of this were 
remelted in an arc furnace; the bars obtained were 
then roughed, forged, again roughed, hot rolled to 
1.5 mn, etched first in hot alkali and then in an 
acid tank; after cold rolling to 0.8 mm and vacuum- 
annealing at 10°* mm Hg 30 min at 800°) the flat 
bars for the specimens were obtained. Spectroscopic 
analysis revealed the presence in them of about 
0.04% Si; the remaining metallic impurities (twelve 
elements were found) were found to exist in quanti- 
ties less than 0.01 % each. 

In previous works attention was not drawn to the 
physical state of the surface of the specimens 
although this factor may be decisive in the formation 
of the film. Electron diffraction analysis of the sur- 
face immediately after annealing in a vacuum pro- 
duced some unexpected results. No diffraction pat- 
tern could be found, which is an indication of a sur- 
face of irregular structure. When these specimens 
were etched in acid, titanium hydride was formed on 
the surface (Table 1). No clear pattern of the metal- 
lic titanium could be found even after the sheet had 
been polished on abrasive paper. 

On the basis of these results it was decided to 
take as starting material the sheets immediately 
after vacuum-annealing. It was decided not to use 
polished sheets firstly because they did not cor- 
respond to the real conditions of use of titanium 
sheet and secondly, because polishing sharply 
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TABLE 2. Analysis of electron diffraction patterns reflected from an oxide 
film obtained after 60 min at 500° 


Distance 
between 


planes 


d, A 


Intensity 


Tabulated data for rutile TiO, 


Intensity 


BEBRRSE 


reduces the energy state of the surface layers. On 
the surface of polished aluminium after heating to 
600° in air for example, the crystalline oxide alpha- 
Al,O, has been observed, while on unpolished spe- 
cimens in the same circumstances a fine amorphous 
film was obtained [8]. Agarwala and Wilman [9] found 
that an alpha-gamma transformation takes place in 
the deformed layer when iron is polished directional- 
ly. 

Thus, the preparation of the annealed specimens 
(10 x 10 x 0.8 mm) for the experiment consisted in 
washing them in alcohol. The oxidation was carried 
out on a ceramic holder in a muffle furnace; cooling 
was in air. For oxidation in steam the apparatus 
consisted of two tubular furnaces one on top of the 
other containing a common quartz tube; the specimen 
in a porcelain vessel was put into the tube in the 
zone of one of the furnaces and the second furnace 
served to heat the steam to the experimental tem- 
perature. After oxidation the specimens were cooled 
in air. Thermal calculations of the heating process 
showed that even a holding time of 5 min (300 sec) 
could be regarded as an isothermal process, particu- 
larly at elevated temperatures. 

The main methods of studying the structure of the 
film were electron diffraction and X-ray diffraction 
analysis on the apparatus URS-50I. The working 
principles of both these methods are well known. We 
will mention only that the electron diffraction pat- 
tern registers the structure of the surface layer of 
the specimen to a depth of ~ 10°* cm; in the forma- 
tion of the X-ray pattern, a layer of the substance of 
some tenths of a micron (10°* cm) (in the case of 


titanium oxides) takes part. 
As we have indicated, the thin films of oxide 


which are formed on the titanium at a temperature 
of 350-550° which are tinged with the interference 
colours and which achieve constant thickness at a 
given temperature, some hundreds of Angstroms, 
consist almost entirely of the rutile TiO, [10-12]. 

If the oxidation temperature and holding time are 
increased the scale reaches a thickness at which 
electron diffraction investigation becomes impos- 
sible. In this case the structural analysis was car- 
ried on by X-ray, microscope and electron reflection. 
The investigation with electron reflection showed 
that, in agreement with the results of the works 
cited, at-any temperature and holding time the rutile 
pattern was revealed on the outer surface (Table 2). 
It is interesting to note here that the time for the 
appearance of the rutile pattern at temperatures 
below 600° practically coincided with that for the 
oxide films to achieve the constant thickness char- 
acteristic for them at given temperature (Fig. 1). 
The electron diffraction patterns of the reflections 
from specimens obtained in conditions correspond- 
ing to the cross-hatched part in Fig. 1 are not too 
clear, so that no conclusions can be drawn. 

With further increase in temperature and holding 
time no new phases are revealed by electron dif- 
fraction, which also is confirmed by X-ray data, 
given in Fig. 2, which shows the X-ray diffraction 
patterns from specimens oxidized for various periods 
at 850°. 

If the phase constitution is unaltered, the elec- 
tron diffraction patterns clearly show the gradual 
appearance and development of texture in the sur- 
face layers of scale (Figs. 3a-6). The time taken 


for new signs of texture to appear on the electron 
diffraction patterns are given in Fig. 4. Calculation 
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151530 60 720 780 
1 min 


FIG. 1. Conditions for the detection of rutile by the electron diffraction 
method with photographs by reflection (x) and the time taken to develop 
oxide films of a thickness characteristic for the given temperature (0). 


FIG. 2. X-ray diffraction pattern of specimens oxidized at 850° for (read- 
ing from above): 60 min, 6 min 40 sec, 2 min 15 sec, 45 sec, bottom 
curve is for unoxidized titanium. 


shows that the electron diffraction pattern is char- of the rutile lies parallel to the surface of the speci- 
acteristic for an arrangement where the (301) plane men. However, in view of the fact that electron dif- 
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FIG. 3. Electron diffraction patterns of the reflections from specimens 
oxidized for 5 min (a) and 60min (b) at 850° in air which show the 
appearance of texture with time of oxidation. 


5" 


| 
60 


T. min 


FIG. 4. Time taken for the first signs of texture (cross) to appear on 
electron diffraction pictures. 


fraction patterns reflect the structure of the surface 
layer to a total depth of only 107° cm, we found it 
interesting to check whether there was also texture 
inside the oxide layer. With this aim, the (211) line 
was registered on the X-ray ionization apparatus as 
generally characteristic for rutile and the (301) line 
for the given texture. It was found that the intensity 
of (301) line increases with increase in the oxidation 
time as against that of (211) line, which is eviden- 
ce of the volumetric character of the developing 
orientation since in our conditions the X-ray diffrac- 
tion pattern is obtained from the whole depth of the 
oxide layer. This can be seen from the upper curve 
in Fig. 2 — even with oxidation for one hour at 850° 
the lines, indicated by arrows, of the matrix metallic 
titanium, remain. An example of the recordings from 
lines (211) and (301) are shown in Fig. 5. The ratio 
of their intensities calculated from this type of 
photograph and completely characteristic of the 
texture is shown in Fig. 6. 


Microscopic investigation of the oxide layer led 
to a curious result: two oxide layers were clearly 
visible on the microspecimens — a thick outer and a 
thin inner one, which fact was somewhat unexpect- 
ed as the single-phase state of the oxide had appar- 
ently been clearly established. The microscopic 
pattern characteristic of titanium scale is shown in 
Fig. 7. Under the thick white outer layer the black 
sublayer is clearly visible. Microhardness measure- 
ments show that this sublayer is harder than the out- 
er white layer (Fig. 8). 

A series of X-ray diffraction photographs made 
during the polishing of specimens on abrasive paper 
failed to reveal the presence of any other phases 
besides rutile (Fig. 9). Electron diffraction patterns 
from the back side of the scale removed from the 
metal and of the surface of the sublayer exposed, 
also show a clear rutile pattern although here, un- 
like the case of the outer layer, there is absolutely 
no texture (Fig. 10). With further polishing the rutile 
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FIG. 5. The intensity curve of diffraction line (301) of FIG. 6. Increase in texture of the oxide layer with va- 
rutile compared with line (211) with variation in the riation in the conditions of oxidation. 
time of oxidation (800°) from 1 hr (upper) to 3 hr (low- 
er). The intensity of the line hardly varies in compar 
ison with (211). 


FIG. 8. Microhardness in a diagonal section of a spe- 
cimen oxidized for 3 hr at 850°; 


FIG. 7. Photomicrograph of diagonal section through a 
specimen from a testpiece oxidized in air for 3 hr at 
850°; x 80. x 80. 
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850° 3 hr 


Polished scale 


Sublayer 


Polished 
sublayer 


Solid solution of 
oxygen in titanium 


FIG. 9. X-ray diffraction patterns of consecutively ground surfaces of scale 
obtained after 3 hr (850°). 


reflections on the X-ray patterns completely dis- 
appear and only the pattern of the solid solution of 
oxygen in titanium remains which, according to the 
data in paper [1] is an ordered one (Fig. 11). It is 
probable that the variation in the etching of this 
solid solution is connected with the degree of oraer- 
ing — a dark band can be seen on Fig. 7 which is 
not a phase boundary. The dark blue-black colour 
of the sublayer may be made up of the characteristic 
colouring of titanium oxides with a concentration of 
oxygen less than 1.97 per titanium atom [13]. From 


its structure this sublayer is probably one phase 
of a homologous series of oxides of the Ti,0,, _, 
type based on a distorted lattice of rutile [1]. The 
solution to this problem is outside the scope of 
the present investigation andis a special and very 
difficult problem. 

Thus, the products of comparatively high temper- 
ature oxidation of titanium in air (up to 3 hr at 
850°) are oxides of a composition close to TiO,, 
which have the structure of rutile and form two 
layers — a fine inner blue-black one with a small 
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FIG. 10. Electron diffraction pattern of the reflection characteristic 


for the back side of the white scale removed from the metal, and the 
surface of the black sublayer thus revealed. 


oxygen deficit and a thick blue extemal layer. in the 
latter, as time and temperature are increased the 
oxidation develops a preferred orientation character- 
ized by the arrangement of the (301) plane parallel 
to the surface of the specimen. 

Titanium is known to be intensively oxidized in 
steam at elevated temperatures and (which is phys- 
ically the same) the reduction of TiO, by hydrogen 
does not begin at least [5] below 700°. We thought 
it would be interesting to find out whether there 
was any difference in the structure of the scale 
obtained in steam and that obtained in air. For this 
purpose specimens produced in the same way as 
before were oxidized at 450, 650 and 850° and were 
then investigated by the electron diffraction method. 
Under these conditions the specimens once again 
produce a clear rutile pattern which has a very well- 
define texture on the surface layer (Fig. 12a-c), but 
the grain size of the scale grows so quickly at 850° 
that after 30 min oxidation it was impossible to draw 
any conclusions from the electron diffraction pat- 
tern. The type of texture is different from that ob- 
tained in air andhas the following features: the pre- 
ferred orientation can be represented as a formation 
of rutile crystals in which the plane of the speci- 
men is in the [001] direction. It should be noted that 
in oxidation in steam we did not observe any deve- 
lopment of texture with increase in holding time 
such as is characteristic of oxidation in air. 


DISCUSSION OF RESULTS 


The main question in all the experimental data 
obtained is that of why a certain type of texture is 


Untextured polycrystalline rutile. 


observed in certain conditions. 

The simplest type of texture observed during the 
experiment is the orientation obtained on oxidation 
in steam. As we have shown, this texture is deter- 
mined solely by the position of the [001] directions 
of the rutile lattice which lie parallel to the surface; 
there are no other limitations to the texture. 

In considering the structure of the rutile a feature 
of these directions stands out immediately. They 
appear as rows in the oxide lattice, which are 
characterized by the more close packing of titanium 
ions. On oxidation in air, as has been noted, a tex- 
ture develops which is determined by the position 
of the (301) plane of the rutile parallel to the sur- 
face of the specimen. A study of the arrangement of 
the atoms in this plane (Fig. 13) shows that their 
characteristic features are: firstly, the identity of 
the adjoining layers which form the structure (each 
subsequent layer is only slightly displaced in re- 
lation to the previous one) and secondly, the poss- 
ibility of the formation of this structure with shar- 
ing of paired oxygen molecules. The reason for the 
texture of the oxide layer during growth in contact 
with the gaseous phase may lie in two basic pro- 
cesses: diffusion, at the very basis of which there 
is anisotropy, and absorption, the energy character- 
istics of which are strongly dependent on the ac- 
commodation of the additional atoms and molecules 
of the gas at the surface of the oxide. During oxi- 
dation in steam with the reaction 


Ti +211,0 = TiO, + 


it is doubtful whether atomic oxygen is involved, 
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Unoxidized titanium 


FIG. 11. Part of the diffraction pattern from a sample of oxidized titanium from 
which the oxide layers have been removed. Reflections from the superstructure 
are clearly visible (00.3). 


FIG. 12. Electron diffraction patterns of reflections from specimens oxidized 
in steam: 
a — for 5 min at 650°; 6 —5S min at 850°; c — 30 min at 850°. 


and in this case, as can be seen from the data ob- great part. The orientation of the oxide is determin- 
tained, the adsorption effects do not play a very ed by the arrangement of the rows of rutile lattices, 
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FIG. 13. Arrangement of oxygen ions (large circles) and titanium ones 
(small circles) in (301) planes of rutile. 


FIG. 14. The same as in Fig. 3 for (001) planes. 


which are more densely populated with titanium 
ions, parallel to the surface of the specimen. 

On oxidation in air this tendency is not at first 
revealed, as the [001] direction does not lie in (301) 
planes, and the orientation is only determined by 
the adsorption of oxygen molecules. However, a 
more careful observation shows that in the rutile 
lattice there is yet another system of planes (Fig. 14), 


to which whole molecules can be added, namely 

the (001) planes. This system is however perpendi- 
cular to the direction of the rutile lattice more 
closely packed with titanium ions and the system 
(301) lies at an angle of 28° to them. It might be 

this which determines the orientation observed. 

Here at any rate, the possibility of the entry of oxy- 
gen molecules directly into the position of the oxygen 


PPP 
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ions in the rutile lattice evidently plays a more im- 
portant part. 

It is possible that a not unimportant part in the 
emergence of the orientations observed, is played 
by the selection of the original material. If high 
vacuum annealing is carried out at a high enough 
temperature the surface forces tend to smooth out 
all the existing microroughnesses of the surface 
which becomes the base plane for all the textures 
obtained, and tend to make the surface of the speci- 
men approach a geometrical plane, making all the 
orientation effects observed much clearer. 

It is quite possible that some other orientation 
may appear when the specimen is ground. The ef- 
fects described might also be distorted if alloying 
elements are introduced to the titanium. Both these 
causes undoubtedly play a part in the disagreement 
of our results with the results obtained by Arkharov 
and Luchkin [4], who had only rather impure titanium 
available and who used specimens which had first 
been ground. 

To sum up, the orientation of the oxides is decid- 
ed by that competing process which plays the most 
important role under actual conditions. The compet- 
ing processes are: 

1. The tendency of the rows closely packed with 
titanium ions in the rutile lattices to be arranged 
parallel to the original geometrical surface of the 
metal. 

2. On oxidation in air the energy gain due to poss- 
ibility of the chemisorption of the oxygen molecule 
may be decisive in that it will occupy the necessary 
position in the rutile lattice without previous disso- 
ciation into atoms. 

The closer the microsurface of the specimen ap- 
proximates a geometrical plane, the more clearly 
should these effects be apparent. The lack of tex- 
ture on the inner surface of the scale with the si- 
multaneous development of orientation effects on 
the outer surfaces is only observed in those circums- 
tances where the diffusion of titanium ions in the 
direction of the. outer surface of the oxide layer is 
the decisive phase in the formation of scale. 


CONCLUSIONS 


In the investigation of the structure of scale ob- 
tained under different conditions on sheet specimens 
which had been vacuum-annealed it has been found: 

1. In the process of oxidation in air at comparative- 


ly high temperatures (up to 3 hr at 700- 850°) the 
products of oxidation form two layers — a white, 
comparatively thick, outer layer consisting of 
rutile with a concentration of oxygen of not less 
than 1.97 per titanium atom, and a thin blue-black 
inner one, also With a lattice based on rutile, but 
with a lower oxygen concentration (probably not 
below 1.90). 

2. If the temperature is increased and the hold- 
ing time prolonged, the white outer layer of scale 
shows a better defined orientation with the lattice 
(301) plane parallel to the surface, determined by 
the energetically favourable chemisorption of the 
whole oxygen molecule and the arrangement of the 
closely-packed rows of titanium ions in positions 
very nearly parallel to the surface. 

3. The emergence and development of this orient- 
ation is only possible where the diffusion of titanium 
ions plays a decisive role in the process of oxida- 
tion. 

4. As a result of the oxygen’s mono-atomic part- 
icipation in the process, during oxidation in steam 
the orientation observed is caused only by the ar 
rangement of the rows closely-packed with titanium 
ions and the plane of the rutile lattice parallel to 
the surface. 


Translated by V. Alford 
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THE INFLUENCE OF TANTALUM ON THE HIGH TEMPERATURE OXIDATION OF NIOBIUM* 
R.F. VOITOVICH and V.A. LAVRENKO 


Institute of Powder Metallurgy and Special Alloys, Academy of Sciences Ukr. S.S.R. 


In recent times niobium and its alloys have re- 
ceived the attention of various branches of new 
technology as high melting, corrosion-resistant duct- 
ile materials [1]. 

Although the study of the behaviour of these mater- 
ials when heated in normal atmospheres is extreme- 
ly interesting, there are no data available in the liter- 
ature concerning their high temperature oxidation. 
The only thing which has been studied in detail is 
the oxidizability of the pure metals tantalum and 
niobium [2]. In papers (3, 4] in particular, a study 
has been made of the influence of the composition 
of these metals on corrosion resistance. 

In the present work a study has been made of the 
oxidation resistance of the following compositions 
of the alloy niobium-tantalum: , 

1) 17.5 % Nb — 82.5 % Ta; 

2) 33 % Nb—67% Ta; 

3) 65% Nb—35% Ta. 

As the test specimens used were of powder metal 
sheet alloys, the possibility also arose of investi- 
gating the oxidation behaviour of pure sheet niobium. 

All the alloys were investigated in the recrystal- 
lized state after 33 % (reduction). Oxidation was car 
ried out using the usual weight method in the temper- 
ature range 500- 900° for 6 hr. The thickness of the 
oxidized plate was 0.1 mm and the overall area of 
the specimen — 2 cm?. 

Isothermal curves for the oxidation are shown for 
both conditions of the different alloys in Figs. 1 to 
4. It can be seen from these illustrations that work 
hardening has an activating influence on the course 
of the process of scale formation. This is in agree- 
ment with earlier papers (3, 4]. 


At temperatures above 700° the formation of scale © 


occurs so intensively that the specimen is complete- 
ly oxidized after 2 hr holding time and is transformed 


* Fiz. metal. metalloved., 10, No. 4, 555-559, 1960. 


(Received 28 March 1960) 


into a whitish yellow scale. 

At lower temperatures the layers of scale on the 
alloys are very closely attached to the matrix. 

At 900° the compositions which are richer in tan- 
talum (82.5% Ta, 67% Ta) will be seen at first 
glance to have an abnormal course in their oxida- 
tion curves both from the point of view of tempera- 
ture andof the influence of work hardening. Actual- 
ly, in Figs. 3 and 4 the 900° isothermal curve for 
the deformed alloy is below that for the recrystal- 
lized state at 900° and for both states at 800°. 

Peterson andhis co-authors [5] also observed 
certain peculiarities in the behaviour on oxidization, 
of pure tantalum at temperatures above 800°. The 
apparent activation energy of tantalum oxidation 
calculated by us is subject to a break at a temper- 
ature of above 800°. This is due to the change in 
the nature of the oxides which was revealed by 
X-ray analysis during an investigation of the phase 
composition of the scale formed. 

This behaviour is usually connected with the for- 
mation of the lower volatile oxides of a metal, TaO 
apparently. This is facilitated at considerable 
depths of film, as a result of oxidizing-reducing 
reactions at the metal-oxide boundary. 

It should be noted that no definite conclusions 
regarding the nature of the oxide phases could be 
drawn from the X-ray investigations which we car- 
ried out on the tantalum and niobium scales obtain- 
ed. 

The process of oxidation in all the Nb-Ta alloys 
investigated is subject to a parabolic rate law. 

Fig. 5 shows the temperature dependence of the 
constants of the parabolic law of oxidation calcul- 
ated from the experimental data for several composi- 
tions of the alloy. 

The dependence for both conditions of the alloys 
shows a break at-a temperature around 800°. It is 
at this temperature that the perceptible process of 
volatization is added to the process of the formation 
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FIG. 1. Kinetics of oxidation of sheet niobium: 
o — recrystallized; 
A — work hardened. 


ry 10? 


FIG. 2. Kinetics of oxidation of the alloy 65% Nb—35% Ta: 
o — recrystallized; 
A — work hardened. 


of oxides, causing the increase in the weight of the Ink={( me 
specimens to be slowly reduced. This kinetic field T) 
corresponds to the descending part of curve in the graph. At 900° therefore, the rate of change of 
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FIG. 3. Kinetics of oxidation of the alloy 33% Nb—67% Ta. 
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FIG. 4. Kinetics of oxidation of the alloy 17.5% Nb—82.5% Ta. 


weight of Nb-Ta alloys in the process of oxidation The dependence 
is controlled by the ratio between the rates of form- 

ation of scale and the evaporation of its volatile Ink = i| - 
components. If the metal is deformed of course, T 
evaporation of th~ volatile components of the oxide 
layer is more rapid. is subject to the following rate equations: 


shown in Fig. 5 for the oxidation of sheet niobium 
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FIG. 5. Temperature dependence of the constants of the parabolic law of the 
rate of oxidation of the alloys: 
o — recrystallized; 
A — work hardened. 
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FIG. 6. Influence of Ta content on oxidation: 
o — recrystallized; 
A — work hardened. 
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Influence of tantalum 


The influence of tantalum on the oxidizability of ation of niobium for recrystallized and work hard- 
niobium is clearly illustrated in Fig. 6 which repre- ened states of alloys in the temperature range 500- 
sents a holding time of r = 30 min. It can be seen 900°. 
from the graph that at temperatures of up to 800° 2. It has been established that work hardening has 
alloying with tantalum causes some improvement in a considerable influence on the process of oxida- 
the corrosion resistance of niobium; above 800° tion and is accompanied at temperatures above 
tantalum hastens the process of scale formation of 800°, by a certain amount of evaporation of the vola- 
the alloy. tile components of films. 

The nature of the curve for T = 900° is evidence 3. Up to 800° alloying with tantalum causes an 
that evaporation is occurring during the process of improvement in the corrosion resistance of niobium. 


oxidation. 


CONCLUSIONS 


1. An investigation has been made of the influence 
of tantalum on the kinetics of high temperature oxid- Translated by V. Alford 
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INVESTIGATION OF THE EARLY STAGES OF AGEING IN ALLOYS OF 
ALUMINIUM WITH ZINC * 
U.I. ZAKHAROVA and I.I. YELISEYEVA 
Moscow State University 
(Received 1] February 1960) 


An investigation has been carried out by X-ray analysis of fixed crystals of the early stages of 
ageing in alloys of aluminium with 10 and 20% by weight zinc. It has been established that in the 
aluminium alloy with 10% zinc, the ageing process is accompanied by elastic disorientation of blocks 
of a certain volume of the matrix. The angular magnitude of the disorientation of the blocks increases 
in ageing time at 150°, reaching a maximum which varies for different monocrystals. 


A number of changes in the structure of the origin- __ tion. 
al solid solution takes place in the process of age- When the alpha-solid solution of zinc in alumin- 
ing. These are due to redistribution of the concent- ium decomposes zinc crystals are precipitated and 
ration of solute components or to the precipitation this precipitation occurs in the areas of the matrix 
of a second phase in a metastable or stable modifica- | which have been previously enriched by zinc atoms. 
tion [1]. This paper describes an investigation made into 


FIG. 1. Diffraction pattern from a monocrystal of the aluminium alloy 
with 10% zinc after natural ageing. 


In alloys of aluminium with zinc the second phase the ageing of alloys of aluminium with zinc with 
is precipitated immediately in the stable modifica- the method of X-ray analysis of poly- and mono- 
crystals and also with figures. 
* Fiz. metal. metalloved., 10, No. 4, 560-563, 1960. Monocrystals were grown by the method of slow 
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Ageing in alloys of aluminium with zinc 


FIG. 2. Arrangement of etch figures after 5 days natural ageing of the 
aluminium alloy with 10% zinc; x 255. 


cooling from the melt on a monocrystalline substrate 
of mica. The materials used were aluminium AV000 
and 99.8% pure zinc. 

After the monocrystals had been aged at room 
temperature the Laue maxima of the alpha-solid sol- 
ution and diffuse bands perpendicular to one another 
appear in the centre of X-ray photographs taken in 
mixed molybdenum illumination. These bands indic- 
ate that zinc-enriched zones have been formed in 
the matrix [1] (Fig. 1). 

The microheterogeneity is the solid solution after 
natural ageing was also shown by the etch figure 
method. 

To produce etch figures coarse grained and mono- 
crystalline specimens were electrolytically polished 
and chemically etched. Microscope investigation of 
alloys of aluminium containing 5, 10 and 15% zinc 
showed that for the same period of natural ageing 
time, the number of etch figures increases with in- 
crease in the zinc content. After two days ageing 
at room temperature the etch figures are distributed 
about uniformly inside the grain. 

Quite another picture is observed after prolonged 


ageing. Even after five days natural ageing, indi- 
vidual crystallites can be seen in the alloy of al- 
uminium with 10% zinc, in which the etch figures 
are ranged in the form of a series of parallel lines 
(Fig. 2). 

The number of crystallites in which a regular dis- 
tribution of etch figures is observed, depends on the 
orientation of the crystallites and ageing time. After 
seven months ageing in many crystallites the etch- 
ing figures are arranged in a regular fashion forming 
a network with a 70° angle (Fig. 3). 

It would be natural to expect that the network of 
etch figures reflects the microheterogeneity of the 
solid solution which has arisen as the result of 
redistribution of the zinc atoms and their accumula- 
tion in certain areas of the lattice. Because the 
zinc crystals precipitated from the alpha-solid 
solution are oriented with the (1000) plane parallel 
to plane {111} of the matrix, then it can be assumed 
that the clustering of zinc atoms is also arranged 
parallel to the $111} plane. The formation of a clust- 
er of zinc atoms parallel to the plane pairs (111) 
and (111), (111) and (111) and others at an angle of 
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FIG. 4. Diffraction pattern from a monocrystal of tha aluminium alloy 
with 10% zinc after tempering at 150° for 255 hr. 


70.5° to one another, will also cause the microhetero- work of etch figures of the same angle. In the alloy 
geneities to be reflected in the formation of a net- of aluminium with 20% zinc, because of the large 
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FIG. 5. Diffraction pattern from a monocrystal of the aluminium alloy 
with 10% zinc after tempering at 150° for 320 hr. 


number of etch figures, no particular conformity can 
be found in their distribution. 
The investigation of the ageing of the alloy of 


aluminium with 10% zinc at 150° was carried out by 
the X-ray analysis of fixed crystals. After 8 and 

13 hr ageing at this temperature the Laue maxima 

of the alpha-solid solution and two bands perpendi- 
cular to one another can be seen in the centre of the 
X-ray photograph (Fig. 1). After 50 hr ageing time 
ears appear around the Laue maxima of the alpha- 
solid solution, arranged along the Debye rings cor- 


responding to reflections from the (311) planes with — 


Ka and Kg molybdenum radiation. Besides this ears 
also appear in the (111) and (200) rings. 
Increase in ageing time to 255 hr caused a consi- 


derable change in the diffraction pattern. The angular 


extent and the intensity of the ears increased rapid- 
ly, and strain-type streaks passed through the Laue 
maxima of (311) in a radial direction (Fig. 4). After 
ageing for 320 hr the intensity and angular extent of 
the ears was considerably reduced (Fig. 5) As has 
been shown in a paper on the investigation of the 
decomposition of austenite in manganese steel [2], 
the appearance of the ears: is due to the disorienta- 
tion of blocks of a certain volume of the matrix, as 
a result of the difference in the specific volumes of 
the matrix and the precipitating phase. 

In the alloy of aluminium with 10% by weight zinc 


the maxima of the second phase appear on the X-ray 
photograph after tempering for 320 hr. 

A diffraction pattern with ears around the Laue 
maxima of the alpha-solid solution is observed also 
after ageing the alloy of aluminium with 10% zinc 
at 100°. After 350 hr ageing at 100° the diffraction 
pattern is similar to that described after ageing at 
150° for 255 hr. It should be noted that with the 
same ageing time both at 150° and at 100°, the 
angular extent of the ears varies widely in differ- 
ent monocrystals while the similarity of the diffrac- 
tion effects is maintained. Although all the cryst- 
als were obtained under similar circumstances and 
the monocrystals selected were the same as regards 
Laue maxima it nevertheless appears that in indivi- 
dual crystals there are some fine differences in 
structure which are not revealed when X-rayed un- 
der a wide beam. 

The X-ray investigation of the ageing of an alloy 
of aluminium with 10% by weight zinc at tempera- 
tures of 100 and 150° shows therefore, that the ini- 
tial stages of the process of ageing are accompanied 
by the disorientation of blocks of a certain part of 
the volume of the matrix. The angular component of 
the block disorientation increases as the ageing 
time is increased up to a certain value which varies 
for different crystals. 

In an alloy of aluminium with 20% by weight of 


a 
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sible that, as a result of a large super saturation of 
the alpha-solid solution of zinc in aluminium that 
the growth of the nuclei of the precipitating phase 
up to the. critical size at which they are removed 
from the matrix, occurs in a very short interval of 


zinc only the maxima of the alpha-solid solution 
are seen on an X-ray photograph after the monocrys- 
tal has aged at 150° for 20 hr. After ageing for 50hr 
both the maxima of the alpha-solid solution and of 
the precipitating phase are seen. The ears due to 
disorientation of blocks of the matrix do not appear time. 


after 20 or even after 50 hr ageing at 150°. It is pos- Translated by V. Alford 
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THE INFLUENCE OF STRESS AND STRAIN ON SELF-DIFFUSION ** 
A.V. SAVITSKII 
Physico-Technical Institute, Academy of Sciences U.S.S.R. 
(Received 17 February 1960) 


This work was undertaken in order to make a further study of the influence of equiaxed stress 
and strain on the self-diffusion of metals. Self-diffusion was studied in silver and iron. The self- 
diffusion of silver in silver was measured in the temperature range from 460 to 790° with tensile 
stresses from 0.4 to 1.2 kg/mm’. The self-diffusion of iron in mild steel was measured in the range 
720 to 800° with tensile stress varying from 0.9 to 1.4 kg/mm’. 

Within the limits imposed by experimental accuracy, no variation in the self-diffusion of silver 


and iron was observed in specimens under tension. 


The results obtained are compared with those available in literature. Error has been revealed in 
papers [4, 5], in which it was found that there was a considerable increase in the coefficient of 
self-diffusion of iron in specimens of mild steel under tensile load. 


Since 1950 a number of works have appeared which 
have been devoted to explaining the influence of 
equiaxed loads and plastic strain on self-diffusion 
in metals. Even in the first papers by Buffington and 


Cohen [1, 2] it was found that there was a consider- 
able increase in the self-diffusion coefficient of iron 
in specimens subjected to unilateral compression. 
In subsequent papers other authors also found that 
stresses and strains had a marked influence on the 
self-diffusion of metals [3, 6]. However, the results 
obtained did not always agree among themselves. 

In paper [2] for instance, it was found that the in- 
crease in the self-diffusion coefficient of iron is 
due only to the rate of plastic deformation, while in 
a number of later papers [4, 5] it was shown that the 
self-diffusion of iron was dependent on stress and 
the absolute value of plastic strain. There is also 

a paper describing investigations carried out on 
zinc, in which it was found that there was a reduct- 
ion in the self-diffusion coefficient under the influ- 
ence of small compressive loads [3]. 

An explanation of the relationship between self- 
diffusion and stresses and strains is also complicat- 
ed by the fact that in certain of the papers publish- 
ed errors in methode were allowed, the discovery of 
which threw doubt on the conclusions drawn [2, 3, 


* Fiz, metal. metalloved., 10, No. 4, 564-571, 1960. 
t Presented at the Ukrainian conference on defects in 
crystal structure, Nov. 1959, in Kiev. 


7, 8). 

In the present work a study has been made of the 
influence of stress and strain on the self-diffusion 
of silver in pure silver (99.99 % Ag) and iron in mild 
steel 0.1% C). 

The self-diffusion of silver and iron was invest- 
igated in conditions of uniaxial tension. In addition 
experiments were carried out with unilateral compres- 
sion of pure silver, for which the diffusion character- 
istics have been very well studied. Mild steel was 
chosen so that the results obtained could be comp- 
ared with those available in literature. 


THE EXPERIMENTAL METHOD 
AND ITS RESULTS 


Measurements of the self-diffusion coefficients was 
made by the absorption method using radio-active 
isotopes. The essence of absorption methods [9]. 
consists in that the depth of penetration of a radio- 
active isotope from the surface inside the specimen 
as a result of diffusion is determined from the redact- 
ion in beta radiation emanating from its surface. 
This reduction occurs as a result of the absorption 
of beta radiations by the specimen. The diffusion 
coefficient is determined according to equation (1) 
which relates the variation in the intensity of beta 
radiation from the specimen to the diffusion coeffi- 
cient D (cm?/sec): 


where /°, and /, are the intensities of the beta radia- 
tions lle and after diffusion heating respectively; 
Hg is the absorption coefficient of the beta radiation 
in the specimen. 

Gruzin and Litvin [10] decided to find the depth of 
penetration of radioactive atoms not from the reduc- 
tion in beta radiation, but from the variation in the 
ratio of the beta and gamma radiations of the speci- 
men. For this purpose the radioactive atoms must, 
besides beta particles, radiate gamma quanta which 
remain practically unabsorbed into the depth of the 
specimen. The diffusion coefficient is calculuted 
from equation (2) which is similar to equation (1), in 


which the ratio /s//? varies by 
0 


where /° and /, are the gamma activity of the speci- 
men after heating 


— = exp (— a3 Dt) [1—ert V De | (2) 


As we have already noted, gamma radiation is not 
absorbed in the material of the specimen and gamma 
activity therefore plays the part of a “witness”, giv- 
ing information concerning the amount of radioactive 
atoms in the specimen which take part in diffusion. 

In our experiments the self-diffusion coefficients 
were found by Gruzin and Litvin’s method “from the 
witness”. 

The study of diffusion in tension was carried out 
on specimens produced in the form of a double blade 
22 mm long, 4 mm wide and 0.1] (silver specimens) 
and 0.5 (mild steel specimens) mm thick. The finish- 
ed pieces were annealed in a high vacuum at temper- 
atures of ~ 900° (after annealing they had the fol- 
lowing grain sizes: silver —0.3 mm, mild steel — 0.13 
mm). Then a thin layer of the radioactive isotope 
(not more than 0.5 microns) was deposited on the 
centre part of each piece. The deposition was made 
electrolytically and, in certain cases by ion ex- 
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change from an aqueous solution of a radioactive 
salt. The ion exchange and electrolytic deposition 
of the radioisotope **°Ag (8 — 0.53 MeV and 


y ~ 0.88 MeV) were made from an activated solution 
of silver nitrate (specific activity ~ 200 MC/g of 
silver). The exchange and electrolytic deposition of 
°° Fe (8 —0.46 MeV and y—1.3 MeV) was carried out 
in a solution of iron sulphate with specific activity 
~ 5 MC/g of iron. The apparatus used for the diffus- 
ion heating of the specimens is shown diagram- 
matically in Fig. 1. Two pieces were annealed at the 
same time in each experiment: one under stress and 
the other, placed beside it and acting as the con- 
trol, without stress. Tension was applied by means 
of a shaped lever which maintains constant stress 
during plastic deformation of the piece [11]. The 
strain curve was automatically recorded on a drum 
rotating at a constant speed. 

The temperature of the pieces was maintained 
constant with a precision of + 1.5° and was measur- 
ed by a thermocouple attached directly to the two 
specimens. The intensity of radiation was determin- 
ed by means of two devices equipped with gas and 
scintillation counters. 

Fig. 2 shows a diagram of the apparatus with the 
gas counter. In the second apparatus, instead of the 
alpha counter a photomultiplier tube FEU-29 was 
used, with a stilbebe crystal. The intensity of the 
beta radiation /g was determined both from the dif- 
ference between the total activity /g + /, and that 
of a specimen covered with an aluminium filter which 
absorbs the beta rays (= l,). The absorption coef- 
ficients of the beta radiation ya for silver and for 
steel were determined on both counting devices. 

Before studying diffusion in silver under load, 
the temperature dependence of internal self-diffus- 
ion in silver was obtained in the range from 460 to 
890° (Fig. 3). The diffusion heating, which was 
carried out in the apparatus described above (see 
Fig. 1), was done either in a high vacuum (10° ° 
mm Hg) or in a hydrogen atmosphere or air. Independ- 
ent of the medium in which the heating took place, 
and also of the method of depositing the radiactive 
isotope (electrolytic or ion exchange), the values 
for the self-diffusion coefficient satisfy the relation- 
ship 


D =0.69 exp (— 45 800, RT) cm (3) 
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Shaped lever Rotating 


Thermocouple 


Lower rod 


> — Bellows 


\ 


lo FIG. 1. Apparatus used for the diffusion heating of test specimens 
1960 under tensile load. 


TABLE 1. Effect of stress and deformation on self-diffusion 


Ruptured Control Rate of 
pieces D pieces D deformation 
cm?/sec cm?/sec % hr 


1.8x10—7 1.85 10719 
1.8x10719 2.3.x107!° 
1.2x107!° 
3.86 X10—!! 3.6x107!! 


Scatter in these figures’ for the diffusion coeffi- [12, 13]. 
cient is usually within the limits of + 20%. The results of the experiments carried out to 
The figures obtained for the activation energy for study the influence of tensile stress on the self- 
the self-diffusion of silver (45.8 kcal/mol) and the diffusion of silver are given in Table 1. A compar- 
pre-exponential coefficient Do, 0.69 cm?/sec, agree ison of the different figures for the self-diffusion 
very well with those available in the literature — coefficient in specimens tested to fracture and in 
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To pump tube 
furnace 
Z Testpiece 
ZY in grips 
° 
792 0.8 18 
773 0.6 1.8 
761 0.4 1.0 
757 0.55 1.0 
687 0.8 1.7 
456 1,2 0.4 
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FIG. 2. Apparatus for determining the intensity of radiation from 
the specimens. 
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FIG. 3. The temperature dependence of the coefficient of self- 
diffusion of silver: 
e — undeformed specimens; 
x — specimens in tension during diffusion heating; 
o — specimens in compression. 


the control pieces annealed with them, shows that piece it was placed between plates of polished 


there is no noticeable variation in the rate of diffus- _ tungsten. 
The experiments were carried out at stresses of 


1 to 23 kg/mm?. The degree of compression varied 
from 5 to 70%. The figures for the coefficient of 
internal self-diffusion obtained in these conditions 
are shown in Fig. 3 together with other data on the 
self-diffusion of silver. As can be seen from the 
illustration, in this case no variation in the coeffi- 
cient of self-diffusion of silver takes place under 


ion. 

The influence of stress and strain on the internal 
self-diffusion of silver was also studied under con- 
ditions of uni-lateral compression. The pieces were 
prepared in the form of rounds 5 mm in diameter and 
0.5 mm thick. The radioactive layer which was de- 
posited on one of the flat surfaces was put under 
compressive stress during the process of diffusion 
heating. To facilitate the radial deformation of the load. 
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FIG. 4. The temperature dependence of the coefficient of self- 
diffusion of iron in mild steel: 
e — undeformed specimens, coefficient of self-diffusion measur- 
ed by the two absorption methods; 
o — coefficient of self-diffusion in specimens under tension de- 
termined by the “witness” method (from the reduction in B/ 


y); 


x — coefficient of self-diffusion in specimens under tension de- 
termined by the usual absorption method (from the reduction 


in beta activity). 


Tests on the iron were also begun with the mea- 
surement of the temperature dependence of the self- 
diffusion coefficient. Diffusion heating was carried 
out in a vacuum (10°* mm Hg) or in hydrogen in the 
temperature range 730 to 890°. The figures obtained 
for the self-diffusion coefficient, independent of the 
conditions of heating, satisfied very well the equa- 
tion 


cm? 
D = 2,24 exp (— 59000/RT) om: (4) 


These results are given in Fig. 4 in which the 
points representing the specimens annealed without 
stress plot very well into a straight line in the co- 
ordinates logD vs 1/T (T°K). The activation energy 
of the process of diffusion (59 kcal/g.at.) found from 
the gradient of the straight line agrees very well 
with the data in literature [1, 5, 14]. 

Tension was applied in a high vacuum at tempera- 
tures of 730 to 800° and stresses of 0.9 to 1.4 kg/ 
mm?. The results obtained are included in Table 2 


and plotted in Fig. 4. If the self-diffusion coeffi- 
cients of the specimens in tension are compared 
with those of the control pieces it will be seen that 
there is no noticeable difference between them, i.e. 
within the limits of an experimental degree of error 
of about 30%, no noticeable increase in the coeffi- 
cient of self-diffusion of iron is observed when spe- 
cimens of mild steel are in tension. 


DISCUSSION OF RESULTS 


The data obtained in the present work concerning 
the independence of the coefficient of internal dif- 
fusion of iron on stress and strain are in agreement 
with the results of paper [15], the experimental con- 
ditions of which were similar to our own. 

However our data on the self-diffusion of iron is 
in disagreement with the results obtained in papers 
(4, 5]. In these works the object of the investiga- 
tion (mild steel) and the conditions of deformation 
were not the same as ours. However, while in our 
work we found that load and deformation had no 
effect on the self-diffusion of iron, in the experiments 
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TABLE 2. 


Heating 
T, °C time 


Specimens in 
tension 
D, cm?/sec 


Ditto. Measured 
by usual method 
find B-radiation 
Dg cm’ /sec 


1.0 7.0 
797 13 0.9 7.0 
773 57 0.9 8.0 
762 26 1.2 10.0 
732 44 1.4 7.5 


750 24 3 10.0 


7.5x107!? 2 
2.6x 5.6 x107!2 2 
1.35 x 1u7!? 
1.4x 19712 5.8x 4 
11,8x107!% 3 


from paper [5] 


3.2x107!3 


Control 
13 x107!3 4 


carried out by the writers of papers [4, 5], it was 
indicated that there was a considerable increase in 
diffasion in specimens under tension. 

The reason for this divergence might be sought in 
the difference in the methods of measuring the coef- 
ficient of diffusion. 

As we have already said, we measured the coeffi- 
cients of self-diffusion by the “witness” method 
(equation (2)) while in papers [4, 5] the ordinary ab- 


sorption method (equation (10) was used. For a better 


comparison of the results, the figures for the self- 
diffusion coefficient of iron in mild steel were cal- 
culated also from equation (1), i.e. by the usual ab- 
sorption method. It was then found that for speci- 
mens not under stress, both methods (equations (1) 
and (2) ) produced practically identical results; but 
for pieces in tension the method based on the mea- 
surement only of beta activity, produced a higher 
figure for the coefficient of self-diffusion than that 
obtained from calculation according to the ratio of 
Ig/I . The results of these calculations are shown 
in Fig. 4. The points which relate to the unstressed 
specimens and which were calculated by both 
methods, lie in a straight line in co-ordinates 

logD vs 1/T (equation (4) ). The points which relate 
to the pieces which were under tension during dif- 
fusion heating, lie in the same straight line when 
the measurement was carried out by the “witness” 
method and in a higher straight line if the usual ab- 
sorption method was used. It can be seen from Table 
2 what the difference is between the figures for the 
self-diffusion coefficients calculated by the two 


methods. 

This difference might occur in that case when 
the beta activity of the specimen is reduced not 
only because of the departure of the radioactive 
isotope into the depth of the piece, but also becau- 
se of the loss of the radioactive isotope during dif- 
fusion heating. 

The degree of loss of radioactive atoms can be 
assessed from the intensity of the gamma radiation 
from the specimen before and after heating. These 
figures are given in Table 3 for the pieces in tens- 
ion and the control specimens. The gamma activity 
is the same in the undeformed specimens after heat- 
ing (within the limits of measurement error of about 
2%) as before, i.e. ], = /°. In this case the figures 
for the coefficient We -diffusion do not depend on 
the method of measuring, as can be seen from the 
agreement between equaiions (1) and (2) where 
and are equal. 

For the deformed specimens, on the other hand 
(see Table 3), the intensity of gamma radiation 


after heating seems to be less than at the beginning. 


In each piece the loss of isotope is different and 
varies in dependence on the conditions of heating, 


. from 6 to 16% of the original amount where the ac- 


curacy of the measurement of intensity of radiation 
was about + 2%. 

Of course, the loss of radioactive atoms by a 
specimen will cause reduction in its beta activity 
and, as a result, increase in the calculated coeffi- 
cient of diffusion when the usual absorption method 
is used. The losses do not cause such an increase - 
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TABLE 3 


yractivity 
No. of 
specimens 


Ditto Change in 
after activity 
heating 
imp/min 


imp/min 


Undeformed 


+) 
—2 

+2 


Deformed 


—25 
-9 


if the calculation is made according to equation (2) 
as the “non-diffusion” reduction in beta activity is 
accompanied by a corresponding reduction in the in- 
tensity of the gamma radiation, and for this reason 
the ratio /g/l, will only depend on the depth at 
which the radio-isotope is lying in the specimen and 
will not be dependent on whether or not the number 


of radivactive atoms taking part in the diffusion is 


varied. 

As to the small losses found in the experiment, it 
is sufficient when using the usual method of absorp- 
tion, to find the apparent increase in the diffusion 
coefficient in specimens under tension: for the fourth 
specimen the increase is four times and for the fifth 
— three times (see Table 2 and Fig. 4. Practically 
the same increase in the coefficient of internal self- 
diffusion of iron in mild steel was found in papers 
(4, 5]. 

If these results are compared with the results of 
papers [4, 5] considerable basis will be found for 
our opinion regarding the inaccuracy of the conclus- 
ion drawn in these papers regarding the increase in 
the coefficient of self-diffusion of iron in tension. 
The error, as far as can be seen from the experi- 
ments which we carried out, arose as a result of the 
use of the usual absorption method in the works 
under discussion, which produces inaccurate results 
if the specimen loses radioactive atoms during dif- 
fusion heating. 

It is difficult to say why and how the loss of 
radioactivity occurs. It could, it is true, be suggest- 
ed that the radioactive atoms are evaporated from 
the specimen. Increased evaporation from a deformed 


as opposed to an undeformed specimen could, in its 
turn, be explained both by the simple increase in its 
surface as a result of tension, and by the formation 
of defects on this surface (microsteps, screw dis- 
location outlets etc.), which, according to the 
theories of the evaporation of metallic crystals (16, 
17], cause increase in the rate of evaporation. 

Let us consider our results from the point of view 
of current ideas regarding the possible causes of in- 
creased diffusion in a deformed metal. 

At the moment it is considered that the increase 
in the coefficient of internal self-diffusion in a met- 
al under the action of equiaxed stress, may occur 
as a result of excess vacancies formed as a result of 
the intersection of dislocations moving during the 
process of plastic deformation [2, 18]. Therefore 
the rough calculations of the value for the possible 
increase in the coefficient of self-diffusion, made 
on the basis of dislocation models in paper [15] 
and also in the paper by Christy which deals with 
the theory of steady state creep [19] are interest- 
ing. The authors of these two works, proceeding 
independently, found that at a rate of deformation 
less than 100% per hour, the increase in the self- 
diffusion coefficient was so small (not more than 
0.1%), that it would not be discernible by existing 
methods. 

I would like to express my thanks to S.N. Zhurkov 
for his guidance and assistance in this work. 
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1. INTRODUCTION 


The first problem in investigating the gas corros- 
ion of metals and alloys is that of finding out the 
mechanism of the diffusion of individual component 
(metal and metalloid) through the layer of scale 
which is forming as the result of the reaction [1, 2]. 
Experimental investigations made with the purpose 
of disclosing the mechanism of the reaction diffus- 
ion of components through a layer of scale can be in 
principle divided into two trends. The first covers 
investigations of the structure and chemical composi- 
tion of the separate layers of scale directly during 
the oxidation of reaction [3], as, for instance, the 
method of “inert markers”. In the second, indirect 
investigations are carried out by measuring, in the 
compounds included in the composition of the scale, 
the physico-chemical parameters which are connect- 
ed with the reaction diffusion of the components 
(electrical conductivity, self-diffusion). These mea- 
surements are not usually carried out during the pro- 
cess of oxidation, but only on systems which are in 
thermodynamic equilibrium either with the metal or 
with the oxidizing agent [4, 5]. 

The many investigations which have been carried 
out in the last twenty years provide confirmation in 
principle of the basic tenets of the theory of the 
oxidation of metals put forward by Wagner [6, 7]. 
According to this theory diffusion through scale 
occurs as a result of the migration of electroneutral 
atoms and the migration of ions and electrons through 
microdefects in the lattice. There are experimental 
facts however (8, 9], which cannot be explained by 
this theory. These include the formation of a double- 
layered scale consisting of one and the same com- 
pound, in which the defects are to be found exclus- 
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ively in the cation sublattice. According to Wagner’s 
theory, only the diffusion of the metal would be 
possible in this case. The “inert marker” method 
[10], by means of which the degree of particination 
of the individual components in the general process 
of diffusion through the scale during its growth can 
be found directly, indicate that in this case the for- 
mation of the double-layered scale is due to bilater- 
al diffusion of both components. These facts are in 
contradiction with Wagner’s theory, as also with the 
experimental data relating to self-diffusion in com- © 
pounds with defects in the cation lattice, from which 
it follows that the rate of diffusion of the metal is 
several orders greater tlan that of the metalloid 

(11, 12]. If follows from investigations carried out 
by the inert marker method, that the rates of diffus- 
ion of the metal and the metalloid are of the same 
order of magnitude in the scales composed of their 
compounds [13-19]. 

The inert marker method has been widely used in 
investigations of the mechanism of oxidation of 
metals and alloys [19-22], and a number of works 
have been devoted to the contradiction noted above, 
with the purpose of resolving it [23-28]. Investiga- 
tions made by the authors into the mechanism of the 
formation of double-layered sulphide scales on sys- 
tems Cu-S and Ag-S, as also those of Rickert [30] 
and Birchenall [24] in the systems Ag-S and Fe-S, 
have shown that the generally accepted interpreta- 
tion of the results of experiments carried out by the 
inert marker method leads to some erroneous con- 
clusions regarding the mechanism of formation of 
double-layered scales on metals [31]. 

In this publication the authors present a new 
model for the mechanism of formation of double- 
layered scales and also introduce some necessary 
corrections into the method of investigation with 
inert markers and the interpretation of the results 
obtained by this method. 
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TABLE 1. System Cu —S. 


T, — time taken for sulphidization in air inactive medium; 


Ai. As, 
imp/min i 


imp/min 


T, — time taken for sulphidization in isotope **S; 
A, — activity of outer layer of scale on scale-sulphur interface 
A,’ — activity of outer layer of scale on scale-sulphur interface on external 


internal layer interface 


A, — activity of outer layer of scale on metal-scale interface. 


2. INVESTIGATION OF THE MECHANISM OF 
FORMATION OF DOUBLE-LAYERED SULPHIDE 
SCALES ON COPPER AND SILVER 


Metal-sulphur systems are very suitable models 
for investigating the mechanism of reaction diffus- 
ion in scales. First of all, in most metals sulphur- 
ization occurs more rapidly than oxidation at the 
same temperatures; this means that it is possible 
to follow the reaction at relatively low temperatures. 
In these circumstances the processes of recrystalliz- 
ation which are going on in the scale, are to a great 
extent retarded, and the structural differences bet- 
ween the layers do not disappear, thus making mor- 
phological investigation easier. Secondly, the solu- 
bility of sulphur in metals is very much less than 
that of oxygen under the same conditions (32, 33]. 
Thirdly, the existence of the radioactive isotope of 
sulphur **S means that the tagged atom method can 
be used. 

X-ray investigations [34] have shown that at high 
temperatures copper sulphide, which composes most 
of the sulphide scale on copper, has a sublattice 
with a large number of defects, while the anion one 
can be regarded as completely ordered. Copper sul- 
phide is characterized by considerable deviations 
from stoichiometric composition (Cu,_,S, where 
0.0 < x < 0.3) [35-37], and because of the absence 
of defects in the anion sublattice it can be assumed 
that the deviations are related to imperfection of 
the metal [38]. In the sulphide of silver there are 


also defects in the cation sublattice but they are 

of another kind, as they are due to there being an 
excess of metal as compared with the stoichiometric 
relationship (Ag , , ,S) [39]. 

Investigations carried out by the inert mark 
method have shown that a platinum mark will lie 
inside the scale on the boundary between the layers. 
From this it follows that the outside layer of scale 
is formed as a result of diffusion of the metal out- 
wards, while the inside is due to diffusion of the 
sulphur towards the scale-metal surface. 

Arkharov, on the basis of crystallochemical in- 
vestigations made on scales formed on copper in 
sulphur vapours at elevated temperatures [40], came 
to similar conclusions regarding the mechanism of 
the formation of the double-layered sulphide scale 
on copper. In the case of the sulphurization of silver 
in liquid sulphur it was also found that a double- 
layered scale was formed [41, 42]. From investiga- 
tions carried out by the inert marker method it fol- 
lows that the mechanism of the formation of sulphide 
scale on silver [41] is exactly the same as on copper. 

The results of these investigations are in dis- 
agreement with the theoretical assumptions which 
follow from Wagner and Schottky’s defect theory, 
and also with the data relating to self-diffusion in 
these sulphides. To clear up these contradictions 
the authors tried to use radioactive indicators in 
order to find out whether the sulphur is actually dif- 
fused through the sulphide scale during its forma- 
tion on copper and silver [25, 27]. 
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TABLE 2. System Ag—S 


A 1, T2 ’ 
imp/min.- imp/min 


3942 
4235 
3535 
4270 
3920 


T, — time taken for sulphidization in air inactive medium; 


T, — time taken for sulphidization in isotope **S; 
A, — activity of outer layer of scale on scale-sulphur interface; 


A, — activity of outer layer of scale on external — internal layer interface; 
A, — activity of outer layer of scale on metal-scale interface. 


The experiments were carried out as follows. Flat 
specimens were sulphurized in liquid sulphur (445°) 
until scale formed on their surface to a depth which 
would assure the complete absorption of beta radia- 
tion from the isotope **S. Then, without stopping the 
sulphurization process, the radioactive isotope of 
sulphur was introduced into the reaction medium and 


the process was continued under exactly the same 
conditions for various lengths of time. After the pro- 
cess was finished and the scale had been removed, 
the radiation activity was measured on both sides of 
the remaining metal. If the process of scale growth 
occurs exclusively as a result of diffusion of metal 
outwards, then there should be no activity at all at 
the metal-scale interface however long the sulphur- 
ization times was in the medium with the radioactive 
isotope. In the case of the formation of scale as a 
result of the bilateral diffusion of components, the 
inner layer should be radioactive after a comparative- 
ly short interval of time. The results of experiments 
carried out for selected holding periods are given in 
Tables 1 and 2. 

Contrary to expectations, the results obtained did 
not confirm the conclusions made regarding the mech- 
anism of the formation of the inner layer of scale 
which were based on data obtained by the inert 
marker method [15] and by crystallochemical invest- . 
igation [40]. It follows from the data in Table 1 that 


an insignificant activity of the inner layer (about 


3% that of the outer) occurs when the duration of the 
sulphurization in an active medium was fifteen times 
greater than that of the preliminary sulphurization 


in an inactive medium. Mass measurements of the 
separate layers of scale, carried out relative to 

the duration of the reaction [28], showed the with 
this ratio of T,/T, the mass of the inner lay~- insi- 
gnificantly exceeded that of all the scale formed 
during preliminary sulphurization 7,. In the case 
where the mass of the inner layer did not exceed 
that of the scale formed in the inactive medium, as 
occurred for T,/T, = 12, no sign of the presence of 
the radioactive isotope of sulphur was found in the 
inner layer (see 3 and 4, Table 1). These conditions 
apply also to similar measurements in the systems 
Ag—S (see Table 2). 

The results obtained show that in the process of 
the formation of a double-layered sulphide scale on 
copper and silver, no part is played by the diffusion 
of sulphur inwards through the outer layer of scale. 
On the basis of these investigations the following 
model can be assumed for the formation of two- 
layered scale on the metals in question. In the 
first stage of the reaction a thin layer of scale forms 
on the surface of the metal and grows as a result 
of diffusion of the metal outwards. Loss of metal 
during this stage of the reaction is compensated 
by the plastic subsidence of the scale onto the 
metal core [32, 43, 44]. During the subsequent 
course of the process the depth of the scale increa- 
ses and it is this which reduces its plasticity. Ata 
certain critical depth, which is dependent on the 
temperature of the reaction, nature of the scale and 


geometry of the piece, the loss of metal ceases to 


be compensated by the plastic settling of the scale. 
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As a result of this a gap is formed between the 
scale and the metal and contact between them /egins 
to be lost. The process of the formation of the gap 
begins first of all at the edges of the piece and on 
surfaces with a small radius of curvature where, for 
geometrical reasons, plastic deformation of the 
scale is most limited [24]. the lessening of the con- 
tact between the metal and the scale causes a drop 
in the chemical potential of the metal in the scale 
near the boundary between the scale and the gap. It 
is for this reason that there is an increase in the 
pressure of the metalloid in the gap, which is equal 
to the pressure of dissociation of the scale. 

On the surface of the metal core there now begins 
the process of the secondary formation of a compound 
of the metal and the oxidizing agent since this com- 
pound, which remains in contact with the metal, has 
a relatively lower dissociation pressure. Loss of 
the oxidizing agent in the gap is compensated by the 
dissociation of the outer layer of scale which is 
going on at the outer boundary of the scale. In the 
gap a pressure gradient for the metalloid is establish- 
ed between the surface of the metal core and the 
inner surface of the dense outer layer. As a result 
of this, diffusion of the metalloid molecules goes on 
in the gap towards the surface of the metal where 
an inner layer of scale is formed. Ions of copper and 
electrons which are formed during dissociation at the 
boundary of the outer layer of scale with the gap, 
are diffused through the outer layer and combine 
with the sulphur on its outer surface. 

Thg*growth of the inner layer causes the formation 
between the metal core and the outer layer of scale, 
of “bridges” of compounds of the metal and the met- 
alloid, as a result of which contact is partially res- 
tored between the metal and the scale. This makes 


FIG. 1. Diagram showing the formation of double-layered scale on metals. 


it possible for further occurrence of the oxidation 
process by diffusion through the solid phase. 

The formation of the double-layered scale is the 
result of secondary processes which occur inside 
the scale during its growth. These processes are 
limited by the finite dimensions of the oxidized 
specimens. In the extreme case — of infinitely large 
flat surfaces of the metal being oxidized, as a re- 
sult of the ideal settling of the scale onto the 
metal — the formation of a single layer of scale is 
to be expected in accordance with the theoretical 
model of Wagner. 

Fig. 1 shows a schematic diagram of the mechan- 
ism described for the formation of a double-layered 
scale on metals. 

In recent times Rickert [30] and Birchenall [34] 
came to a similar conclusion after investigating the 
mechanism in the formation of double-layered sul- 
phide scales on silver and iron by different methods. 
The first to pay attention to the possibility of this 
type of mechanism in the formation of double- layer- 
ed scales were Dravmeks and McDonal [45]. Wide 
generalization are not possible, due to lack of ex- 
perimental data, but the possibility is not excluded 
that this mechanism exists in other systems also. 
To confirm this hypothesis investigations will have 
te be carried out by the tagged atom method on other . 
systems, particularly on metal-oxygen systems. 

The results presented above show that the hither- 
to accepted interpretation of the position of an inert 
marker in a scale is not precise and in the case of 
the formation of double-layered sulphide scales on 
copper and silver it leads to erroneous conclusions 
regarding the mechanism of their formation. 

3. THE INERT MARK METHOD 
As is well known, the inert marker method used 
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FIG. 2. Photomicrograph of a metallographic specimen taken from the cross-section 
of the sulphide scale on copper sulphurized in a liquid medium at 445°. 
The marker — platinum wire — can be seen clearly in the scale. 
Diameter is 7 x 107° cm, holding time in the reaction medium 9 min; 


xX 35- 


in the investigation of the mechanism of oxidation 
of metals and alloys consists in depositing a sub- 
stance onto the surface of the metal under investi- 
gation, which is chemically inert with respect to the 
components of the system under the conditions of 
reaction in question. This substance, which is call- 
ed the “inert marker”, is either deposited on the sur- 
face of the metal in the form of a thin continuous 
layer [10, 16, 46] or, more frequently, in the form of 
a thin wire. 

The best way of getting good results is to be sure 
that there is really close contact between the marker 
and the surface of the metal. Where wires are used,: 
Czerski [14] recommends that they should be “glued” 
to the surface of the specimen by means of a thin 
electrolytically deposited layer of the same metal 
as that under investigation. Cagnet and Moreau [23] 
suggest another method: welding the markers 


—(wire) to the surface of the metal. A specimen 
thus marked is oxidized until the layer of scale is 
at least several times thicker than the depth (radius) 
of the marker. After a certain time in the reaction 
medium, the position of the marker in the scale can 
be found by means of microscopic examination of a 
metallographic specimen perpendicular to the origin- 
al marked surface of the metal, or by a chemical 
analysis of the separate layers of scale. 

If a radioactive substance is used as the marker 
its position in the scale will be determined by an 
autoradiograph of the cross-section [47, 48]. If after 
the reaction, the marker is found on the interface 
scale-metal, then the formation of scale has occurred 
exclusively as the result of the diffusion of the met- 
al outwards. If on the other hand, the markers are on 
the outside of the scale, it can be assumed that its 
growth is due exclusively to diffusion of the metal- 
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FIG. 3. Photomicrograph of a metallographic specimen taken from the cross-section 
of a sulphide scale on silver sulphurized in a liquid medium at 445°. 
The marker — platinum wire — can be seen clearly in the scale. 
Diameter of the marker 7 x 107° cm, holding time in the reaction medium 7 min; 
x 20. 


loid inwards; if the marker is found inside the scale 
on the boundary between the two layers, it can then 
be assumed that the process is occurring as the re- 
sult of the simultaneous bilateral diffusion of both 
the metal and the metalloid. The outer layer was 
formed as a result of diffusion of the metal outwards 
and the inner, as a result of the diffusion of the met- 
alloid inwards. 

This widely accepted interpretation of the results 
of experiments with inert markers raises no object- 
ions in the first two extreme cases. In the third 
case however, when the marker is inside the scale, 
the usual interpretation of the results presented 
above produce, just as the papers written by Rickert 
and Birchenall cited above, rather doubtful conclus- 
ions. 

The authors have shown that in the process of the 
formation of a double-layered scale on copper and 


zinc, diffusion of the metalloid inwards does not 
take place when from the position of the marker in 
the scale bilateral diffusion should exist. 

Figs. 2 and 3 show metallographic specimens of 
sulphide scales on copper and silver; the plane of 
the specimen is perpendicular to the axis of a plat- 
inum marker — (wire) which was used for this pur- 
pose. It can be seen clearly from Figs. 2 and 3 that 
the scale consists of two layers: an outer, dense 
one, and an inner porous one. In both these cases 
the platinum marker is inside the scale between the 
two layers. From this it could follow that the pro- 
cess of the growth of scale occuras as a result of 
bilateral diffusion of both components. If it is as- 
sumed on the other hand, that the inner layer is 
formed as a result of the dissociation of the outer 
layer of scale according to the mechanism describ- 
ed in the previous section, then the localization of 
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FIG. 4. Photomicrograph of a metallographic specimen taken from the cross-section 
of a sulphide scale on silver, sulphurized in a liquid medium at 445°. 
The marker — platinum wire — can be clearly seen in the scale. 
Diameter of the marker 7 x 10°* cm, holding time in the reaction medium 40 sec; 
x 90. 


the marker inside the scale becomes completely 
understandable. In the first state of the process, 
when the scale is fairly thin, the loss of metal is 
compensated by its plastic settling onto the surface 
of the metal core, and the marker will be at the 
metal-scale interface. At this stage of the process 

a single layer of scale is formed and the position 

of the marker is an accurate indication that the pro- 
cess occurs exlusively as a result of diffusion of the 
metal outwards. 

Fig. 4 shows a metallographic specimen of sul- » 
vhide scale on silver, formed in the same conditions 
as those in Fig. 3 but where the sulphurization was 
so short that only a single layer was formed. If the 
length of the process is increased (Fig. 3), the plas- 
tic settling of the scale is delayed and a “gap” is 
formed between the metal and the scale. The marker 
remains as though wrenched from the surface of the 
metal and is found in the scale at the boundary of 
the scale and gap. The existence of the gap leads 
to the dissociation of the outer layer of the scale 


on this interface and the secondary process of the 
formation of sulphide on the surface of the metal 
core. Because of the continuing process of disso- 
ciation of the outer layer of scale the marker which 
at the beginning of the process is in this layer 
(Fig. 4) is in a short time to be found in the inner 
one (Figs. 2 and 3). This localization of the marker 
in the scale is quite inexplicable from the usual in- 
terpretation. If it is assumed that the inner layer 
of scale is formed as a result of diffusion of the 
metalloid inwards then it should not be found in the 
inner layer but only on the interface between the 
layers. 

On the basis of what has been said above it be- 
comes necessary to correct ihe interpretation of 
experiments carried out by this method. If, independ- 
ent of the duration of the process, the marker is 
always to be found in the outer dense layer of scale 
at the boundary with the inner one, it means that 
the inner scale was formed as a result of the diffus- 
ion of the metalloid towards the metal-scale surface. 
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of the formation of the inner layer of scale on 
metals. If the degree of participation of individual 
components in the diffusion through a scale is to 
be determined by the inert marker method, a large 
number of measurements in a wide range of time 
is necessary [41]. 

The authors wish to express their thanks to Prof- 
essor L. Czerski for the valuable observations he 
made while this work was being completed. 


Translated by V. Alford 


In a case where, with increase in the duration of the 
reaction, there is “translation” of the marker in the 
scale relative to the boundary between the layers, 
and it passes into the inner layer, it can be assumed 
that this inner layer is formed as a result of the par- 
tial dissociation of the outer one. 

It follows from this that it is impossible on the 


basis of the position of the marker inside a scale, to 
draw definitive conclusions regarding the mechanism 
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REFINING BERYLLIUM BY VACUUM DISTILLATION * 


V.YE. IVANOV, V.M. AMONENKO, G.F. TIKHINSKII and A.A. KRUGLYKH 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 


(Received 12 April 1960) 


A method is desciibed for cbtaining very high purity metals by vacuum distillation with precipit- 


ation of the vapours onto a heated surface. The possibility is demonstrated of removing impurities 


with e vapour pressure very close to that of the metal being refined. 
Optimum conditions are found for obtaining high purity beryllium (99.987% without allowing for 


oxygen). 


The reasons for the presence of carbon and oxygen impurities in distilled beryllium are discus- 


sed. 


In the last twenty years a lot of material has been 
published regarding the advantages of beryllium in 
nuclear reactors and aircraft construction. The phys- 
ical properties of the metal have been investigated 
very carefully andin particular, much energy has 
been expended by research workers in finding out 
the nature of the brittleness of beryllium. 

Although the modulus of elasticity is 40% higher 
in beryllium than in steel and its strength is consi- 
derably greater than that of titanium alloys and avia- 
tion steels, its use is very limited owing to its low 
plastic properties. 

There are two different views regarding the nature 
of the brittleness of beryllium. One says that it is 
the presence of certain impurities, particularly oxy- 
gen, which affect the plastic properties of the metal, 
and the other says that the brittleness is due to pe- 
culiarities in its structure [1-7]. 

The first point of view has been confirmed by a 
number of research workers and for this reason there 
is at the present time a natural tendency to produce 
beryllium of maximum purity. There are various dif- 
ferent methods of refining beryllium. All these 
methods however are to a certain extent imperfect, 
as nobody has yet been able to obtain the metal in a 
state of purity with regard to the content of carbon, 
oxygen, silicon, manganese, aluminium and certain 
other impurities. 

The ordinary vacuum distillation method is also 
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not satisfactory here as the vapour pressure of man- 
ganese, aluminium and silicon is very little differ- 
ent from that of beryllium [8-10]. In 1952 an investi- 
gation was made of the process of condensing a 
molecular beam of beryllium containing a consider- 
able quantity of impurities, on a surface heated to 

a high temperature [11]. Analysis of the condensate 
showed that at certain surface temperatures (about 
1000°) beryllium was deposited practically free of 
manganese, silicon and aluminium. It emerged from 
subsequent experiments, that the density of the 
stream and the relationship between surface evapora- 
tion and condensation had a considerable effect on 
the process of purifying the metal. 

The distillation of impurities is mainly dependent 
on the partial vapour pressure and to some extent 
apparently, on the condensation coefficient which | 
was below 1 for the impurities [12]. 

The results of these experiments were used as the 
basis for the development of a commercial method of 
distillation by means of which beryllium with a total 
impurity content (excluding oxygen and carbon) of 
less than 0.015 % could be obtained. This method 
was used for refining iron, manganese, nickel, 
chromium and mangnesium and was very effective 
[13, 14]. 

To get a rough idea of the effectiveness of the 
vacuum distillation process it is usual to use cons- 
titution diagrams and data concerning the activity 
of metals and alloys, or to a first approximation to 
assume that the system conforms to Raoult’s law. 

In the latter case the rate of evaporation of the 
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FIG. 1. Diagram of condensation column and 
crucible. 


components from the alloy can be calculated from the 
well-known Knudsen - Langmuir formula. 

In ordinary distillation the removal of impurities 
whose volatility is considerably different from that 
of the parent metal, presents no difficulties. If how- 
ever, the volatility of the impurities is close to that 
of the parent metal, then it will only be possible to 
purify them by condensation onto a heated surface. 
If there is a temperature gradient on the condensa- 
tion surface the distribution of impurities in the con- 
densate will depend mainly on the degree of heat- 
ing a part of the surface. The purest metal will then 
be precipitated in a certain temperature zone. This 
temperature zone is determined not only by the vola- 
tility of each element, but also by the possibility of 
the formation of solid solutions or chemical com- 
pounds on the condensation surface. In the conden- 
sation process complete distillation of an impurity 
is possible if the temperature of the surface is such 
that the rate of precipitation and distillation are 
equal for this impurity. This condition cannot how- 
ever be satisfied for all impurities at the same time. 

Besides this, an important factor in the process 
is the density of the vapour stream falling on the 
condensation surface, as at high density the impurity 
atoms cannot be volatilized because of the fact that 
they are covered by a layer of the parent metal. High 
vapour density also provides the conditions for the 
formation of solid solutions in the condensate. 

Experiments in the distillation of beryllium were 
carried out in an apparatus evacuated by a diffusion 
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FIG. 2. Variation in the content of impurities in beryl- 
liam (1 — iron; 2— nickel; 3~— copper; 4 — silicon) 
after vacuum distillation at different temperatures. 


pump at a residual pressure of 10°*- 10°* mm Hg. 

To prevent oil vapours falling into the chanber 
nitrogen traps were fitted on the forevacuum line, 
and also between the chamber and the diffusion 
pump. Beryllium oxide was used for the crucibles 
from which the beryllium was evaporated. 

The crucibles were heated with molybdenum coils. 
No special heating of the distillation column was 
required for crucibles with a capacity of 3 litres or 
more and the temperature conditions selected were 
snch as to provide suitable radiation screens. The 
condensation column was placed on top of the cra- 
cible, and consisted of several ceramic rings plac- 
ed one on top of the other (Fig. 1). The inner sur- 
face of the column was lined with molybdenam plate 
on which the condensation took place. Holes were 
provided in the sides of the column in order to 
measure temperature with a pyrometer. Thermo- 
couples were also used. The condensation surface 
was heated to 900-1100°, depending on circumstan- 
ces. The optimum temperature for evaporation of the 
metal from the crucible and for surface condensa- 
tion was determined experimentally. 

Fig. 2 shows the variation in the ratio between 
the impurity content ofthe original metal g, and 
the content of the same impurity in the condensate 
q, at different evaporation temperatures. 

Fig. 3 is a graph showing the content of mangan- 
ese in the condensate established experimentally 
for various temperatures of the condensation column. 


A similar dependence was also established for 
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FIG. 4. Silicon (1), iron (2), nickel (3) and copper (4) 
content of distilled beryllium for various amounts 
of evaporated metal. 


FIG. 3. Variation in the manganese content of beryllium 
when condensed onto surfaces at different 
temperatures. 


Holes for temperature measurements 


FIG. 5. Diagram of crucible and column with screens. 


condensation column (Fig. 5), in which repeated 


aluminium. 
Because of the fact that in the process of distil- distillations of the metal were carried out, proved 
lation the beryllium in the crucible is enriched by more effective. 
low voltatility impurities, experimental determinat- Table 1 gives the data from chemical analysis of 
ions were made of the dependence of the purity of the original beryllium and of the precipitate on nor- 
the condensate on the quantity of metal evaporated. mal and screened columns. The purest beryllium 
The results of these experiments showed that it is | was obtained in the central zones of the screened 
possible to distil 85-90% of the original metal column: its purity was 99.99 % without allowing 


(Fig. 4) without any substantial alteration in the con- for carbon and oxygen. The carbon and oxygen con- 
tent of impurities in the condensate. A screened tent was 0.02 and 0.04% respectively. 
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TABLE 1. Chemical composition of initial and distilled beryllium * 


Element 


Distilled beryfliam, weight % 


beryllium, 
| weight % 


| 
Plain column | Screened column 


3x107? 
0.1 
0.6 
51072 
3x10-? 
1xi07% 
2.5x107?2 
1x 1073 
3x 1073 
5x1073 
2107? 
3-x1073 
1x10-3 
1 
1x 1073 
ixt073 
2x i975 


$x 1074 
0.89 


1 2«1073 
4x1073 <1073 
6x 1673 1x1G73 
2x 1073 
1x 1073 5x1074 
1x 1073 1 «1073 
5x 1074 51074 
7x10 5x 1074 
2x107$ 1X 
3x1074 ae 
4x107-3 1x 1073 
2x10~4 <1xju74 

073 
1x 

nf. 


0,352 0.0127 


* The Table does not show impurities whose content was below 2 x 10°* %. 


** n.f. — not found. 


The appearance of carbon in the condensate can 
be attributed to oil vapours, small quantities of 
which leak into the distillation field from the diffus- 
ion pump even where nitrogen traps are used. 

The presence of oxygen in the condensate cannot 
be explained only by forevacuum, as the residual 
pressure in the distillation chamber was 10°* mm Hg 
and the leakage in volume of 0.5 m’ did not exceed 
0.05 cm*/hr. 

The main reason for the comparatively high oxy- 
gen content of the condensate must be sublimation 
of the material of the crucible [15] and the form- 
ation of the sub-oxide Be,O as a result of reaction 
between the crucible (BeO) and the beryllium and 
its transfer to the condensation zone [16]. 

Distilled beryllium has greater ductility. Its 


microhardness is as much as 200 kg/mm’, or about 
130 kg/mm? for acicular monocrystals. The micro- 
hardness of the original beryllium was 450 kg/mm’. 
The Brinell hardness of the cast distilled metal 
is 100 Hp, while for the original metal it is 150 Hp. 
Beryllium foil obtained by condensation on to a. 
heated surface has considerable ductility and at 
0.1 mm thickness it can be bent repeatedly to an 
angle of more than 90°. 


CONCLUSIONS 


1. The method of the vacuum distillation of beryl- 
lium with condensation on to a heated surface means 
that it is possible to purify beryllium of impurities 
of manganese, silicon, aluminium etc. which cannot 
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be removed by ordinary distillation. 


2. The microhardness of beryllium distilled by 


this method to a purity of 99.98% is reduced to 

130 kg/mm? (for monocrystals) and the hardness of 

the cast metal — to 100 Hp, i.e. it is 1.5 to 2 times 
less than the original. Insufficient ductility of dis- 

tilled beryllium is due to oxygen and carbon impuri- 
ities which still exist in considerable quantity. 


3. Iron, manganese, nickel, magnesium and other 
metals can be obtained in very high degrees of pur- 
ity by vacuum distillation with condensation on to 
a heated sarface. 


Translated by V. Alford 
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STRUCTURAL DISTORTIONS WHICH CAUSE VARIATION IN THE INTENSITY OF 
X-RAY INTERFERENCES * 
O.N. SHIVRIN and L.M. GERASIMOVA 
Petrozavodsk State University 
(Received 18 January 1960) 


1. Investigations in recent years have shown that 
the problem of structural distortions causing varia- 
tion in the intensity of X-ray interference (which 
used to be lumped under the heading of “stresses of 
the III type”) is very acute. It has been established 
that besides static displacements of atoms of the 
“frozen thermal oscillation” type (we shall continue 
to use the name “distortions of the II] type” for 
them) the intensity of interference is sometimes to a 
very great degree influenced by extinction effects 
connected with the fine mosaic structure of the mater- 
ial. In solid polycrystalline specimens, besides 
these factors, allowance must also be made for the 
influence of texture, which presents some well-known 
difficulties as a result of which investigations must, 
in a large number of cases, be carried out on pow- 
ders. 

The use of powder specimens, however, places 
considerable limitations on the possibility of using 
X-ray methods to resolve one of the main problems in 
modern metal physics — the problem of which struc- 
tural distortion is responsible for the strain-harden- 
ing of a metal by plastic deformation. This relates 
particularly to the study of the fine mosaic structure 
which as a result of the lack of a bond between the 
particles in the powders has characteristics which 
do not exist in solid polycrystalline pieces. 

In this work therefore, the main attention has been 
paid to the investigation of solid metallic specimens 
and our main task was the development of a method 
by which it would be possible to obtain reasonably 
reliable results. 

2. A fact which can be regarded as fully verified 
by a number of works is that of the increase in the 
intensity of interference as a result of the break-up 
of blocks — fields of coherent scattering of X-rays, 
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and the increase in their disorientation during plas- 
tic deformation [1-3]. This pheuomenon, which is 
due to a weakening of extinction effects, can only 
be masked if there is variation in intensity due to 
inherent III-type distortions, which is not a very 
satisfactory indication either of their presence or 
absence [3-5]. 

Extinction has a different effect on different in- 
terferences and the nature of its influence is depend- 
ent on the type of extinction (primary or secondary). 
The presence of both primary and secondary extinc- 
tion is permissible in different degrees in non-ideal 
polycrystals, although the data provided by differ- 
ent authors on this problem is by no means uniform 
[3, 6-11], and without resolving this problem more- 
over, it is impossible to draw any true conclusions 
regarding the degree of distortion of the lattice. 

In order to find out which effect was dominating, 
we used the difference in the influence of primary 
and secondary extinction on “forward” and “back” 
interferences in photographs taken in soft radiation. 
It can be shown that if both effects are found to the 
same extent on the “forward” reflections the effect 
of primary extinction will as a rule be extremely 
small for the “back” ones and the secondary effect 
will be considerable [3, 5]. For considerably de- 
formed steel it was found that the effect of sec- 
ondary extinction was added to the effect of II- 
type distortion; on the basis of the increased inten- 
sity of the “back” interferences during the deform- 
ation of copper, brass, steel and aluminium, it was 
suggested that secondary extinction is predominant 
in these metals in the annealed state also (3). 

3. To check this proposition annealed steel was 
investigated and we set ourselves the problem, not 
only of a qualitative but also a quantitative calcul- 
ation of the extinction. With this aim a comparison 
was made of the values Tneor/lexp with the value 
of the reflection factor 
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FIG. 1a. Dependence of the ratio S\neor/fexp on Q 
for a fine-grain specimen (No. 1). 


2sin28 (1) 


The effect of secondary extinction was calculated 
according to Darwin’s method of replacing in the 
formula for integral intensity the linear coefficient 

of absorption p by p + gQ without allowing for extinc- 


tion | or Where 


is the mosaic parameter determined from the disori- 


entation of the blocks A. 
In this case it is possible to write 


‘exp fexp 


where C is a constant dependent on measurement 
of 5, and /,,,, in arbitrary units. 

It can be seen from formula (2) that if there is on- 
ly secondary extinction the ratio Iyheor/lexp will be 
linearly dependent on Q. If primary extinction is ad- 
ded linearity will be observed only after previous 
correction of /, _, for this effect by multiplying it 
by the correction multiplier which can be found from 
any of the formulas suggested, given the size of 
blocks D [9-11]. It seems to us that all this makes 


the work complicated. 


OF Q2 OF Q4 Qcm. 


FIG. 15. The same as 1a for a coarse-grain 
specimen (No. 2). 


Two specimens of steel 45 were heat treated to 
produce structures of various grain sizes. Specimen 
No. 1, which was tempered after quenching in water 
at 700° for 1 hr, had a fine-grained structure, which 
produced clear continuous lines on X-rays without 
rotation. Specimen No. 2, which was annealed at 
920° for 1.5 hr, had a coarse-grained structure which 
produced a spotted structure with practically no 
continuous lines on X-ray photographs. The block 
sizes in specimen No. 1 were determined from the 
broadening of the lines and were found to be . 5—6 
x cm., 


The figures for / obtained with filtered CoK, 


theor 


exp 


radiation for both specimens, varied in relation to 
the value Q. The graph plotted according to (2) 
shows that the linear dependence is satisfied for 
both specimens (Fig. 1). The constants C and g 
were found from these figures by using the method 
of least squares. Calculation of g produced figures 
of roughly the same order for both specimens and 
namely, g = 680 for the first (fine-grained) specimen, 
which corresponds to a block disorientation, A =1.5% 
g = 460 for No. 2 (coarse-grained) and A = 2.15%. 

In both cases extinction appeared very abruptly, in- 
creasing the coefficient of absorption by about 300 
for the stronger reflections and by 60-80 
for weak ones. 

It is typical that an increase in the annealing 
temperature from 700 to 920° did not cause the form- 
ation of more perfect crystallites. On the contrary, 
in this case the degree of perfection was somewhat 
lower, evidence of which is also provided by the 
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FIG. 2. Comparison of the experimental and theoretical values for /,,,,/f 
xp’’theor, 
calculated according to Darwin's formula: 
1—D=1x105cem; 2—D=5x10%cm; 3—~D=1X 10cm. 
o — specimen No.1] (powder crushed, ground and sieved with a 0.3 mm sieve); 
» — Np. 2 (powder, further pulverized and sieved through silk). 


absence of the primary extinction effect *. 

4. The metals investigated previously and in the 
present work are extremely ductile and workable. 
We decided that it would be interesting to study the 
nature of the distortion in a material: with very dif- 
ferent properties. The material selected for this 
purpose was tungsten, in the form of the anodes 
from well-used kenotrons. 

Unfortunately the attempt to investigate the spe- 
cimens in the monolithic state did not prove succes- 
ful because of their coarse grain which made it im- 
possible to get continuous lines on X-ray photo- 
graphs even with rotation. For this reason the in- 


vestigation was carried out on powders made by break- 
‘ing up the monoliths in a mortar, grinding, and then 


sieving them through seives of various sizes. 

The investigation of two types of powder, differ 
ent both in granularity and in the amount of grind- 
ing, showed that neither the fineness nor the sub- 
sequent prolonged pulverization of the powder in 


the mortar caused any weakening in the intensity of 


interference according to the exponential law: the 
course of the variations in 


exp 


f theor 


found experimentally on photographs in copper radia- 
tion coincides satisfactorily with the Darwin curve 


for primary extinction at block sizes D = 5—6 x 
10°* cm (Fig. 2). 

The results obtained in copper radiation were 
verified in molybdenum radiation with measurement 
of the intensity of reflections of the higher order. 
In this case however, only primary extinction had 
any effect on the intensity of interference and this, 
as might be expected, was not found in reflections 


with 
Ay 10 [7]. 


It seems that the absence of III type distortions 
in deformed tungsten is due to peculiarities in the 
mechanism of plastic deformation as a result of its 
special physical properties (brittleness), which are 
different from those of other metals. 


Translated by V. Alford 


* In the paper by V.I. Iveronova and collaborators [12] 
it was shown that for fine powders of copper and 
nickel in a homogenized state, primary extinction pre. 
dominates. The different result of our experiments 
permits the suggestion that this is due to affinity 
between the crystallites in the monolithic specimen, 
which causes the rectystallization process to occur 
somewhat differently. 
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THE SINTERING OF COPPER BY SONIC IRRADIATION * 
R.I. GARBER, L.M. POLYAKOV and G.N, MALIK 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 29 February 1960) 


A number of technological processes are based 
on the ability of metals whose surfaces are in close 
contact with one another, to sinter, i.e. to form a 
strong joint at temperatures below their melting 
points. Methods of powder metallurgy, cold welding, 
duplexing etc. etc. which are widely used in indus- 
try are relate to this process. 

As has been shown previously [1] the strength of 
the bond between metals obtained by backing them 
together in a vacuum, is dependent on pressure, 
temperature, duration of baking, the hardness of the 
metals being united, the properties of the oxide 
films on the contact surfaces and various other 
‘actors. The results of these investigations, which 
were carried out on copper andother metals, were 
used to develop a number of technological proces- 
ses of producing precision vacuum-tight bonds. 

Elastic vibrations of sonic and ultrasonic frequen- 
cies are known to exercise a substantial influence 
on transformations in metals and alloys. Elastic 
vibrations facilitate the process of magnetization 
and demagnetization in nickel [2], accelerate the 
processes of allotropic transformation in tin [3], 
dispersion hardening of solid solutions [4]. If a 
melt is subjected to sonic radiations during crystal- 
lization the grain size will be smaller and the mech- 
anical properties of the metal will be improved etc. 

The present work was undertaken with the aim 
of finding out the influence of sound radiations on 
the process of sintering. Investigations were made 
into the influence of the squeezing pressure, tem- 
perature, duration of baking and conditions of radia- 
tion on the strength of the union. Besides this the 
microstructure and deformations of the specimens 
were studied close to the joint. 


* Fiz. metal. metalloved., 10, No. 4, 590-596, 1960. 


APPARATUS, METHOD AND TEST 
SPECIMENS 


The investigations were carried out on a special- 
ly designed apparatus which consisted of a vacuum 
tube oscillator, magnetostriction oscillator, device 
for the application of load, which provided static 
pressure, and the vacuum chamber. The specimens 
were simultaneously subjected to static and dynamic 
pressure. The experiments were carried on in a 
vacuam of 10°* mm Hg. 

A generator circuit with self-excitation was 
selected to supply the magnetostriction oscillator. 
The resonance frequency was tuned on the vernier 
scale of the circuit coil. The oscillator was made 
of nickel plate 0.1 mm thick, formed into a pile 
44 x 44 mm in cross-sectional area and 120 mm long. 
A hole 13 mm wide was cut through the pile. The 
frequency of the natural oscillations of this kind 
of apparatus was 19, 5 kc/s, which corresponded to 


a very satisfactory size for the vacuum tube and 


magnetostriction oscillators. The dimensions for the 
oscillator and the exponential rod concentrator were 
selected on the basis of calculations from the form- 
ulae given in [5, 6]. 

The concentrator J] and reflector 9 were made 
of stainless steel and their overall length was equal 
to three half-waves. The ends of the concentrator 
were 44 and 10 mm in diameter and it was joined to 
the oscillator at the largest end. With the system 
tuned in for resonance (oscillator, concentrator, 
test specimen and reflector) the displacement am- 
plitude of the lower end of the reflector was ~ — 12 
microns. 

The output voltage of the valve oscillator was 
110 V. For the purposes of polarizing the oscillator, 
magnetization was carried out by winding fifteen 
turns round each leg and passing a current of 5.5 — 
6 amps through them. About 600 watts were conduct- 
ed to the magnetostriction oscillator. The theoretical 
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1 — oscillator; 
3, 4 — bellows and flange; 
7 — bottom disk; 
9 — sound reflector; 
11 — concentrator. 


FIG. 2. External view of the test specimens. The arrow 
indicates the end surface to be sintered. 


figure for the accoustic power of the loaded oscil- 
lator was ~ 280 watts. 

A diagram of the device used to apply the load to 
the specimens is shown in Fig. 1. The static part 
of the squeezing pressure is created by means of a 
lever with an arm ratio of 1: 6.4 and the appropriate 
collection of weights required to provide an axial 
stress of 5 to 300 kg. To compensate for atmospher- 
ic pressure and the weight of the movable parts, a 
counterweight was attached to the short arm of the 
lever. Static load from the lever was transmitted to 


FIG. 1. Magnetostriction oscillator with device for applying load: 
2 — flange on concentrator; 
5, 6 — flange and rod; 
8 — adjustable screw support; 
10 — test specimen; 


the vibrator ] through a link, bush and split ring 
fastened to the oscillator at the displacement junct- 
ion. 

To insert the concentrator into the vacuum chamber 
a flange 2 was soldered to the concentrator at the 
displacement site and was joined to bellows 4 
through a rubber packing ring and flange 3. The bel- 
lows was soldered to flange 5. By means of this 
flange the loading device could be attached by a 
vacuum-tight joint to the chamber. To flange 5 were 
attached two rods 6, disc 7 with regulating screw 
support 8 onto which was placed reflector 9. The 
supporting surface of the reflector corresponded to 
the position of the third displacement site. The 
coaxiality of the concentrator and reflector was 
established by means of two eccentric bushes. 

Specimens 10 were placed between the ends of 
the concentrator and reflector close to the pressure 
antinode. A furnace with a molybdenum crucible 
and shields of stainless sheet was used to heat the 
specimens. Sintering up to temperatures of 1000° 
could be carried out on this apparatus. 

The specimens were made of oxygen-free copper 
in the form of washers (Fig. 2) with external diameter 
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FIG. 3. The dependence of the strength of joints on the 
sonic irradiation time; baking at 825° and static 
pressure of 1.5 kg/mm’: 

1 — baking with sonic irradiation and subsequent 10-min 

annealing at 825°; 
2 — baking without irradiation; 
3 — baking with irradiation without annealing. 


16 mm and height 10 mm. Sintering was carried out 
on the end surfaces which were in the form of rings 
with an external diameter of 8 mm and internal one 
of 3. The screw thread on the outer surface of the 
specimens was used for fastening them into the 
grips of the testing machine. 

The structure of the specimens was normalized by 
annealing in a vacuum for | hr at a temperature of 
900°. The end surfaces of the annealed specimens 
were cleaned with a metal brush immediately before 
sintering. This treatment, as was shown in [7], re- 
moves insoluble fatty films, oxides and work-hardens 
the surface layers cf metal, which is beneficial for 
sintering. 

Cylindrical hollows were made in the specimens 
to receive the ends of the reflector and the concent- 
rator. This provides protection from transverse dis- 
placement during sonic radiation. The specimens, 
thermocouples and furnace were assembled outside 
the vacuum chamber, after which the lower end of 
the apparatus (Fig. 1) was placed in the chamber 
and sealed. The load-applying lever was raised so 
that the gap between the surfaces to be sintered 
was 1.5-2 mm. In this state the specimens were 
heated to the required temperature and held fcr 10 
minutes in a vacuum. Then the weights were applied 
and the oscillator was switched on. After sintering 
the specimens were cooled to 250° in the course of 
10 minutes. 

The tensile stress of the joint was determined 
at room temperature-on a IN-4R machine. Most of the 
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FIG. 4. The dependence of the strength of a joint on sonic 
irradiation time; baking at 700° and static pressure 
of 2.5 kg/mm’: 
1 — baking with sonic irradiation and subsequent 10-min 
annealing at 700°; 
2 — baking without irradiation. 


4 5 


min 


pieces fractured at the joint. In a number of cases 
rupture occurred through solid metal. The micro- 
structure around the junction was determiaed metal- 
lographically. The specimens were slit along their 
axes for this purpose. The surface of the cut was 
polished and etched to reveal the grain. 


DISCUSSION OF RESULTS 


To study the influence of sonic irradiation on the 
intensification of the sintering the dependence of 
the strength of the joint on the duration of baking 
was determined. The constants in these experiments 
were temperature and static pressure. The results of 
experiments at temperatures 825, 700 and 600° and 
pressures of 1.5, 2.5 and 3.5 kg/mm’ respectively, 
are shown by the curves in Figs. 3, 4 and 5. 

Curve 3 in Fig. 3 reflects the conditions in which 
sonic irradiation was ceased immediately after bak- 
ing had been carried on for the length of time shown 
on the abscissa axis. Curves 1 in Figs. 3, 4 and 5 
were taken in conditions in which baking was conti- 
nued at static pressure for 10 minutes after sonic 
irradiation. Curves 2 in Figs. 3, 4 and 5 are for 
experiments without irradiation. Comparing the re- 
sults illustrated by curves J, 2 and 3 leads one to 
the conclusion that the strength of joints obtained 
under conditions 1 is considerably higher than in 
conditions 2 and 3 for the temperatures and pres- 
sures indicated. 

The maximum in curves / indicetes that there are 
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FIG. 5. 1 — baking with sonic irradiation and subsequent 
10 min annealing at 600° and pressure of 3.5 
kg/mm’; 

2 — baking without irradiation. 


two processes in the case of sintering with sonic 
irradiation: the formation of metallic bonds and their 
partial rupture. 

The initial period is characterized by the inten- 
sive formation of bonds. When the sonic irradiation 
is continued the contacts are ruptured under the 
action of fatigue stresses. The length of sonic irra- 
diation required to achieve a strong bond is equal 
to the strength of compacted copper (0, = 23-25 
kg/mm?) and is dependent on temperature, pressure 
and the intensity of sonic irradiation. 

At a given intensity of irradiation the optimum 
baking time (see curves 7 in Figs. 3, 4 and 5) is 
20-30 seconds at 825° and 1.5 kg/mm’, 2-3 minutes 
at 700° and 2.5 kg/mm? and 4-6 minutes at 600° and 
3.5 kg/mm?. In these experiments a subsequent 
10 minutes annealing was carried out efter irradia- 
tion. A longer annealing of up to 30 minutes pro- 
duced no essential variations in curves ]. For com- 
parison it must be pointed out that without irradia- 
tion but with all other conditions the same, the same 
strength was achieved in one hour et a temperature 
of 825°, 3 hr at 700° and 7-8 hr at 600° [1]. Thus, 
the use of sonic oscillations ia the process of sin- 
tering does considerably reduce the time necessary 
to obtain a joint of the same strength as the metal. 

The intensification of the sintering process 


FIG. 6. Microstructure of test specimens which have un- 
dergone 4 min sonic irradiation; 0, = 19 kg/mm’. 
Grain size is 3-4 times less than in the original state; 


baking at 600°; x 87. 


during irradiation may be due to the fact that cyclic 
loading causes a considerable increase in the area 
involved as a result of intensive local superstres- 
ses on the contact areas. The local superstresses 
cause plastic deformation of microunevennesses in 
in the contact surfaces, which fact reduces the area 
of the microcavities. 

At the same time the area of the microcavities is 
reduced as a result of their diffusion solution which 
may occur by means of the translation of vacancies 
to grain boundaries or the departure of vacancies to 
the free surface of the specimens [8]. If the displace- 
ment amplitude or the irradiation time are increased 
beyond their optimum values (curves ] Figs. 3, 4 
and 5) not only is the strength of the joint reduced 
but algo the strength of the compacted copper. This 
occurs because of the action of cyclic stresses 
which cause fatigue fracture in the places where 
the energy density is greatest. The microstructure 
of test specimens sintered at 600° is shown in 
Figs. 6 and 7. 

Fig. 6 refers to a 4-minute and Fig. 7 a 20- 
minute irradiation. On the latter, cracks can be seen 
around the grain boundaries. The tensile strength 
of the joint obtained by baking during sound irradia- 
tion for 4 minutes, is 19 kg/mm’, while a 20-minute 
irradiation will reduce the strength to 14-15 kg/mm?. 
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FIG. 7. Microstructure of irradiated specimens at 600° 
for 20 min. Fracture through specimen; 
tensile strength 0, = 14 kg/mm’; x 87. 


Under test the fracture of these specimens did not 
take place at the joint. On a metallographic specimen 
(Fig. 6) the grain size is 5-6 times less than in the 
original specimen. This shows that at optimum bak- 
ing time and an amplitude of displacement for the 
joint of ~ 1 micron, recrystallization refinement of 
the grains takes place. The most intensive break-up 
of the grains is observed in the places where there 
is an increased concentration of stress. Cracks are 
revealed on the surface at these places (Fig. 8). On 
a metallographic specimen (Fig. 9) of a piece irra- 
diated for 10 minutes at 825° and then annealed for 
10 minutes at the same temperature, coarse grains 
can be seen which were formed as a result of col- 
lective (“secondary”) recrystallization and large 
cracks along grain boundaries. The cracks are pro- 
pagated during annealing as a result of coagulation 
of small defects arising during irradiation. If the 
sonic irradiation is not carried on longer than the 
optimum period, then no cracks will be found on the 
microspecimens. 

With prolonged irradiation coarse defects will arise 
which will not close up even after long (2 hr) and 
high temperature (900°) annealing. The strength of 
this kind of joint and material is therefore lower 
than that of copper, compacted without sonic irradia- 
tion. 


FIG. 8. Grain refinement and the formation of cracks 
at the points of stress concentration; 


baking at 600°; x 87. 


In cases where irradiation was carried on for 15- 
20 minutes at temperatures above 750°, the speci- 
mens fractured in the process of baking. Consider- 
able porosity was found in the fracture of these 
specimens. 

The conditions for sonic irradiation are determined 
by the frequency of oscillation and the displacement 
amplitude of the surfaces being sintered. In all the 
the experiments the oscillation frequency was cons- 
tant, 19.5 kc/s. The displacement amplitude was 
selected by placing specimens of different cross- 
section in a sound conductor close to the pressure 
antinode. The most effective amplitude was 1 
micron. It was chosen on the basis of experiments 
carried out in the temperature and pressure ranges 
indicated with consideration for the degree of 
finish of the surfaces to be sintered. In a system 
tuned for resonance, the displacement amplitude 
of the surfaces was 1 micron, while the oscillation 
amplitude of the lower end of the reflector was 10- 
20 microns. The specific power in the conditions 
indicated above was ~, 30-40 watts/cm?. 

The dependence on the static component of pres- 
sure of the strength of a joint obtained by baking at 
600°, is shown in Fig. 10. Curve / relates to the 
4-minute experiments and curve 2 — to the 10- 
minute sonic irradiation without subsequent 
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FIG. 9. Structure of a test specimen sonically irradiated at 825° for 10 min 
and annealed at 825°; 0, = 8.5 kg/mm’; x 87. 


P kg/mm? 


FIG. 10. Dependence of the strength of a joint , on the 
static component of pressure (Po), baking a 600°: 
1 — sonic irradiation for 4 min; 
2 — sonic irradiation for 10 min; 
3 — without irradiation, baking 4 min. 


annealing. Curve 3 shows the results of 3 minutes 
baking without irradiation. If the results represented 
by curves ]-3 in Fig. 10 are compared, it can be 
seen that sonic irradiation does substantially reduce 
the static pressure required to get a strong joint 
One of the great advantages of baking as compar- 

ed with other methods of obtaining fixed joints is 
the possibility of making a strong precision vacuum- 
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FIG. 11. Dependence of the strength of a joint on the 
magnitude of deformation at 700°, the static compon- 
ent of pressure being 2.5 kg/mm’: 

1 — with irradiation; 

2 — without 


tight joint in components. A strong and tight joint 
can also be obtained without sonic irradiation with 
short baking by increasing static pressure and tem- 
perature. These conditions do however considerably 
increase the plastic deformation of the parts. _ 
The use of sonic irradiation in the process of 
sintering permits a reduction in the magnitude of 
plastic deformation necessary to get a very strong 
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joint. (Fig. 11 shows the dependence of the strength 
of joints on the unit strain of specimens at 700° and 
pressure of 2.5 kg/mm?. Curve | gives the results of 
experiments with irradiation and curve 2 without. 

Comparing the data in curves ] and 2 Fig. 11 it 
can be seen that the use of sonic irradiation in the 
process of sintering does provide the possibility of 
achieving a strong joint with smail deformation of 
the parts (up to 1%). The magnitude of absolute de- 
formation of the components will be dependent on 
the length of the components between the concentra- 
tor and reflector. 


CONCLUSIONS 


1. A method of vacuum sintering has been develop- 
ed where the simultaneous action of static and dyn- 
amic pressures is employed. 

2. Under optimum conditions. of sintering with 


sonic irradiation the process of the formation of 
joints of equal strength with the parent metal is con- 
siderably accelerated. Compared with sintering un- 
der static load the use of sonic irradiation permits 

a considerable reduction in the duration of sinter- 
ing. 

3. The use of sonic irradiation in the process of 
vacuum sintering means that components can be 
jointed together with little plastic deformation. 

4. The sonic irradiation of heated specimens at 
a certain amplitude will cause the intensive recryst- 
allization refinement of the grains. 


Translated by V. Alford 
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MICRO- AND MACROPLASTICITY AND THE FRACTURE OF POLYCRYSTALS * 
F.P. RYBALKO 
Urals State University 
(Received 7 January 1960) 


On the basis of investigations of the uneven distribution of heterogeneous plastic deformations 
in polycrystalline aluminium [1-3] a conventional microscopic description is given of the macro- 
scopic pattern of plastic deformation in polycrystalline copper loaded to fracture in tension at vari- 
ous different temperatures. There is a certain connexion between the micro- and macrocharacteristics 
of plastic deformation which makes it possible from the macrosigns of plasticity to determine the 
relationship between the microcharacteristics of plasticity and the non-uniform distribution of plastic 
deformation according to degree Hy and non-uniform distribution according to volume H,,. 


The use of multi-layered grids in the study of the 
distribution of plastic deformation [1] makes it pos- 
sible to establish certain details of the microscopic 
description of this process. The necessity arises 
for making a demarcation between the non-uniform 
distribution according to volume and that according 
to degree. To distinguish them from the macroscopic 
characteristics of plasticity they must be called 


“conventional microscopic” or simply “microscopic”. 


One of the main reasons for introducing this differ- 
entiation is that the macroscopic uniformity of dis- 
tribution does not coincide with the microscopic. 
Macroscopically it is considered that up until the 
necking,plastic deformation is distributed uniformly 
along the test length andis quite clearly expressed 
by the percentage or true elongation or reduction in 
area. On necking, macrolocalization of plastic defor- 
mation occurs and achieves its maximum at fracture. 
At this moment there is maximum unevenness in the 
distribution of plastic deformation through the speci- 
men. 
Microscopically it has been established from 
grids [1-2] that even in the stage of macroscopical- 
ly uniform deformation, heterogeneity in the degree 
of distribution will arise and increase as the moment 
of necking is approached. In other words, the numb- 
er of groups in which the cells are all deformed in 
the same way will increase with the deformation. 
These groups differ among themeselves in the extent 


* Fiz. metal. metalloved., 10, No. 4, 597-603, 1960. 


of their deformation and only one of them will have 
the average degree of deformation. Externally this 
is by no means apparent. The similarly deformed 
elementary cells of each group are not all in one 
place but are unevenly distributed throughout. The 
unevenness of their distribution varies as the degree 
of deformation is increased. 

In the process of deformation therefore, the rela- 
tionship between H, and Hg will vary continuously 


and at a certain point macroscopic non-uniformity — 


necking — will appear. The moment of necking and 
fracture can be determined quite well from the elon- 
gation or reduction in area, end from them the rela- 
tionship can be found between H,, and Hy. The geo- 
metrical characteristic 1, ho:.ever must be conver- 
ted into statistical language as only then can a 
comparison be made between H,, and Hj and their 
ratio established. This can be done in the following 
way: 

While there is no deformation Hj = 0 and H, = 0. 
After slight deformation some heterogeneity and 
non-uniformity of distribution according to volume 
will arise. Let us assume that the whole volume of 
the specimen consists of a fairly large number n of 
elementary volumes, the cells. When slight deform- 
ation occurs it seems that (n—k) cells are deformed 
to the degree of mean macroscopic deformation, 
while & cells are deformed to greater and lesser 
degrees. The ratio of the total number of otherwise 
deformed elementary volumes to the number of ele- 
mentary volumes with average deformation will 
therefore be determined by the degree of total 
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FIG. 1. Variation in diameter along a test specimen: 


1 — tension at 20°; 
2 — at 600°; 


3 — shape of neck, neck contours for a length of 
20 mm from the fracture plane at 20°; 


4 — at 600°. 


heterogeneity in the distribution of plastic deforma- 
tion according to degree 


The total uneveness of distribution according to 
volume is in the first approximation determined by 
the ratio between the number of cells with similar 
deformation, which are in contact with one another 
(independent of the degree of deformation), to the 
total number of cells 


where m is the number of cells of group & which are 
in contact with one another. It is here assumed that 
in the first moment all (n —k) cells are in contact 


with one another. 
When the degree of deformation is increased the 
number of otherwise deformed volumes & will also. 


increase [1-2], reducing the number of (n —&) cells. 


The number of contacting cells in the (n —k) group 


will also be decreased. The number of & cells can 
also be conveniently divided into several groups 
and each group will consist of cells with the same 
deformation. In each of these groups there will be 
places where two or more cells are in contact. Ex- 
periment shows that the total number of contacting 
cells is reduced in the process of deformation up to 
necking. Heterogeneity of distribution according to 
degree increases therefore with deformation (until 
the formation of a neck) while uneveness of distri- 
bution according to volume falls. 

Elevation of the deformation temperature is known 
to increase the heterogeneity of distribution accord- 
ing to degree [3]. In this case the uneveness of 
volume distribution is also varied. Deformation of 
specimens of one and the same material at different 
temperatures produces different degrees of elonga- 
tion in them until the formation of a neck. In this 
case therefore there is a possibility of establish- 
ing a relationship between H, and H, on one side, 
and the elongations or reductions in area prior to 
necking on the other. The problem set in this work 
is that of making a detailed analysis of the macro- 
scopic characteristics of plastic deformation (in 
various different stages) on one and the same mater- 
ial in various states of plasticity, and of establishing 
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2 — true breaking stress S; 


Deformation temperature, °C 


FIG. 2. Dependence on the temperature of deformation: 
1 — extrapolated yield point S,; 


3 — maximum breaking stress in neck S,,,, calculated 
with Davidenkov’s correction; 
4 — true percentage elongation in neck (/ = In (1—84) ); 


their relationship with the microcharacteristics of 
this process. 


PROCEDURE 


Pure oxygen-free polycrystalline copper was used 
for the investigations. Different amounts of plastici- 
ty (in the macroscopic sense) were achieved without 
the use of non-mechanical effects on this one mater- 
ial, and then the characteristics of this plasticity 
were compared with those of “microplasticity”. The 
different amounts of plasticity were achieved by de- 
forming the test material at different temperatures. 
Deformation in tension was carried out on the mach- 
ine for testing metals (mark R5) with automatic re- 
cording of the curves in the co-ordinates P- Al. The 
test specimens were 500 mm long, 8 mm across with 
a test length of 200 mm. Before testing all the spe- 
cimens were annealed at the same time in carbon 
at 600° for 1.5 hr. The deformation temperatures 
were 20, 200, 300, 400, 500 and 600°. The furnace 
temperature was maintained constant with a preci- 
‘sion of + 5-10°. 

At first necking at room temperature was deter- 


5 — true percentage elongation before necking /,,,,;- 


mined visually and from the maximum on the load- 
elongation curve, while at other temperatures it 
was determined from the curves alone. The dia- 
meters of the sections were measured at | mm inter- 
vals along the whole length of both halves of each 
fractured testpiece and graphs were then plotted 
for the variation in diameter, and curves for the 
shape of the neck. The diameters were measured 
with a precision of + 0.005 mm. The contour curves 
of the neck were used to calculate the maximum — 
breaking stresses in the neck using Davidenkov’s 
correction [4]. 


DISCUSSION OF RESULTS 


It can be seen from curves ] and 2 in Fig. 1 that 
the diameters of the pieces, including those deform- 
ed at room temperature, are reduced in practically 
linear regularity from the first moment of testing to 
the beginning of the necking. The reduction of area 
in the neck is greater in the pieces which were de- 
formed at room temperature; in them the width of the 
neck is somewhat less than in the pieces deformed 
at 600°. On curves ] and 2 these places are indicated 
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FIG. 3. Dependence of H,, and Hy on true percentage elongation. Variation of 

Hq (1) and H,, (2) with increase in deformation at 20°. Variation in Hy (3) and 

H,, (4) with deformation at 600°; 5 and 6 — variation H, with deformation at 
temperatures above 600°. 


by the solid vertical lines and the end of the gauge 
length is indicated by the dashed lines. Comparing 
curves 3-4 it will be seen that the width of the 
neck is somewhat greater in the pieces deformed at 
20°. Actually, there were no sectors with the same 
diameters and the width of the neck was taken to be 
the distance at which the profile curves do not run 
parallel to one another. In determining the width of 
the neck in this way it appeared that it was inde- 
pendent of the deformation temperature. The taper 
for pieces deformed at 20° was 0.017 and at 600°- 
0.015. The taper was mostly created after necking. 
Started at the moment of necking, it was subsequent- 
ly maintained and propagated along the specimen as 
deformation increased. 

From the microscopic point of view these results 
can be explained in the following way. 

With increase in deformation in the range of macro- 
scopically uniform elongation there is an increase 
in the heterogeneous distribution of plastic deforma- 
tion according to degree while the non-uniformity of 
the distribution according to volume is reduced [1- 
3]. At a certain average deformation these functions 
will begin to converge (Fig. 3). The point K where 
these curves intersect relates to a certain “compen- 
sated” state, the moment of necking. If point K is 
projected on the axis of deformation the extent of 


uniform elongation in deformation at room temperature 
will be indicated. For deformation at much higher 
temperatures the curve Hy = f (/) is a little above 
curve ] [3]. For deformation at 600° curve 3 (Fig. 3) 
corresponds to this. If increase in temperatare re- 
duces the volumetric non-uniformity of distribution, 
then at a temperature of 600° the curve for the vari- 
ation in H, with deformation will pass below curve 

2 (see Fig. 3, curve 4). 

At a much higher temperature, as can be seen 
from Fig. 3, the “compensated” state occurs some- 
what earlier (point K”). The projection of point K’ 
cuts off a smaller sector of the abscissa axis than 
does the projection of point K. When non-uniformity 
of distribution increases with increase in tempera- 
ture, curve 4 passes above curve 2 (see Fig. 3, 
curves 5 and 6); their intersection with curve 3 in- 
dicates the beginning of necking (K‘, and K’,). 
Cases will occur where K’, > K, this corresponds to 
increase in the “uniform” elongation with increase 


_in deformation temperature. The ratio between the 


projections of sectors OK and OK’ on the abscissa 
axis at K < K’ is characterized by the ratio between 
the corresponding elongations to the moment of neck- 
ing 
Kk’ U 
—_ =-—, 


K 
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where |’ is the true percentage elongation at very 
high temperatures. For the case where K’, > K the 
ratio will be reversed. This is possible in the case 
where the volumetric uneveness of distribution in- 
creases with increase in the temperature of deforma- 
tion. When K’= K both characteristics (H,, and H,) 
increase with increased temperature to the same 
degree, or else they are independent of it. 

After necking deformation is mainly concentrated 
in the narrow zone where the process of physical 
relaxation (the appearance of micropores and micro- 
cracks) is developed and assumes a macroscopic 
scale. Hetergeneous distribution of plastic deforma- 
tion cannot increase endlessly as it is limited by the 
onset of fracture. The curve H, = f (/) therefore, 
should correspond to saturation. No new groups of 
elementary volumes with deformations greater than 
that necessary for fracture will arise. Volumetric 
non-uniform distribution of plastic deformation in the 
necking zone begins to increase because of increase 
in the density of distribution of the elementary cells 
with the ultimate deformation. * 

Macroscopic rupture begins at the second inter- 
section of curves H, and H,,. In the graph in Fig. 3 
this is represented by the intersection of curve 2 
with curve ] at point P and curves 4 5 and 6 with 
curve 3 at points P’, P’, and P’,. The ratio between 
the functions H,, and H; in points P’, P’, and P’, 
will define deformation at the moment of fracture. 

All the figures for elongation for points K and P 
in Fig. 3 correspond to the true percentage elonga- 
tion of copper deformed at room temperature, and for 
points K’ and P’, to the elongation of specimens de- 
formed at 600°. For deformation temperatures of 20, 
200, 300, 400, 500 and 600° the elongations obtained 
were: before necking 35.7, 26.2, 22.3, 19.0, 15.7 
and 11.3%; in the necking — 197, 186, 176, 161 and 
132 %. 

The following theoretical microscopic thesis may 
be put forward from the results expressed graphical- 
ly in Fig. 2. 

The true uniform percentage elongation /,; is re- 
duced with elevation of the deformation temperature 
(curve 5) in accordance with the variations in H,, 
and Hj. The true percentage elongation in the neck 
l varies in the same way. At deformation tempera- 
tures above 400° however, elongation in the neck 


* Maximum deformation is regarded as that at which the 
lattice distortions, and consequently stress, correspond 
to rupture. 
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starts to die more rapidly than i,,;. This may be 
due to the fact that at these temperatures the pro- 
cess of physical softening in the neck occurs in a 
more restricted range, both according to volume and 
according to deformation. Here volumetric non-uni- 
formity of distribution increases more rapidly (cp. 
the positions of the minima on curves 4 and 2, Fig. 
3). 

The very intensive increase in the volumetric 
non-uniformity of the distribution of heterogeneities 
at high deformation temperatures is accompanied by 
increase in the density of distribution of microscopic 
volumes with the maximum deformations. In these 
critically stressed places, acts of physical soften- 
ing start to assume macroscopic dimensions at a 
lower average deformation and weaken the cross- 
section of the specimen. Rupture occurs in a smal!- 
er number of places where stress has reached its 
critical point, than at lower temperatures and conse- 
quently, at lower macroscopically specific stesses 
(if the reduction in binding force due to temperature 
is disregarded). With slow increase in H,, (curve 2 
Fig. 3) the process of hardening occurs more even- 
ly — and during fracture the resistance of a large 
active area is overcome simultaneously. 

Resistance to plastic deformation S, varies with 
temperature in the same way as ; (curves ] and 
5 Fig. 2). In the process of deformation it grows 
parallel to elongation / and reaches the value S_.,. 
From the scheme in Fig. 3 it might be assumed that 
S, is determined by the relationship between the 
functions H,. and H, in the elastic field. Their re- 
lationship is probably determined by the course of 
the process of elastic deformation. 

The well-known empirical relationship between 
the values /, S, and S;, 


So 
D 


(D is the modulus of plasticity and varies very little 
with temperature), is an indication that S,, as also 
l, is a characteristic of the process of elastic- 
plastic deformation. In this thesis the macroscopic 
characteristics of a material are represented by the 
microscopic characteristic of the process. 


CONCLUSIONS 


1. There is a definite relationship between the 
macro- and micro- characteristics of the process of 
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plastic deformation, from which a rough estimate of 
macroscopic characteristics can be made. 

2. The process of plastic deformation is determined 
by a combination of the two characteristics H, and 
Hy. 

3. The deformation temperature influences the 
ratio between the non-uniform distribution of plastic 
deformation according to volume and the non-uniform 
distribution according to degree; this is also deter- 
mined by the macroscopic characteristics of plasti- 
city at the temperature in question. 


4. The relationship between H, and Hq, which 
correspond to the separate stages in the process of 
elastic-plastic deformation, can be established ap- 
proximately from the macroscopic characteristics. 

5. From the number of similarly deformed element- 
ary volumes in contact with one another an expres- 
sion can be found for the volumetric non-uniform dis- 
tribution of plastic deformation. 


Translated by V. Alford 
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USE OF Sn MELTS AND THE EUTECTIC Pb-Sn TO STRENGTHEN MACHINE 
COMPONENTS SUBJECT TO DEFORMATION UNDER CYCLIC LOAD* 


M.I. CHAYEVSKII 
Institute of Engineering and Automation, Academy of Sciences Ukr. S.S.R. 


(Received 25 April 1960) 


It is demonstrated that if machine components operating at elevated temperatures are coated 


with melts of Sn or the eutectic Pb-Sn an increase in fatigue strength may be achieved. The effect 
of increased fatigue strength is particularly noticeable on pieces which have sharp notches. 
The increase in fatigue strength is explained by the formation of intermetallic compounds 


In papers [1-4] it was found that there was a con- 
siderable increase in the fatigue strength of steel 
specimens with notches under the influence of a tin 
melt or the eutectic Pb-Sn. It has been suggested 
{3, 4] that this effect is due to the bottom of the 
notch becoming covered with the melt, as a result of 
which the stress concentration is reduced. 

It was decided that it would be interesting to find 
out whether other melts had a similar positive effect 
on steel subject 10 cyclic load. The experiments 
here described give a negative answer. 

As can be seen from Fig. 1, under the action of 
the eutectic Pb-Bi' a sharp drop was observed in 
the fatigue strength of testpiecés with notches tt 
Similar results were obtained when testing specimens 
of steel 1Kh18N9T (Fig. 2). 

The effect of increased fatigue strength under the 
action of molten tin or the eutectic Pb-Sn is there- 
fore the result not only of “plasticizing” but also of 
those diffusion and chemical processes which take 
place when the steel comes into contact with tin. 

To confirm this proposition fatigue tests in a melt 
of the eutectic Pb-Sn were carried out by a rather 
different method from that in papers [1-4]. The test- 
pieces, plated with Pb-Sn, were tested in air at the 
same temperature at which they had been previously 


* Fiz. metal. metalloved., 10, No. 4, 604-608, 1960. 

t To assure satisfactory contact with the eutectic melt 
Pb-Bi the pieces were first tinned in the molten Pb-Sn 
and then dipped in a Pb-Bi bath. During testing the 
specimens remained in the bath. 


which create compressive stresses in the surface layers of the steel. 


tested in a bath containing molten Pb-Sn. 

As can be seen from Figs. ] and 2 the life of the 
specimens remained unaltered. The essence of these 
experiments consists in that the surface layer of 
the melt becomes oxidized during the tests and con- 
sequently, the plasticizing effect disappears. At the 
same time the piece remains under considerable 
cyclic load [5]. 

It might be assumed from these experiments that 
the plasticizing of the steel has no effect whatso- 
ever on the increased fatigue strength or on any of 
the physico-chemical processes which arise when 
the steel is tinned. Such a conclusion is not con- 
firmed by the experiments as the tin-plated speci- 
mens which were tested at room temperature had a 
lower endurance limit than the ones which were not 
plated (30-35 % lead). 3 

Attention is also drawn to some experiments which 
clearly demonstrate the important role of the “plas- 
ticizing” of steel by a melt in the initial moment 
of deformation under cyclic load. }t is known from 
paper [4] that the fatigue testing in Pb-Sn melt of 
test specimens which have not previously been tin- 
plated, may cause a considerable reduction in 
fatigue strength. It follows from this that it is only 
the combined effect of “plasticizing” and other 
physico-chemical processes in the initial moment 
of deformation under cyclic stress which will lead 
to the increased fatigue strength of the steel. 


tt Specimens had the same notches as those used in 
papers [1-2] but with an apex angle of 45°. 
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FIG. 1. Fatigue strength curves for test specimens with notches, taken from 
normalized steel 50. Frequency of stress variation — 50 c/s: 

1 — specimens coated in Pb-Sn tested in air at 400°C. Unshaded diamonds 

indicate control points obtained in test on tinned specimens in acontai- 


ner with molten Pb-Sn; 
2 — testing in air at 400°; 
3 — at 20°; 


4 — tinned specimens tested in molten Pb-Bi at 400°. 


Plasticizing is recognised as the most generally 
universal effect of the action of a surface active 
medium and occurs when a deformed metal is in con- 
tact with any such medium [6]. It is due to the fact 
that the emergence of dislocations onto the surface 
of the deformed metal is easier. Besides this, an 
important part may be played by subsurface (having 
only one anchored point) dislocation sources, the 
stress from which is at the beginning of the work 
considerably lower than sources with two anchored 
points. Reduction of surface energy should cause 
increased activity from the subsurface sources and 
a reduction in the yield point of the metal [6]. 

Consequently the positive influence of the “plas- 
ticizing” of the surface layers of the metal in the 
initial moment of strain under cyclic load consists 
in the removal of local normal internal stresses 
generated at the head of a dislocation pile-up in the 
surface layer of metal which in normal conditions 
would be a considerable barrier to moving disloca- 
tions [7]. 

It must however be rembered that the “plasticiz-. 
ing” effect may cause an increase in fatigue strength 
only in the case where the continuous penetration 


of the melt into the metal through developing defects 
is prevented by some obstacle or other. Such obstac- 
les are not created during the action of the eutectic 
Pb-Bi on steel under cyclic strain and there is there- 
fore a considerable drop in fatigue strength. Essen- 
tially, we are in this case dealing only with the ef- 
fect of the adsorption reduction of cyclic strength 
since at the temperatures used for the experiment 
neither lead nor bismuth react with steel [8]. 

The process is quite different when steel is cyclic- 
ally strained in contact with a melt of tin or the 
eutectic Pb-Sn. The tin, which is diffused into the 
metal via developing defects, enters into a chemic- 
al reaction with the steel to form the intermetallic 
compound FeSn,. The FeSn, lattice is larger than 
that of Fe [8]. For this reason compressive stres- 
ses arise in the surface layer and prevent the pene- 
tration of the metal by the molten tin. 

Because of diffusion of course, the tin will pene- 
trate through the intermetallic layer into the metal. 
However, the same chemical reaction will arise 
when it encounters the Fe and new compressive 
stresses will be formed. Therefore, the dissolution 
of the surface layers of steel which occurs when 
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1 — testing in air at 20°; 
2 — at 500°; 


FIG. 2. Fatigue strength curves for specimens of steel 1Kh18N9T (quenched in 
water from 1150°), n = 40 c/s: 


108 


3 — specimens previously coated with molten Pb-Sn, tested in molten Pb-Sn at 


500°; 


4 — notched specimens tested in air at 20°; 

5 — notched specimens tested in air at 500°; 

6 — notched specimens dipped in Pb-Sn, tested in molten Pb-Sn at 500° (tinning 
at 400° with ammonium chloride flux). Shaded squares indicate control points 
taken in the testing of tinned specimens in air; 

7 — specimens dipped in eutectic Pb-Sn, tested in air at 500°; 

8 — specimens dipped in Pb-Bi, tested in Pb-Bi at 500°; 


testing is carried out in a bath of molten tin or Pb- 
Sn, does not cause relief of compressive stresses. 

As demonstrated in paper [9] the compressive 
stresses formed are stable in a fairly wide tempera- 
ture range. : 

Whep specimens with notches were tested in air 
at T = 400° after being dipped in a melt of Pb-Sn an 
increase of ~ 30% in the fatigue strength was found 
on the basis of a test of 2 x 10° cycles (Fig. 1). 

It is significant that metallographic examination of 
the bottom of the notch after 2 x 10° cycles, failed 
to reveal any fatigue cracks (Fig. 3). If a tinned 
testpiece with notches is tested in a bath of molten 
metal then, because of the continuous process of 


9 — specimens dipped in Pb-Sn, tested at 20°. 


solution, there will be a reduction in the cross- 
section of the piece and fatigue cracks will arise. 
Attention is drawn to the fact that, under the in- 
fluence of a Sn or Pb-Sn melt, the fatigue strength 
of notched pieces is increased considerably more 
than that of unnotched ones [1]. This due to the 
difference in the stressed state, as the intensity of 
the diffusion processes is much higher with notched 
than with unnotched pieces (greater stress gradient). 
It should also be noted that if fatigue strength is 
to be improved under the influence of the melt, the 
diffusion processes and the chemical reaction of the 
tin with iron must be greater than the rate at which 
microcracks are initiated. If this is not so the life 
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FIG. 3. Notch in specimen tinned in eutectic Pb-Sn and 
tested in air at 400°, 0 = 15.5 kg/mm’, 
N = 2x 10° cycles. 


of pieces tested in melts of Sn or Pb-Sn will be 
lower than those tested in air. As can be seen from 
Figs. 1 and 2 the maximum endurance of pieces 
tested in molten metal under considerable stresses 
is less than those tested in air (see also [1-4] ). 

Qualitatively the fact of the formation of compres- 
sive stresses in the surface layer of steel as a re- 
sult of diffusion of tin and the formation of the inter- 
metallic compound FeSn,, can be observed on the 
following simple apparatus (Fig. 4). A plain speci- 
men ] is attached at the end to grips 2. An extens- 
ion 3 is attached to the free end of the piece, with a 
mirror 4 onto which is directed a beam from light 
source 5. The specimen is tinned on one side only. 
The temperature is raised to 400° by means of an 
electric furnace 6. After this, from the angle of the 
beam on scale 7 it can be seen to what degree the 
specimen is bent in the direction indicated by the 
arrow. This bending will only occur if surface 
stresses are created on the surface layer which has 
been coated with tin. 

This arrangement can also be used to find the 
reson for the drop in fatigue strength of tin-coated 
specimens tested at room temperature. If the tinned 
side of the piece is heated rapidly to the melting 
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Tinned side of piece 


FIG. 4. Apparatus used to investigate the stresses 


arising in the surface layers of steel as a result of 
diffusion of the molten metal. 


point of the tin and cooled to room temperature, the 
specimen will begin to bend in the opposite direct- 
ion from that at which the diffusion of the melt is 
taking place. This means that tensile stresses have 
been generated in the surface layer, because of the 
difference in the thermal coefficients of linear ex- 
pansion of the melt and the steel (that of tin is 

2.5 times greater than that of steel). 

It should be noted in conclusion that when using 
molten tin of Pb-Sn to strengthen components sub- 
ject to cyclic strain, special care must be used in 
the tinning. If any parts of the steel subject to max- 
imum stresses remain partially tinned, there may be 
a considerable reduction in fatigue strength. At- 
tention is also drawn to the process of tinning. The 
process used in the hot tinning of carbon steels 
[1, 2] does not give the maximum etfect when applied 
to chromium nickel steels. At the same time, if 
chromium nickel steels are tinned at 400° using am- 
monium chloride as a flux, very good results can be 
obtained (see Fig. 2). 


Translated by V. Alford 
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THE RUPTURE OF QUENCHED STEEL UNDER BIAXIAL COMPRESSION * 
O.P. BURMAKINA and F.S. SAVITSKII 
Sverdlovsk Branch of VNIIM 
(Received 28 April 1960) 


Thin-walled tubular test specimens of quenched and low-temperature tempered steel U8A have 
been tested under biaxial compression and the results are presented here. Data obtained for this 
steel in the tension-compression quadrant are partially reported. 

The experimental data are considered in the light of the classic and current theories of strength. 
The statistical theory and strength conditions of Yagn are in the best agreement with the experiment. 


INTRODUCTION 


Various theories are used in strength calculations 


of machine components, including the classical ones: 


the theory of maximum normal tensile stresses 
(strength theory I), the theory of maximum elonga- 
tions (strength theory II), the theory of maximum 
shear stresses (strength theory III) and the energy 
theory (strength theory IV). 


Experiments carried out to test the theory of 
strength have in the main been conducted in quadrant 


land plastic materials have been used for the in- 
vestigations cseft old steeds, cluminium and mag- 


. 
nesiiny atloysi. Loree materials have been tested in 


quadrants and grey {1 -3, 12), gypsum and 


glass [4]. 

The results of these experiments show that cal- 
culations carried out in accordance with classical 
theory produce m-re or less satisfactory agreement 
with experimental data only in one certain quadrant. 
It is obvious that these theories cannot accurately 
explain the behaviour of material in a wide range 
of stress states. To choose the correct theory of 
strength a lot of experimental material must be ac- 
cumulated, particularly in the field of the lesser 
investigated stress states (quadrant II] and IV). In 
this respect the statement by Davidenkov [5] is in- 
teresting: “It would be very interesting to carry out 
experiments to greater extent, and in particular, to 
test the influence of a spherical tensor in the region 
of quadrants III and IV, to plot more precisely the 


elastic limit and yield point curve, to try to achieve 
fracture along the plane passing through the axis of 
the acting stress (instead of shear), to investigate 
the influence of temperature gradient (which to 
judge from the experiments by Draffin and others, 
plays an important part), etc. etc.”. 

On the basis of the statement above, we decided 
to investigate quench-hardened steel U8A in a wide 
range of stress states (quadrants I-II-III). Test data 
for steel U8A in quadrant I have already been des- 
cribed [6]. 

This work reviews the results of tests on tubular 
specimens of quench-hardened and low-temperature 
tempered steel U8A in the range from pure tar zen- 
tial tension to pure tangential compression. 

The boundaries of fracture for the four quadrants 
have been plotted from the results of tests on steel 
U8A in uniaxial compression, tension and pure shear. 


PROCEDURE 


Specimens for testing in biaxial compression 
were prepared of steel U8A. They were quenched 
from 850° in oil and water with subsequent temper- 
ing at 340°. After heat treatment they were ground 
and finished to the required dimensions. The shape 
and dimensions of the testpieces are shown in Fig. 
1. Vickers hardness was 462 to 502. The external 
diameter of the pieces was maintained within the 
limits of 20 + 0.01 mm, wall thickness was ] + 0.01 
mm. The testpiece was placed in a high pressure 
chamber (Fig. 2). * 


* Fiz. metal. metalloved., 10, No. 4, 609-616, 1960. 


* Designed by B.A. Vandyshev. 


Rupture of quenched steel 


FIG. 1. Shape and dimensions of testpiece. 


A hole was bored through the body of chamber / 
into which were inserted sleeves 4 and 6 with an 
assembly of washers ]6. The sleeves were fastened 
down by screws 2 and 8 through washers 15, 17 and 
ring 7. A free piston 9 fits into sleeve 6, which 
transmitted the actual force onto test specimens 5 
which rested on special cushions 3. 

Axial compression was created by means of a 
stationary dynamometer made by Vior-F edergaf. Hy- 
drostatic pressure on the piece was transmitted 
hydraulically along tube 14 through nozzle 13 which 
is pushed into the indentation is crew ]] which is 
tightened by cap nut /2. Screw // is connected to 
the chamber through button /0. 

To reduce the leakage of fluid under high pressure 
there is a second nozzle through which boosting 
pressure can be transmitted to sleeve 6. 

The pressure part of a piston type manometer was 
used to get an external hydrostatic pressure of up 
to 5000 kgs /cm?. The pressure was measured by a 
hot wire manometer with an upper limit of 2000 kgs/ 
cm?, class 0:5. The chamber was designed to create 
axial pressures of up to 30,000 kg and hydrostatic 
pressure of up to 5000kgs/cm?. The pressure was 
applied to the testpiece by degrees. The axial load 
was determined in relation to a chosen ratio of 
basic stresses k = o,/o9, in such a way that the 
load applied was “simple” [7]. Here o, is the prin- 
ciple normal stress in the axial direction; og, the 
main normal stress in the tangential direction. The 


FIG. 2. High pressure chamber for testing specimens in 
biaxial compression. 


value of & varied in a wide range (from 0 to — ~). 
We ignored radial stresses as their value did not 
exceed 5.5 % of maximum stress. 

During the testingof each specimen axial force 
P and external pressure p were measured. The de- 
formation of the pieces in the course of the test 
was not measured. 

The stresses were calculated according to the 


formulae: 


where P 


F is the cross-sectional area of the piece, 


is axial force, kgs; 


mm?; 

p is external pressure, kgs /mm?; 

D, is the diameter of the head of the speci- 
men, mm; 

Dis the external diameter of the specimen, 
mm; 

D_ is the mean diameter, mm; 

5 is the wall thickness, mm. 


DISCUSSION OF RESULTS 


Thirty-two tubular test specimens were tested in 


biaxial compression. The limiting stress conditions 
under which fracture occurred, and also the hardness 
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FIG. 3. Limiting fsacture curves and experimental results. 


fivures, are given in Table 1. Fig. 3 is a graphical 
representation cf the limiting stresses Coma and agp: 
Mach point on the graph represents the results of 


one experiment. The ratio of the principal stresses at 


which the testis were carried out is indicated. 

The fracture boundaries are also shown in fig. 3. 
The rectangles I to II] agrees with I to MI theories 
of strength, and is plotted according to the equa- 


tion 
(2) 


where o, is the maximum principal normal stress; 

o, is minimum principal normal stress; 
constant C = 18]kgs/mm?.The constant C is found 
from the results of uniaxial tension tests on tubular 
specimens. 

Curve A (dashes and dots) corresponds to the 
strength theory IV and has been plotted from the 
the equation 


(3) 


Here 04, 0,, 0, are the principal normal stresses 
where 0, > G, > 0s. 

Limiting curve B (dotted) was plotted according 
to formula [8] 


(5, — + (3 — 93)? + (03 — 0,)? + m 
(0, + 6, + 05)? + 


+12 (6, +02 404) =/. 


The constants m = 0.25; n = 27.0 kgs/mm’; 
| =78662kgs/mm‘ was found from the results of 
tests in uniaxial tension, uniaxial compression and 


pure shear 


(R, = 181 kgs/mm’, 
= — 193 kgs/mm?, 
R, = 114.5 kgs/mm?). 


In the determination of fracture stress in uniaxial 
tension (R,) the results of test on steel U8A in 
quadrant I were used. 

Three tubular testpieces of test length /, = 90 mm 
were used for the tests in pure tension in the axial 
direction. Four tubular pieces were used for the 
test in pure compression in the axial direction, and 
two of them fractured with a slight bend. For this 
reason the figures for these pieces were not used in 
the calculations of fracture stress R.. 

Besides the tubular pieces, three solid cylindrical 


H+ 
(4) 
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FIG. 5. Comparative experimental data and the different theories of strength. 


pieces were also tested in uniaxial compression 
(height A = 10mm, diameter D = 10 mm). The mean 
value of the fracturing stresses was 209 kgs /mm?, 
which is comparable to the figure of 193 kgs/mm? 
for the tubular pieces if the difference in the test- 
pieces themselves is allowed for. The limiting cur- 
ve C agrees with the statistical theory of strength 
[9] and was plotted from equation (for brittle frac- 
ture): 


0, >022>03; o= 


C, = 2911 kgs/mm?; C, = 9.56 x 10%; Gis the modulus 


of elasticity in shear equal to 8050 kgs/mm’; k is 
the modulus of contraction. The constants C, and 
C, are found from the results of testing steel in uni- 
axial tension and compression. Looking at Fig. 3 
we can see that, from pure tangential compression 
(k = 0) to stress ratio k = 0.88, fracture occurs at 
practically constant maximum compressive stress 
179 kgs/mm?. Judging from the nature of the fracture 
(“windows” torn out of the walls of the specimens), 
normal stresses must be responsible for it. If the 
stress ratio is increased from 0.88 to 1.06 a reduct- 
ion of hardness to — 168 kgs/mm? is observed. Here 
the rupture is still the result of normal stress (Fig. 
4). With further increase in axial stresses the limit- 
ing stresses increase to 225.6 kgs /mm? (at k =2.98). 
The increase in strength is probably due to the 
increase in plastic deformation. Actually, as shown 
by measurement of the testpieces after fracture, in 
the stress ratio range 1.06 to 1.4] the change in 
cross-sectional area and wall thickness is as much 
as 3% (the deformation of pieces tested at 1.4] < 
k < 5.85 could not be measured, as a result of loss 
of rigidity). Up to & = 1.41 the nature of the fracture 
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Here 


remained as before. It must be noted that each piece 
tested with this ratio separated into two parts. 

A careful study of the separate parts of fractured 
pieces showed that here also primary fracture oc- 
curred by the tearing out of “windows”. The pieces 
separated into two after fracture when, because of 
the instantaneous drop in external hydrostatic pres- 
sure, they were subjected to the total force of axial 
load. In the stress ratio range 1.96 to 3.00 fracture 
occurred in range where rigidity was lost and was 
accompanied by the formation of cracks (k = 1.96) 
and “tongues” (k = 2.98). 

It is difficult to assess the nature of fracture at 
k > 1.41 as the pieces fractured with the formation 
of both longitudinal cracks and cracks at an angle 
of approximately 45° to the axis of the piece. With 
subsequent increase in axial stress the limiting 
stresses were reduced and in pure axial compression 
fracture occurred at o,, = — 193 kgs/mm?. In this 
case fracture was accompanied by buckling and a 


number of symmetrically arranged longitudinal cracks. 


Loss of rigidity does not noticeably affect the re- 
sults obtained as expected from experiments in pure 
compression in the tangential and axial directions. 
Actually, in pure tangential compression where there 
is no loss of rigidity, testpieces were fractured at 
— 183.3 kgs/mm? and in pure axial compression at 
— 193 kgs/mm?. The difference is a total of 4%, 
which is fully acceptable. There was very little 
difference in the results obtained also in the case 
of stresses, as these differ by mot more than 5% 
from the nominal stresses. 

It follows from an analysis of the results that the 
fracture of quenched steel occurs up to the stress" 
k = 1.06 in accordance with strength theory I, if it 
is propagated in the field of negative (compressive) 
stresses. If the stress ratio is increased the picture 
is altered, the experimental points depart from the 
limiting curve agreeing with strength theory I. 

The experimental results do not agree with 
strength theory II. Actually, if Poisson’s ratio is 
0.3, according to strength theory II the figure for 
uniaxial compression should be — 603 kgs/mm?. The 
figure in the experiment was — 193 kgs/mm’, i.e. 
three times less. The figures obtained are not entire- 
ly in agreement with strength theory III: there is a 
deviation of about 22 % of the experimental points 
from limiting curve III. Besides this in most cases 
the appearance of the fracture conforms with that to 
be expected in tension and not in shear. 

As can be seen from Fig. 3, the experimental 
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points conform most nearly to limiting curves C 
and B in agreement with the statistical theory and 
the strength conditions of Yagn. The best agree- 
ment with the experiment is found in the statistical 
theory. Limiting stresses and.o,, calculated 
from equation (5), differ by only 7% from the corres- 
ponding figures obtained experimentally. Maximum 
deviation — 15% — is observed at k = 0.2. Fracture 
in biaxial compression (when there are no tensile 
macrostresses) can be explained from the point of 
view of the statistical theory, as being due to tens- 
ile stresses arising in microvolumes. The appear- 
ance of the fracture also supports the statistical 
theory. 

Fig. 5 is a graphical.representation of the limit- 
ing stress conditions obtained in testing quenched 
steel U8A in quadrants I, II and II. In quadrant I 
the experimental points are represented by filled 
circles, in quadrant I] by triangles, in quadrant III 
by hollow circles. Each point represents one exper- 
iment. Different symbols are given for the experi- 
mental points due to the difference in the test 
length of the tubular pieces in different quadrants 
(in quadrant I test length was 90 mn, in II — 50 mn, 
in I] — 40 mm). Pieces with test length 90 and 50 
mm had to be produced in order to accommodate the 
strain gauges. Strain diagrams were plotted and true 
stresses calculated from the measurements of force, 
pressure and strain in the tension-tension and 
tension-compression quadrants. It must be noted 
that nominal stresses in these quadrants were not 
more than 6 % different from true stresses. Unlike 
the figures obtained in [6], stresses 99 were 
calculated with allowance for the mean diameter 01 
the testpiece, from formula (1). The method of test- 
ing in quadrant II was the same as that used for 
testing steel U7 [10], except that stress og was 
also calculated from formula (1). 

Also in Fig. 5 are presented the limiting fracture 
curves plotted from formulae (2), (3), (4) and (5). 
The designations of the limiting curves are the same 
as in Fig. 3. Limiting curves I, I] are in accordance 
with strength theories I and IJ. It must be noted that 
the limiting curves calculated from equations (4) 
and (5) are almost identical in quadrants I, II, IV- 
For this reason there is only one curve (continuous) 
in these quadrants, representing strength condition 
(5). Looking at the arrangement of the experiment- 
al points in quadrant I (see Fig. 5), we can see that 
fracture starts at practically constant maximum tens- 
ile stress of 18] kgs/mm’, which is in agreement 
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with strength theory I. The appearance of the fract- 
ures confirms this theory: the fracture surface is 
always perpendicular to the maximum tensile stess. 
Only the less hard specimens fractured as a result 
of shear, as in this case the fracture was preceded 
by a considerable amount of plastic deformation. It 
is however probable that here also the first cracks 
were initiated under the action of normal stresses 
[11]. The fact that the experimental points follow 
curve C, plotted from equation (5), very closely, is 
evidence that fracture in the tension-tension quad- 
rant also agrees with strength conditions (4), (5). 

Let us now consider the arrangement of experiment- 
al points in quadrant II. The first fact which attracts 
our attention is that while in quadrant | stresses 
o,, and oy have no noticeable influence on one 
another, in quadrant I] the picture changes sharply: 
shearing stress o, begins to fall rapidly with the 
simultaneous growth in axial compressive stress. 
This is not however reflected in the appearance of 
the fracture: fracture occurs along a developing 
crack even where axial stress exceeds shearing 
(right up to pure axial compression). True, at the end 
of quadrant II (k = — 6, — ~) fracture does occur 
after the loss of rigidity, as shown by the appear- 
ance of buckling. The appearance and direction of 
the fracturing cracks shows that in quadrant II also 
fracture occurs as a result of normal tensile stres- 
ses. 

As can be seen from Fig. 5, the experimental 
points at 0 < k < — » follow very closely curves A 
and C which are in agreement with equations (3), 
(4) and (5). It must be noted that the appearance of 
the fracture supports strength theory IV (curve A) 
and confirms the statistical theory (curve C). 

The experimental curve obtained for steel U8A in 


the tension-compression quadrant is similar to that 
obtained earlier for steel U7 [10]. 


CONCLUSIONS 


1. Data have been obtained concerning the fract- 
ure of quench-hardened and low-temperature temper- 
ed steel U8A in a range from pure tangential tens- 
ion to pure tangential compression. 

2. The appearance of the fracture confirms the 
accuracy of strength theory I in quadrant I and 
partially in quadrant [I]. In quadrant II the onset of 
fracture is not in accordance with strength theory I. 

3. The fracture of steel U8A refutes the accuracy 
of strength theory II. 

4. The experiment has shown that there is con- 
siderable disagreement between strength theories 
II] and IV. The appearance of the fracture also fails 
to confirm these theories. 

5. The best approximation to the experimental 
data for the three quandrants considered is provid- 
ed by the statistical theory of strength and the 
conditions of strength proposed by Yu.]. Yagn. 


Translated by V. Alford 
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SOME FEATURES OF CREEP IN STEEL E1696* 
B.M. RAKHMAN, A. Ya. MADOVSKT and V.V. OBUKHOVSEKD 
(Received 10 March 1960) 


The dispersion-hardening austenitic steel E1696 
developed in recent times is, thanks to a happy com- 
bination of mechanical and technological character- 
istics, widely used in industry. (Composition: C 
max 0.1 %, Si and Mn max. 1 %, S max. 0.02%, P max. 
0.03 %, Al max. 0.8%, Cr 10 — 12.5%, Ni 18-21%, 
Ti 2.6—3.2 %, B 0.008 — 0.02 %). 

At the present time this steel is one of the most 
heat-resistant ferrous metals, from which compon- 
ents are manufactured which operate at temperatures 
of up to 600- 700°. At these temperatures the steel 
has a limiting creep strength which is on the same 
level as that of the alloy E437B which, at 700°, 
will withstand a stress of 40 kgs/mm? for not less 
than 50 hr while in practice the duration under these 
conditions usually exceeds 100-150 hr. 

Steel E1696 is widely used for the manufacture of 
widely divergent pieces including disks, shafts, 
fabricated structural members, screwed and slotted 
junctions etc.etc. It has excellent strength and plas- 
ticity characteristics in the whole range of working 
temperatures. 

Besides this, despite the large accumulation of 
data on long-time strength, up until the present 
time the phenomenon of creep or the abiiity to relax 
in the temperature range 450- 750° has not been 
investigated enough for this steel. This problem is 
very important since in steel E1696 different structur- 
al processes are developed at these temperatures 
because of the decomposition of the supersaturated 
solid solution obtained by previous quenching. 

In production conditions ageing is usually carried 
on at a temperature of 750° for 16-25 hr. The struc- 
tural transformations due to this heat treatment are 
fairly complex and have not so far been fully inter- 
preted although it is suggested that the principal 
strengthening phase is Ni,Ti and in particular, its 
beta modification with the face-centred cubic lattice 


* Fiz. metal. metalloved., 10, No. 4, 617-621, 1960. 


[1]. It is possible that other phases are precipitat- 
ed on ageing, which may or may not be responsible 
for the strengthening of the material [2]. 

It has been found that the conditions of ageing 
used do not by any means assure the stable state 
of the solid solution. A more complete decomposition 
occurs at 750-775° after prolonged soaking. 

Reduction in ageing temperature increases hold- 
ing time. 

Thus, in steel E1696 when prolonged mechanical 
tests are being carried out (creep, long-time strength, 
relaxation etc.) as also when finished components 
are operating at temperatures of 500- 750° the struc- 
tural transformations should continue to take place 
and the process will here be complicated in that 
the factor stress is added to that of temperature 
conditions. 

We carried out creep tests on specimens of steel 
E1696 at 400, 500, 600, 650, 700 and 750°. It was 
established that at temperatures of 500- 650° steel 
E1696 fractured “without deformation”. The creep 
test curves are shown in Figs. 1 to 4. The method 
used was that already described in a previous work 
[3]. 

A normal course for the creep curves (increased 
length during holding time under load) is only ob- 
served at 400, 700 and 750°. At 500, 600 and 650°, 
either there is no increase in length or it is reduc- 
ed by a value which varies in dependence on temper- 
ature and applied stress. 

Due to the preservation of the dimensions there 
is an increase of load which may lead to fracture 
at comparatively low initial stresses if the ends of 
the testpiece are firmly attached. In this case the 
fracture will not be of a brittle nature. 

Negative creep is taken by us to be the result of 
the combination under test of the decomposition of 
the solid solution and the preservation of the dimens- 


‘ions of the piece as a result of this. The applica- 


tion of load facilitates this decomposition, permit- 
ting it to take place at lower temperatures. 
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FIG. 1. Creep curve at testing temperature 500°; 0 = 65 kg/m’. 
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FIG. 2. Creep curve at 650°; 
1 —o = 50 kg/mn’; 
2—0= 45 kg/mm’. 
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FIG. 3. Creep curves at 700°; o = 42 kg/mm’. 


The saturation of a solid solution is known to be 
connected with the electrical resistivity and for this 
reason the degree of decomposition may be assess- 
ed from variation in the latter. We measured the elec- 
trical resistivity of pieces under test for creep on 
the universal bridge UTV-3, using Kelvin’s method 
and a specially constructed apparatus. The results 
of the measurements are given in Fig. 5 from which 
it can be seen that electrical resistivity varies con- 
siderably in different conditions of testing. 

Electrical resistivity is found to be lowest at a 
testing temperature of 650°. For comparison the dot- 
ted line on the graph also shows the electrical res- 
istivity of steel E1696 after ageing at 750° for 64 hr. 
The data on the graph show that there is intensive 
decomposition of the solid solution during the test. 


Increase in stress has the same effect as reduct- 
ion in temperature: greater stress at 500 and 600° 
corresponds to lower values for electrical resistivity. 
At 650° and above this order is reversed. 

Using the “reciprocal” method and characteristic 
copper illumination the lattice parameter of the 
solid solution was examined in test specimens which 
had undergone creep tests under these conditions. 

The measurements were made along line (420). 
The diameter of the powder rings was measured with 
an accuracy of up to 0.1 mm. The distance between 
the specimen and the film was found by means of an 
electric contact to be 40.8 mm in all cases. Allow- 
ing for the error indicated, the lattice parameter 
was obtained with a precision of up to ] x 10°? A. 
Before creep testing the parameter was 3.590 A. 
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FIG. 4. Creep curves at 750°; 
1 —o = 32 kg/mm’; 
2 = 31.5 kg/mm’. 


FIG. 5. Variation in electrical resistivity of steel E1696 
in dependence on temperature and load during 
creep testing. 
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FIG. 6. Variation in the lattice parameter of stee] E1696 in dependence on 
temperature and stress (9, kg/mm”) during creep testing. 


Fig. 6 shows the variation in the lattice parameter 
of the solid solution in dependence on testing tem- 


perature. 
Pieces tested under varying loads at 400° produc- 


ed figures for lattice parameter which were the same 
as the initial ones and the shape of the lines on the 
X-rays indicated the presence of type 2 distortions 
(K doublet broadened), which would be due to the 
fact that the applied load and testing temperature 
were insufficient for stress relief. 

At 500° the pattern changes. Although the lines 
continue to broaden the doublet is “resolved”. 
Besides lines a, for the solid solution, another line 


appears. 
At 600° the lines are clear and there is another 


line besides the line a, for the solid solution. The 
additional line is alongside line a,. The parameter 
corresponding to this line is 3.581 ‘A, i.e. some- 
what less than the lattice parameter of the solid 
solution. 

At 650° the lines are very clear, the doublet has 
divided and there are no additional lines. 

The parameter calculated from these lines is 
3.578 A which is less than that for 600°. 

At 700° the solid solution lines are broadened 
and the additional lines are still noticeable. 
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At 750° the solid solution lines are broadened, 
there are no additional lines. It appears that the 
dissolution of the phase which started to precipitate 
at 500° has occurred completely. 

The X-ray diffraction data confirmed the results 
obtained by measurement of electrical resistivity 
and indicate the intcnsity of the processes of de- 
composition of the solid solution which occur in the 
process of prolonged holding under load at temper- 
atures of 500- 700°. Certain deviations in the re- 
lationships established by the different methods, do 
not contradict the general tendencies. 


CONCLUSIONS 


1. In the temperature range 500-650° steel E1696 
has a tendency to maintain its dimensions under 
load. 


1. N.I. Blok, N.F. Lashko, K.P. Sorokina and F.F. 
Khimushin, Zav. lab., 8 (1957). 
2. H.J. Beattie Jr. and W.C. Hagel, J. Metals, Trans. 
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2 At 500-650° stee! £1696 is ruptured in the 
course of time without noticeable plastic deforma- 
tion. 

3. The preservation of the dimensions of a mater- 
ial being used in conditions of constant total deform- 
ation (elastic + plastic) at 500-600° causes sponta- 
neous increase in stress and brittle fracture. 

4. The reason for the preservation of dimensions 
and brittle fracture discovered can be assumed to be 
the increased decomposition of the solid solution 
under the influence of stress and temperature. 

5. The existing conditions for the heat treatment 
of steel E1696 are not the optimum and this heat 
treatment could be more precisely adjusted for the 
purpose of eliminating ‘negative creep and brittle 
fracture in this steel in the range of service temper- 


atures. 


Translated by V. Alford 


Sec., 9, 7 (1957). 


3. B.M. Rakhman, Zav. lab., 10 (1958). 
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X-RAY ANALYSIS OF THE PROCESSES OF CARBIDE FORMATION DURING. THE 
TEMPERING OF QUENCHED ALLOY STEELS * 
V.N. SHCHERBAKOV, V.V. KUBATKINA, L.M. MOTOVA, G.N. TSVETKOVA and A.N. YAROCHKINA 
Gor’kii Physico-Technical Research Institute 
(Received 25 July 1959) 


Data have been obtained from investigation of 38 types of alloyed steel, concerning the structural 
variations in the carbide phase in the tempering temperature range 200- 680°. 
The dependence of variations in the phase Fe,C on the extent to which the steel is alloyed, which 


has been noted in literature, has been confirmed. 


The initial growth and subsequent coagulation of the crystals of special carbides precipitated as 
a result of the nucleation of cementite has been found to be characteristically dependent on the ratio 
between the alloying element of the steel ang carbon. 


A considerable number of papers have been de- 
voted to the investigation of carbide formation during 
the tempering of alloy steels. Even for carbon and 
low alloy steels however, there still remains consi- 
derable disagreement concerning the crystals struc- 
ture and mechanism of formation of iron carbides at 
low temperature tempering (300° and less). There is 
also no single point of view concerning the mechan- 
ism of the precipitation of special carbides when 
they are formed as a result of the nucleation of ce- 
mentite. Also substantially different are the data 
concerning the metastable and stable carbide phases 
occurring during the tempering of low, medium and 
high alloy steels. Hence, the need for additional 
systematic investigations is very clear. 

In the work here described, steels of varying car- 
bon and alloying element content were investigated 
(from 0.2 to 1.0% C, 0.6 to 7.7% Cr, 1.2 to 5.5% Mn, 
0.3 to 2.2% Mo, 0.3 to 10.3% V and 0.6 to 18.1%W). 
The chromium steels were quenched from 1150 to 
1300°, the manganese ones from 950°, the molybden- 
um ones from 1100°, the vanadium ones from 1200 
to 1350° and the tungsten ones from 1200 to 1350°; 
heating time before quenching was 10 min. The 
quenching medium for the manganese steels was 
water and for all the others, a 10% solution of KOH 
or NaOH in water. 

Wood’s alloy was used for the low temperature 
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tempering; for medium and high temperatures salt 
baths were used (a mixture of KNO, and NaNO,). 
Tempering at 200, 300, 400, 500 and 600° was 
carried on for 12 hr and at 680° (for manganese 
steels, 630°), for 24 hr. 

The carbide phases and the variations occurring 
at various stages of tempering were examined by 
X-ray analysis of electrolytically precipitated 
powders. 

An anodic solution of heat treated specimens was 
made by using electrolyte in the form of 10% solu- 
tion of HC] in distilled water. The current density 
was varied from 0.02 to 0.6 A/cm’; electrolysis time 


was varied from 10-15 min to 1 hr. 


The specimens for X-ray analysis were obtained 
by packing the carbide powders into celluloid capil- 
laries with an internal diameter of 0.68 mm. The 
X-ray photographs were made in chromium illumin- 
ation by the powder method on standard cameras 
(57.3 mm cassette). 

The interference lines on the powder photograph 
were interpreted by the usual methods. The results 
of the experiments are given in Tables 1 to 5.* 

Carbide particles from three types of manganese 
steel were chemically analysed (Fable 6). It can be 
seen from Table 6 that even at medium and high 
tempering temperatures iron is very much the pre- 
dominating metal in the carbide particles. These 


* In these steel types the figures to the left of the let- 
ters denoting the alloying element indicate the content 
(continued on the next page ) 
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TABLE 1. Structural changes in the carbide phase during the tempering of chromiam steels 


Steel type 


Tempering 


| 


| 


10X70 | 


Fe,C | Fes | Fe,C 


Fe,C 


Fe,C 


| 
| 
| 
| Fe,C 


Tempering 


Steel type 


temperature 


oc 112. 


10630 


10G50 10630 


Fest 


| 
| 


chemical results are very definitely confirmed by 
the figures in Table 2 (from which it can be seen 
that in the types of manganese steel investigated 
the (Fe, Mn),C type carbide is either the only one 

or very much the dominant one). 

(continued from previous page) 

of carbon in tenths percent, and those on the right that of 
the alloying element. In all the tables the cementite phase 
is described as Fe,C for the purposes of brevity, it ought 
to be described as (Fe, alloying Me);C. 


Analysing the figures in Tables 1 to 5 according 
to tempering temperatures of 200, 300 and 400° the 
first thing we notice is that cementite is in all 
cases the first carbide phase of the iron carbide to 
be precipitated. The cementite carbide phase here 
precipitated is stable for the following steels: 
10Kh6 (Table 1), 10G12, 10G20 and 10G30 (Table 2. 
Steels 10G50, 5G30 and 2G30 have not been consider- 
ed here as loss of intensity and broadening of the 
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| 5X40 | 5X70 | 2X40 
| 
No 
9200 | Fe,C Fes | | 
300 Fe;C || | FesC | lines 
| 
| TABLE 2. Structural changes in the carbide phase during the tempering of manganese steels 
VOl 
— 
300 eC | Fac | | | Fe, 
400 |. fee | Fe); Pex: | Fe,C | Fea 
500 ec | | Fest. 
6CU eC | Fest | | Fesc | 
680 | Fe Fest | Fes: | Fe,C | No 
lines 
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TABLE 3. Structural changes in the carbide phase during the tempering of molybdenum steels 


Tempering Steel type 


temperature | 


10M20 6M20 


No 
lines 


No 
lines 


50 Fe,C Fe,C+ MogC 


200 
| 
| 
| 


6006 ~ Fe,C-- MoeC Fe,C+ MoaC 


| Mo gC + Fe,C MoeC+Fe,C 


TABLE 4. Structural changes in the carbide phase during the tempering of vanadium steels 


VOL. 
lo Tempering Steel type 
1960 temperature | 


| 
°C 10F1 | 10F3 10F12 | 10F20 | 10F40 | SF20 2F20 | 2F 100 


interference lines was observed on the powder photo- _at a certain percentage content of carbon (in these 
graphs at 600 (2G30) and 630° (10G50 and 5G30) ); cases ~ 1 %) the following characteristic conform- 
10M3 and 10M6 (Tables 3); 10F1, 10F3 and 10F6 ities are revealed as a function of the degree of 
(Table 4); 10V6 (Table 5). For all the remaining alloying, both for cementite and for the special car- 
steels the special carbides noted in Tables 1 to 5 bides. We will characterize the extent of alloying of 
were found to be the stable ones. steels with a definite carbon content by the ratio of 
Glancing through, for example, the figures in col- the alloying element (weight %) to the carbon con- 
umns 2 to 5 of Tables 1, 3 and 5it can be seen that tent (weight %) and will use the letter c to designate 
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| 
i i 
No No 
lines lines 
| No No 
lines lines 
| No 
| | Fe,C | Vase 
No 
lines 
| i | 
ath | Fe,C | VG. | VC | VE | VC 
i 
FesC+ | VC+ VC+ | VC+ VC+ | 
| Fes | | +4Fe,C | +FesC +FesC | +Fe;C | Ve 
.~| Fesc+ | VC | VEE | 
500 | Fe,C | Fest | | +VC | | | +Fe,C | VC | VC 
6000 | | esc | | | | vc | vc 
i 
| Fes | Pec | | + Fe, | +Fe,C | | 
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TABLE 5. Structural changes in the carbide phase during the tempering of tungsten steels 


‘Steel type 


Tempering 
temperature, H | 
| 10810] 1082} 10849 | 10B60 | 10B130 | 10B180} 5B40 | 2B40 
| 
No | No | No No. No ; , No No 
lines | lines | lines | lines lines | FesWe | FeaWs lines lines 
No No No , No No 
Fe,C FeC lines | lines lines | lines lines 


400 Fe,C | Fe,;C | Fe,C} Fe,C Fe.W.2C | FesW,C Fe,C | FegW,C 
nes 


No | Fe,W2C | | Fe,C | Fe,W,C 


Fe,C Fe,;C | Fe,C Fe,C 


Fe,C+ 
wc 


Fe,Ct+} Fe,C+ 


600 | Fe,C| Fe,c FeoWeC+! rewec | FesCt+ | 


+WC +WC 


WC+ 


Fe,Ct+ 
+Fe,C | +WC +WC +Fe,C 


Wce+ 
Fe,C +WC 


680 +Fe,C 


TABLE 6. Chemical analysis of carbide precipitates from manganese steels 


' Content in carbide ppt. 
(with relation to the 
weight of dissolved 


Tempering 
temperature steel) 
Mn, wt % 

400 2.69 0.96 
The same...---++> 630 2.18 0,25 
400 12,84 0.6 
hi ene 500 12.82 

630 12.76 | 1.8 
500 11.88 2s 


this value). patterns of these carbides, proceeds at maximum 
For cementite: the higher, the ratio c, for any intensity not at the maximum but at somewhat lower 

values for c, which varies for each alloying element. 
These mechanisms can be studied by X-ray ana- 

lysis only up to certain limited contents of the al- 


steel during tempering the narrower will be the tem- 
perature range for the existence of the cementite 
carbide phase. 


For the special carbides tormed as a result of the loying element (for a given fixed carbon content); 
growth of cementite: the nucleation and initial growth namely those contents easily established experi- 
of the nuclei of special carbides proceeds more in- mentally, when the increase in the content of the al- 
tensely as the value c becomes greater. The sub- loying element leads during the process of temper 


sequent process of the coagulation of special car- ing, to an extremely slow coagulation of cementite 
bides, as revealed by analysis (not described in particles and for this reason, to a very slow occur- 
this article) of the variations in the interference rence of all the subsequent processes of carbide 
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formation. The cementite and special carbide part- 
icles are then so small that, although at low con- 
centrations of the alloying element a reasonably 
clear interference pattern was obtained, it is now 
not possible to reveal any interference lines. 

The behaviour formulated are characteristic of 
manganese (Table 2) and vanadium (Table 4) steels 
also. They are clearly established for manganese 
steels by analysis of the variations in the interfer- 
ence pattern (not given in this paper). For vanadium 
steels this behaviour is somewhat masked in Table 
4 by the presence of the special carbide which was 
undissolved during austenitization, 

Certain features in the processes of carbide form- 
ation are worth noting in the case of the tempering 
of vanadium and tungsten steels. 

In vanadium steels types 10F1, 10F3 and 10F6 in 
a tempering temperature range of 200 (for mark 10F6 
from 300) to 680° there is a characteristic gradual 
improvement (reduction in broadening and increase 
in intensity of the lines and also the appearance of 
new interferences) of the interference pattern of 
Fe,C phase. The lines of this phase become parti- 
cularly numerous and clear at a tempering tempera- 
ture of 500°. 

In steels 10F12, 10F 20, 10F 40, 5F20, 2F20 and 
2F 100 the presence of the undissolved special car- 
bide VC after quenching is characteristic. The inter- 
ference lines of this carbide remain unchanged dur- 
ing tempering in the range 200 to 400°. 

We will now turn our attention to the following 
characteristic variations of the interference patterns 
of carbide phases in these six types of vanadium 
steel with tempering. 

In steel 1OF12 and 10F 20 the first interference 
lines of the Fe,C phase are noted after tempering at 
300°. With subsequent tempering in the range from 
400 to 680° the interference pattern of cementite is 
observed in steel 10F 12 although more slowly than 
for instance, in steel 10F6 but with subsequent 
improvement and from 600° there is also a very slight 
increase in the intensity of the VC lines also. In 
steel 10F 20 the interference pattern of the Fe,C 
phase remains exactly the same at 500° as it was 
at 400° and from 600° onwards and more particularly 
at 680°, there is a noticeable improvement in the 
interference patterns both of Fe,C and VC. 

For 10F 40 the first lines of the Fe,C phase are 
fixed after tempering at-400°. At 500° the interfer- 
ence pattern of this phase becomes weaker. As a 
result of tempering at 680° there is a sharp improve- 


ment in the interference pattern of the special 
carbide VC while that of the cementite is notice- 
ably weaker. 

In steels 5F20 and 2F20 the first interference 
lines of the Fe,C phase are also noticed at 300°. 


At 500° the interference pattern from the cementite 


is noticeably weaker in 5F20 (as compared with 
that at 400°) and in the case of 2F 20 the interfer- 
ence from this phase disappears completely. After 
tempering at 600 and 680° a noticeable improvement 
in the VC interference pattern is noted in both 
steels while in 5F20 there is also a certain in- 
crease in the intensity of the cementite lines. 

In steel:2F 100 in the tempering range 200 to 680° 
there is a characteristically clear steady interfer- 
ence pattern only for the one special carbide VC. 

In the tungsten steels the following featusees are 
characteristic. In the case of steel 10V6 only the 
Fe,C phase is present. In 10VI0, 10V20, 10V40, 
10V60 and 5V40 phases Fe,C and WC are present. 
In the case of 10V130 and 10V180 no cementite 
was detected by X-ray while the following phases 
were revealed: after quenching and before commenc- 
ing tempering (680°) the binary ferro-tungsten car 
bide Fe,W,C and in subsequent stages of temper- 
ing, the carbide WC; moreover no weakening of the 
interference pattern of the binary carbide was ob- 
served when the carbide WC was precipitated. In 
2V40 only the presence of the carbide Fe,W,C was 
noted on the X-ray photograph. 

The following conclusions can be drawn from 
these experimental data. For the formation of the 
binary ferro-tungsten carbide Fe,W,C in tungsten 
steels there must be a certain minimum quantity of 
alloying element in relation to the given carbon 
content. In high alloy tungsten steels the conditions 
for the nucleation and subsequent growth of the 
carbide particles of WC, become unfavcurable as 
the quantity of tungsten is increased or quantity of 


-carbon reduced. In these high alloy tungsten steels 


the nucleation and subsequent growth of the car 
bide WC occurs independently and not as a result 
of the growth of the binary ferrotungsten carbide 
Fe,W,C. 

In conclusion the authors wish to extend their 
thanks to E.]. Levina for performing the chemical 
analysis of the manganese steels. 


Translated by V. Alford 
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ELECTRICAL RESISTIVITY OF ANTIFERROMAGNETIC MATERIALS* 
A.A. BERDYSHEV and I.N. VLASOV 
Urals State University 
(Received 15 January 1950) 


In the works by Kasuya and Mannavi [1] the electrical resistivity of an antiferromagnetic trans- 
ition metal was calculated at low temperatures on the assumption that the energy of the interaction 
of a conduction electron with a spin wave was constant, as in the case of a ferromagnetic material. 
The authors found that the dependence of the magnetic part of electrical resistivity controlled by 
the scattering of the conduction electrons on the spin waves 


(1) 


This result had already been obtained by Vonsovskii and Berdyshev [2] on the same assumpt- 
ion; papers [1] which were completed by exactly the same method as [2], repeated the results of [2] 
precisely. Subsequently [3] established the precise form of the energy operator of an antiferromag- 


netic material, namely 


H= Hj; 


1 
ko 


where E, is the energy of a conduction electron; 


+ +2/ {a + B)? — 


is the energy of the spin waves; 
and 


are the Fermi and Bose operators respectively; 
& and \ are the wave vectors of the electron and spin wave; 


o is the spin index 


* Fiz. metal. metalloved., 10, No. 4, 628-629, 1960. 
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1+B—y7, 
& (A) | —1 [s (28 + Ny | 


is the interaction potential of a conduction electron with a spin wave; 
is the number of d electrons; 
is the number of nearest neighbours; 
is Bohr’s magneton; 
is the magnetic field; 
is the absolute value of the integral of the direct d-d exchange bond; 
is the exchange integral; 
is the ratio between the constant of magnetic anisotropy and the d-d exchange integral [4]; 


p 


The energy operator (2) is found from the well-known Hamiltonian of the s-d exchange model 
[7] by the dividing the lattice into two equivalent sublattices, passing from the spin operators of 
the d-electrons to the Bose operators of the spin deviations of the b, and Cm transition to the 
Fourier representation for these operators 5), c, and subsequent diagonalization of the square 
part of the Hamiltonian relative to 5) and cy by means of linear substitution [3]. The completion 
of all these operations leads directly to (2). Moreover only Holstein and Primakov approximations 
have been made. . 

H, in (2) describes the non-elastic collisions of conduction electrons with spin waves in which 
the electron changes its pulse and spin orientation while at the same time either releasing or ab- 
sorbing a spin wave. This interaction is very similar to the scattering of electrons by phonons from 
which it differs only in small details. 

Using operator (2) we will now formulate the kinetic equation for the distribution functions of 
the “right” 
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and “left” | 


conduction electrons which in the absence of magnetic field (H = 0) coincide with one another and 


have the form: 


F 
= Vet + —F (Ew) (Eggs) — 
d 


—F (Egg) F (End) (Egg, — Ee — 5) + 
+ (N (8,) —F (Egg) — + — Egg al — Ee + 
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) 


are function of the distribution of electrons and spin waves; 


2h? \ 


F* is the electric field strength. 
The kinetic equation (3), up to the multiplier in front of the square bracket (another bonding 


“constant”), coincides precisely with Bloch’s equivalent (formulae (34), (40) and (35.1) in [5] ) and 
its solution follows the same course as in [1], 2]. The conclusions were checked by the method of 
Landau and Kompaneyets [6]. In the result, for the “magnetic” part of the resistance py in the 
absence of anisotropy (8 = 0) we find 


13.5nm?]? 
Pu = RF? (aT), (4) 


where for simplicity the quadratic law of dispersion was used for the energy of conduction electrons. 
The difference in result (4) and (1) is due exclusively to the fact that in this work the precise form 
of the interaction potential of electrons with spin waves has been used instead of the approximate 


one used in [], 2]. 
Thus the additional resistance due to the scattering of conduction electrons on spin waves in an 


antiferromagnetic material is proportional to 7*, unlike the case of a ferromagnetic material where it 
is proportional to 7?, and therefore the electrical resistivity of an antiferromagnetic material at low 


temperatures should be defined by the formula 


P= po 


where the second term contains the contributions from the phonon and spin parts of the scattering. 
We note in conclusion that if 8 # 0, then one more additional term will appear in the electric- 
al resistivity 8, proportional to the cube of the temperature and then 


P=Po— aT, 


Inall these analyses # indicates that the role of this cubic term is not very great for all tempera- 
tures, apart trom the very iow ones, which do not exceed 1°K (6 is usually regarded as a very 
small value [4] ). In this temperature range the cubic term may cause the appearance of an elec- 
trical resistivity minimum as is observed in dilute alloys. At much higher temperatures the cubic 
term can be neglected due to the extremely low value of the coefficient at T*. This conclusion 
is tentative and indicates that the possibility of an electrical resistivity minimum at very low 
temperatures can be introduced into the spectrum of spio waves in alloving for the influence of 
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anisotropy on this spectrum, without involving other mechanism of scattering. This problem how- 
ever requires further careful study. 


Translated by V. Alford 
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CONFIGURATION FREE ENERGY OF A MULTI-COMPONENT SOLID SOLUTION WITH 
REGARD TO THE ARRANGEMENT OF ATOMS IN INTERSTITIAL SITES * 
A.N. MEN’ 
Institute of Metallurgy, Academy of Sciences U.S.S.R. 
(Received 25 March 1960) 


For the calculation of more distant neighbours both in binary [1], and in multi-component solid 
solutions [2] a formula for configuration energy is used, which can be expressed through the inter- 
action energy of pairs of different atoms at various distances from one another, 


is the number of pairs composed of type i atoms of sublattice » and of type i atoms in the sites of 


sublattice »v which have beighbours of the /-st order [3]; 


is the reciprocal of the interaction energy. We are interested in finding out how formula (1) varies 
if one takes into account the arrangement of atoms in intermediate co-ordination spheres. 
Let us consider an n-component solid solution containing a A sublattice. We will use N” to 


designate the number of sites in sublattice 
Vive 15? 


N; is the number of atoms to type 


N* is the number of atoms of type i in sites of type (sublattice) v; 


is the number of sites of type v lying in the /-co-ordination sphere of a type p site; 


Q, 


* Fiz. metal. metalloved., 10, No. 4, 630-631, 1960. 
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is the number of pairs of type pv sites which are neighbours of the ~/th order. 
Let us take / = 1, and form all the possible catenaries 


Gg... 


for length J, [4]. We will find all the structurally non-equivalent arrangemehts 


( 


[5] and shall form a matrix B [4] with short-range order.* Any element of the matrix which defines 


the number of catenaries of a given configuration less than /, in length, can be found if the elements 
of the next line are known. For example, for a catenary of length k if],+1=k+4 


Cari) (a n* (a, 
VOL. 
lo 
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(1) (1); 
t 


(t;, te, ts) 


is the number of different arrangement of atoms at all three sites; 


(a; 


is the number of catenaries 


(a GR+2) 


* It must be noted that in ordering multi-component solid solutions it is necessary when compiling 
matrix A (v. formula (4) in paper [4] ) not only to allow for the type of atom bat also the type of site in 


which the atom is found. 
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k +1 in length, obtained from catenary 


(a, 41) 


of length & with site a, , , on its righthand side; 


(a 


is the number of catenaries 


of length k + 1 obtained from catenaries 


(a, 


of length k with the sites a__, on its lefthand side 


of sum (1) can be regarded as a mean value and can be represented in the form 


S=2 (a) i), 


k, 


#16, 


is the number of catenaries of length ¢ adjacent to sites a, and 


is the number of different arrangements of n type atoms in each t—] site. 
Substituting (3) in (1) and allowing for the dependence of catenaries of length ¢ on catenaries 


of length J, (v.e.g. [2]) we get 


n=} 
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i 
Miri 
will be dependent on 


The explicit form of the dependence can be found if the terms in (4) are summarized at identical 
values of 


41 ( a ) 
Expressing 


git iy 


through caternaries 


of length ¢ and substituting these expressions with allowance for dependence in the form (2), in the 
configuration propability w ([2] formula (22) ), we find 


where K and J are not dependent on 


( 


To find the temperature dependence of 


on conditions 


where F = E —kT In @, we must find the number of linearly dependent 
Qla+! 


and express F through them. The number Nog is easy to find if allowance is made for 
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j=l 


ij 1...2 
Tyo = 1+ by ; 
eee e 


and also formula (10), (15), (16) in paper [5] and formula (11) in paper [6] 


No=— niet! + Dife) — [x (2n 4 
(=1 


Translated by V. Alford 
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CRITICAL CONDENSATION TEMPERATURE OF Bi, Pb AND Sn* 
L.S. PALATNIK and Yu.F. KOMNIK 
Khar’kov Polytechnical Institute 
Basic Chemistry Research Institute 
(Received 3 March 1960) 


It was demonstrated in our report [1] that when a 
molecular beam of Bi is condensed on a glass plate 
with a temperature gradient in the range 50 to 300°, 
not one [2-5] but two critical condensation temper- 
atures are revealed, which we called 7., and T,,. 

Temperature 7, is the already known critical 
condensation temperature [2-5]: if the temperature 
T of the glass plate is below 7, condensation of 
the metal will occur. and if T > T,, no condensate 
will form on a clean neutral substrate. 

As shown in our report [6] the initial stage of the 
formation of condensate on a neutral substrate must 
be regarded as the process of the emergence of 
critical nuclei of the condensed phase from the super- 
saturated two-dimensional vapour which forms when 
a molecular beam falls onto the surface [2, 4]. If 
T > T,, the two-dimensional vapour will not be 
saturated (because of the short “life* r [2] of the atoms 
on the substrate), and no stable nuclei of the con- 
densed phase will be formed in an ideal case. 

If T < T,, condensation may occur by either of 
two means []]: 1) crystalline nuclei of the condens- 
ate will be formed directly from the two-dimensional 
vapour, i.e. the process vapour ~ crystal will occur, 
or 2) on condensation there will first be formed an 
intermediate liquid phase, i.e. the vapour + liquid 
process will occur. Critical condensation tempera- 
ture T',, represents the transition from the mechan- 
ism of condensation V + C (at T < T,,) to the 
mechanism V +1 (where T,, < T < T,,). 

Because of the difference in the mechanism of 
condensation, the physical properties (optical, elec- 
trical etc.) of the condensed layers obtained at 
substrate temperatures T above and below T7,, are 
essentially different. It follows from this that it is 
essential to know the critical temperature of con- 
densation 7, in preparing condensation layers for 
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practical application. 

The critical temperature of condensation T,, 
which we found for Bi was subsequently found 
experimentally for Pb and Sn also (see Table). 

Temperature T., is considerably below tempera- 
ture 7, which is the melting point of the solid 


metal. In the investigated metals the difference 


T, — T,, was as much as 155 to 190°. The conden- 
sation of metal in the temperature range T,, <7T<T, 
satisfies the phase law: from a supercooled two- 
dimensional vapour a metastable (liquid) phase is 
precipitated which has lower specific surface energy 
than the stable (crystal) phase. The liquid drops. 
of metal which form when T,, < T < T,, are only 
preserved in the initial stage of condensation. After 
they reach a certain size (10°* to 10°* cm), which 
depends on the conditions of condensation — tem- 
perature 7 and density of the molecular beam y, the 
drop will crystallize (process / + c) and subsequent 
condensation takes place by the mechanism v + ¢ 
in the same way as when 7 < T,,. 

The critical condensation temperatures 7,, and 
T,, are dependent on density v. In the co-ordinates 
logv—1/T these dependencies form the condensa- 
tion diagram of the metal which is similar in shape 
to the equilibrium diagram of the solid metal (see 
111). Condensation diagrams define the state of the 
two-dimensional phases which appear on the sub- 
strate in the initial stages of condensatior. Hence 
logy (1/T,,) is similar to the temperature depena- 
ence of the vapour pressure above the solid metal, 
and curve logy (1/7,,) is similar to the dependence 
of pressure on temperature 7,, the melting point of 
the massive metal. Temperature 7,, varies slightly 
in dependence on v. For Bi for example, if v varies 
in the range 10°*° to 10°* g/cm? sec the tempera- 
ture T.,, is reduced from 98 to 93°. In paper [6] 
which was devoted to investigation of the kinetics 
of the formation of condensate we presented 
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calculations for 7,, for the condensation of Pb and 
Sn. More detailed investigation showed that for Pb, 
when v is varied in the range 10°* to 10°* g/cm? sec, 
the temperature 7,, increases from 138 to 148°; for 
Sn where v ~ 10°’ — 10°* g/cm? sec, temperature 
T,, is 75 to 80°. 

It is interesting to note the following observation: 
in all three metals the ratio 7,,/7, remained very 
close, as illustrated by the Table. The figures for 
T, are at atmospheric pressure, those for T,, are 


_ for a density of the molecular beam v = 10°’ g/cm’ 


sec. 

As can be seen from the Table the ratio 7,,/T, 
is about 2/3 for these metals. It should however be 
noted that when 7, is extrapolated to the corres- 
ponding low pressures (107* — 10°’ mm Hg) there is 
a slight variation in the ratio T,,/7s: it becomes 
less in Bi and greater in Pb and Sn. 


Translated by V. Alford 
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THE ELECTRICAL PROPERTIES OF LANTHANUM BORIDE * 
Yu. B. PADERNO, G.V. SAMSONOV and V.S. FOMENKO 
Institute of Powder Metallurgy and Special Alloys, 
Academy of Sciences Ukr. S.S.R. 
(Received 27 April 1960) 


In connexion with the use of the hexaborides of 
rare earth metals, particularly lanthanum hexaboride, 
as the cathode of high power electronic instruments, 
there is considerable interest in the investigation of 
the electrical properties of these compounds. 


ohm/cm 
60 


The results obtained are given in Fig. 1. In the 
same illustration the usually figures employed are 
plotted obtained by calculating electrical resistivi- 
ty of porous pieces from the dependence 


50 


— 


10 


Por. % 


FIG. 1. The dependence of the electrical resistivity of lanthanum boride on porosity. 


Articles of lanthanum boride, which were produced 
from boride powders by the compacting and sinter- 
ing method or by hot compacting alone, possess a 
certain residual porosity. Porosity has a consider- 
able influence on the electrical resistivity of the 
pieces and this dependence is usually the same for 
isomorphous [1], but different for the other, types of 
compound. 

With the aim of establishing this dependence for 
the hexaborides of rare earth metals we made some 
test specimens of lanthanum boride with a porosity 
of from 2 to 37% in steps of 1 to 2%. The test speci- 
mens were in the form of cylinders 6 mm in diameter 
and 10 mm high. Resistivity measurements were made 
by the compensation method using a KL-48 potentio- 


meter. 
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Po = (1 
Po =p (1 — [2]: 


[3}; (3) 
Pe=p{l — [4); (4) 
(5) 


These depencies were obtained for the conducti- 
vity of a mixture of phases. In the case we are 
studying the specimen can be regarded as a mixture 
of two phases — compact material and cavities. 

As can be seen from the result obtained, depend- 
ence (2) is the closest to the. experimental one, 
despite the fact that it was deduced in conditions 
where the difference in the conductivity of the 
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FIG. 3. Temperature dependence of the electrical resistivity 
of lanthanum boride. 


phases was very low. 
Investigations of the thermal e.m.f. of specimens 


of lanthanum boride of various degrees of porosity 
showed, as was to be expected, that this figures is 
practically independent of porosity (Fig. 2). 

At the same time the temperature dependence of 
the electrical resistivity of lanthan hexaboride was 
determined on a specimen with 2% porosity, up to a 
temperature of 2000°C. The dependence obtained is 


represented in Fig. 3. 
It can be seen that lanthanum boride is a typical 


metallic semi-conductor with a thermal coefficient of 


resistivity of 0.060 # ohm.cm/degree. This figure is 
considerably below the thermal coefficient of resist- 
ivity of metallic lanthanum (0.218 pohm.cm/degree) 
which may explain the considerably greater stability 
of the lattice of lanthanum hexaboride as compared 
with that of a metal (the characteristic temperature 
of lanthanum boride is 885°K and of the metal — 
152°K), and also the variation in the energy state 

of the metal electrons on the formation of compounds 


[6]. 


Translated by V. Alford 
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MASS SPECTROMETER STUDY OF THE SUBLIMATION OF BERYLLIUM CHLORIDE * 
L.N. RYABCHIKOV and G.F. TIKHINSKII 
Physico-Technical Institute, Academy of Sciences U.S.S.R. 
(Received 9 May 1960) 


The purpose of this work was to study the compo- 
sition of the vapour phase over beryllium chloride 
and to determine its heat of sublimation. 

In the paper by Ralf and Fischer [1] it was shown 
by measurement of the vapour pressure and density 
of BeCl, that there were polymeric molecules in the 
vapours, and the conclusion was drawn that around 
the boiling point (761°K) about half the beryllium 
chloride molecules are binary. 

In the investigation of the evaporation of the 
halogenides of alkaline metals it was found that 
they had a tendency to form polymers [2, 3]. The use 
of the mass spectrometer method is studying the 
vapours of the compounds of alkaline metals makes 
it possible to use the energy of dimerization [4-7]. 

In the present work a mass spectrometer study 
was made of the composition of the vapour of beryl- 
lium chloride flowing from a Knudsen cell, in the 
temperature range 496 to 578°K. The BeCl, was 
obtained by the chlorination of distilled beryllium 
of high purity [8]. The evaporator was made of 
molybdenum, the diameter of the diaphragm aperture 
varied from 0.08 to 0.2 mm. Heating was carried out 
by a molybdenum coil wound on the quartz container 
in which the evaporator was placed. The tempera- 


ture was measured by a chromel/alume! thermocouple. 


In the mass spectrum of the vapour the ions of 
BCI}, Be CI*, BegCe}, BegCl}, Bet, CIT, 
oF. 


and also those of HCl* were observed; the presence 
of the latter is due to the hydrolysis of beryllium 
chloride during charging and transferring to the 
mass spectrometer. The relative magnitudes of the 
ion beams are shown in Table 1 for three tempera- 
tures used in one experiment. 
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The Be* ions are formed apparently by the frag- 
mentation of chloride during ionization since their 
appearance potential, calculated as 26 V, is con- 
siderably higher than the ionization potential! of 
beryllium (9.3 V). The presence of ions Cl*, Clt 
and BeC]I* is also due to dissociation as a result 
of electron bombardment. The relationship between 
the magnitude of the flow of BeCl¢ and that of Be* 
and Cl ¢ does not vary in the temperature range in- 
vestigated. The considerable variation in the rela- 
tionship between the ion beams BeCl4 and BeCl* 
with variation in temperature, indicates the possible 
dissociation of the chloride. However the formation 
of Cl* ions on the decomposition of HCl, and also 
the similarity between the appearance potentials of 
BeClt and BeCl* (11 and 15 V respectively) does 
not permit a quantitative analysis. 

In the range of temperatures investigated the flow 
of Be,Cl,*+ ions was considerably greater than that 
of Be,Clf. In this case the loss of a chloride atom 
to a dimer is similar to the behaviour of certain 
other halogenides [2, 4]. 

Graphs for the dependence log /\/ T on 1/T (see 
illustration) were plotted from the result of each 
experiment and they are in the form of straight lines 
both for the monomer and the dimer with the same 
gradient for all sizes of aperture in the evaporator. 
From the slopes of the straight lines the heats of 
sublimation of the monomer and dimer of beryllium 
chloride were determined and were found to be 
AH, = 34+ 1 kcal/mol and A H, = 44+ 1 kcal/mol 
respectively. AH, was calculated from the data on 
the variation in the BeCl} ion stream. The small 
amount of BeC]4 ions introduced by the decomposi- 
tion of the dimer was neglected in the calculation 
of AH,. The energy of dissociation calculated from 
the heat of sublimation was AH = 24 + 2 kcal/mol. 

Comparing our figures with those of Ralf and 
Fischer who found that the heat of sublimation for 
mixtures of monomers and dimers at temperatures 
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FIG. 1. Temperature dependence, ion intensity BeCi 
and BeCl}. 


of 613 to 733°K was 30 kcal/mol, it is difficult to 
come to any conclusion regarding the temperature 
dependence of the heat of sublimation since the 
corrections used by them to allow for the interaction 
of BeCl, with quartz might possibly lead to error. 


CONCLUSIONS 


1. It has been established that the vapour above 
beryllium chloride is a mixter of monomer molecules 


BeC], and dimers Be,Cl,. The proportion of dimers 
in the range 496 to 578°K is about 0.5 to 1.5% of the 
total number of molecules and increases as the 
temperature is elevated. 

2. Determination of the heat of sublimation of the 
monomer and dimer molecules of beryllium chloride 
give the figures AH, = 34 + 1 kcal/mol and AH, = 
44 + 1 kcal/mol. 

3. The dissociation energy of the dimer, calculat- 
ed from the heat of sublimation, is AH = 24+ 2kca-/ 


mol. 


Translated by V. Alford 
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APROPOS OF THE ARTICLE BY ALEKSANDROV, VERKIN, LIFSHITS AND 
STEPANOVA [1] * 
W.C. WINEGARD 
Department of Metallurgy, Toronto University, Canada 


Department of Metallography, Cambridge, England 
(Received 28 July 1960) 


The phenomenon of the periodic variation in the 
concentration of an impurity in a monocrystal observ- 
ed by Aleksandrov and others [1] was recently ex- 
plained by Landau [2]. The latter expressed the 
opinion that. because of concentration supercooling 
in the course of growth a cellular structure arises on 
the crytallization surface [3]. He also suggested 
that supercooling may from time to time become so 
great that it causes a change from the cellular to 
dendritic structure with corresponding change in the 
concentration of the solid phase. 

On the basis of the papers by Tiller and Rutters 
[4], Holmes and others [5] and Plaskett and Winegard 
[6], the transition from cellular to dendritic structure 
is known to proceed under the following conditions: 


G/R'!? ACy/ko, (1) 


is the temperature gradient in the liquid 
phase; 

is the rate of freezing; 

is the concentration of the solute sub- 
stance or impurity; 

is a constant; 

is the coefficient of distribution. 


The important feature of this equation in con- 
nexion with the explanation given by Landau is 
that, for the substance in question, transition from 
the cellular to dendritic strycture is dependent on 
the ratio G/R%. If the variation in concentration 
observed by Aleksandrov and others is attributable 
to variation in structure then it must be assumed 
that the conditions of growth were close to the 
critical value of the ratio G/R%. This could, of 
course, occur, but a more probable reason for the 
periodic change in composition is change in the rate 
of growth. This is usually due to jolts in the move- 
ment of the furnace or to cyclic temperature regu- 
lation. 

The variations in structure and composition in 
the course of solidification have been discussed in 
detail by Winegard in a recent review [7]. 


Translated by V. Alford 
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DISCUSSION OF THE ANISOTROPY OF CRYSTALLITES BEYOND THE ELASTIC LIMIT * 
O. N. SHIVRIN 
Petrozavodsk State University 
(Received 18 January 1960) 


It was established in paper [1] that the rings on 
powder photographs of specimens in tension below 
the elastic limit are in the form of ellipses. On trans- 
ition beyond the elastic limit the elliptic rings be- 
come round. 

On the basis of this, it is asserted that “beyond 
the elastic limit the mechanical interaction between 
the crystallites becomes so great and deformation 
reaches such degrees that the individual properties 
of the crystallites are neutralized as a result of 
which the polycrystalline body begins to behave 
like an isotropic one”. 

One could agree with this assertion if it is assum- 
ed that anisotropy is the dependence of macro- 
deformation (determined from X-ray measurements) on 
the direction of applied stress, but if the anisotropy 
of crystallites is regarded as the dependence of 
elastic properties on crystallographic direction 
(which is in fact the generally accepted understand- 
ing of anisotropy as given in [1]), then the above 
assertion is without basis if it is these same macro- 
deformations (measured by the X-ray method), which 
occur on passing beyond the elastic limit, the more 
so if we are concerned with microdeformations which 
are the result of irreversible processes. 

Actually, if the field of macrostresses is regarded 
as uniform up to the elastic limit, then on passing 
beyond this limit, as a result of the application of a 
field of internal microstresses [2], this uniformity 
in the field of stresses will no longer obtain in the 
macrovolume. In this case the field of stress (macro 
+ micro) can only be regarded as uniform within the 
limits of one or several crystallites which are very 
similar in orientation. Because of the anisotropy of 
these crystallites the extent of the deformation will 
be different in different crystallographic directions, 
evidence of which will be given in X-ray measure- 
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ments by the different broadening and displacement 
of lines reflected from the crystallographic planes. 

In papers [3, 4] it was shown that the broadening 
of lines is actuelly dependent on crystallographic 
direction. These effects have been subsequently 
investigated in papers [5-8]. 

It was shown that in a number of materials (nickel, 
aluminium, steel) crystallite anisotropy was clearly 
seen in the dependence of the degree of micro- 
deformation (type II distortions) on crystallographic 
direction. In a number of cases this dependence was 
not what was expected from calculations for a free 
monocrystal, which indicates the presence of inter- 
crystallite interaction. It seems that the degree of 
anisotropy is slightly dependent on the extent of 
residual macrodeformation and is observed even 
when the latter is considerable, i.e., when the 
elastic limit has been exceeded by quite a consider- 
able amount. 

We note also that the loss of anistoropic proper 
ties by crystallites on transition beyond the elastic 
limit would lead to the fact that the displacement 
of lines (more precisely the value A S cot 6 where 
AS is the displacement of a line in angular units) 
must be the same for the difference reflections. 
This was not noted in [1]: displacement of line (211) 
occurred both before and after the elastic limit, 
when the displacement of line (310) took place. 

It follows from these facts that, despite the loss 
of individuai properties by the crystallites on pass- 
ing beyond the elastic limit, their anisotropy does 
not completely disappear. There occurs only the 
change due to the increase in crystallite interaction 
(strain-hardening). 

Let us now turn onr attention to the broadening of 
lines under stresses which do not exceed the elastic 
limit. This is not the result of crystallite anisotropy 
alone. Davidenkov and Tsobkallo [9] have shown 
that this effect may be the result of stress gradient 
in the piece irradiated. This always occurs where 
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the deformation of the crystallites is not uniform, 
even if the field of macrostresses is uniform. A simi- 
lar effect was observed by Rovinskii in tungsten 
[10] which is known to be elastically isotropic. In 
this case broadening of the lines is the result of 
broadening of the reflection itself, the reflection 
from a non-uniformly deformed crystallite, and not 
the result of the overlapping of several reflections 
displaced in a radial direction in relation to one 
another, as has been supposed on the basis of the 
scheme in paper [1]. 


It follows from all this that while the scheme used 


by the writers of paper [1] can satisfactorily ex- 
plain a number of facts observed in polycrystals 
ander loads not exc zeding the elastic limit, it can- 
not be used to explain the phenomena which are 
observed beyond the elastic limit and must be 
replaced by a more precise one which allows for 
the affinity of the crystallites besides the aniso- 
tropy [11]. 


Translated by V. Alford 
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It was shown by one of the authors as early as 
1934, that the anisotropy of crystallites is respons- 
ible for both the displacement and the broadening of 
the lines of a powder photograph [1]. It was not until 
1959 that we were able to test theoretical conclus- 
ions by experiment [2]. The main problem consisted 
in the study of the influence of the stressed state on 
the form of the powder lines within the elastic 
limits. As the experimental results showed, the 
theoretical calculations were absolutely accurate 
and raised no doubts whatsoever. We were able to 
explain a number of contradictions in the measure- 
ment of residual stresses of the first order, as des- 
cribed by various authors. Shivrin was himself in 
agreement with this when he wrote at the end of his 
article: “... The scheme used in [2] explains satis- 
factorily a number of facts observed in polycrystals 
under load not exceeding the elastic limit”. 

In the course of our experimental investigations 
of materials we quite naturally exceeded the elastic 
limit in order to establish the difference in the be- 
haviour of a polycrystal within and beyond these 
limits. This was done for this purpose alone. We 
had no intention of investigating the influence of 
stresses beyond the elastic limit on the form of 
powder photographs. We noted only the fact that the 
ellipse becomes circular on passing beyond the 
elastic limit. As one of the causes for this pheno- 
menon we indicated that “beyond the elastic limits 
the mechanical interaction of crystallites becomes 
so great, and the deformation reaches such a mag- 
nitude, that the individual properties of the crystal- 
lites are cancelled out”; Shirvin agreed with this 
stating: “It follows from these facts that although 
the loss of individual properties by the crystallites 
on passing beyondthe elastic limit does indeed take 
place, their anisotropy does not completely dis- 
appear”. 
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REPLY TO O.N. SHIRVIN ON THE QUESTION OF THE ARTICLE 
“THE ANISOTROPY OF CRYSTALLITES” [3] * 
G.I. AKSENOV and V.A. MOSHCHANSKII 


No-one, including ourselves, has asserted that 
the anisotropy of individual crystallites disappears 
on passing beyond the elastic limit. Anisotropy 
remains in individual crystallites, but beyond the 
elastic limit they find themselves in circumstances 
in which there will occur “loss of the individual 
properties of the crystallites” (O.N. Shivrin), i.e. 
“the polycrystalline body begins to behave like an 
isotropic one” (Aksenov, Moshchanskii). Thus two- 
thirds of the article by Shivrin only serve to con- 
firm the accuracy of our investigations, our “scheme” 
in the field of elastic strains. The last third of the 
article consists of highly questioable assertions. 
Shivrin draws attention to the fact that “... ‘lhe 
broadening of lines under stresses not exceeding the 
elastic limit is not the result of crystallite aniso- 
tropy alone”, pointing to experiments by Davidenkov 
and 1'sobkallo who showed that broadening may be 
the result of stress gradient in an irradiated object. 
If Shivrin is tiinking of the gradient of the normal 

to the surface of the specimen, then in our exper- 
iments with a testpiece 2 mm thick and stress of 

20 kg/mm?, the normal gradient is 2 x 10°? kg/mm? 
per micron. At an X-ray penetration depth of 10 » 
the difference in stress is ~ 0.2 kg/mm’. This dif- 
ference in stress has practically no effect on the 


film. 
Shivrin’s statement that in a uniform stress field 
the deformation of the crystallites will always be 
non-uniform, is therefore in agreement with our pro- 
position. In our article [2] it was stated that “in a 
polycrystalline body there is a loss of continuity 
in deformations passing from one crystallite to the 
other”. This fellows from Hook’s law o = Ee. If o 
is continvous and uniform inside the specimen, 
while E in a crystallite is dependent on the direct- 
ion (anisotropically), then strain « = 0/E must also 
be dependent on direction and consequently, it will 
vary on passing from crystal to crystal. This is the 
nature of the broadening of powder lines. 
As concerns the reference to Rovinskii’s 


experiments with tungsten and steel, it is complete- _— of the I type. 
ly irrelevant because it refers to residual stresses 
of the II type while we were concerned with stresses Translated by V. Alford 
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s-d EXCHANGE INTERACTION AND RESONANCE IN FERROMAGNETIC METALS * 
Yu.A. IZYUMOV and Yu. Ya. POLYAK 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 26 May 1960) 


The complex magnetic susceptibility of a transition ferromagnetic metal has been calculated as 
a function of the frequency of the external magnetic field. It will be shown that in specimens with 
dimensions less than skin depth, where the variable field can be regarded as uniform, the absorption 
of field quanta corresponds to the generation of spin waves with a quasi-impulse equal to zero and 
that here the exchange interaction between conduction electrons and the electrons of the non-spin- 
saturated layers of metal will cause neither a shift of the resonance frequency nor broadening of the 
absorption lines. 


1. INTRODUCTION 


The accumulation of experimental information relating to the phenomenon of ferromagnetism in 
metals and alloys of transition elements indicates that their magnetic properties are primarily due 
VOL. to the electrons of the unfilled shells of atoms with uncompensated spin. The exchange interaction 
lo of these electrons with conduction electrons has a considerable influence on their collective proper- 
1960 ties (the so-called s-d-exchange interaction). 

Before the appearance of Kasuya’s paper [1] this interaction was studied mainly along the lines 
of the influence of the ferromagnetic system on the properties of conduction electrons. Kasuya has 
shown that the interaction of the electrons of unfilled shells with conduction electrons leads to an 
indirect exchange interaction of the former so that in principle the ferromagnetic bond in a metal 
can be attributed only to this mechanism of indirect exchange. 

Later, in papers [2, 3] a detailed study was made of the spin branch of excitation in these 
metals and it was shown that there are two spin wave branches to be allowed for when calculating 
interaction with conduction electrons. One, with the usual dispersion law but with a certain effect- 
ive exchange integral which allows for indirect coupling via conduction electrons, and the other which 
is separated from it in the infra-red field by the value of the s-d-exchange integral. In paper [3] cal- 
culation was also made of the attenuation of spin waves when they interact with conduction electrons. 
In this paper we shall continue the study of this probelm in connexion with the theory of ferromagnetic 
resonance. 

We set ourselves the task of calculating the complex susceptibility of a metal allowing for s-d- 
interaction. We shall here neglect skin effect as long as the conclusions drawn relate to specimens 
with dimensions considerably less than skin depth. 

The energy operator of the system under review, in a uniform permament magnetic field H lying 


along axis z, will have the form [4]: 


ko hi+fe 


* Fiz. metal. metalloved., 10, No. 5, 641-649, 1961. 
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Here E, is the energy of a conduction electron in s periodic lattice with quasi-impulse k, a, , and 
a,,, + are the Fermi operators of the origin and destruction of conduction electrons. The second term 
represents the exchange energy of d electrons, the third and fourth — the Zeeman energy of the d 
and s ejectrons in the magnetic field. The last two terms define the operator of s-c-exchange inter- 


action. 


is the s-d-exchange integral, w, and w, are the Larmor frequencies for d- and s-electrons with g 


factors g, and gs: 


Sq and S, are the z projections of the total spin operators for d and s electrons. 
It can be shown [5] that the total spin operator of conduction electrons is expressed through the 


Fermi operatore a, | and a, g in the following manner: 


1 + + 
Ss =— (—) Qe (+) 4, 
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2. CALCULATING SUSCEPTIBILITY BY THE APPROXIMATION OF MOLECULAR FIELD 


The s-d-exchange operator in (1.1) includes the exchange processes of the non-spin-saturated 
shell of an atom with conduction electrons during which in particular, the pulse of the latter may 
vary (terms with k, #k,). This affects the possibility of the transfer of energy from the spin system 
of the d electrons to the conduction electrons, increasing their kinetic energy. In view of this it is 
to be expected that s-d-exchange interaction will cause the broadening of absorption lines in ferro- 
magnetic resonance. 

Let us first investigate the influence on resonance of that part of the s-d- interaction which is 
not connected with the processes mentioned above, i.e. letus consider the approximation of molecular 


field where 


J (Ay ky) = (ky — Re). 


By means of formula (1.3) Hamiltonian (1.1) will in this case be composed in the form 
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Let us calculate the macnetic susceptibility tensor of the system defined by Hamiltonian (2.2). 
If a variable magnetic field is lineariy polarized in the direction x it will be quite sufficient to 
calculate one component of the tensor 
(). 
A very simple method of calculating susceptibility is proposed by Tyablikov [6] according to which 


[ 
(a) = — KM, dz. (2.3) 


is Green’s statistical function. Here M, is the operator of total magnetic moment (2 ~ xX, y 2), 
M.A(-) is the same operator in the Heinsenberg representation with Hamiltonian H, the square 
orackets indicate the commutator, while 


SP ( 5p (=) 


As 
then on the basis of the calculation of (2.5), it is possible to write 
A 
KM, = K + K + (2.6) 


Let us now compose an equation of movement for each of the Green functions in (2.6). We have for 
example: 


< (2)'SE> = tho, — 


s-d-exchange interaction 3 
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We shall see that the Green functions required by us are connected with more complex equations. 


The chain of equations which is obtained is transformed into a closed finite system if the ordinary 
approximation of complex Green’s functions is allowed: 


€ Si (2) (STD = (Sap. (2.8) 


The system of differential equations obtained in this way can easily be resolved by means of the 


Fourier transformation 


= x \ dE, ... 


We thus have the two Green functions required: 
KS3|Sa> and <S;3|Si>. 


To find the other two a system of equations must be compiled, similar to (2.7). If this is done and 
the figures found for the Green functions are inserted in (2.6) and (2.3), the equation for susceptibi- 


lity can be found 
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M, and Mj are the intensity of magnetization of the s and d electrons: 


Formulae (2.9) and (2.10) were first found by Turov [7] using the solution to the phenomenological 
equations for the magnetization vector. The same formulae are known to be obtained also for ferrites 


with two sublattices. 
It can be seen from (2.10), that w, and w, are resonance frequencies. The expressions for them 


are very much simpler when the g-factors of the s- and d-electrons are equal or when their difference 


can be neglected. In this case 


h — h + hg N (M, + M,), 


and formula (2.9) will have the form 


Xxx (w) = Xo 


— @? 


(X, is the static susceptibility of the metal). 

Thus, when the g-factors are equal, the second frequency drops out of the expression for sus- 
ceptibility (the same thing occurs in a ferrite). 

Formula (2.12) for frequency susceptibility corresponds to the classical one without allowing 
for attenuation, wherefore its imaginary part can be formally obtained by means of the analytical 


extension 
ie; e>0. 


Then instead of (2.12) we have 


Xex (0) = ——— [3 (0, (, + (2.13) 


3. CALCULATING SUSCEPTIBILITY BY THE METHOD OF PERTURBATION THEORY 


In this section we will turn from the approximation of the molecular field and will consider the 
full Hamiltonian of s-d interaction, regarding it as a small perturbation. We shall not, however, be 
able to calculate susceptibility using the dynamic variables in which Hamiltonian (1.1) was express- 
ed. Actually the calculations will be carried out in the spin wave approximation and for this reason 
the results here obtained will generally speaking, only be correct in the field close to saturation. 

Passing in formula (1.1) from the spin operators to the Bose operators for the generation and 
elimination of spin waves, we get the following representation of the Hamiltonian problem: 


H=H, +H 


H, = + of 
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Here a is the energy of a conduction electron with a quasi-impulse & and spin o: 
Ey + — = E,— he, — 2s] 
while « z is the energy of a spin wave with quasi-impulse g 


= hw, + 2s /g? +... (3.5) 


We shall calculate susceptibility using the method of Kubo and Tomita [8], according to which it 
is expressed through the relevant function of after-effect ®,5 (t): 


= | (2) de. 


wherefore 


We shall expand the value M, (r) into a series to the power of perturbation 


(2) = M2 (5) + — [M2 (x). H’ (t,)] + 


+ [[M2 (x), H’ (t,)] H’ (t,)] +..., 


where 


and H’(t) 


are the operators of M, and H’ in the Heisenberg representation with Hamiltonian Hy. Substituting 
(3.9) in (3.7) we shall have the expansion of the functions of after-effect into a series to the power 
H’. To carry out the actual calculation according to formulae (3.6) through (3.9), the magnetic moment 
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operators must be expressed through the same dynamic variables as Hamiltonian (3.1). 

As in the preceding section also, we shall calculated one component of the tensor Xxx (). 
The magnetic moment of the whole crystal is composed of the magnetic moment of the d and s 
electrons 


M = M54 Mi, 
wherefore 
Mi= 84 19 bs). 
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It cao easily be shown that the Heisenberg representation of these operators with Hamiltonian H, 
has the form 
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From these relationships we shall find the formula for the first two approximations of the function of 
after-effect: 
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Inserting the double integral in the latter expression the following is easily calculated: 


t ty t 
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after which the formula for (3.14) can be written in the form 


ist 
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In these formulae (7, ) and {nj} are the Fermi functions of distribution for conduction elec- 
trons with energies (3.4), which emerge after the statistical averaging of the Fermi operators. 

One must note that equations (3.12)- (3.16) do not represent in the usual sense a dissociation 
into a series with respect to the interaction constant J (k,k2), since it still enters even the denomina- 
tor of these equations through the energy of the conduction electrons. 

If now the successive approximations of the value @,,(¢), are considered, they will be seen 
to have the following meaning. 

In the zero approximation we have two resonance frequencies: 


So — 


h and 


with intensities proportional to the magnetization of the d- and s-electrons respectively. In the ex- 
pression @\’)(f) the first term corresponds to the variation in the intensity of the zero approxima- 
tion. The second term corresponds to the shift of resonance frequency 


£0 


under the influence of perturbation by the value 
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In formula (3.16) the second term also gives the correction for the intensities of the zero approxi- 
mation frequencies, while the first causes frequency to shift by the value of 
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and is in a complex manner dependent on the function of the distribution of conduction electrons and 
spin waves. It can be shown that it causes some variation in this resonance frequency and the borad- 
ening of lines. The problem of whether this frequency is connected with the above approximations of 
the perturbation theory will not interest us here and for this reason the term R(t) will be dropped. 

A more interesting situation arises when the g-factors for d and s electrons are equal, or when 
their difference can be neglected. In this case 


e, = (RR), 


and therefore formulae (3.12) to (3.16) will have the form: 
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It can be easily seen that in this case Aw; + Aw:=0, i.e. perturbation will not cause a 
shift of resonance frequency. Far from it, the terms representing frequency 
+ 


h 


will be reduced by one another and we finally get 


(t) = OY (1) + OY () — OFF () = 
i i 


Substituting this result in (3.6) we find the following formala for susceptibility: 
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which is the static susceptibility of the metal. 
Formulae (3.24) and (3.25) coincide with (2.12) and (2.13) obtained in the approximation of the 
molecular field. The complete agreement of these results with those of the previous section indicate 


that susceptibility is not dependent on the second resonance frequency 


h 
4. CONCLUSIONS 


The following conclusion may be drawn. In a ferromagnetic transition metal where there is 
resonance on specimens many times smaller than skin depth, so that the variable magnetic field is 
uniform and only excites spin waves with a quasi-impulse equal to zero, s-d-exchange interaction will 
not cause a shift of resonance frequency nor broadening of the lines. In this case the formula for 
magnetic susceptibility as a function of the frequency of the external field, corresponds to that which 
follows from the approximation of the molecular field when calculating s-d-exchange interaction. 
Magnetic susceptibility is proportional to the total magnetization of the metal which is composed of 
the magnetization of d electrons and that of conduction electrons. 

The fact thatin this case s-d-exchange interaction does not cause line broadening is due to the 
magnetizing of conduction electrons by the system of spontaneously ordered d electrons. 

Because of this, as can be seen from (3.4), the energy of two conduction electrons with the same 
quasi-impulses but different spin directions, will differ by the value 2sJ (kk). 

If s-d-exchange interaction is regarded as the cause of transfer between the Zeeman levels of 
the spin system of d electrons (generation of a spin wave with g = 0, the it is clear that in this case 
the law for the compensation of energy between the zero levels of the system should be satisfied, 
i.e. 


(4.1) 


should apply, which is not possible in view of what has been said above. 

However, if a non-uniform variable field is acting on the metal (as when calculating skin effect 
for example), it may cause the generation of spin waves with g # 0, so that conditions of the type 
(4.1) might seem possible for certain spin waves. 

In this case the probability of transfer under the influence of s-d-exchange interaction will be 
other than zero, and it might lead to line broadening. This question was investigated in the work by 
Turov [7] and Abrahams [9]. 


Translated by V. Alford 


10 
where 
0.29 

Vol 
lc 
19¢ 


s-d- exchange interaction 


REFERENCES 


T. Kasuya, Progr. Theor. Phys., 16, 45 (1956). 


S.V. Vonsovskii, A.A. Berdyshev, Yu.A. Izyumov, K.B. Karpenko and Yu. Ya. Polyak 
Dokl. Akad. Nauk. SSSR, 132, 797 (1960). 


S.V. Vonsovskii and Yu.A. Izyumov, Fiz. metal. metalloved., 10, 3, 321 (1960). 
S.V. Vonsovskii and Ye.A. Turov, Zh. eks. teor. fiz., 24, 419 (1953). 

Yu.A. Izyumov, Fiz. metal. metalloved., 9 (1960). 

S.V. Tyablokov, Fiz. tverd. tel., 2, 361 (1960). 

Ye.A. Turov, Sborn. Ferromagnitnyi rezonans (Ferromagnetic resonance ) (in press). 
R. Kubo and K. Tomita, J. Phys. Soc. Japan, 9, 888 (1954). 

E. Abrahams, Phys. Rev., 98, 387 (1955). 


u 
3. 
4. 
5. 
6. 
7. 
8. 
9. 
VOL. 7 
lo 
1960 


INVESTIGATION OF THE PROCESS OF THERMAL DISSOCIATION OF 
HEXACARBONYL OF MOLYBDENUM * 
G.L STEPANOVA and A.A. ROZEN 
(Received 2 July 1960) 


The thermal dissociation of the hexacarbonyl of molybdenum, which is accompanied by precipit- 
ation of molybdenum with a small amount of carbon impurity, is used in the molybdenum coating of a 
number of materials and in obtaining pure molybdenum. The investigation of the thermal dissociation 
of molybdenum hexacarbony! is therefore of considerable practical interest. Particular features of the 
process of thermal dissociation are its rate and the concentration of carbon in the precipitated moly- 
bdenum. Both these are considerably dependent on the rate of removal of the products of reaction 
from the apparatus in which the dissociation has taken place. This paper presents an explanation of 


this dependence. 
The investigation was carried out with the aid of the vacuum apparatus described previously 


[1], adapted for work with different evacuating systems. The carbonyl! was fed into the apparatus in 
a stream of hydrogen. Dissociation of the hexacarbonyl took place on the surface of a fine steel 
tube heated to 875°K. Hydrogen pressure in the apparatus was 0.1 mm Hg. - 


1. CALCULATIONS 


In the process investigated, data regarding the feed of molybdenum hexacarbony!] into the 
apparatus, temperature of the dissociation surface and rate of evacuation are known. Let us calcul- 
ate the pressure of the reacting substances, the rate of dissociation and the concentration of carbon 
in the precipitating molybdenum. We shall assume that the hydrogen does not participate in the 
reactions. 

The dissociation of molybdenum hexacarbonyl occurs according to the following equation 


Mo (CO), = Mo ~ 6CO. (1) 


Precipitation of molybdenum occurs in the solid phase and that of carbon monoxide, in the gaseous. 
We shall consider the low temperature part of the diffusion reaction field, in which each carbonyl 
molecule falling on to the heated surface is dissociated, but volumetric dissociation does not occur. 
As has been shown previously [1], this occurs in the temperature range 500° < T < 1000°K. In this 
range the amount of carbonyl dissociated in a unit of time q, (rate of dissociation) is equal to the 
amount of carbony! falling during this time on to the surface, and is related to the hexacarbonyl 
pressure in the apparatus p, by the ratio 


where 


* Fiz. metal. metalloved., 10, No. 5, 650-654, 1961. 
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3 
V 2x MRT 


Here Q is the area of the surface on which dissociation occars, M is the molecular weight of carbonyl, 


R is the gas constant, ¢, is expressed in mol/sec. 
The dissociation of molybdenum hexacarbonyl is accompanied by a second reaction 


which causes contamination of the molybdenum with carbon. Reaction (4) takes place with equilibrium 
and the relationship between the partial pressures of the gaseous components of the reaction is defin- 


ed by the condition 
= KPs, (5) 


where K is the equilibrium constant of reaction (4), p, and p, are the pressures of the carbon monoxide 
and dioxide respectively. Carbon precipitation occurs as a result of the restoration of equilibrium 
disturbed by the dissociation of Mo (CO), and evacuation. 

Besides the relationship (2) and (5) the conditions for the steady state of the process should be 
satisfied, i.e. conditions for maintaining the numbers of carbonyl, carbon monoxide and carbon 


dioxide particles in the apparatus 


Uv —q,— Sp, =9, (6) 
69, — 243 — Bp, = 0. (7) 


Js — pps = 0. (8, 9) 


Here v is the quantity of carbonyl fed into the apparatus in a unit of time; 


= 

S is the rate of evacuation, 7, is the temperature of the evacuating gas; Bp, is the amount of 
i-type gas evacuated in a unit of time; g, is the amount of carbon precipitated in a unit of time. 

Equations (2), (5) to (8) contain five unknowns p, py Ps» 7, and g, which can be found quite 
easily. We note that the dissociation surface with reference to the carbonyl acts according to (3) 
and (6) as a pump with a rate of evacuation of aRT,. For maximum utilization of the molybdenum 
hexacarbonyl, it is of course necessary that the “rate” of evacuation of the dissociation surface 
should be considerably higher than the rate of the pump. In the apparatus used these requirements 
are satisfied (B/a~10-*). We shall therefore neglect the value 8 /a. Let us also use the con- 
ditions g, « q,. Then, from equations (2), (5) to (8) we shall find 


(10) 
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(12) 


q, = 0, (13) 
_ (60)? 
(14) 


The concentration of carbon in the molybdenum by weight can easily be determined through the 
values found: 


C= 
969, + 129, 


(15) 


In calculating (15) it is assumed that all the precipitated carbon settles on the dissociation surface. 
It is easy to see that carbon monoxide predominates among the reacting substances. Actually, in 
accordance with conditions B < a, q, K q,, we have from (10) to (14) 


A= Pe. Ps = P2X Pr- (16) 


According to (13) the rate of dissociation of hexacarbonyl q, is equal to the rate v at which moly- 
bdenum hexacarbonyl is fed into the apparatus. Mo (CO), is fed into the apparatus in a stream of 
hydrogen. At the hydrogen pressure given, the stream increases as the rate of evacuation increases. 
The rate of supply of the carbonyl will therefore also increase, which in its turn, will cause an 
increase in the rate of dissociation. The dependence of v and q, on the rate of evacuation S at a 
hydrogen pressure in the apparatus p, = 0.1 mm Hg is shown in the first three columns of Table 1. 
The rate of dissociation of the carbonyl was measured from the increase in the weight of the steel 
tube. The rate of supply of carbonyl to the apparatus was determined by measuring the carbonyl 
collected by the pump trap when the heat was turned off, when there is no dissociation and the 
whole of the carbony! is evacuated. It can be seen from the table that v and q, are uniformly depend- 
ent on S. In particular, both these figures increase abruptly on going from S = 21/sec to S = 71/sec. 
The difference between v and q, reaches 15 % however, and is considerably greater than appears from 
(6) when using the values 8/a This appears to be due to the presence of a Mo (CO), pressure grad- 
ient close to the dissociation surface, which causes a reduction in the effective value of a 
According to (15) the concentration of carbon by weight can be found from the values v, B and K. 
K is dependent on the temperature at which the reaction takes place. It is usually assumed that the 
reaction temperature is equal to the temperature of the dissociation surface. In our case the tempera- 
ture of the dissociation surface was maintained at 875°K. The figures for the concentration of oxygen 
calculated from (15) at 7 = 875° however, do not coincide at all with the experimental data (see 
table). There is a three-order difference for instance, in the values of C calculated theoretically and 
experimentally when S = 0.51/sec and S = 21/sec. The direction of the variation in carbon concent- 
ration with variation in S also does not coincide. This is quite easy to explain when it is remembered 
that in the case under review there is a considerable difference in temperature between the dissocia- 
tion surface and the gas edjacent to it. Because of this, the reaction cannot be regarded as taking 
place at a uniform temperature of the dissociation surface. On the contrary, as the equilibrium cons- 
tant determines the relationship between the pressures of the components in the gaseous phase, it 
would be more natural to use the temperature of the gas adjacent to the surface as the temperature 
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of the reaction. 


2. TEMPERATURE DIFFERENCE 


Let us consider in more detail the temperature difference noted above and its influence on the 
concentration of carbon in the molybdenum. The presence of a temperature difference between the 
heated wall and the gas adjacent to it is due to the necessary transfer of heat from the wall to the 
gas (particles passing to and those passing from the wall, should have different energies). The tem- 
perature difference should, of course, be greater the fewer the particles participating in heat trans- 
fer, i.e. the smaller the density of the particles the greater will be the heat transferred from the wall 
to the gas. If A is the coefficient of thermal conductivity of the gas and VT is the temperature grad- 
ient close to the wall, then the amount of heat transferred from the wall will be equal to 
Thus at large temperature gradients and low density the difference can become quite significant. In 
the calculations we shall assume that the gaseous mixture consists of two components, hydrogen and 
carbon monoxide. The carbonyl pressure p, and that of carbon dioxide p, are according to (16) small, 
and their presence can be neglected. The temperature of this mixtare close to the wall T’is j= YT. 
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Here T is the temperature of the wall, C,, is the molecular thermal capacity at constant volume 
which is thé same for the gases used here; NV is Avogardo’s number; m; is the mass of the molecule 
of the i component; o;, is the collision cross-section of the molecules of the i and k components; 
index 0 indicates hydrogen, 2, carbon dioxide. Equation (17) was found from the formula for tempera- 
ture difference given in paper [2]. It is not precise as it does not take into account the valency of 
the molecules of the mixture, nor the fact that the coefficient of absorption energy when the particles 
are in collision with the wall, is other than 1. However, as an accurate calculation of these factors 
is not possible, we shall use (17), reckoning the error in the second term in the right-hand part of 
this equation as of the order of + 30%. 

According to (17) the temperature of the gas close to the wall at given hydrogen pressure p, is 
substantially dependent on the pressure of carbon monoxide p, which in its turn is determined by the 
rate of evacuation. Thus the equilibrium constant K waich determines temperature 7’, is dependent 


on the rate of evacuation. 
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FIG. 1. The dependence of carbon concentration in molybdenum on the 
rate of evacuation: 
1 — experimental curve; 2 — theoretical curve. 


In order to test to what extent these considerations correspond to experiment, we calculated the 
carbon concentration c from (15), assuming that the temperature of the reaction is determined by 
equation (17). Hydrogen pressure was 0.] mm Hg; carbon monoxide pressure was found from equation 
(11); the temperature of the evacuated gas was 7, = 3.15°. The collision cross-sections used in (17) 
are respectively, 


Oo = 18.1x 10-'© cm’, Oo2 = = 26.4x10—-!§ cm’, 02, = 


The temperature gradient around the wall is calculated from the given dimensions of the apparatus 
and the temperature on the boundaries. Where S = 14.21/sec the temperature gradient was 300°,cm; 
in the remaining cases it was 420°/cm. The calculated figures for carbon concentration, which are 
given in the-sixth column of the table, are in very good agreement with experimental data (see also 
illustration). 

The difference in experimental and theoretical figures for carbon concentration does not exceed 
the concentration scattering appropriate to the precision of calculation and temperature measurement. 
According to (15) the carbon concentration in the molybdenum is exponentially dependent on tempera- 
ture, as K is an exponential function of temperature. Therefore the precision of the determination of 
c is not very great even where the precision of temperature determination is good. The latter is illus- 
trated by the seventh and eighth columns of the table where the temperatures of the reaction are given, 
calculated from the requirements for the exact satisfaction of (15) en and from equation (17) 
(T’.aic)- All the figures agree within the limits of the precision of the calculation, which is + 50%. 
The presence of the temperature difference does explain therefore both the extent of the carbon 
concentration in the molybdenum and its variation as a function of the rate of evacuation. 

We note that there is a slow reduction in the concentration of carbon with increase in the temper- 
atare of the dissociation surface, which was observed earlier [3], and which appears also to be con- 
nected with the temperature difference. Because of this temperature difference the reaction increases 
more slowly than the temperature of the dissociation surface, which fact explains the picture observed. 


CONCLUSIONS 


1. The figures characterizing the process of the thermal dissociation of molybdenum hexacarbonyl 
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have been calculated. The system of calculation can be used for similar processes. 

2. The quantity of molybdenum hexacarbonyl dissociated in a unit of time is determined in the 
low temperature part of the diffusion range by the supply of hexacarbonyl to the apparatus, and is a 
function of the rate of evacuation only in that so far as the rate of evacuation is dependent on the 


supply of hexacarbonyl. 

3. It is considered that the temperature difference between the dissociation surface and the gas 
adjacent to it explains the concentration of carbon in the precipitated molybdenum and its dependence 
on the rate of evacuation. j 


Translated by V. Alford 
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CALCULATION OF THE CORRELATION PARAMETERS FOR THE SECOND CONFIGURATION 
SPHERE OF AN n-COMPONENT SOLID SOLUTION * 


A.N. MEN’ 
Institue of Metallurgy, Ukrainian Branch, Academy of Sciences U.S.S.R. 
(Received 11 April 1960) 


The correlation parameters are calculated for the second co-ordination sphere of a malti-component 
solid solution, with allowance for the arrangement of atoms in interstitial sites. 


Let us consider an unordered solid solution with equivalent-sites containing N; i-type atoms 
(i = 1, 2..., ). We shall compose the matrices C, and C, [1]: 


C, = (Q1:); Cy 


from which it follows 


Di? = Di! = = = 1. 
(2) 


All the chains of length 2 [2] will differ from one another either by the type of atom or arrange- 
ment. They will have the form Qik wherefore only the structurally non-equivalent ones' must be 


left 


Qiit | Quiz Qin Qin 

a | Qien (1) Qis, Qien 
(i=2....n) 


Qin Qins ove Qinn| Qini Qini+1 Qinn 


There will be in all (see formula (9) paper [1]) 


a 
Ne (n + 1). 


Because Quik are connected by coupling equations 


Zz Tij () =2,N,, =1 
(5) 


(i 2; i=1, 2,..., 2) 


* Fiz. metal. metalloved., 10, No. 5, 656-660, 1961. 
t Elements enclosed in the squares are, according to (10), linearly dependent. 
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n-component solid solution 


where z, is the number of nearest neighbours in the /st sphere, 


k=! 


Qi (2)= (7) 


kal 


(n, is the number of chains of length 2 obtained from a given chain of length 1; n, is the number of 
chains of length 2 connecting the given two sites), then the total number of independent @Q will be 


[3] 


(8) 


In order to find out which Q;,, to choose for the parameter a matrix must be compiled from the coef- 
ficients in the anknown equations (6) and (7) and some determinator of the order of 2n must be found 
other than zero. It can be seen that the determinator A will satisfy these conditions. 


From (5) taking into account (9) we can now find the independent Qik through the selected para- 
meters 


n n 
Qin = (1,22 — + Qin 
ko? 
n 


Qui = N, (42, — + — Q iri: 


(i=2 n) b= 1 k= 2 
(kei) (ksi) 


Qi = (2112) — — — 3 Qie |. 


(é=1, a) k=1 k=} 
(eel) 


In this case the formula for the free configuration energy will have the form (see [3] formula (4) and 
(5)) 
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n-component solid solution 


where B is not dependent on Q;;,. 
Having expressed the dependent Qik through the independent ones from (10) and having grouped 


the terms in similar Qik we get for configuration energy 


i-2 int 
a n n 


2 
f=2 km? 
(iwjek) 
n n n 

( 3 
j-2 k=2 
(ke) 

n 


km? 
(hef} 


Now from conditions 


we shall find the svstem No of equations for determination of ijk (T): 


= *: t; = exp 


| — 


wherefore the indices in the relevant functions can be given the values 
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A 
jk 
(13) 
where 
| Cijt Ure. — -- Uji | 
| 
kT | 
kT 


n-component solid solution 


| 0, 123, 124, ..., 12¢41,..., 12a—1, 
192, | 0, 134, ..., 1304+1,..., 


In2, 1n3, 1n4, ... 


1,..., (2n—1, 


n--ln—2n 
0 : 


(i), = (2, 3, ... n) 
= (3, 4, eee n) 


..., 


an! 
3n| 0, 34... 


.. 


i n2, |. 


If (10) and (14) are taken into account then it will be quite easy to find which are the independent 
Q;;4 on which each of the functions is dependent 


; Qin : : 
Qhaa --- Qo; - —Ij ij | Q; 

Qise --- Qian] > | 


Qina 


Qanj Qj- nj | Qin 


Qui ti 0 


Qu, 0 Qii i41 


Qini ni Qini Qin i+l eee Q ini 
| : 
‘# (see footnote on page 23) 
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\Zn 
13n 
0, lin 
0 0... 0, 121+ l2n 
(is/), =| - . | 
as 
! 
Q... 0, n—12n 
: 
lo... 0, | 
112, 13, 
(Jip =| 32, 0, ... 
jin 
Qi; bal 
Qian (16) 


n-component solid solution 


| 

hij (Qia; ee Q; i-1 Qinj see Qi- Qiii- see Qin), 


can be found from ¢ ;, if the i column and the j line are crossed out in the first matrix. 
Taking the usual numeration for the independent Qik from (3) and for equation (13), allowing 
for (15) we get a system in the form 


(Q,) d,. (17) 


Having resolved the system of equations (17) the explicit form of parameters 


ey and, a! 


[4] can be found if (6) is taken into account 


Pi (18) 


—j (i) 


Pj 


= p= POW) =p 2) (20) 


It should be noted that parameters ¢ anda will be different from the corresponding parameters 
found both in the proximity of nearest neighbours [5] and if no allowance is made for the intermediate 
neighbourhood [6] 


=e) — () =p; (PX () — 
jel!) (21) 
AAO) Hal) — = — 
PiPy 


(hy 


Besides this, correlation parameters ¢,;,, can be introduced, which account for the influence of 
neighbours of the second order 
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Pi (22) 


n-component solid solution 


Allowing for (21) and (22) we find from (23) 


= Q (2) [p, po"? po” + + 
+ Py (Bij Bin — Bye’) + Acti? + p, 


Buy = (1) — p,, = po (4) — Pp. (25) 


In the general case the solution to the system (17) is rather difficult, but if it is assumed that 
the correlation 


= + Pi (Bij Bix — Bye’) + Py p; 


due to allowance for the neighbours in both spheres, is small, i.e. that 
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then the function ®& can be expanded into a series in the points 


= Q (2) Po"? po” 


and keeping to the first terms, a system No of linear equations can be found from which 


wherefore 


* (footnote from page 21) 
If J <i the columns will change places in the second matrix 
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= — 
= O09) (23) 
where 
A 
where 


n-component solid solution 


by. ’ by =d, (29) 


Index “0” shows that we have selected the value of the function and its derivatives where Q,. -9 


allowing for (16), and also for the designations of ® and d introduced into (17). 
From (22) we find 


str 


(0 
A‘ 


is the determinant obtained from the A substitution of elements of the s column by 


i— | 
| j 


pl) 


while A_, is the minor of element 6,, of determinant A. 
From formula (24) with allowance for (14) an investigation can be made of the influence of the 


energy of interaction of the chain connecting three atoms, on the temperature behaviour of parameters 


5... 


s 


Translated by V. Alford 
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THE POSSIBILITY OF COMPENSATING MECHANICAL MOMENT IN TRANSFORMER 
STEEL WITH A CUBIC TEXTURE * 
I.P. KUDRYAVTSEV 
Urals Polytechnic Institute 
(Received 29 March 1960) 


Method [1] of obtaining a cubic texture of recrystallization is reproduced on industrial transformer 
steel. It is shown that almost complete compensation of mechanical moment is possible in the case of 
a dispersed cubic texture even with an isotropic spatial arrangement of grain orientation. 


INTRODUCTION 


There exists an ill-defined relationship between the spatial arrangement of grain orientation 
and the curve of mechanical moment M (W) (W is the angle between the magnetization of the speci- 
men and the direction of rolling). M(y) is definitely determined by the texture of the material, but 
several possible types of dispersion of grain orientation may correspond to each M (W) = 0 is there- 
fore the only necessary condition for the absence of texture. 

It was shown in [2] that in the case of nickel testpieces having at a certain stage of treatment 
M (W) = 0, a perfect cubic texture of recrystallization arises after annealing. It would be natural 
to suppose that this compensation of mechanical moment is due to features in the dispersion of the 
texture, which have not yet been studied. 

For this reason the task was undertaken of investigating the features of the dispersion in grain 
orientation on testpieces of transformer steel with a cubic texture and M (y) = 0, and also of show- 
ing theoretically that M (yw) = 0 should be observed at some definite arrangement of orientation. 


PREPARATION OF THE TEST SPECIMENS AND METHOD OF MEASURING 


In accordance with [1], hot rolled pieces’ 120 x 60 mm and 5 mm thick were reduced at room 
temperature, with a total deformation of 80.6 % to a thickness of 0.96 mm, after which they were 
quickly transferred to a re-heating furnace with a temperature of 850°C. They were annealed in air 
for 1.5 hr. The layer of scale formed was removed by etching in a 0.5 normal solution of nitric acid. 
After etching the test specimens were 0.93 to 0.96 mm thick. A second cold rolling reduced them to 
0.25 mm. A final 12 hr anneal was carried out at 125°C in a tubular furnace with silit heaters 
through which hydrogen was blown. The specimen was inserted into the furnace on a special shovel 
through a slot. 

The texture was examined with an ionization X-ray apparatus URS-25I. CoKa radiation was 
used. X-rays photographs were made by the reflection method using reflections from (200), (211) 
and (110) planes. The principal maximum as the function of grain orientation distribution was fixed 
by means of the (200) reflections. Using the reflections from (211) and (110) it was possible to 


* Fiz. metal. metalloved., 10, No. 5, 661-667, 1961. 
t Open hearth steel, 2.47% Si, 0.07% C, 0.40% Mn, 0.031% P, 0.028% S, 0.06% Cr, traces of Al 


(weight %). 


| 25 
1960 


Transformer steel! with a cubic texture 


Rolling 
direction 
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FIG. 1. In reference to equation (8). x,, x,, x, are the axes of the 
system of co-ordinates strictly related to the specimen; /__ is the 
vector of magnetization. The rolling direction coincides with x,. 


FIG. 2. Diagram showing the system for reflection X-ray photograph from the 
end surface of a specimen: 
1 — X-ray tube; 2,3 —collimator slots; 4 — rolling plane; 
5 — counter slot; 6 — counter; 7 — rolling direction. 


establish the presence of additional maxima which, according to [3], cannot be revealed by the 
reflections of one plane even where the whole flat section of a pole figure can be’ obtained by a 
combination of transmission and reflection photography [4]. 

In this work Pp (,;) (i=1, 2, 3) [5] was calculated with a precision up to the constant of the 
coefficient of the function of the distribution of grain orientation. The experimentally determined 
functions corresponding to this we will call z (w;) (w; designates the angles of rotation of grains 
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FIG. 3. Calculation of correction coefficient K (€). Material — carbony] iron. 
Reflection from (200). X-ray tube conditions: current, 3mA; 
anodic voltage 7 step. 


from the orientation, (100) || rolling plane, <O01> | rolling direction, around the axis of the system 
of co-ordinates rigidly related to the specimen Fig. 1). 

Before the measurements the layer of scale which was produced in the hydrogen was dissolved 
in acid. The counter was fixed at an angle of 2 & to the primary beam ( @ is the Bragg angle for 
the crystallographic plane in question). The surface of the piece was arranged at various angles «¢ 
to the primary beam and the dependence of the counter readings / on ¢ was measared. After introduc- 
ing corrections for background, the absorption ard divergence of beam, / (e) gave 2 (w,): w, = @ — 209 
(200) (reflection). z(w,) was obtained for a horizontal arrangement of the rolling direction and 


z (w,), for the vertical. 


By reflection it was impossible to obtain z (w,), using the surface parallel to the rolling plane 
[6]. For this reason packs were made of sheets cut from the test specimens and they were placed in the 
apparatus in such a way that the primary beam fell on their end surfaces, perpendicular to the rolling 
direction. The rolling planes-were oriented horizontally. The sheets were dipped in Wood’s metal 
and their end surfaces were polished like an ordinary metallographic specimen. Measurement was 


carried out as before (Fig. 2). 

Allowance for background was made for each ‘). At each ¢ the counter was moved completely 
through the diffraction maximum. The mean of the intensities /’ (e) and /” (e€) was found and was 
calculated from / (e). 

The correction for absorption A was calculated from the formula 


(1) 


A 

(*) cos $+ 
where ais the angle between the normal to the surface of the specimen and the incident X-ray beam, 
while 8 is the angle between the normal and the reflection of the ray. It is clear the 


a =90°— e, B= 390° — 29 +e. 


Diaphragms with minimal width (0.1 mm) were fixed on to the collimator of the X-ray tube and 
maximum ones (4 mm) on to the counter. For an ideally isotropic material — pressed powder of an- 
nealed carbonyl iron — after allowing for background and formula (1), 2 («;) = const. 

Fig. 3 shows the function z (¢) found experimentally for the (200) reflection. It can be seen from 
the illustration that the form of z (e) is distorted by the edge of the specimen and apparently, by a 
slight divergence in the beam. The correction coefficient 
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21 


was therefore introduced, which was found from experiment (see Fig. 3). Finally we find 


+17 (8) 


(€) 


Ak 


M (w) was found on a torque-coil magnetometer with mirror reading of the angle of rotation of the 
specimen, similar to that described in paper [7], in magnetic fields of not less than 3000 oersteds at 


room temperature. 
According to the data in paper [8], the distribution of grain orientation in the case of a clearly 


defined texture is close to normal 


2 (w) = (3) 


2 


Here zo is the maximum value of s (w;). Expressing this logarithmically we find 


2 
OF 


o? = 


2in ( = (4) 


z (w;) 


Using formula (4) z(w,), can be found from the segment w?, which includes 2p. 
The reproducability of the results was checked by successive re-arrangement of the testpiece in 
the holder of the X-ray apparatus. 


RESULTS OF THE MEASUREMENTS 


Figs. 4a-c show the curves for the function z (¢) vertical and horizontal to the direction of roll- 
ing and according to data from the end surfaces (i.e. parallel to the direction of rolling.) Curves ] 

are for the (200) reflections; curves 2-for (110) and curves 3-for (211). It can be seen from the illus- 
tration that the pieces have a clearly defined cubic texture. 


z(€), imp/sec 


WA 


20 4YO GO O 20 40 60 80 
degrees 


FIG. 4. Calculation of o. Curves 1, 2 and 3 refer to reflections from (200), (110) and (211) respectively. 
X-ray tube conditions: current, 3mA; anode voltage, 7th step. Rolling direction: 
a — vertical; —horizontal; — photographed from end surface. 
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FIG. 5. Function z (€) obtained (110) reflections. X-ray tube conditions: 
current, 3 mA; anodic voltage 7 step. After final annealing for 2.5 hr. 


In order to follow up the kinetics of formation of the cubic texture a more prolonged annealing 
was undertaken at 1250°C with all the remaining conditions of treatment being maintained. After 
the final annealing of 2.5 hr, besides the cubic texture the specimens were found to have a small 
quantity of grains oriented as follows: (110) || rolling plane, || < 001> || rolling direction, as shown 
by the function z (€) in Fig. 5, which was obtained by means of the (110) reflection. This result is 
in agreement with data in paper [1]. 

In view of the fact that there was practically no secondary recrystallization after final anneal- 
ing, the grains were exceedingly small and, as can be seen from curve | in Fig. 4 and from formala 
(4), w? > 0,1 for all i. The absence of secondary recrystallization can be attributed to the chemic- 
al composition of the specimens and the very rapid heating on annealing. 

Measurement of mechanical moment on specimens which had undergone a full cycle of treatment 
showed that in absolute value it was not more than 0.3 x 10* ergs/cm’. For comparison we point to 
the fact that in the case of a perfect cubic texture mechanical moment will be more than 50 times 
higher. Moreover, in these experiments the function M (yw) varied randomly with variation in the dia- 
meter of the piece. From this the conclusion may be drawn that the mechanical moment determined 
by crystallographic texture, is exceedingly small. 


DISC USSION 


According to [5] the harmonic amplitudes of M (yw) in a specimen having a not too widely dis- 
persed cubic texture, are written in the form 


A, ky, — 


Where k, is the constant of anisotropy; @? is the mean square dispersion in grain orientation. As 
w= 0,1, we find Ar A,y~0. Consequently the virtual absence of mechanical moment observed 
in the experiment can be explained by the features of texture dispersion indicated. 

As formulae (5) are found and are completely satisfied at low ?, we attribute the error 
8A, (2=1,2), introduced on application of (5) to the case of a dispersed cubic texture with 
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w? =0,1. 
The formula for the density of free energy F of a monocrystal with cubic symmetry, which is 
dependent on the orientation of the external magnetic field, has the form 


F=Y¥C (6) 


aa “pars 
pqrs 


pores are the coefficients of the expansion F according to the controlling cosine a; of the 
vector of magnetization relative to the tetragonal axes of the crystal. 


k 
—, 
pars 


Here C 


where pairs of indices are equal. In the remaining cases C,,, = 0. 

As M (W) is experimentally determined in the system of co-ordinates which is rigidly related 
to the specimen, then for calculation of A, one must convert in (6) from the system of co-ordinates 
related to the three tetragonal axes, to that of the specimen. Then 


F= > Caimn Xp 
kimn 
‘ (7) 
pars 


Summation is carried out for each twice recurrent index. oi; is the element of the matrix of the third 
rotation around the axis of the co-ordinate system of the specimen: 


COS We COS Wg | — COS W, SIN Ws 


| 
— SIN SIN Wy SiN Ws + I—sinw, cos 
+ COS COS Wg | (8) 


Sin w, SIN Wy COS Wy 
= + COS w, SIN ws 
SIN wy SIN wg + Sin COS ws 


a) =Siny, a2=cosp, a.=0-k. 1, m,n 


here may be the same or equal in pairs. From (7): 


Crtmn = 311 3m2 Ina Crore + + Ine Crore 4 
+ Oni Creer + 2:3 Imi + %3 Ima 1 
+ Om Corre + Ope 91) 24.2 Ce + Sm + 

Fmt 243 Corrs 243 311 Int + %2 Ime 


Bringing p(w,), into consideration we find F for a textured material in the form 
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Fm 24,2, | Chime (wy. 9, 3) (14) (04) ding di dvs. 


Ay = C222 - 


= = = 
A, + C2222 — Co211 — — Corse — 


—Cij22 —Ci221). 


The line over the coefficient indicates an average (10). Let us consider the expression for A, in 
(11) as the more simple. After transformation we find 


2 2 2 2 2 2 2 2 
A,=hk, (321 529 + 02) 523 + 099 523 — 31) 812 — 


— — 043) (w,) P (Wg) (ws) dv, dwg dug. 


Two approximations were made in [5]. Firstly 
2 


sin w,~w, and cos 


In our values for w? this cannot introduce any noticeable degree of error, which can easily be 
verified by direct calculations. In the second place, degrees of w; above 2 have been neglected. 
This condition introduces an error 5 so that 


A,=—k, (03 +3). 


Calculation shows that § =0.01. If k, = 32 x 10* oersteds/cm? [1] we shall find that 
$A2+0.3 X 10‘ oersteds/cm’, i.e. the permissible degree of error is quite small and formula (5) 
is justified. 

Similar calculations for A, gives a 5 of the same order of magnitude as that just obtained. 

We note that at w? > 0.1, which is quite possible, we shall have A,>0, A,~0. This 
kind of mechanical moment is known to be observed in the case of the cold rolling texture of trans- 
former steel (100) || rolling plane, < 110 > |j rolling direction. 


CONCLUSIONS 


1. Variation in the dispersion of grain orientation with constant type of texture may be accompaai- 
ed by qualitative variations in the anisotropy of mechanical moment, for instance, even in the case 
of a rather clearly detined cubic texture, it is possible that M (yy) = 0. 

2. When investigating the processes of texture formation one must use, together with the 


31 
a0) 
Since 
ay’ 
then 
| 
as) 


Transformer steel with cubic texture 


magnetic methods the direct methods of observing texture by which means the curves of mechanical 


moment obtained in experiment can be calculated. 
The authors wish to take this opportunity to thank M.I. Nekrasova, G.A. Zykov, V.I. Shilov, 
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Translated by V. Alford 
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INVESTIGATION OF THE HEAT TREATMENT OF MAGNETICALLY SOFT 
FERRO-ALUMINIUM ALLOYS * 
G.V. KRASNOPEROV and N.I. LAPKIN 
Urals Research Institute of Ferrous Metals 
(Received 7 May 1960) 


An investigation was made of the influence of temperature and cooling media on the magnetic 
properties of the alloy YU16 after two annealing temperatures. The conditions of heat treatment are 
established which will produce high values of po, 4,4, and low values of H, in hot rolled sheets of 


the alloy YU16, 0.35 x 600 x 1200 mm in size. 


Magnetically soft alloys of iron with 16 % alumin- 
ium are known under various names; YU16 (USSR); 
Alperm, Alfer (Japan); Alfenol, (U.S.A.); Wakodur 
16 (Germany) and others. 

The alloy YU16 has in recent times been widely 
used as it possesses a valuable combination of pro- 
perties; magnetic softness, high mechanical hard- 
ness, wear resistance, high electrical resistivity 
and relatively low specific gavity. 

It is known that it is possible to hot-roll ferro- 
aluminium alloys with a content of 16% Al [1, 2}. 

In the years 1950-52 Masumoto and Saito achieved 
high magnetic properties in an alloy of iron with 16 % 
aluminium after hot rolling, vacuum annealing at 
1100° and quenching in water from 600° [3] Nachman 
and Buchler [4] succeeded in rolling an alloy of iron 
with 16 % aluminium in the temperature range of 
superstructure transformation 550-750°. Despite 
technological difficulties of production, ferro-alumin- 
ium alloys are used as substitutes for ferronickel 
magnetically soft alloys. 

It is the aim of the present investigation to look 
into the possibilities of heat treatment to provide 
high magnetic properties in an alloy of iron with 
16 % aluminium in the form of hot rolled sheets. 


PROCEDURE 
The alloy YU16 was melted in an open induction 


furnace with a capacity of 100 kg. Technically pure 
iron and refined aluminium types A00 and AV00 


* Fiz. metal. metalloved., 10, No. 5, 668-671, 1961. 


were used as the charge material. Before alloying 
with aluminium the melt was treated in a vacuum of 
10-15 mm Hg for the purpose of decarburization and 
deoxidation. It was poured into a metal chill mould 
heated to 500°. To avoid thermal stresses and 
cracks the bars were cooled from 800° at a rate of 
80 - 99° /hr. 

The test specimens had the following chemical 
composition (percent): carbon—0.009; silicon—0.38; 
manganese — 0.03; sulphur — 0.002; phosphorus — 
0.004; chromium —traces; nickel — 0.04; copper — 
0.02; aluminium — 15.7. 

Hot rolling was carried out on a 2-high mill in 
packs composed of sheets of dynamo steel and of 
the alloy YU16. Disks 30/20 mm in diameter were 
stamped out of etched hot rolled sheets 0.35 x 
600 x 1200 mm in size. The testpieces, consisting 
of 20 disks, were heat treated in air in a silit fur- 
nace according to the following conditions; anneal- 
ing temperature, 800-1200°C; cooling at a rate of 
100°/hr down to quenching temperature; holding 
for 30 min; quenching in an alkali (20% solution 
NaOH), water and transformer oil. The magnetic pro- 
perties were measured ballistically and the elec- 
trical properties, by the bridge method. 


RESULTS OF THE EXPERIMENTS 


To investigate the influence of annealing temper- 
ature on the magnetic properties of the hot rolled 
alloy YU16 the testpieces were cooled at the rate 
of 100°/hr and quenched i an alkali from 600°. 

Fig. 1 shows the dependence of maximum (u,,,,) 


4 Magnetically soft ferro-aluminiam alloys 


TABLE 1. Variation in specific electrical resistance of the alloy YU16 after 
different forms of heat treatment 


Heat treatment conditions | 


Specific electrical 


resistance 
Annealing Quenching Quenching medi ohms. mm? 
temperatare °C temperature °C | | - 
| 
950 650 ; Oil | 1.49 
1050 6L0 Oil | 1.47 
950 650 Water 1.49 
950 500 Water 1.46 
450 Water 1.36 
950 500 Alkali 1.42 
1050 450 Alkali 1.37 


and initial (4) permeability as also of coercive 
force (H_) on annealing temperature. If the annealing 
temperature is increased from 850 to 1050°C there is 
an improvement in magnetic properties. With further 
increase in temperature the magnetic properties de- 
teriorate slightly. Increase in annealing temperature 
causes some burning out of the aluminium which was 
noticeable from the increase in magnetic saturation. 

The influence of temperature and quenching medi- 
um on the magnetic properties of YU16 after anneal- 
ing at 950-1050° is represented in Fig. 2. The tem- 
perature and quenching medium exercise a consider- 
able influence on permeability and coercive force in 
ferro-aluminium alloys. A very high figure for p,) was 
obtained after quenching in oil from 650° (annealing 
950°) and 700° (annealing 1050°). If the temperature 
is increased the optimal quenching temperature for 
to will become higher. With quenching in an alkali 
and water initial permeability is considerably lower. 

lo get hich fieures for maximum permeability 
quenchin= ~ust be carried out in oil from 650° (an- 
nealing 950°) and 600° (annealing 1050°). If the an- 
nealing temperature and rate of quenching are in- 
creased there will be a reduction in the optimal 
quenching temperature. When quenching in oil there 
is a reduction in coercive forre right up to temper- 
atures of 650- 700°. 

Table 1 shows the variation in specific resistance 
in the alloy YU16 under various conditions of heat 
treatment. It can be seen from this table that in- 
crease in quenching temperature and rate of cooling 
will cause an increase in electrical resistivity and 


consequently, reduction in the degree of ordering. 

If the soaking time on annealing is increased 
from 15 min to 3 hr and the rate of cooling frum 50 
to 200°/hr, there will be a considerable change in 
the magnetic properties. 

Ferro-aluminium alloys are known to belong to 
those of the ordering type [5]. Ordering processes 
take place very rapidly. A very high cooling rate — 
quenching from temperatures of 800° and lower — is 
required in order to control these processes. 

Masumoto and Saito [3] came to the conclusion 
that initial and maximum permeability are dependent 
on quenching temperature and that here jue is and 
is not explicitly dependent on the superstructure. 
Reduction in quenching temperature causes an in- 
crease in the degree of ordering which leads to a 
reduction in specific electrical resistance (see 
Table 1) and initial permeability (see Fig. 2). - 

The optimal quenchin« temperature for po increases 
with increase in the annealing temperature. A state 
of higher equilibrium in the alloy at elevated an- 
nealing temperatures accelerates the processes of 
ordering. In order to avoid formation of the super- 
structure, high temperatures and high quenching 
rates are necessary. However, the thermal (quench- 
ing) stresses which are formed at this temperature, 
the proportion of which increases with elevation in 
quenching and annealing temperatures, reduce the 
magnetic properties of ferro-aluminium alloys. This 
means that the optimal quenching temperature for 
maximum permeability and coercive force is reduced 
with increase in annealing temperature. 
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FIG. 1. Dependence of the magnetic properties of YU16 on annealing temperature. 
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FIG. 2. Influence of temperature and quenching medium on magnetic properties of YU16: 
a — quenching 950; 6 — 1050°. 
x — quenching in water; 0 — quenching in oil; 
A — quenching in an alkali. 
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It might be assumed that yp, ,, and H, are to a their collaborators in the Precision Alloys Labora- 
greater extent dependent on quenching stresses and tory of the Urals Research Institute of Ferrous 
to a lesser extent on superstructure, than is the Metals, I.A. Golach, N.A. Krasil’nikov and A.S. 
initial permeability. This is confirmed by the curves = Matyugin, and also to %h-year student of the Urals 
for the variation in maximum permeability after State University L.N. Polovnikova for producing 
quenching in water and alkali. the test specimens (melting, hot rolling) and for 
The experimental data obtained are of consider- assistance in carrying out the heat treatment and 
able practical significance as they mean that it is magnetic tests. 
possible to establishe heat treatment conditions for 
the alloy YU16 in the form of hot rolled etched 
sheets 0.35 mm in thickness, which will produce high 
‘magnetic properties not inferior to those of an alloy 
of iron with 50 % nickel. 


The authors wish to express their gratitude to Translated by V. Alford 
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THE TEMPERATURE DEPENDENCE OF PARAMAGNETIC SUSCEPTIBILITY 
IN FERRONICKEL ALLOYS* 
V.I. CHECHERNIKOV 
Moscow State University 
(Received 2 February 1960) 


An investigation has been made of the temperature dependence of paramagnetic susceptibility (X) 
in iron nickel alloys in high temperature range (up to ~ 1200°). It is shown that X does in practice con- 


form to the Curie-Weiss law. It is also established that susceptibility X, 


which is not dependent on 


temperature, is reduced rapidly converging to zero, with increase in the iron content. 


1. In works devoted to the study of the tempera- 
ture dependence of paramagnetic susceptibility great 


attention has been paid to the investigation of nickel 


ferromagnetic alloys containing non-ferromagnetic 
components. As a result it has been established that 
there is a certain relationship between the Curie- 
Weiss constants and the composition of the alloy. 
Moreover, it has been shown that the paramagnetic 
susceptibility of nickel alloys in the high tempera- 
ture range (7 > ,, @, is ferromagnetic Curie point) 
may be represented in the form of two terms 


thr (1) 


Magnetic susceptibility X, varies according to the 
Curie-Weiss law 


t= C/T — 


where C is the Curie-Weiss constant; 8, is the 
paramagnetic Carie point. 

The value X;, is not dependent on temperature and 
represents the susceptibility due to an s electron 
gas, a type of Pauli paramagnetic susceptibility. It 
is, as has been shown by experiment [1], to a consi- 
derable degree dependent on the concentration of 
the non-ferromagnetic component of the alloy and be- 
comes greater as this latter increases, the more 
rapidly, the higher the valence of the non-ferromag- 
netic element. 


* Fiz. metal. metalloved., 10; No. 5, 672-675, 1961. 


It was felt that it would be interesting to investi-~ 
gate alloys consisting of ferromagnetic components, 
in the paramagnetic range. To this end we studied 
ferronickel alloys which we knew, had not been 
systematically investigated from this point of view 
[2]. Of this system we studied only those alloys 
which have no structural transformations in a wide 
temperature range from paramagnetic Curie point to 
~ 1200°. Alloys containing 89.6, 80.3, 77.6, 75.1, 
69, 58.8, 48.5 and 38.8 at.% Ni were investigated. 
Paramagnetic susceptibility was measured on an 
apparatus [3] which is based on the Faraday- 
Sucksmith method. The investigation was carried 
out in a neutral gas atmosphere — argon. 

2. Fig. 1 shows the dependence of the reciprocal 
value of specific susceptibility (1/X) on tempera- 
ture 7. In most of the alloys investigated by us 
1/X varied practically according to a linear law in 
a wide temperature range from paramagnetic Carie 
point to ~ 1200°. Only in those alloys with a nicke! 
content of 89.6 and 80.3 % is a deviation from lines: 
dependence observable — a slight concavity at the 
high temperature. 

In the first alloy this deviation begins at ~ 10, 
and in the second at ~ 1100°. We note that in pure 
nickel a similar concavity appears much more ab- 
ruptly and begins at much lower temperatures. In 
other words, the linear sectors of the dependence 
1/X = f(T) become extended with reduction in-the 
nickel content in alloys of the ferronickel system, 
and when the nickel content is less than 77 % 
linear dependence occurs in the whole temperature 
range investigated, i.e. these alloys conform to 
the Curie-Weiss law. 

We determined the values of X;, for alloys 
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1 — pure Ni; 2 — 89.6; 
5 — 75.1; 6 — 69; 
9 — 38.8 at. % Ni. 


containing 89.6 and 80.3 % Ni and plotted the depend- 


ence curve 


which is shown in Fig. 1 by the broken line. It can 
be seen that there is a linear dependence in the 
whole temperature range from 0 to ~ 1200°. 

Fig. 2 shows X, as a function of the atomic con- 
centration of iron in the alloy. It can be seen that, 
independent of temperature, susceptibility X, be- 
comes less as iron is added to the nickel and where 
the nickel content is ~ 75% it is practically. zero. 
The values for y, where found to be the same in the 
rest of the alloys investigated when the iron con- 
tent was increased. 

Theoretical investigations [4] have shown that 
X, is not dependent on temperature ard that in the 
absence of interaction it is transformed into the 
usual susceptibility of conduction electrons of the 
Pauli susceptibility type. It seems to us that the 
value of X, is not only dependent on the paramag- 
netic susceptibility of conduction electrons, but also 


dn the diamagnetic properties of the metal. x, should 


therefore be written in a more general form 


Xe = Xe par + Xe diar (2) 


FIG. 1. Temperature dependence of the reciprocal of paramagnetic susceptibility 
for the alloys: 


7000 1200C 


600 


4 — 77.6; 
8 — 48.5; 


3 — 80.3; 
7 — 58.8; 


where is the paramagnetic susceptibility of 
conduction electrons. 

Diamagnetic susceptibility 25 can be 
shown by precise calculation allowing for the action 
of the periodic field of the lattice [5], consists of 
three parts 


Ledia = %1 (3) 


where X, is the diamagnetic susceptibility of the 
ions; 


X, is the diamagnetic susceptibility of the 
conduction electrons; and 
X, is the diamagnetic susceptibility due to 


interaction between the conduction elec- 
trons and ions. 

In certain metals X; 4;, may assume consider- 
able proportions, affecting the total figure for sus- 
ceptibility X,. 

In alloys Ni-Cu [1, 6] and Ni-Ag [7], susceptibi- 
lity X, is reduced with increase in the concentration 
of copper and silver. As is well known, the diamag- 
netism of Cu and Ag is created not only by the ions 
(X,) but also by the conduction electrons (X,) and 
the term (X;), wherefore the value X, is to a consi- 
derable degree determined by the curvature of the 
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FIG. 2. Dependence of @, and X;, on the percentage 
content of irdn in ihe alloy. 


energy surface and the extent to which the energy 
bands are filled. In the alkali-earth metals (Cu, Ag, 


Au and others) these conditions are such that besides 


the considerable magnitude of X, there is a high dia- 
magnetic susceptibility X,, and X, is other than 
zero. Where there is weak interaction X, is found 
from Landau’s formula [8], according to which the 
diamagnetic susceptibility of conduction electrons 
is three times less than the paramagnetic suscepti- 
bility of the same electrons. It is quite permissible 
to assume that ferronickel alloys with a certain con- 
centration of iron to be analogous to alkali-earth 
metals. In these alloys there is on one hand a reduc- 
tion in the paramagnetic susceptibility of the con- 
duction electrons X, ,,,, which is in agreement with 
the theory of Vlasov and Vonsovskii [4], while on 
the other hand there is an increase in X;, g;,, which 
is mainly attributable to X, and X,. This causes the 
total susceptibility X, to be reduced and at an iron 
content greater than 30 at. %, X; > 0. 

Fig. 3 shows the variation in the Curie-Weiss 
constants (C) and also in the magnetic moment of 
the alloy (P_), attributable to one atom of the sub- 
stance. It can be seen from this illustration that C 
and P_ increase with increase in the iron content. 
This is in agreement with measurements in the ferro- 
magnetic range [9]. Extrapolation of the magnetic 
moment/composition dependence to pure iron gives 
a magnetic for the latter which is close to 4 Bohr 
magnetons, which is approximately the theoretical 
value. 

Fig. 2 shows the dependence ‘of paramagnetic 
Curie point 8, of an iron nickel alloy on composition. 


5 
A 


{00 G0 


% Fe 


FIG. 3. Dependence of C and P_. on the percentage 


content of iron in the alloy. 


It can be seen that with addition of iron to the nickel 
0, at first increases (up to 30% Fe) and then be- 
gins to decrease, and around 70% Fe its value is 
about the same as at room temperature. There is a 
similar variation in the ferromagnetic Curie point 
[9]. Further confirmation of this is provided by the 
fact that the paramagnetic Curie point is a definite 
physical constant which is dependent on the ex- 
change integral. 

3. Thus, the investigation of ferronickel alloys 
in the high temperature range has shown that para- 
magnetic susceptibility in these alloys practically 
conforms to the Curie-Weiss law in the form: 


= + 
XT 


The paramagnetism in ferronickel alloys which is 
not dependent on temperature is rapidly reduced wi. 
increase in the iron content, and with a Fe content 
of about 30%, susceptibility X, tends to zero. 
Further increase in iron content does not alter this 
figure. 

As a result of these investigations the proposi- 
tion may be put forward that susceptibility X, is 
dependent not only on the paramagnetism of conduc- 
tion electrons and the s-d exchange interaction, bui 
also on the diamagnetic properties of the metal. 
When investigating ferromagnetic metals and alloys 
in the paramagnetic range therefore, one must 
take into account not only the paramagnetic but 
also the diamagnetic properties of these substances. 


Translated by V. Alford 
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ANOMALIES IN THE ELECTRICAL RESISTIVITY OF BRASSES AND ALUMINIUM BRONZES* 
A.A. PRESNYAKOV, L.I. DAUTOVA and YU.F. KLYCHNIKOV 
Institute of Nuclear Physics, Academy of Sciences Kazakstan SSR 
(Received 5 June 1960) 


This note presents the results of the investigation of the anomalies in electrical resistivity in 
brass and aluminium bronzes after quenching and annealing after deformation. Conclusions regarding 
the ordering of brass are drawn from these abnormalities in electrical resistivity. 


In a number of investigations of brass in the alpha- 
solid solution range variations in their properties 
have been noticed: hardness [1] - 4], thermal capacity 
[4, 5], strength characteristics [6]. These abnormal- 
ities are most frequently related to ordering [7-9]. 

We have already described the phenomenon of the 
homogeneous ageing of unsaturated solid solutions 
(10] and have investigated the variation in the cryst- 
al structure of brass with temperature and micro- 
hardness after various heat treatments [11]. It was 
noticed in particular that there was an anomaly in 
the temperature dependence curve of the crystal lat- 
tice parameter of brass in the range 200 to 300°, 
when an increase in temperature failed to increase 
the parameter and it remained constant or even be- 
came less. This fact as also the nature of the varia- 
tion in microhardness with temperature led us to the 
conclusion that ordering occurred in the alpha solu- 
tions of Cu-Zn. It was to this same ordering that 
the phenomenon of homogeneous ageing was attribut- 
ed. 

The present work is a continuation of papers [10, 
11] and is devoted to the investigation of the kinetics 
of the ordering process in alpha-solid solutions of 
Cu-Zn and Cu-Al. 

The investigations were made on alloys contain- 
ing 5, 10, 15, 20, 25, 30 and 38% Zn and 1, 2, 3, 4, | 
5 and 6% Al. The dependence of electrical resitivity 
on. temperature and duration of annealing was deter- 
mined in quenched test specimens. 

The brass specimens were prepared in the form of 
wires 2 mm in diameter and the aluminium bronze 
ones in the form of small strips 1 x 10 x 200 mm. 


* Fiz. metal. metalloved., 10, No. 5, 676-679, 1961. 


For the purposes of the investigation 500 mm of the 
wire was wound into a spiral. Two copper leads 
were attached by arc welding to the ends of the 
spirals and strips for connexion to the current and 
potentiometer terminals of the bridge which meant that 
heat treatment could be carried out without having 
to re-solder the wires. Resistance was measured on 
a double Wheatstone-Kelvin bridge type UTV-2 with 
a precision of 0.05 %. 

To eliminate oxidation during heat treatment the 
test specimens were covered with a layer of water- 
glass. Quenching was carried out in ice water after 
holding for 45 min at 800°. The quenched pieces 
were tempered at 100, 200, 300, 400, 500, and 600° 
with soaking from 10 min to 12 hr and subsequent 
cooling in air. 

Figs. 1 to 4 show the curves for the relative 
variation in electrical resistivity as a function of 
temperature and duration of tempering. The electric- 
al resistivity of the quenched specimens was taken 
to be 100 %. 

In brass types L95, L85, L80 and L75 and also 
in bronzes A4, AS and A6 the variation in electrical 
resistivity with tempering temperature was the 
same: resistance falls on tempering up to 200° and 
above that it increases (Fig. 1). The brass L90 and 
L70 and also the bronzes Al, A2 and A3 are differ- 
ent in certain respects (Fig. 2, 3, 4). At short hold- 
ing times the resistivity at first falls in the brasses 
up to 200° and in the bronzes up to 100°, and then 
it increases and maxima appear at around 300° for 
the brasses and 200° for the bronzes. After this a 
new drop in resistivity is observed and in the bras- 
ses there is a minimum at 400° and in the bronzes 
at 300°. With long holding times, even at 100° 
resistivity begins to increase in both groups while 
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FIG. 1. Dependence of electrical resistivity in brass L80 
on tempering temperature after quenching, for the follow- 
ing tempering times: 

1-—10min; 2 30min; 
4-—4br;, 


3 — 1 hr; 


at 200° there is a sharp fall in L90 and L70 and a 
slight fali in Al, A2 and A3. There is an abrupt in- 
crease in resistivity starting at 500°. 

The aata obtained can be regarded in the following 
way. As is to be expected, tempering in all cases 
causes a reduction in electrical resitivity (Figs. 1 - 
4). After a certain minimum, increase in tempering 
tempereture is accompanied by an increase in elec- 
trical resitivity. This can be explained only by the 
emergence of a K-state. According to the subsequent 
course of the temperature curve p all the alloys can 
be divided into two groups. The first group, L95, 
L85, L80 and A 4, ASand 46 (Fig. 1), is character- 
ized by the fact that elevation in the tempering tem- 
perature causes a continuous increase in electrical 
resi-tivitv which appears to be evidence of the fact 
that the raximnum development of the K-state in 
these experimental conditions has not yet been 
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FIG. 2. Dependence of electrical resistivity of brass L70 
on tempering temperature after quenching, for the follow- 
ing tempering times: 
l—uptolhr; 2—2hr; 
4-8hbr; 5-—12hr. 


3 — 4hr; 


reached. In the second group of alloys, L90, L70, 
Al (Figs. 2-4), the increase in electrical resistivity 
is replaced by a new reduction and the minimum is 
reached at ~ 400° in brass and around 300 in bronze. 
This reduction appears to be due to development of 
the ordering process. Further elevation in tempering 
temperature causes an increase in electrical resisti- 
vity due to disordering. 

Yet another peculiarity is noticed in brasses L90 
and L70. Prolonged tempering (4 and 8 hr) at 100° 
is accompanied by an increase in electrical resist- 
ive, while elevation in the tempering temperature 
above 100° causes a considerable reduction. This 
shows that with prolonged soaking the A-state be- 
comes fully developed at much lower temperatures 
and then ordering begins, i.e., the kinetics of these 
processes are more intense in L90 and L70 than in 
the other alloys, which we had already noted in 


42 
10 
08 2 
02 
02 
Q0 20 Vn 
-02 
-06 | re: 
- 26 -as 
-12 “12 
vo 
le 
191 


Electrical resistivity of brasses 


Jar 100 202 300 400 $530 600 


Tempering temperature, °C 


FIG. 3. Dependence of electrical resistivity of brass L90 

on tempering temperature after quenching, for the follow- 
ing tempering times: 

1 — up to 1 hr; 


It follows from all this that the K-state in the al- 
loys is the first phase of ordering and corresponds 
to the emergence of short-range order. Short-range 
order appears in many relatively small regions of the 
lattice and is due to its constriction; this causes a 
considerable number of distortions and defects and 
an increase in electrical resistivity. In those alloys 
where further development of ordering takes place 
quite intensively, the K-state remains unnoticeable. 
Where the emergence of long-range order is less in- 
tensive the A-state is easily seen, and the transform- 
ation to ordering is also clearly revealed. If the 
process of ordering takes place very slowly theo in 
ordinary circumstances we shall observe only the 
emergence of the A-state. 

Anomalies in eleetrical resistivity may also be 
observed in deformed brasses. After 80 % cold 
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FIG. 4. Dependence of electrical resistivity of aluminium 
bronze Al on tempering temperature after quenching, for 
the following tempering times: 
1—20mins 2-—30min; 3 — 45 min; 

4—lbr; S-—4br. 


deformation by forging in L90 and L70 for instance, 
the increase in resistivity is less than in adjacent 
compositions; the difference is about 5.3 % (L90) 
and 2.5 % (L70) (Fig. 5). It is possible that the 
relatively low electrical resistivity in brasses L90 
and L70 after deformati.:» is due to the preservation 
of a certain degree of ordering after deformation. 

In brasses L90 and L70 therefore, the ordering 
process takes place more intensively and less fully 
than was noted by the authors of paper [7]. The 
reason for this is probably the fact that we investi- 
gated a greater range of content in our alloys. 


CONCLUSIONS 


1. Analvsis of the variations in electrical resist- 
ivity in brasses with tempering temperature confirms 
the presence of the ordering process in them. 
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FIG. 5. Dependence of electrical resistivity in Cu-Zn alloys on composition 
for the different conditions: 
o — deformed 80%; Xx — annealed at 600° — 1 hr; o — quenched from 800’. 


2. The maximum degree of ordering is observed ~ 400°). Tempering at 500° and above causes com- 
with a zinc content of ~ and 30% by weight. plete disordering of the brasses. 

3. The ordering process is preceded by the appear- 4. The appearance of a K-state and ordering also 
ance of a k-state in the case of prolonged temper- takes place in the case of aluminium bronzes. 
ing of quenched alloys at a temperature of 200 to 
300°, which is subsequently transformed into ordinary 
ordered state (temperature of maximum development 


Translated by V. Alford 
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THE MAGNETIC AND ELECTRICAL PROPERTIES OF CERTAIN STRUCTURAL STEELS 
IN RELATION TO THEIR STRUCTURE AND TENDENCY TO TEMPER BRITTLENESS * 
G.S. TOMILOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 15 July 1960) 


From a stady of the dependence of the magnetic and electrical properties of three types of quenched 
structural steel on tempering temperature and initial grain size it has been found that there is a slight 
dependence of these properties on grain size and a strong dependence on carbide formation and the spher- 
oidization of carbides. It is also shown that all these properties are completely independent of the brit-. 
tle or ductile state in the case of reversible brittleness which develops during high temperature temper- 


ing. 


From a study of the temperature dependence of the magnetic properties a magnetic method is suggest- 
ed for controlling the quality of high temperature tempering (“improving”) with a control temperature above 


220°. 


Structural steels are known to be less sensitive 


to over-heating during heat treatment than tool steels. 


Many structural steels however (particularly chrom- 
ium-nickel ones) have other disadvantages, a tend- 
ency to reversible temper brittleness which occurs 
with slow cooling after high temperature (650° ) 
tempering or after a repeated tempering at 450-550° 
(1-3). 

The nature of this effect has not been fully ex- 
plained. The most plausible explanation of revers- 
ible temper brittleness was given in paper [4], that 
there is a precipitation of adsorbed —active impuri- 
ties at the boundaries of old austenitic grains. 
Utevskii [5] suggests that this impurity is phos- 
phorus, the solubility of which in an alpha-solid 
solution of ferrite (inside the grain) is to a consider- 
able extent decreased by the influence of chromium 
and nickel. As the decomposition of the alpha-solid 
solution starts first at the grain boundaries, the 
solubility of phosphorus will be increased in the 
boundary zones. With increase in holding time at 
600- 650° or after a number of successive temper- 
ings, the concentration of chromium and nickel and 
consequently, of phosphorus, will become uniform 
and the temper brittleness will disappear. Temper 
brittleness can also be overcome by rapid cooling 
after tempering, as a result of which the phosphorus 
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is not able to diffuse towards the grain boundaries 
(where its solubility is increased) and remains in 
the alpha-solid solution. 

It is usual in steels which have been almost 
completely quenched to martensite and have not less 
than 0.4% carbon in the solid-solution, for a par- 
ticular maximum of coercive force H, to appear after 
high temperature tempering (500-600°) and conse- 
quently, a permeability minimum 


(Ua Pm) 


[6, 7]. Magnetic methods of controlling the quality 
of high temperature tempering in many structural 
steels run up against unexpected difficulties as a 
result of the indefinite behaviour indicated above 
in the variation of magnetic properties 


(He Yar Ym) 


with tempering temperature. 

The nature of this maximum in coercive force is 
explained by practically all investigators in the 
same way as the coercive force in dispersion hard- 
ening alloys (Fe-W, Fe-Mo etc.) [6]. 

In the present work dn investigation was made of 
the magnetic properties 

(H,, ly 1000» 


electrical resistivity and mechanical properties 
(HR, a) of steels tempered in a wide range of 


VOL. 
lo 
1960 


Stractaral steels 


Steel 


St. 45* 


4SKhNMFA 
30KhGS 


* Standard composition given per St. 45. 


temperatures (150-700°), after previous quenching 
from 850 and 1200°. From this a comparison has 
been made of the properties of normally quenched 
(fine grain) and considerably over -heated (coarse 
grain) steels. The temperature dependence of the 
magnetic properties 


(H.(t), 


was investigated in the range — 196 to + 300°. The 
correlation between magnetic, electrical and mecha- 
nical properties in the ductile and brittle states was 
systematically investigated. 

The investigations were carried’ out on three types 
of steel: St. 45, 45KhNMFA and 30KhGS, of which 
the first was not sensitive to reversible temper brit- 
tleness and the two others had a tendency to this 
type of brittleness. The chemical composition of 
the steels is given in Table 1. 


TEST SPECIMENS AND METHOD OF 
INVESTIGATION 


Impact test specimens 10 x 10 x 68 mm were 
quenched in oil or water (St. 45) after heating and 
15 min holding in a well de-oxidized BaCl, salt 
bath at temperatures of 850 and 1200°. 

After quenching the pieces were tempered at 
various temperatures with 2 hr soaking and water 
cooling. After the upper surface had been ground to 
8 x 8 x 65.5 mm, magnetic properties 


(Hey = 1000+ Ym)» 


electrical resistivity p and hardness Hp c were 


measured. 
The temperature dependence of the magnetic 


properties 


(H, (4), 1, (9) 


was determined for the state fully. quenched from 
1200°. These measurements were made on a com- 
bined apparatus consisting of an astatic magneto- 
meter and an armoured electromagnet (Fig. 1). A 
tubular furnace with a bifilar winding of non-ferro- 
magnetic nichrome was placed in the first coil of 
the magnetometer. A thermocouple was placed in 
the immediate vicinity of the sample whose tem- 
perature was being measured. The maximam magnet- 
izing field during the measurement of coercive force 
was ~ 1000 oersteds. The armoured electromagnet 
was used to measure magnetization saturation at 
elevated temperatures and made it possible to get 

a field of up to 14000 oersteds with a margin of 

25 mm. 

Initial and maximum permeability were measured 
by the ballistic method in a half-closed magnetic 
circuit with the use of special terminals of anneale« 
transformer steel to reduce the demagnetization 
factor. The field close to the specimen was measw"» 
ed with flat coils by means of which 0.145 oersted: 
mm could be registered. 

The degree of error in the average relative val: « 
for coercive force was + 1%. The degree of error » 
the relative values for maximum permeability was 
+ 3%. The relative values for magnetization 


l= 14000 =/, 


were determined with a precision of + « gauss, .«. 
+ 0.5%. The degree of error in the determina’ ion 
the mean relative values for electrical resis  vity 


+0.3%. 


For the study of the effect of reversible tempe: 


47 
TABLE 1 
Composition, % 
C | Cr | Mn | Si | Mo | | Ni | Pp | S 
0.4—0.50) <0,30 | <0.05 | <0.05 
0.46 0.92 |0.54 0.24 10.12 | 1,70] <0.02 | <0.019 
t 


Structural steels 


Testpiece 


FIG. 1. Diagram showing the magnetometer apparatus for measuring coercive force and 
magnetization saturation at elevated temperatures: 
1 — magnetizing winding of the magnetometer solenoids; 
2 — winding compensating the vertical component of the earth’s magnetic field; 
EM — armoured electromagnet with terminals of Permindur; 


W — water cooling system; 
CT — copper tube; 
PT — porcelain tube. 


brittleness four pieces were taken with the same 
coercive force from each quenching temperature 
(850 and 1200°). After tempering at 650° for 2 hr two 
of the pieces were cooled in water and the other two 
were cooled in the furnace at the rate of ~ 100°/hr. 

The measurement of physical properties was nade 
on pieces specially treated to obtain the brittle and 
ductile states, under exactly the same conditions 
and at the same time. This was to exclude the influ- 
ence of errors due to procedure. 


DISCUSSION OF RESULTS 


Figs. 2 to 4 show the dependence of magnetic pro- 
perties 


(H., 1, = 1000» 


electrical resistivity p and impact strength a; in the 


steels investigated on tempering temperature, after 
they had been quenched from different temperatures 
(850 and 1200°). 

In St. 45 (Fig. 2) the course of the electrical res- 
istivity with tempering temperatures above 300° is 
practically the same for both temperatures of quenca- 
ing. This shows that even after quenching from 850° 
practically all the carbides and all the excess fer- 
rite have gone into solution. The state of St. 45 
after quenching from 850° was different from that 
after quenching from 1200° in that the grain was 
about 7 times finer and consequently there were more 
dispersed quenching stresses of the second type ih 
the martensite. 


Because of this apparentiy, coercive force at low 
temperature tempering (from 20 to 450°) is consider- 
ably higher in the specimens which had been 
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FIG. 2. Magnetic properties, electrical resistivity and impact toughness of St. 45 after 
quenching and tempering at various temperatures. 
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FIG. 3. Magnetic properties, electrical resistivity and FIG. 4. Magnetic properties, electrical resistivity and 
impact toughness of 45KhNMFA after quenching and impact toughness of 30KhGS after quenching and tem- 
tempering at various temperatures. pering at various temperatures. 


quenched from 850°. In those tempered above 450° ed from 1200°. 
on the other hand, the coercive force is found to be In steel 45KhNMFA (Fig. 3) this difference in the 


lower in the case of quenching from 850° than that electrical resistivity and coercive force between 
of the over-heated coarse-grained specimens quench- — normally quenched (fine grain) and considerably 
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FIG. 5. Dependence cf coercive force and magnetization 

saturation in St. 45 (after quenching from 1200°) on tem- 

pering temperature at various measuring temperatures. 

Curve I,, which is for room temperature, is shifted low- 
er by the number of gauss indicated. 


over-heated and quenched (coarse grain) specimens 
is even more noticeable. 

In this steel, besides the difference in grain size, 
is is to be expected that there would be a difference 
in the amount of carbide phase remaining undissolv- 
ed after quenching from 850°. The fact that the dis- 
persion of martensite needles (and of the stresses 
in them) after quenching from 850° differs from that 
after considerable over-heating (1200°), is consider- 
ably more evident in steel 45KhNMFA than in St. 45. 
This would also be the reason for the greater differ- 
ence in coercive force in the range of low tempering 
temperatures (up to 450°). 

As for the difference in the coercive force in the 
coarse - and fine-grained states of steel 45KhNMFA 
after high temperature tempering (above 450°), the 
most natural explanation of this is a difference in 
dispersion and a different ratio of the newly preci- 
pitated and “old” (remaining after austenization) 
carbides. Although the total quantity of the carbide 
phase after high temperature tempering is the same 
in both cases, the newly precipitated (dispersed) 
carbides are able to bring about a considerable in- 
crease in the coercive force of the coarse-grained 
steel (quenched from 1200°) as compared with that 
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FIG. 6. Nependence of coercive force and magnetization 
saturation of 45KhNMFA (after quenching from 1200?) on 
tempering temperature at various 
measuring temperatures. 


in the fine-grained (quenched from 850°). Only after 
tempering at 700° does this difference practically 
disappear. This is because, due to spheroidization, 
the dispersed carbides of the coarse-grained steel 
become just as coarse as those in the fine-grained 
steel. 

In the case .f the incomplete quenching of steel 
45KhNMFA from 850° and high temperature temper- 
ing (400-600°) the “bump” of coercive force is — 
practically eliminated. This bump is also absent in 
steel 30KhGS as can be seen in Fig. 4. It can be 
stated that the concentrat‘o. of carbon ia the alpha- 
solid solution (martensite) mus! be wot less than 
0.4% for this varied behaviour of coercive force to 
occur after high temperature tempering in steel 
quenched to martensite. 

Steel 30KhGS differs from St. 45 and 45KhNMFA 
not only in chemical composition but also in the 
temperature range for the decomposition of retained 
austenite (Fig. 4). This occurs in the process of 
the tempering of this steel in the range 200- 250° 
(the first part) and 350-400 (second part). The de- 
lay in the decomposition of retained austenite in 
the range 250-350° is apparently due to its stabili- 
sation in the process of tempering. 
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FIG. 7. Dependence of coercive force and magnetization 
saturation of 30KhGS (after quenching from 1200°) on 
tempering temperature at various 
measuring temperatures. 


The behaviour of the electrical resistivity with 
tempering temperature in steel 30KhGS indicates 
that the decomposition of martensite and consequent- 
ly, the relaxation of the internal stresses in it, is 
also delayed until a higher tempering temperature 
(around 600°). This also would appear to be the 
main reason for the much slower reduction in coer- 
cive force in quenched steel 30KhGS with increase 
in tempering temperature compared to that which 
occurs in steels St. 45 and 45KhNMFA. 

The reduction in magnetization saturation /, and 
magnetization J), _ , 999 in St. 45 in the temperature 
range 250- 500° is apparently due to the carbide 
transformation from the metastable « — and X- car- 
bides to cementite [8, 9]. This reduction in magnet- 
ization is observed in stee! 45KhNMFA (Fig. 3) 
only in the tempering temperature range above 450°. 
The maximum of coercive force in this steel is also 
to be found in the range of very Sigh tempering 
temperatures. 

The behaviour of impact toughness with temper- 
ing temperature is very different in 45KhNMFA and 
30KhGS from that in St.45 due to the presence of a 
“dip” in the tempering temperature range around 
550°. This “dip” in impact toughness is not observed 
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FIG. 8. Dependence of coercive force and magnetization 
saturation of quenched high carbon tungsten steel 
KhV-5 (1.42 % C; 0.5 % Cr; 5.2 % W) on tempering 
temperature at various measuring temperatures. 


in St.45, apparently due te the fact that it has no 
second-type temper brittleness. As‘is to be expect- 
ed, in all cases the coarse-grained specimens had 
considerably lower impact toughness. 

A special investigation of magnetic properties, 
electrical resistivity and hardness in both tough 
and brittle specimens obtained by rapid and slow 
cooling after tempering at 650°, showed that there is 
practically no noticeable correlation with the pro- 
perties of tough and brittle specimens. The small 
difference in the extent of electrical resistivity 
(1 to 2%) and maximum permeability is not apparent- 
ly directly connected with the nature of the proces- 
ses causing reversible brittleness. In St. 45, which 
has no tendency to this form of reversible brittleness, 
the same difference in electrical resitivity is observ- 
ed as that in steels 30KhGS and 45KhNMFA. 

It is possible that the difference noted in the pro- 
perties 

(p, 

of the ductile and brittle specimens is due simply 
to the difference in the concentration of carbon in 
the ferrite after slow and after rapid cooling. There 
is however a very distinct difference in the nature 
of the fracture in ductile and brittle specimens. 
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RESULTS OF THE INVESTIGATION OF THE 
TEMPERATURE DEPENDENCE OF 
SATURATION INDUCTION AND 
COERCIVE FORCE 


The results of the investigation of the tempera- 
ture dependence of the magnetic properties 


1s) 


are given in Figs. 5 to 7. These graphs show first of 
all, that coercive force is considerably higher at 
temperatures above 220° in the tempering tempera- 
ture range of 250- 500° than it is at room tempera- 
ture. Following Kondorskii [10], we attribute this to 
the special magnetic properties of low temperature 

« —and X —carbides [8, 9], which have a high mag- 
netization and Curie points 0, = 390° and @y = 270°. 

In the field of much higher tempering temperatures 
(T > 500°) the nature of the temperature dependence 
of coercive force is different; it becomes less with 
increase in temperature. We attribute this to particul- 
ar magnetic properties [11] and the dispersion of 
cementite inclusions. 

According to paper [11] cementite has consider- 
ably higher natural magnetic anisotropy than iron. 
At room temperature = 4x 10° oersteds/cm’, 
while at the temperature of liquid hydrogen 
K 59° = 7 x 10° oersteds/cm’. The cementite being 
of fairly large size (~ 10° * cm) because of spher- 
oidization has considerably higher magnetic aniso- 
tropy than iron and substantially lower magnetization 
saturation (/.~ 800 gauss {9]), and it therefore be- 
haves like a non-magnetic inclusion. In these inclus- 
ions the nature of the temperature dependence of 
coercive force should be trivial [10], i.e. it should 
decrease with temperature. 

It is possible that the very high coercive force 
of St. 45 at the temperature of liquid nitrogen (Fig. 
5) is partly due to the high magnetic anisotropy of 
cementite. In 45KhNMFA and 30KhGS (Figs. 6, 7), 
because of alloying, the magnetic anisotropy of the 
cementite should be lower both from a general point 
of view and by analogy with the known fact that the 
magnetic anisotropy of iron is reduced with alloy- 
ing. It is to be expected therefore that the relative 
increase in coercive force at low temperatures will 
be less in alloy steels than in plain carbon steels. 

The results of the magnetization saturation mea- 
surements at elevated temperatures (220, 250, 300°) 
show that it increases as a rule with increase in 
tempering temperature (7 > 450°). This is in very 


Structural steels 


good agreement with the known ideas concerning 

the increase in the magnetization of the ferrite 
matrix in the high temperature tempering range due 

to the alloying elements and their transition to the 
carbide phase. In plain carbon steel (Fig. 5) no 

such increase in the magnetization is noted, as there 
are no alloying elements and the carbon is able to 

be precipitated from the solid solution at much 
earlier stages of tempering. 

In view of the fact that the variation in magnetiza- 
tion during the third and fourth stages of tempering 
is in structural steels comparable with the degree of 
error in the measurement of magnetization (+ 8 
gauss), it was felt that it would be a good thing to | 
carry out these investigations on high carbon (plain 
and alloy) steels after high temperature tempering. 
Such investigations were carried out on a number 
of high carbon steels. In Fig. 8 for example, the 
temperature dependence of the magnetic properties 
of steel KHV-5 is given. 

The results of the investigation of the tempera- 
ture dependence of coercive force in structural © 
steel in the range of medium and high temperature 
tempering (250 to 700°) show that in the entire 
tempering temperature range of 400 to 700° coercive 
force measured at elevated temperatures (250 to 
300°) is quite definitely and sharply reduced with 
increase in the tempering temperature. Fluctuations 
in the observation temperature within the limits of 
+ 30° cause the same degree of error in the deter- 
mination of coercive force as fluctuation of + 10° in 
the tempering temperature. 

This shows that it is perfectly feasible to control 
the quality of high temperature tempering of steel 
articles by measurements of coercive force at tem- 
peratures above 250°. 

Investigation of the temperature dependence of 
coercive force and magnetization saturation in test- 
pieces treated so that they were brittle show that 
this dependence is no different from the tempera- 
ture dependence of ductile testpieces. 

As the development of temper brittleness is pos- 
sible during the measurement process at elevated 
temperatures, the testing temperature for magnetic 
properties should not exceed 350 to 400°. Cooling 
from the tempering temperature to the temperature 
desired should be done fairly rapidly as is custom- 
ary in the high temperature of structural steels. 

CONCLUSIONS 
1. As a result of the investigation, after tempering 
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at various different temperatures (150 to 700°), of 
the magnetic properties, electrical resistivity and 
mechanical properties 


(H Ry? a,) 


of structural steel specimens which had been norm- 
ally quenched (850° austenitization temperature) and 
those which had been considerably over-heated 
before quenching (1200°), it has been established 
that the coercive force of fine-grained samples in the 
tempering range above 450° is higher than that of* 
coarse-grained pieces. In the high temperature tem- 
pering range (7 > 450°) coercive force is practically 
identical for coarse -and fine-grained specimens of 
fully quenched carbon steel St. 45. In the case of 
incomplete quenching (from 850°) of structural steels, 
coercive force is considerably lower in fine-grained 
specimens in the high temperature tempering range 
than it is in the fully quenched coarse-grained ones. 
The maximum of coercive force in the tempering 
temperature range from 500 to 600° becomes higher 
as the temperature of the previous austenitization is 
increased, i.e. with increase in quantity of carbon 
going into solid solution as a result of austenitiza- 
tion and with fewer undissolved carbides remaining. 
2. The proposition has been put forward that the 
maximum of coercive force in the high temperature 
tempering range in steels quenched to martensite is 
to the carbide transformations ¢, X + (Fe,Me),C and 
the peculiar magnetic properties of the « — and X- 
carbides and cementite. The appearance of the maxi- 
mum demands a certain minimum quantity of carbon 
to be transferred to the solid solution during austen- 


itization (about 0.4%). Another factor influencing 
the coercive force maximum is the degree of intens- 
ity of the processes in the first and second stages 
of tempering, as the process of internal stress relief 
in martensite is dependent on the decomposition of 
residual austenite and martensite while coercive 
force at these stages of tempering is known to be 
entirely dependent on the magnitude and dispersion 
of II-type stresses in martensite. 

3. The investigations of the temperature depend- 
ence of coercive force and magnetization saturation 
confirm the statement above regarding the nature of 
the maximum of coercive force. The nature of the 
temperature dependence of coercive force in struc- 
tural steels is very different in the temperature 
ranges of medium (250- 500°) and high temperature 
(above 500°) tempering. This eliminates the inde- 
finite behaviour of coercive force in a wide temper- 
ature range from 400 to 700° so long as measurements 
are carried out at sufficiently high temperatures 
(> 250°). 

4. Special investigations of the magnetic and 
electrical properties and the hardness of ductile 
and brittle specimens during the study of reversible 
temper brittleness showed that there is no real 
correlation between these properties and impact 
toughness in quite a wide range of testing tempere- 
tures for magnetic properties. This is in complete 
agreement with much earlier investigations of mag- 
netic and other physical properties at room temper- 
ature [3]. 


Translated by V. Alford 
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MARTENSITE FORMATION AT HIGH RATES OF DEFORMATION * 


A.P. GULYAEV and A.S. SHIGAREV 
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esting from two points of view. 


(Received 16 June 1960) 


The influence of the rate of deformation on the development of martensitic transformation is inter- 


On one hand, data concerning the influence of the rate of deformation on structure are of definite 
practical interest as many alloys, including those with a tendency to martensitic transformation, operate 
in conditions of dynamic and explosive load. Moreover, this type of data is of considerable interest from 
the theoretical point of view as it may throw some definite light on the mechanism of the nucleation of 
martensitic crystals and thus give a clearer idea of the processes in this field. The small number of 
papers on this topic is due to the exceptional experimental difficulties particularly in studying rates of 


deformation above 100 m/sec. 


It is therefore very interesting to carry out a study of the formation of martensite at high rates 


(above 150 m/sec) of deformation. 


The transformation of austenite into martensite 
under the influence of deformation carried out in 
prescribed temperature conditions is a fairly well 
established fact. 

In certain papers [1-8] devoted to the transforma- 
tion of austenite to martensite under the influence of 
deformation an attempt has been made to establish 
the influence of the rate of deformation on the amount 
of martensite formed. These papers however have 
not provided a definite answer to the question of 
how the rate of deformation influences the transform- 
ation since the range of variation in the rates of 
load was not very great and it was not possible to 
prevent the specimens being heated through as a 
result of the rapid deformation. 

In this work three rates of deformation were used 
differing from one another by 7 or 8 times (Table 1). 
Steels Kh15N9Yu and Kh12F 1 were used for the 
investigation. Their chemical composition, the heat 

treatment used and the position of Mf temperature, 

are given in Table 1. The test specimens were in the 
shape of cylinders and their measurements are given 
in Table 3. A diagram showing all three methods of 
deformation is given in Fig. 1. 

Static compression was carried out on a press 
‘(Fig. la); the degree of deformation was determined 


* Fiz. metal. metalloved., 10, No. 5, 691-697, 1961. 


from the relative increase in the diameter of the 
piece. 

in the schematic drawing “Impact against a fixed 
obstacle” (Fig. 15), the contacts are for measure- 
ment of the rate of movement of the specimen 
against the obstacle; the method of testing was 
taken from the paper by Taylor [9, 10] and the 
method of registering the speeds, from Karman [11]. 
Fig. 1c shows the deformation of specimens under 
the action of an explosive load. A similar study of 
the effect of a blast wave on martensite transforma- 
tion was made by Lokshin [12]. 

The indirect method of measuring the pressure of 
the metal proposed by Lokshin, was used in the 
present investigation. Variations-in pressure and 
consequently, in the rate of deformation of the piece, 
were effected by varying the distance between the 
explosive and the test specimen. 

As with impact egainst a steel plate, so also 
with explosion, the samples invariably became 
mushroom-shape d, i.e., they were deformed uneven- 
ly along the length (Fig. 2 and 3). 

Taking the relative variation in the cross-section 
as the degree of deformation, one found it possible, 
after determining the amount of martensite along 
the axis in one specimen, to establish the influence 
of the degree of deformation on transformation at 
the given rate. 

The amount of martensite was found by X-ray 


Martensite formation 


TABLE 1. Methods and rates of deformation 


Rate of deformation 


Method of deformation 
m/sec 


2 mm/min = 3 x 10° 
1x1? 
4x 10° — 10? 


Static compression .... 


TABLE 2. Chemical composition, heat treatment and martensitic transformation point 
in the steels investigated 


Composition Queachin 4 


Steel > ce | 
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Kh1SN9Yu| 
Kh12F1 


8.9 | 1.0) 
| 0.70 


TABLE 3. Size of test specimens 


Method of deformation 


Length 


Static compression .... 


10 
30 
25 


analysis [13] by comparing the integral intensity of 
the (110) and (111)ofthe alphaand gamma phases 
with those calculated theoretically. The precision of 
the method was within 5 % of the value determined. 


RESULTS OF THE EXPERIMENTS 


Both the steels investigated had approximately 
the same amount of martensite (8 %) after quenching 
since their martensitic transformation points are 
close together (see Table 2). 

Typical curves for the distribution of the phases 
(amount of martensite) along the length of a speci- 
men are given in Figs. 4 and 5. Outside of the de- 
pendence of the metliod of deformation (impact, ex- 
plosion) the distribution of martensite in length for 
both types of steel is: 

1. The amount of martensite becomes less as the 


distance from the impact plane is increased; in other 
words, the less the plastic deformation of the sample, 
the less the amount of martensite, formed. 

In the zone where there is no plastic deformation 


no increase in the amount of martensite is observ- 


ed. This refutes Lokshin’s data [12], as he did not 
establish this distribution of martensite quantitati- 
vely along the length of the sample (on blast) and 
found that there was an increase in the amount of 
martensite in those parts of the specimeu where 
there had been no plastic deformation. 

2. With increase in the rate of deformation under 
impact (or.in magnitude of pressure in blast ) the 
amount of martensite formed increases. This influ- 
ence can be attributed to the high degree of trans- 
verse deformation during increase in the rate 
(force) of impact or blast pressare. 

3. In-specimens of stee] Kh12F 1 the formation of 
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FIG. 1. Diagram showing the deformation of the test specimens: 
a — static compression; 
b — impact against a fixed obstacle 
(1 plate, 2— contacts, 3 — test specimen, 
4 — recording instrument); 
c — blast (5 — detonator, 6 — specimen). 


a b i 
FIG. 2. External appearance of test specimens after impact. Rate of impact: 


a — 203; & — 229; c — 245; d — 290, and e — 323 m/sec. 
Steel KhI5N9Yu. 


FIG. 3. External appearance of specimens after blast. Pressure of blast wave: 
a—0.7x 10°; b6—1.3x 105; c —2.2x 10° kg/cm’. 
Steel Kh15N9Yu. 


artensite under impact occurs along a greater length 4. Under blast, specimens of steel Kh12F 1 suffer 
as this steel has less plasticity and is deformed brittle fracture with no traces of plastic deformation. 
less in the transverse direction. in this case no increase in martensite was observed. 
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Steel KhI5N9Yu | 
/ Shape after impact 


y 


Impact plane 


Initial amount 


Amount of martensite, % 


of martensite 


4a 


o 8 


Distance from impact plane, mm 


FIG. 4. Quantity of martensite formed under impact. Steel Kh12F 1. Rate of impact: 


1-219; 2-211; 


3 — 188; 


4 — 170; 5 — 156 m/sec. 


Steel KhI15N9Yu. 
Rate of impact: 


1 — 323; 2-290; 3 — 245; 


This once again confirms the conclusion that at 
any rate of deformation martensite formation is only 


observed in zones where the metal has been plas- 
tically deformed. 

In view of the fact that transverse deformation 
varies at the same distance from the ends under 
different rates of load, it is a good idea to compare 
the quantity of martensite formed at different stages 
of transverse deformation. 

The amount of martensite formed on the plane re- 
ceiving the shock is shown in Fig. 6 for both the 
steels investigated and for three types of deforma- 
tion (for steel Kh12F'1 — for two types, as blast de- 
formation did not cause the formation of martensite. 

Slow static compression causes, with the same 
degree of transverse deformation, substantially 
greater formation of martensite than do high rates of 
deformation (under impact and blast). This influence 
of the rate of deformation might be due either to the 
fact that at high rates of deformation martensite 
cannot be formed or it may be due to the difference 
in the temperature conditions of deformation. 

The first hypothesis is the less probable. Avail- 
able data [15] show that the average rate of growth 
of a martensite crystal is about 1 x 10° mm/sec, 
i.e. it is of the same order as the rate of movement 
of an edge dislocation or the rate of formation of a 
slip plane. This means that if the time of rapid 


4 — 229, 


5 — 203; 6-182; 7 161m/sec. 


deformation is enough for the formation of a slip 
plane, then it is enough for the formation of a mar- 
tensite crystal. 

It has been shown that the amount of martensite 
formed on deformation is dependent on the position 
of the martensite transformation point and the tem- 
perature of deformation. The maximum amount of 
martensite is observed when deformation is carried 
out at the temperature of martensitic transformation. 
In accordance with this, in our experiments during 
slow static compression the heat liberated was dis- 
sipated into the atmosphere, and the temperature of 
deformation remained close to room temperature (and 
consequently to the martensite transformation point 
of the steels investigated). At high rates of deform- 
ation a considerable part of the heat remains in the 
piece and for this reason the temperature of the 
specimen in the moment of deformation is raised 
above room temperature (and above M point, as a 
result of which less martensite is formed. 

In impact against a plate a further source of 
heat is the heat of friction and for this reason the 
heating of the specimen will be greater than it is 
during explosion. 

This also explains why less martensite is form- 
ed during deformation under shock than deformation 
under blast, although the rate of deformation is less 
in the first case than in the second. 
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FIG. 5. Quantity of martensite formed. under blast. FIG. 6. Quantity of martensite formed under compression 
Steel KhI5N9Ya. (curve 1), blast (curve 2), impact (curve 3) as a function 
Pressure: 1— 2.2; 2—2.0; 3—1.7; 4—1.4; of the degree of plastic deformation in the transverse 
5-—1.3; 6—1.1; 7— 0.75 and direction. The degree of deformation was increased by 
8 — 0.4 105 kg/cm’. increasing the degree of compression (static compression), 
rate of movement of the specimen (impact) or pressure 
of the blast wave (blast). 
Continuous lines — steel KhI5N9Ya, 
Dotted lines — steel Kh12F1. 
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FIG. 7. Increase in hardness as a function of the degree and rate 
of deformation: 
1 — compression; 2 -— blast; 3 — impact. 
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It follows from what has been said that the rate of 
deformation should not affect the degree of develop- 
ment of martensitic transformation which is depend- 
ent on the degree and temperature of deformation. 

It should be noted that hardness also varies ac- 
cording to the amount of martensite formed. The 
method which causes the greatest quantity of mar- 
tensite to be formed also brings about the greatest 
increase in hardness (Fig. 7). On the other hand, the 
method of deformation which requires a greater de- 
gree of deformation for the formation of exactly the 
same amount of martenaite, will also cause a great- 
er increase in hardness (Fig. 8). 

Thus, increase in hardness is in all cases the 
sum of the increase in hardness due to strictly 
mechanical hardening of austenite itself, and to 
martensite formation. 


CONCLUSIONS 


In this work the process of the formation of mar- 


tensite in high and low carbon steels has been in- 
vestigated under deformation in impact (rate of 
deformation ~ 250 m/sec) and blast (rate of deform- 
ation ~ 5000 m/sec). 

Deformation temperature corresponded approxi- 
mately to M point. It has been shown that martensite 
is formed at any rate of deformation if only the aus- 
tenite is plastically deformed. In zones where the 
austenite is only elastically strained no martensite 
is formed. 

More rapid deformation to the same degree of 
deformation causes a smaller volume of transforma- 
tion; this is due to the heating of the specimen 
during deformation at a high rate. 

Hardening (at the same degree of deformation) is 
less in the case of very rapid deformation since less 
martensite is formed. 


Translated by V. Alford 
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FIG. 8. Increase in hardness as a function of the quantity of martensite 
formed at different rates of deformation: 


1 — compression; 


2 — blast; 


3 — impact. 


REFERENCES 


1. K. Matieu, Arch: Eisenhutt., 16, No. 12, 215 (1942). 

2. V.N. Arskii and A.P. Gulyaev, Fiz. metal. metalloved., 
6, 5 (1958). 

3. S.S. Nosyreva and M.V. Burakova, Trud. Ukr. fil. 
Akad. Nauk., 9, 256 (1937). 

4. S.S. Nosyreva and M.V. Burakova, Trud. Ukr. fil. 
Akad. Nauk., 10, 41 (1941). 


5. H. Muller, Zs. Phys., 86, 532 (1938). 
6. G.V. Davydov, Zh. tekh. fiz., 4, 3 (1934). 


7. K. Honda and A. Iwase, Trans. Amer. Soc. Steel 
Treatment, No. 3 (1927). 

8. M.A. Garevich and V.A. Livshits, 
Izv. sektora fiziko-khim. analiza, 
19, 81 (1949). 


59 

= 

| 


9. G.I. Taylor, J. Inst. Civil Eng., 8, 486 (1946). 
10. G.I. Taylor, Proc. Soc., S.A., 194, 1038 (1948). 
11. T. Karman and P.E. Durvez, J. Appl. Phys., 

21, 10 (1950). 
12. L.F. Lokshin, Trud. Novocherkassk. politekhn. 
inst., 71/85 (1957). 


13. B. Averbach and M. Cohen, Metal technology, 
February, 45 (1948). 

14. M.G. Gaidukov and V.D. Sadovskii, Metalloved., i 
obrabotka metallov, No. 5 (1958). 

15. R. Mehl and R. Bauch, J. Metals, 
5, 9 (1953. 


60 Martensite formation 
VO 
1 
19 


VOL. 
lo 


THE STRENGTH, TOUGHNESS AND HARDNESS OF TWO-PHASE POWDER-METALLURGICAL 
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The dependence of the mechanical properties of 
WC-Co hard alloys on their composition, carbide 
grain size and testing temperature has been studied 
in considerable detail in recent years. Definite laws 
have been established and attempts have been made 
to explain them by models of the mechanism of rupt- 
ure in these alloys [1-5]. Similar systematic works 
are not available in literature regarding the other 
broad group of hard alloys, namely the TiC-Wc-Co 
group. Of the papers devoted to specific metallo- 
graphic problems in this group of alloys, only two 
need be mentioned as having any direct relationship 
to the present investigation [6, 7]. Both of them are 
devoted to the study of grain growth in the solid 
solution of TiC-WC in TiC-WC-Co alleys and con- 
clude that this growth occurs mainly not as a result 
of recrystallization through the cobalt phase which 
was melted during sintering, as occurs in WC-Co 
alloys but because of “collective recrystallization” 
of carbide grains. 

The present investigation is the first part of work 
devoted to the study of the dependence of tensile 
strength in bending, impact toughness and hardness 
in TiC-WC-Co alloys on their composition, carbide 
grain size and testing temperature. 

In this section the two-phase alloys TiC-WC-Co 
were investigated, i.e. alloys consisting of the car- 
bide phase, being a solid solution of tungsten car- 
bide in titanium carbide, and of the cobalt phase in 
which a very small number of titanium, tungsten and 
carbon atoms have been dissolved. This part of the 
work must be a transition stage in the investigation 
of the three-phase alloys TiC-WC-Co consisting of 
grains of the solid solution TiC-WC, grains of struc- 
turally free WC and grains of a cobalt phase. 


* Fiz. metal. metalloved., 10, No. 5, 698-709, 1961. 


TEST SPECIMENS AND EXPERIMENTAL 
PROCEDURE 


Three series of alloys, I, II and III were produced 
with a content of 4, 6, 9, 15, 20 and 25 % cobalt in 
each series. In all the alloys the carbide phase con- 
sisted of TiC and WC in the ratio 1: 1 by weight. 
The distribution curves for the carbide grain size 
were very similar in all the alloys, the average 
grain size being 0.9, 2.6 and 5.6 y in series 1, 2 
and 3 respectively. The same phase composition 
TiC —WC + Co was maintained throughout; both the 
presence of graphite ‘inclusions and of decarburiza- 
tion was avoided. 

The table gives the properties for the alloys pro- 
duced. 

Porosity was found at a magnification of 100, by 
comparing a metallographic specimen with a stand- 
ard photographic scale of porosity. The distribr’ 
of the carbide size was found by measuring 100 _ 
grains at magnification of 1350. While studying — 
metallographic specimens under the microscope 
was found that the distribution of cobalt was ~~ - 
uniform than in WC-Co alloys. This was particuiur- 
ly so in the series III alloys. Cobalt segregatiu.. 
and sections depleted of cobalt were observe~. 

The test specimens were produced in the form « 
rectangular bars 5 x 5 x 35 mm. Tensile stress ix 
bending was found on the R-5 machine fitted wit’: 
the attachment which has been described and illua- 
trated in paper [1]. Testing was carried out at ter) 
peratures of 20, 200, 500, 800 and 1000°. The ai. 
tance between the supports was in all cases 13 +: 
Each value represents the average of tests on 
20 specimens. 

The impact toughness tests were carried out 
a 50 kg/cm pendulum hammer used for ebonite i: 
Leningrad factory “Metallist”. The distance be: 
the supports was 20 mm. The tests were carried : 
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TABLE 1. Characteristics of the alloys 


Volume (%) occupied by grains of Tic-WC phase size, p 


Porosity 
at x 100 

Weight, %| weight | | E | | | 9 10 |>10 

{ 

First series d = 0.9 p 

4 0,2 1% — pe 
6 | 772 | | 
0,2 7.76 | 9 
Ss 23 7.84 80 | | 3 
20 0 7.80 | 90 


Second series d = 2.6 pe 


0.1 | 7:63 | io | 36 
0 | 7,66 7 | 43 
0.2 778 #7 «42 
0 7.29 | 13. | 44 
0 774 | 12 | 36 


4 


7| 5] 2 
3) 
15 = 
41 


— 


oral as 


at the same temperatures as those used for deter- 
mining tensile strength. Each value represents the 
average of 20 tests [15]. 

Vickers hardness was determined at room temper- 
ature and hardness was found on other testing 
machines at temperatures of 20, 200, 300, 400, 500 
and 600°. In the second case the tests were carried 
out in a vacuum of 10°* mm Hg. In both cases the 
load was | kg and duration 30 sec. 

Five measurements were made at each tempera- 
ture. The average hardness figure was taken from the 
three figures with the least scatter. Fracture tests 
were carried out on specimens from all the different 
alloys. The ground and polished pieces were fractur- 
ed on the R-5 machine or under the hammer and after 
this the separate halves were etched at the point of 
fracture and examined under a microscope at a mag- 
nification of 1350. The most characteristic cracks 
formed during fracture were photographed. 

DISCUSSION OF THE RESULTS OF THE 

INVESTIGATION 
I. The dependence of tensile strength in bending 


on cobalt content is shown in the graphs in Fig. 1. 
Here and in all subsequent curves allowance has 
been made for statistically determined errors which 
have been taken as equal to twice the mean square 
of the deviation from the arithmetical mean (20, ). 

It can be seen from the graphs that there is a 
fundamental difference in the strength relationship 
established for the two-phase alloys TiC-WC-Co 
from that previously established for WC-Co [5]. 

1) The strength in bending of two-phase alloys 
TiC-WC-Co with up to 14% cobalt is not dependent 
on the cobalt content at testing temperatures of 20 
to 500° inclusive. * In WC-Co alloys tensile strength 
in bending is definitely dependent on cobalt cuntent 
and testing temperature in the whole range of compo- 
sitions (up to 25% Co) and temperatures (up to 800°) 
studied, having a maximum ata definite cobalt con- 
tent and definite temperature. A similar dependence 
is observed for TiC-WC-Co alloys (but in a less 


* A similar curve was found by Glezer and Ivanik at room 
temperature for the system TiC-Co [4]. 
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FIG. 1. Tensile strength in bending as a function of cobalt content. The numbers 
of the curves correspond to the series numbers: - 


a—20; b-—200; c—500; d-—800; — 1000. 


FIG. 2. Propagation path of crack. Photomicrograph of alloy with 15% Co, 
series [I]; x 1125. 


precise form) at temperatures of 20 to 500° in series temperatures exceeding 500°. 
I and II only with cobalt contents higher than 15%, In the coarse-grained alloys of series III tensile 
or in the whole range of compositions studied at strength at temperatures above 500° is not dependent 
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FIG. 3. Propagation path of crack. Photomicrograph of alloy with 15% Co, 
series III; x 1125. 


FIG. 4. Propagation path of crack. Photomicrograph of alloy with 25% Co, 
series III; x 1125. 


on cobalt content in the whole range of the alloys. carbide by the cobalt; the contact angle is equal to 


The considerable difference in the dependence of zero. In the system TiC-Co [8] wettability is incom- 
plete; on sintering in hydrogen the contact angle is 


teasile strength on the cobalt content for the two 


groups of hard alloys indicated above is undoubte- equal to 35°. 
diy due to the different degree to which the tungsten It follows from this that wettability is incomplete 


carbide and the solid solution TiC-WC are wettable in the solid solution of TiC-WB and as a result of 
by the liquid cobalt. As is well-known, in the system this the carbide phase in TiC-WC alloys cannot 
WwC-Co there is complete wettability of the tungsten appear as individual grains surrounded by a cobalt 
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FIG. 5. Tensile strength in bending as a function of testing temperature. The numbers 
on the curves correspond to the number of the series: 


a — 4% Co; b~9% Co; 


phase as occurs in WC-Co alloys. In the two-phase 
alloys TiC-WC-Co the carbide grains of the sclid 
solution TiC-NC should, on the other hand, form a 
continuous skeleton with the cementing phase in 
between. This is undoubtedly confirmed by the in- 
vestigation mentioned above of the process of grain 
growth in the solid solution when these alloys are 
sintered, that this growth occurs mainly because of 
“collective recrystallization”; this latter is only 
possible where there is direct contact between the 
carbide grains. 

The considerable difference in the structure of 
WC-Co and TiC-WC-Co-allovs leads to a different 
mechanism for the start and propagation of cracks. 

It is known [9, 10] that in heterogeneous structures 
for example, two-phase steels, the place for the 
start of primary cracks depends on the arrangement 
of the phases with regard to one another. Thus, in a 
steel with a martensitic brittle matric and plastic 
ferrite network around the martensite grains, the 
crack starts in the ferrite interlayers in which the 
plastic deformation is localized. 

The same occurs in WC-Co alloys which have an 


e — 15% Co; 


d — 20% Co; e — 25% Co. 


analogous structure. If the ferrite is present in the 
form of globular inclusions in the continuous mar 
tensite network, then the cracks will arise in the 
brittle phase, i.e. the martensite. It is evident that, 
in the two-phase alloys TiC-WC-Co primary cracks 
will arise in the carbide grains. 

Starting in the carbide grains a crack should 
develop also mainly in the carbide phase as long as 
this phase remains continuous, as is confirmed by 
investigation of the course of cracks under a micro- 
scope (Figs. 2-4). 

This also explains the reason why tensile strength 
in bending is in the two-phase alloys TiC-WC-Co 
not dependent on cobalt content up to 15% and test- 
ing temperature of 500°. 

From this point of view the appearance at a 
cobalt content of above 15%, of a dependence similar 
to that of the tensile strength on cobalt content in 
WC-Co alloys must evidently be explained by the 
fact that at a high enough cobalt content the con- 
tinuity of the carbide network will now be all broken 
up and it will be separated, if not into individual 
grains, then into groups of grains, as is confirmed 
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FIG. 6. Tensile strength in bending as a function of average grain size: 


l1—e— 4%Co; 
15% Co; 
a — 20; b — 200°; 


by metallographic investigation. The formation of 
groups of carbide grains growing together in this 
way has been observed by Humenik and Parikh [8] 
in the system TiC-Co. 

As e check, experiments were carried out in 
dissolving in sulphuric acid the cobalt from speci- 
mens with 15 and 20% from series I (d = 0.9 y). 
With the solution continuously renewed it took 52 
days to remove all the cobalt. When this took place 
the specimens with 20% cobalt broke up and those 
with 15% cobalt remained intact. 

According to chemical analysis 0.46 % cobalt re- 
mained after the treatment in the specimens with 
15% while in those with 20% cobalt, 9.23 % remain- 


2—x— 6% Co; 
5 20% Co; 
ec — 500°; 


9% Co; 
6 — V— 25% Co. 
d—800; e¢ — 1000. 

ed. Repeated treatment failed to eliminate the co alt 
enturely. * 

The fact that the pieces with 15% cobalt did not 
break up after removal of the cobalt is not in itself 
sufficient to confirm the presence of a carbide net- 
work. However, the transition from the specimens 
which break up on removal of the cobalt to those 
which do not coincides with the transition point on 
the curves “tensile strength/cobalt content” from 
the section which is not dependent on cobalt con- 
tent to that which is. This, as also the shape of the 


* On testpieces with 15 % cobalt which had not fractured, 
tensile strength in bending was found to be ~ 30 
kg/mm’. 
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FIG. 7. Dependence of impact toughness on cobalt content. Numbers on curves 
correspond to series numbers: 


a — 20°; b — 200°; 
latter section, is evidence of the physical reality of 
the model mentioned above concerning the structure 
of the two-phase alloys of TiC-WC-Co. This model 
is nevertheless not complete as, although it does 
confirm the continuity of the carbide phase in alloys 
with a cobalt content of up to 15%, it does not show 
whether the cobalt phase is continuous or not. 

If the cobalt phase had filled the cavities of the 
carbide network in the form of separate discrete in- 
clusions, then the independence of strength on the 
amount and properties of the cobalt phase would be 
complete and perfect. Firstly, a crack would be 
able to surround cobalt inclusions right up to total 
fracture. Secondly, a cobalt inclusion completely 
surrounded by the carbide envelope, would have 
practically no possibility of plastic deformation, as 
a result of which it would not be able to retard the 
propagation of a crack should the latter pass through 
such an inclusion. Thus, Moroz and Sbhurakov [11] 
have shown that when a steel testpiece cemented on 
all sides is bent, a crack started in the cemented 
layer is not hindered by the core despite the high 


c — 500°; 


d-—800; e¢ — 1000. 
plasticity of the initial (non-case-hardened) steel 
used. 

However, the quantity of completely isolated 
cobalt is, as we have seen from the leaching-out 
experiments, comparatively small. It may therefore 
be assumed that the cobalt which fills the hollows 
of the carbide network, forms a second continuous 
network in them is inclosed in the first. 

In this case a crack propagated mainly in the 
carbide network, cannot completely escape the cob- 
alt phase. Total fracture of the piece under load 
cannot occur without fracture of the cobalt iater- 
layers. The extent to which the cobalt retards the 
development of the crack will not in this case be 
very large because of the fact that the.crack will 
already have achieved a reasonable length, and the 
stress concentration in its leading edge will be 
high and as a result of this cobalt interlayers will 
have less possibility to plastically deform. 

Only in favourable circumstances (high tempera- 
ture, considerable size of cobalt interlayer) can the 
cobalt have a noticeable retarding effect on a crack. 
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One must explain by this also the fact that at 
temperatures above 500° an increase in cobalt cont- 
ent in alloys of series I and II will cause an increa- 
se of plasticity which will at first be expressed by 
an increase and subsequently by a drop, in tensile 


strength i.e. that the curves will pass through their . 


maximum. This dependence can be seen at elevat- 
ed temperatures and a cobalt content of less than 
15%, i.e. where there is a carbide network. In ex- 
amining the course of a crack under the microscope 
it is sometimes actually possible to observe a halt 
in the crack due to a high segregation of cobalt 
(Fig. 3). 

Increase in plasticity and strength in the two- 
phase alleys of TiC-WC-Co at 500° is also aided by 
the relief of internal stresses at about this tempera- 
ture. These stresses are a result of the very differ- 
ent thermal coefficients of expansion of the phases 
[12]. 

It is not absolutely clear why the increase in the 
strength shown by the series III alloys at very low 


FIG. 8 Dependence of impact toughness on testing temperature. Numbers on curves 
correspond to series numbers: 
e — 15% Co; 


500 800 1000°C 


d — 20% Co; e — 25% Co. 


temperatures with increase in cobalt content. from 
15 to 25% is not observed at temperatures of 800 
and 1000°. This might be due to the softening of the 
thick cobalt interlayers at these elevated tempera- 
tures. 

2) The dependence of tensile strength in bending 
in the two-phase TiC-WC-Co alloys on testing tem- 
perature (Fig. 5) is also very different from the ana- 
logous dependence in the WC-Co alloys. In the lat- 
ter, independent of cobalt content (2 to 25%) and 
grain size (1.64 to 4.95 microns) tensile strength 
always remains clearly dependent on testing tem- 
perature (1, 5] and in fact increases up to a temper- 
ature of ~ 200°, and then falls with further elevation 
of temperature. This shows that brittle fracture in 
these alloys is accompanied by substantial plastic 
deformation of the cobalt interlayers. 

In TiC-WC-Co alloys tensile strength is found to 
be independent of testing temperature in the follow- 
ing circumstances: 

a) with a cobalt content of 4% (and apparently, 
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FIG. 9. Dependence of hardness on cobalt content. 
Numbers on curves correspond to series numbers. 


less), 

b) for practically all alloys of series [I exclud- 
ing that with 25% Co at temperatures above 
500°, and 

c) for alloys of series I and [II with 6 to 15% cob- 
alt at temperatures of up to 500°. 

The brittle fracture which occurs with practically 
no signs of plastic deformation must be due to the 
absence of a temperature/strength dependence. 

In the alloys with 4% cobalt the complete absence 
of plasticity is probably due to the fact that there 
is not enough cobalt for the formation of a second 
continuous network. It has been shown above ‘that 
when specimens with 15 to 20% Co are leached out, 
0.46 and 0.23 % “inaccessible” cobalt remains in 
them respectively, i.e. cobalt which is completely 
included in a carbide envelope. Reduction of the 
cobalt content of the alloy will therefore even in- 
crease the absolute quantity of any such isolated 
cobalt. Evidently its percentage quantity increases 
sharply, in connexion with which the plasticity of 
the cementing phase approaches zero. Alloys of 
series III are also distinguished by complete brittle- 
ness. As has already been stated, primary cracks 
under load appear in the carbide grains. In the very 
large grains of series [lI alloys the length of the 
cracks is so great and consequently, the stress con- 
centration in their leading edge is so high, that the 
cobalt interlayers are unable to retard the propaga- 
tion of the crack even at elevated temperatures. The 
purely brittle fracture at temperatures up to 500° of 
series I and I] alloys with 6 to 15% Co is due to 
the existence of a carbide network and the almost 
complete inability of the cobalt interlayers to de- 
form plastically in the given conditions. 
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FIG. 10. Dependence of hardness on average grain size. 
1—15%Co; 2-—20%Co; 3 -— 25% Co. 


From 500° and above series | and I] alloys con- 
taining 6 to 15% Co, and those of the same series 
with more than 15 % cobalt, exhibit in the whole 
range of temperatures investigated, a dependence 
of the tensile strength in bending on testing temper- 
ature in a manner which is completely analogous 
with WC-Co alloys. Tensile strength increases up 
to a certain temperature and then falls, i.e. the 
curves pass through a maximum. This shows that 
the brittle fracture is accompanied by plastic deform- 
ation. It should however be noted that this maximum 
is considerably higher (800°) than that in the WC-Co 
alloys (200°), and this is due to the greater brittle- 
ness of the cementing phase in the TiC-WC-Co al- 
loys. 

3) The dependence of the tensile stress of TiC- 
WC-Co alloys on the size of the carbide grains 
(Fig. 6) presents a completely different picture 
from that observed in WC-Co alloys. 

In WC-Co alloys the carbide grain size affects 
tensile strength indirectly inasmuch as increase in 
grain size increases the depth and plasticity of 
the cobalt interlayers and, as a result, tensile 
strength will usually increase, passing through a 
maximum in the case of multi-cobalt alloys. 

In TiC-WC-Co alloys, in which cracks commence 
and are propagated mainly in the carbide grains, it 
is to be expected that grain size will have a direct 
influence on tensile strength. Here, as in the single- 
phase metals and alloys with transcrystalline frac- 
ture, tensile strength should be inversely proportion- 
al to the square root of the average grain size 


(o~d-"/s), 
In Fig. 6 it can actually be seen that tensile 
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FIG. 11. Dependence of hardness on testing temperature: 
1 — 6% Co series II]; 


2 — 6% Co series |; 
3 — 9% Co series III; 


strength in bending decreases roughly linearly with 
increase in d*. The experimental points lie in a 
fairly good straight line. It is not until elevated tem- 
peratures that this linear dependence starts to be- 
come distorted; the strength at first increases up 

to a certain grain size and then is reduced. The 
higher the cobalt content the lower the temperature 
at which this distortion sets in and this is of course 
due to the fact that the cobalt interlayers become 
obstacles to crack propagation. 

With increasing grain size, strength is reduced on 
one han-i »ecause of the extension of the primary 
cracks while on the other hand, it increases as a 
result of iucrease in the depth and plasticity of the 
cobalt interlayers. 

Because of the action of these opposing factors 
the curves go through a maximum. At 1000° this 
occurs in all the ranges of cobalt content inves- 
tigated. 

II. Impact toughness, as is well known, is a com- 
plex value related to both strength and plasticity. 

Without going into a detailed analysis of the cour- 
se of individual curves (Figs. 7, 8) it can however 
be said that the dependence of impact toughness 


4 — 9% Co series I]. 


on cobalt content and testing temperature is very 
similar to that for tensile strength. This is evident- 
ly, because the variation in plasticity as a result 

of the variation in the factors studied is quite small 
in comparison to the variation in strength. Besides 
this, in the given case the variation in strength, 
unlike that in WC-Co alloys, bears in its turn little 
relationship to variation in plasticity. This is con- 
firmed by the already propounded mechanism of 
fracture of two-phase alloys TiC-WC-Co. 

III. Hardness naturally, falls with increase in cob- 
alt content. As can be seen frum Fig. 9, this drop is 
similar to that in WC-Co alloys. It should be noted 
that where the cobalt content was from 9 to 15%, the 
alloys were so brittle that the indentations were a 
mass of cracks and the hardness figures for these 
alloys were not plotted on graphs as they were con- 
sidered unreliable. This is in agreement with our 
ideas regarding the existence of the rigid carbide 
network in alloys with a cobalt content of less than 
15%. 

It can be seen from Fig. 10 that hardness increa- 


ses with increase in grain size. 
This is in agreement with the results of work by 
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Low[13], who observed a drop in the plasticity with 
with increased grain size in low carbon steel at a 
temperature of —195°. 

Hardness at elevated temperatures (Fig. 11) de- 
monstrates the same dependence on cobalt content 
and grain size as at room temperature, i.e. it falls 
with increase in the cobalt content and reduction in 
grain size. Hardness also, of course, falls with in- 
crease in temperature. 


CONCLUSIONS 


1. Due to the poor wettability by cobalt of TiC- 
WC grains, the latter, up to ~ 15% Co content, from 
a continuous carbide network, in the interstics of 
which the cobalt phase is found, forming a second 
continuous network. 

In alloys with more than 15% cobalt the carbide 
grains are to a greater or less degree separated. The 
continuity of the cobalt phase is less probable 
where the cobalt content is below 6 %. 

2. Tensile strength and impact toughness in two- 
phase solid solutions of TiC-WC-Co with up to 15% 
cobalt and in the temperature range 20 to 500°, are 
not dependent on cobalt content or testing tempera- 
ture. This may be attributed to the fact that cracks 
are started and propagated mainly in the highly brit- 
tle carbide network. Where the cobalt content is 
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THE PROBLEM OF THE RELATIONSHIP BETWEEN ORDERING IN THE ALPHA-PHASE 
GAMMA TRANSFORMATION IN Fe-Co-V ALLOYS* 


I.L. APTEKAR’ and V.I. GORBUNOV 
Institute of Precision Alloys, Central Research Institute of Ferrous Metallurgy 


(Received 3 April 1960) 


The structure and kinetics of the alpha gamma transformation during tempering has been invest- 


igated by the X-ray, microstructure and dilatometer methods in Fe-Co-V alloys with 2.5 and 3.0% van- 
adium (52% Co). It is shown that ordering in the alpha-phase precedes the precipitation of the gamma- 
phase and influences the structure of the alloys and the kinetics of transformation. A theory is propos- 


ed regarding the nature of this influence. 


1. INTRODUCTION 


In the binary alloy Fe-Co with stoichiometric com- 
position, it is known that, besides the alpha.* gamma 
transformation at elevated temperatures (~ 1000°), 
the process of ordering to a cubic body-centred lat- 
tice takes place at low temperatures. Unlike the 
other ordering alloys, in this system it causes an in- 
crease in volume [1]. It has been established by 
direct A-ray examination that ordering in the alpha- 
phase takes place not only in the binary Fe-Co al- 
loys [2], but also in the ternary alloys Fe-Co-V [3] 
after prolonged annealing. 

Additions of vanadium to an alloy of stoichio- 
metric composition will on one hand cause a slight 
reduction in the Kurnakov point and on the other, it 
causes the formation of a wide two-phase field of 
ordered alpha- (a) and gamma phases at temperatures 
above 400°.' This overlapping of the processes of 
ordering and decomposition of the alpha-phase during 
tempering provides an opportunity for investigating 
their relationship with one another. 

This work is devoted to the study of the kinetics 
of the aloha>’samma transformation during low tem- 
perature tempering, and of the influence of ordering 
in the alpha-phase on this transformation. The fol- 
lowing alloys were selected for the investigation, 
the composition of which corresponds to the two- 


phase field close to the boundary of the alpha- 
phase: 

1) 51.9% Co, 2.57 % V, remainder Fe; 

2) 51.85% Co, 3.14% V, remainder Fe. 

The content of the remaining elements was 
C < 0.04%, Mn < 0.4%. Besides the X-ray method, 
electron and optical microscope and dilatometer 
methods were used. 


2. PROCEDURE 


The heat treatment of the test specimens was car- 
ried out in evacuated quartz ampoules. The speci- 
mens were investigated after cooling at different 
speeds from the single-phase gamma range (quench- 
ing in water, cooling in the furnace at the rate of 
20°/hr) and after quenching and tempering. 

The microstructure was examined on the microscope 
MIM-8 at a magnification of 400 and on the electron 
microscope E\-3 (photographed at 4000 and sub- 
sequently enlarged 3 times). Plastic replicas shadow- 
ed with chromium were used for the electron micro- 
scope examinations. The metallographic s;.cimens 
were prepared in the usual way using mechanical 
polishing. The etching reagent consisted of 50% 
nitric acid, 45 acetic acid and 5% water. 

The X-ray phase analysis was made on compacts 
and on powder specimens. Photographs were made 


* Fiz. metal. metalloved., 10, No. 5, 710-713, 1961). 
t There is a narrow single-phase region to the Fe-Co 
side of the ternary diagram. The solubility limit of 


vanadium in the a phase is, according to a number of 
authors [3, 4), aboat 2%. 
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FIG. 1. Dilatometer heating curves for the alloy Fe-Co (52% Co) and Fe-Co-V 
(51.85 % Co, 3.14% V): 
a — initial state — quenched, binary alloy; 
b — the same, ternary alloy; 
ce — initial state — cooled at 20°/hr, ternary alloy. 


in a vacuum with monochromatic Co Ka radiation in 
a type KMSP camera designated by the Moscow 
University. Exposure was about 100 hr. 

The dilatometer investigations were carried out on 
a Chevenard differential dilatometer. The specimens 
were first either quenched from 1000° in water or 
cooled from the same temperature at a rate of 20°/hr. 
The dilatomer curves were obtained at a heating 
rate of 2°/min. 


3. RESULTS 


The dilatometer curves for the heating of quench- 
ed specimens of the Fe-Co-V alloys are noticeably 
different from those for the binary alloy Fe-Co with 
stoichiometric composition and from the similar 
curves for ternary alloys with a vanadium content of 
less than 2% (Fig. 1 a-b). The clearly expressed 
increase in volume which occurs when the quenched 
specimen (3.14% V) is heated in the region of 400- 
500° (Fig. 15) is absent on the curve for the anneal- 
ed alloy (Fig. 1c). It is also characteristic of these 
alloys for there to be an increase in volume in the 
process of isothermal soaking in this range of tem- 
peratures. 

Figs. 2 a-b show the dilatometer curves for the 


heating and 65 min isothermal soaking at 430° of 
the binary alloy and the alloy with 2.57% vanadium. 
Attention is drawn to the considerable volume chan- 
ge in the ternary alloy as compared with that in the 
binary under exactly the same conditions. 

Direct evidence of the fact that the increase in 
volume at 400-450° is due to the process of order- 
ing in the alpha-phase, is given by the super- 
structure lines (superstructure type CsCl) which we 
observed on X-ray photgraphs of tempered and an- 
nealed specimens of the binary and ternary alloys. 

Subsequent continuous heating to much higher 
temperatures with isothermal holding (Figs 15 and 
3 a-b) causes a reduction in volume, as is to be 
expected, as a result of precipitation of the gamma- 
phase. This confirms the X-ray phase analysis. At 
650-700° however, a small plateau and & slight 
maximum (Figs. 1 5-c) are observed on the dilato- 
meter curves for the continuous heating of both the 
quenched and the annealed alloys. Although a reduc- 
tion in volume takes place at these temperatures as 
a result of continued isothermal soaking, it was 
nevertheless noticed in a specially mounted experi- 
ment for visual observation, that in the initial mo- 
ment of isothermal soaking there is an increase in 
volume. The same effect was observed with short- 
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FIG. 2. Dilatometer heating and cooling curves with isothermal soaking at 430 for 65 min: 
a — Fe-Co (52% Co); b — Fe-Co-V (51.85 % Co, 2.57% V). 
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FIG. 3. Dilatometer heating curves for Fe-Co-V (51.85 % Co, 3.14% V): 
a — heating a quenched specimen. 4 hr soaking at 530, 600 and 700 ; 
b — heating on annealed specimen. 2 hr soaking at 550° and 10 min at 


700°. 


time soaking (10 min) at 700° on the heating curve 
for an annealed specimen after preliminary soaking 
for 2 hr at 550° (Fig. 36). After prolonged soaking 
(4 hr) however there was no change in the volume at 
700°, even if the quenched specimen had been pre- 
viously held for the same length of time at 530 and 
600° (Fig. 3a). 

The microstructure of the alloys is abruptly chan- 
ged on passing through the temperature range 650- 
700°. Figs. 4 a-c show the microstructure of an alloy 
with 3.14% vanadium after tempering at different 
temperatures. Tempering at 430° produces no visible 
change in microstructure as compared with the 
quenched state. Increase in the tempering tempera- 
ture causes a sharp increase in the etchability of the 
metallographic specimens which is apparently due to 
the fine dispersed decomposition products of the 
alpha-phase. This type of microstructure is preserv- 
ed up to a tempering temperature of 650-700°. At 
these temperatures and above the precipitation 
particles of the gamma-phase are revealed at the 
usual magnifications and are particularly easy to 
see on an electron microphotograph, as seen in 
Fig. 4c. 

Thus ordering in the alpha-phase precedes decom- 
position with the formation of the gamma-phase 


during low temperature tempering. It is not however, 
the uniform ordering, but the decomposition with 
formation of ordered and disordered alpha + alpha’ 
phases which occurs most rapidly. The volume of 
the a’ phase is greater than that of the disordered 
structure. Apparently the alpha phase enriched with 
vanadium is also of greater volume than the initial 
phase. The vanadium-enriched alpha phase under- 
goes transformation to the gamma phase with sub- 
sequent heating. In this case the highly dispersed 
structures a’+ y are formed, which are observed in 
these alloys during the decomposition of martensite 
[3]. 

The abrupt change in microstructure at 650 - 700° 
is apparently due to the order-disorder transforma- 
tion in the ordering portions of the alpha phase. It 
may also be assumed that the change in structure 
causes the increase in volume of the dilatometer 
curves at these temperatures. 


4. CONCLUSIONS 


In Fe-Co-V alloys with 2.5 to 3 % vanadium order- 
ing in the alpha phase has a considerable influence 
on the kinetics of the a=” 7 transformation and the 
tempering structure. The proposed decomposition 
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FIG. 4. Microstructure of Fe-Co-V alloy (51.85 % Co, 3.14% V) after quenching and tempering: 
a — quenching from 1000°; 
b — tempering at 500 for 4 hr; 
¢ — tempering at 700° for 30 min (electron photomicrograph); x 12.000. 


into ordered and disordered phases not only precedes _ of the heterogeneous structure of decomposition. 
but apparently also facilitates the precipitation of 


the gamma phase. The mechanism of transformation 
described determines the high degree of dispersion Translated by V. Alford 
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ORDERING DURING THE LOW TEMPERATURE TEMPERING OF A QUENCHED 
Fe,Al ALLOY*' 
Ya.P. SELISSKII 
Institute of Precision Alloys, Central Research Institute of Ferrous Metallurgy 
(Received 26 March 1960) 


The rate of cooling has been determined during the quenching of a Fe,Al alloy to the disordered 
state. Electrical resistivity and lattice constant have been measured and the dilatometer investigation 


of the quenched and tempered alloy has been made. 


The present work had the aim of establishing the 
critical cooling rate required to obtain a super- 
structure in a Fe,Al alloy during quenching, and of 
investigating the course of the ordering process in 
this alloy during low temperature tempering after 
quenching from a temperature above the Kurnakov 
point. 

After forging and annealing at 1000° a bar of the 
alloy containing 13.9% Al, 0.2% Mn + Si and 0.2% 
C, the rest iron,was rolled in the hot state to a strip 
2 mm in thickness. A piece cut out of the strip was 
rolled with reheating at 580-600°, in a transverse 
direction to 1 mm thickness. After 2 hr annealing at 
850° with subsequent slow cooling the strip was 
reduced without further heating to a thickness of 
0.2 mm. 

With special disk shears, pieces 150 x 1.5x 0.2 
mm. were cut fromthe strip in the cold rolling dir- 
ection, and were then annealed at 850° to eliminate 
work hardening, and subsequently slow cooled. The 
result of the annealing was checked by X-ray analys- 
is for the elimination of the line broadening on pho- 
tographs made of control specimens in cameras de- 
signed for wide angle operation. 

The method used to find the critical cooling rate 
was that already described, — quenching in a stream 
of gas of high thermal capacity. This gives a cool- 
ing rate which can be adjusted for a wide range and 
makes possible the recording of cooling curves by 
means of an oscillograph [1]. 


* Fiz. metal. metalloved., 10, No. 5, 714-719, 1961. 

t A.V. Rudnitskaya of the MVTO took part in the gas 
quenching experiments, in the course of the work for 
her thesis. 


The specimens were induction heated in an argon 
atmosphere and were then blown with helium at the 
pressures shown in Table 1. 50 mm of the specimen 
was cooled in this way at the same rate. 

Electrical resistivity was measured on this sec- 
ticn by the potentiometric method. The precision of 
the electrical resistivity measurements was + 2%. 
The temperature of the specimen during heating and 
cooling was measured on a chromel-coper thermo- 
couple, the 0.2 mm wires of which were attached to 
the central part of the specimen by a special spot- 
welding. apparatus. 

The cooling curves obtained in a tranquil atmos- 
phere have the usual shape similar to the theoretic- 
al exponential cooling curve (Fig. 1, curves a, b). 

During quenching in the helium stream the pres- 
sure inside the quenching apparatus zradually in- 
creased to a maximum, as a result of which the cool- 
ing curve changed its direction and a maximum ap- 
peared on the corresponding curve for the depend- 
ence of the rate of cooling on temperature (Fig. 1, 
curves c, d). 

Oscillographic recordings were made ef the cool- 
ing curves and the rate of cooling was determined 
by graphic differentiation; thus it was possible to 
find the maximum rate of cooling for different pres- 
sure conditions in the quenching apparatus. 

The maximum rates of cooling obtained are given 
in Table 1. With a helium pressure in the region of 
0.5 to 9 atm, the rate of cooling could be varied 


smoothly from 800 to 25,000°/sec. 
After the specimens had been quenched at differ- 


ent rates of cooling from temperatures of 820 to 
800°, their electrical resistivity p, was determined. 
After this the whole series of quenched specimens 
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TABLE 1. Conditions of quenching in a helium stream and variation in electrical resitivity 
with subsequent annealing of quenched specimens of the Fe,Al alloy 


Electrical Electrical 
Quenching resistivity resistivity 
temperature °C| Pressure atm ue after quench-|after anneal- : = x 100% 
ing, Pr, P» 
/sec ohm cm 
Atmospheric weak 
pi argon stream . . 220 0.1120 0.1020 8.9 
Weak helium 260 0.1121 0.1018 9.2 
805 stream ...... 
Express helium 470 0.1163 0.1043 10.3 
815 
pressure 0.6 830 0.1165 0.1024 12.1 
820 » 1.3 5700 0.13u5 0.1650 19.5 
820 22 7000 0, 1383 0. 1040 24.8 
820 » 25 8560 06,1285 6.1015 26.7 
805 » 3.0 9500 6.1417 60,1627 27:5 
810 » 3.6 10200 0.1445 0.1045 Dit 
800 » 3.8 1800 0.1414 0.1021 27.8 
800 » 5,0 14060 0. 1425 0.1631 
840 » 8.0 21000 0.1432 0, 1632 28.U 
825 » 9.0 25000 0, 1421 0. 1030 97.5 


Cooling rate deg/sec 


OU, 20 2517 


x 


a — cooling curve in a fixed air atmosphere; 
b — cooling curve in fixed air atmosphere; 


were annealed at 700° for 1 hr, cooled in the furnace 
to 550° at the rate of 25°/hr from 550° to 250°, which 
produced a completely ordered structure. After an- 
nealing the electrical resitivity p, was again measur- 
ed. The drop in electrical resitivity A p of the spe- 
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FIG. 1. Cooling curves and curves for the temperature dependence of cooling rate obtained 
on quenching the Fe,Al alloy: 


¢ — cooling curve in helium stream at 5 atm. pressure: 
d — cooling in helium stream at 5 atm. pressure; v, and v, — rates of cooling at the limits 


of the temperature range of ordering; v4, 


— maximum rate of cooling in this range. 


cimens during annealing, was calculated in perce: 
ages relative to the initial value of p, in the quer: 
ed specimens. The results of the determination 0! 
the values p,, p, and Ap/p, are shown in Table } 
and in Table 2, they are shown in the form of the 
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TABLE 2. Variation in electrical resitivity and lattice parameter in quenched 
Fe,Al alloy during tempering 


Electrical Lattice 
Heat treatment 100% parameter Squen_Stemp 00% 
A Pquen Ptemp a, xX | 
Anneal 700°—1! hr +800° — 
Cooling in furnace to 
550, then at 25 deg/hr 0.1030 2.8898 
Quench from 820° .... «| 0.1428 2.8954 
Temper 200°—5 min .. 0.1400 
ing 200°—15 min . . 0.1390 9.6 2.8954 
200°—30 min . . .| O 1372 14.05 
200°—1 hr 0.1320 27.1 _ 
> 20U°—8 hr 0.122 
> £00°—16 br UL1127 75.6 
» 230°—30 min - 2.6942 21.4 
250°—! min ...-{ 0.1400 7.1 
> 250°—3 min. . 0.1365 15.8 —_ _ 
> 250°—5 min - 0.1359 19.6 2.2931 41.1 
» 25U°—15 min . . .| 0.1265 41.U 2, 8926 50.0 
» 250°—30 min . 2.89225 59.3 
> 250°—1 br .- 0.1185 61.0 2.8922 56.4 
250°—4 hr 2.8922 56.4 
» 250°—8 br .. | 0.1055 93.8 2.89225 56.3 
> 250°—16 hr .. .| 0.1040 97.5 2.8922 56.4 


Maximum cooling rate degree/sec 
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FIG. 2. Drop in electrical resistivity during the annealing of specimens of the 
Fe,Al alloy quenched at different rates of cooling. 


relationship of Ap/p, to the maximum rate of cool- the structaral state of the alloy is no longer chang- 
ing. ed, insofar as we are able to judge the structure 
The difference between the electrical resistivity from measurements of electrical resistivity. 


of the specimens in the quenched and annealed Heating above 800° causes a loss of order not 
etates increases with increase in the rate of quench- _only in alloy Fe,Al but also in FeAl {2- 4]. Conse- 
ing, reaching 27.5 to 28% at a cooling rate of around quently, we can assume that quenching from 800° 
10,000°/sec. Subsequent increase in cooling rate at 10,000°/sec fixes the structural state which is 
does not alter the electrical resistivity of quenched characterized by the absence of long-range order in 


specimens as the value Ap/p, remains unchanged. the alloy Fe,Al. 
This shows that at cooling rates above 10,000°/sec, For the electrical resistivity investigations during 
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FIG. 3. Variation in electrical resistivity and lattice parameter in the Fe,Al alloy as a function of 
the duration of tempering. The isolated points indicate resistivity and lattice parameter after 
annealing and cooling at the rate of 25°/hr. 
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FIG. 4. Dilatometer curves from quenched and tempered Fe,Al alloy: 
a — without tempering; 
b — tempering at 250 for 5 min; 
¢ — tempering at 250 for 15 min; 
d — tempering at 250 for 30 min; 
e —temperirg at 250 for 1 hr. 


tempering, two series of specimens were quenched 
from 820° at a pressure of i0 atm. After electrical 
resistivity had been measured, the quenched speci- 
mens were tempered in an oil bath: one series at 


200° for 5, 15, 30 min, 1, 8 and 16 hr; the other 


series at 250° for 1, 3, 5, 15 min, and 1, 8 and 16 hr. 


Electrical resistivity was again measured after 
each soaking. The results of the measurements are 
given in Table 2 and in Fig. 3. Each point is the 
average of measurements on five specimens. The 
main part of the variation in electrical resistivity 
at 250° drecreanes during holds up to } hr. While at 


200° after 16 hr soaking, electrical -esistivity con- 
tinues to vary considerably, at 250° it appears to 
reach a state which is close to equilibrium. This 
conclusion is supported by comparing the relative 
variation in electrical resistivity during slow cool- 
ing and during tempering: 


Pauen Pm.cool {9 — 27.5 — 28.0%; 


quen 


Pauen™ — 97.1% 
Pquen 
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We note that the variation in electrical resistivity 
during low temperature tempering in quenched speci- 
mens is of the nature common to ordering alloys, 

and shows no abnormalities at short holding times. 

For alloys with 19.4 at.% Al an increase in elec- 
trical resistivity is observed during low temperature 
tempering [5]. In an alloy with stoichiometric compo- 
sition this is possibly obscured by a reduction due to 
the rapid development of long-range order. 

For the investigation of the volume changes which 
occur during tempering, bers were cut from a cast 
alloy containing 24.4 at.% Al, and after homogeniz- 
ing at 1000° powders were filed off for X-ray anal- 
ysis and dilatometric specimens were prepared. 

The powders were heated at 700° for 1 hr + 800° 
for 10 min, quenched in oil used for high vacuum dif- 
fusion pumps in a special vacuum quenching furnace, 
the design of which has been described in [3], and 
were then tempered in a vacuum at 200, 230 and 
250°. 

X-ray photographs were made with cobalt radiation 
using Preston’s method in a camera 172 mm in dia- 
meter. The results of the calculation of lattice para- 
meter from the diameter of the interference ring 
K,,, (013) are given in Table 2 and at 250° in Fig. 3. 
For comparison the figures for the percentage varia- 
tion in electrical resistivity and lattice parameter 
are given in the same table. Here the difference 
between Pouen and p,,,, and respectively, and 
@,,n Characterizing the full value of variation 
possible, is taken as being 100 %. 

The variation in lattice parameter at 250° is prac- 
tically finished after 30 min and it does not exceed 
more than 56.4% of the total possible variation while 
electrical resistivity varies somewhat more slowly, 
but after 16 hours reaches a figure close to the 
limit for the variation. The reason for this unsynchro- 
nized variation in lattice parameter and electrical 
resistivity is not clear, but as electrical resistivity 
is a measure of long-range order in the alloy, we 
can assume that variation in volume in the process 
of ordering during tempering is not directly due to 
variation in the degree of long-range order. 

Lattice distortion in the solid solution is primar- 
ily dependent on the arrangement of the atoms with 
regard to one another, i.e. on the nature of the near- 
est neighbours. When short-range order is achieved, 
these distortions should be reduced, external evid- 
ence of which is shown by a reduction in volume. If 
therefore seems reasonable to suppose that the vari- 
ation in lattice parameter observed is mainly due to 
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variation in the degree of short-range order which, 
as is well-known, is not determined by long-range 
order alone. 

At the same time powder photographs were made 
in Debye cameras 57.3 mm in diameter with iron 
radiation. 

No superstucture lines were revealed on X-ray 
photographs of quenched powders. Type Fe,Al 
superstructure lines can be seen quite clearly after 
tempering at 250° for 1 hr. If the annealing time is 
increased the intensity of the lines increases. 

It is interesting to note that similar results were 
obtained on Cu,Au by Owen and MacArthur [6], who 
established that when the quenched alloy was tem- 
pered at 350° the variation in lattice parameter 
ceased after 5 to 10 hr, while the integral intensity 
of the superstructure lines at this holding time is 
only half the ultimate value reached after 90 hr 
tempering. 

The dilatometer specimens 3 mm in diameter were 
quenched in water after heating at 750° for 1 hr and 
were tempered at 250° for 5, 15, 30 min and 1 hr. 
The investigations were carried out on a Chevenard- 
differential dilatometer with photographic recording 
of the curves. In Fig. 4. comparison is made bet- 
ween the dilatometer curves for the quenched and 
tempered specimens. A detailed description of the 
dilatometer curve for the quenched Fe,Al alloy has 
already been made in paper [3]. 

For the tempered specimens, the part of the curve 
T, Tyg, which characterizes the preservation of the 
volume of the quenched specimen on ordering in the 
process of heating, gradually changes its curvature 
(curves b, c, d) due to the fact that the preservation 
of volume occurred even during tempering, while 
point 7, , (beginning of disordering on heating) 
moves to higher temperatures. For a specimen tem- 
pered for 1 hr at 250° (curve e), the branch of the 
curve representing the preservation of volume is 
completely absent during heating and the process 
can be described by the linear expansion of the al- 
loy which was ordered during tempering, and the 
branch of the curve 7, 7,,1, characteristic of or- 
dering during heating up to the Kurnakov point 

T,.,. The results of the dilatometer investigation 
are thus in agreement with the results obtained from 
measurement of the lattice parameter. 


CONCLUSIONS 


1. The disordered state in the Fe,Al alloy 
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obtained on heating above 800°, can be preserved It is assumed that the volume changes are mainly 
at room temperature hy quenching at the rate of due to the emergence of short-range order. 
10,000°/sec. Curves for the dependence of electrical resistivi- 
2. A reasonably long tempering at 250° produces ty on the duration of low temperature tempering have 
electrical resistivity close to that obtained after the shape usual for ordering alloys and show no 
annealing and cooling at 25°/sec. abnormalities at short soaking times. 
3. The variations in volume during tempering 
precede the variation in electrical resistivity but do 
not occur to such a full measure as in slow cooling. Translated by V. Alford 
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CONCENTRATION OF VACANCIES IN IRON-CHROMIUM ALLOYS* 
M.A. KRISHTAL 
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Methods are put forward for the determination of the concentration of vacancies in the gamma 
state in iron and its alloys with 0.85 to 5.72 % chromium. These methods, which are based on the 
measurement of the electrical resistivity of the alloys and of internal friction, produce comparable 
results. Moreover, it is shown that in alloys with an increased chromium content there is an increa- 
se in activation energy of the formation of vacancies and a reduction in their concentration. 


A knowledge of vacancy concentration is required 
to determine the coefficient of their diffusion, activ- 
ation energy of formation and the rate of the diffus- 
ion processes which occur in real metals where the 
vacancy mechanism of diffusion predominates. 

The concentration of vacancies has been measur- 
ed for certain metals; gold, platinum, silver etc. 

[1, 2]. The method of measuring was based on the 
following. The quenching of a metal from tempera- 
tures close to melting point fixes the vacancies 
tormed in the crystal lattice, and they behave like 
the atoms of an impurity increasing electrical resist- 
ivity and the specific volume of the metal. The in- 
crease in electrical resistivity [1] is regarded as 
proportional to the vacancy concentration. Theoretic- 
al calculation of the additional electrical resistivity 
which arises from ] at. % of vacancies in copper, 
silver and gold, produces values (0.4—1.3) 107° 
ohms. 

Below is given the calculation of vacancy concent- 
ration by the methods of electrical resistivity and 
internal friction. The method of quenching with sub- 
sequent measurement of electrical resistivity can- 
not be regarded as successful for the measurement 
of vacancy concentration in iron allovs with poly- 
morphous transformation. The gamma-alpha transfor- 
mation causes the formation of vacancies which may 
further increase electrical resistivity and at the 
same time distort the “vacancy concentration/ 
temperature” dependence under investigation. Be- 
cause of this electrical resistivity must be measured 
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while the alloy is being heated to high temperatures. 


ELECTRICAL RESISTIVITY METHOD 
The additional electrical resistivity, as has been 


demonstrated in paper [1], is proportional to the 
vacancy concentration 


AR~c e 


In AR = const — = (1) 


where Q is the activation energy of the formation 
of vacancies; 
AR is the deviation of electrical resistivity 
in ohms. 

Formula (1) gives a linear relationship InAR/1/7, 
From the gradient of the straight line obtained from 
plotting the experimental figures, activation energy 
and vacancy concentration can be found 


(2) 


where N, is the number of vacancies; 
N is the number of lattice sites. 

The following method of measurement was develop- 
ed in accordance with formula (1). A wire test spe- 
cimen of the alloy under investigation, connected 
to a bridge MOD-49, was inserted into a U-shaped 
quartz tube through rubber stoppers. To protect the 
specimen from oxidation a vacuum of ~ 10° * mm Hg 
was created in the tube. The part of the quartz tube 
with the specimen was heated in a special silit 
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Furnace 
heated to 
1400 


Bridge MOD- 49 


FIG. 1. Apparatus for measuring electrical resistivity at high temperature 


furnace. 

The precision of the measurements is dependent 
on the uniformity of heating. Fig. 1 shows how just 
a small part of the specimen was heated. The cold 
parts of the specimen are the leads. A very short 
transition portion between the heated and cold parts 


of the specimen had to be made and for this purpose 
a copper coil was introduced into the furnace. Run- 
ning water was used for cooling and there were no gaps 
between the coils. Measurements of the temperature in 
contact with the tube inside the coil in the furnace 
showed that it was not above room temperature. As 
a result very short portions were created with a 
range from high to room temperature. 

It can be seen from equation (1) that only the fig- 
ures for the increase in electrical resistivity are re- 
quired for the calculation. The resistivity of the 
cold portions of the specimen were not measured and 
were not subtracted from the calculated figures. For 
this reason the figures given do not represent the 
temperature dependence of the absolute values of 
electrical resistivity in the testpieces. 

Before the measurement all the specimens were 
annealed at 1100° for 8 hr with subsequent exceed- 
ingly slow cooling. Measurements were carried out 
three times on each specimen in order to check the 
data obtained and to study the influence of structure 
on the formation of vacancies. After the first measure- 
ment there was a considerable increase in grain size 
in the specimens and this became comparable to the 
diameter of the wire (0.8 mm). The nature of the 


dependence \ R= f (1/T) did not change in this 
case, which indicates that grain growth does not 
have any noticeable influence on the formation of 
vacancies in the range of the investigations. 

The specimens were heated up to 1300-1340. In 
this case, in all the alloys investigated, electrical 
resistivity after heating and cooling corresponded to 
the initial value, as far as could be seen from the 
precision of the instrument. Heating to much higher 
temperatures leads to evaporation which causes an 
additional increase in electrical resistivity and is 
therefore not permissible. 

The composition of the alloys investigated is 
given in Table 1 where it is shown that the main 
variation is in the chromium content. 

There is considerable interest in the nature of the 
change in the interatomic bond when iron is alloy- 
ed with chromium. Some opinion can be formed on 
the basis of data concerning the influence of chrom- 
ium on electrical resistivity. Fig. 2 shows that 
electrical resistivity increases linearly with the 
atomic concentration of chromium. Addition of 
chromium to iron apparently causes the appearance 
of aggregates of atoms with localized interatomic 
bonds (possibly of the sigma phase type), which 
lower the electron concentration and electrical con- 
ductivity, which is in agreement with the data given 
in paper 

Fig. 3 shows the increase in electrical resistivi- 
ty during the heating of an alloy with 5.72% chrom- - 
ium. It can be seen from this illustration that above 
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TABLE 1. Compositions, % 


0.013 
0.013 
9.040 
0.35 
6.015 
0.630 


0.008 
0.C20 
0.630 
0.015 


0.022 
U.L10 
0.020 
0,620 
0,015 


i i 


— 
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at. % Cr 


FIG. 2. Increase in electrical resistivity on alloying 
iron with chromium. 


1140° the experimental points depart from a straight 
line in accordance with the law for variation in elec- 
trical resistivity on heating at very low temperatures. 
The values of AR were calculated analytically and 
checked graphically. Similar figures were obtained 
for other alloys and are summarized in Table 2, on 
the basis of which, using formula (1), the activation 
energy for formation of vacancies was calculated. 
Formula (1) is applicable to measurements in all the 
alloys, as can be seen from Fig. 4, where the points 
plot very well into a straight line in the co-ordinates 
AR —1/T x 10%. 

The activetion energy of the formation of vacancies 
in the alloys investigated is shown in Fig. 4. With 
increase in the chromium content there is a notice- 
able increase in Q, which is evidence of an increase 
in the interatomic in the iron-chromium solid solu- 
tion. For alloys without chromium the ratio between 


{ 
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FIG. 3. Dependence of electrical resistivity on heating 
in an alloy with 5.72 % chromium. 


activation energy of the formation of vacancies and 
the activation of self-diffusion is, according to the 
data in paper [4], 


23 800 


= 0.321, 
74 200 


i.e. 1/3, which is in agreement with an other system 
[5). 

Table 3 shows the calculated data for the con- 
centration of vacancies in iron- chromium alloys, 
obtained fy formula (2) on the basis of the values of 
Q given in Fig. 4. Increase in temperature and re- 
duction in chromium content causes an increase in 
the concentration of vacancies. 

The data given in Table 3 were checked by the 
previously developed method of internal friction [6]. 
INTERNAL FRICTION METHOD 
The maximum of internal friction at 40° is known 
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‘ TABLE 2. Electrical resistivity of alloys with different chromium contents 
(from 0 to 5.72 %) at high temperatures 
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0.0018U 


0. 
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FIG. 4. Activation energy for the formation of vacancies Q in alloys with different 
percentage contents of chromium: 


1 — armco-iron; 

2 — Cr — 0.85 %; 
3 — Cr — 3.72%; 
4 — Cr — 3.72%; 


Q 
Q 
5 — Cr — 4.70%; Q 
Q 


to be attributable to the migration in the stress 
field, of atoms of carbon in the interstitial sites of 
the body-centred lattice of iron creating local tetra- 
gonal distortions of the lattice. Carbon atoms which 
fall into vacancies do not create tetragonal distort- 
ions and do not cause the appearance of a maximum 
in internal friction. The carbon content of the inter- 
stitial lattice sites can be determined from the 
height of the 40° maximum. The arrival of the carbon 


Q = 23 800 cal/g atom; 
Q = 26 000 cal/g atom; 


= 27 000 cal/g atom; 
= 28 000 cal/g atom; 
= 29 400 cal/g atom; 
= 31 200 cal/g atom. 


atoms in the vacancies causes a reduction in the 
height of the 40° maximum of internal friction. From 
the difference in the height of the peak of internal 
friction in specimens with and without vacancies, 
the quantity of carbon dissolved in the vacancies 
can be determined as also their actual concentra- 
tion, as has been shown in paper [6]. 

The vacancies were created by heating the speci- 
mens to temperatures of 1050- 1370° with subsequent 
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TABLE 3. Vacancy concentration (at.%) in Fe-Cr alloys, obtained from electrical resistivity 


| 
Temperature Armco , 50: 0. 0 
°C tie 6.85% Cr | 3.72% Cr |] 4.70% Cr | 5.72% Cr 
1160 0.0248 0.0114 0.00577 0.00349 0.00186 
1180 0.0250 0.0131 0. 0L650 0.00402 0.00221 
1200 0.0316 0.0146 0,0U748 0.0L463 0.0251 
1220 0.0349 0.0165 0,0L843 0 ,U0527 0.00282 
1240 0.0389 0.0186 0,CL961 G.00594 0.00336 
1260 0.0431 0.6207 0,01U70 0.00677 0.00382 
1280 0.0476 0.6231 0.01210 0.0771 0.60435 
1300 0.0521 0.u258 0.01370 0,UL869 0.00492 
132 0.0575 | 0,u286 0.U1520 0.UL980 0.00555 
1340 0.U629 0.6316 0.0170 0.91100 0.04625 
1360 0.0682 0.0349 0.01890 0.01230 0.0712 
1380 0746 0.0382 0.C2C90 0.01370 0.00794 
14L0 0. L8U8 0.0422 0.02310 0.01520 0. UU887 


quenching. The heating was carried out in a special 
apparatus under high vacuum, which completely pro- 
tected the specimens from oxidation. Immediately 
before quenching nitrogen was released into the sys- 
tem. The specimens were quenched in cold water. 
Holding time at high temperature was 20- 40 min, 
which is sufficient for the diffusion of each carbon 
atom to a distance about equal to the diameter of 

the piece. The probability of carbon atoms encounter- 
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FIG. 5. Dependence of the height of the 40° peak of internal friction on quenching 
temperature for an alloy with 0.85 % chromium. 


atomic distances. 


carbon atoms. 


ing vacancies is quite high as at these temperatures 
the vacancies are arranged at several tenths inter- 


As shown in paper [6], vacancies formed in the 
process of quenching in course of the gamma > alpha 
transformation cannot be filled by carbon atoms, 
because of rapid cooling. For this reason vacancies 
created at high temperature will be “tagged” by 
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TABLE 4 


Quenching 
temperature peak 


Height of 
x 104 


| Concentration} Vacancy 


Conce i x 
in concentration 


weight % | vacancies % at % 


0.00162 0,00398 


| 
0.0560 | 
0.00022 | 000538 


Fe+0,85% Cr 


0.00500 


0V380 0 00120 
0,00125 0 00375 
0 00105 |} 0 (W395 


Fe+1.80% Cr 


0 00230 
0.00090 0,00140 
0. 00050 00180 


Fe4+4.7% Cr 


0.00185 
0. 0 00100 
0.6002! 0.00164 


Fe+5,72% Cr 


0.00045 0.00095 
0.00018 | 0.00122 


In chromium alloyed specimens the height of the 
maximum at 40- 45° will at first increase with increa- 
se in quenching temperature, and then, on the forma- 
tion of vacancies, it will be reduced, as shown in 
Fig. 5 for an alloy with 0.85 % chromium. Similar fig- 
ures were obtained for the other alloys investigated. 
The initial figure for the concentration of vacancies 
was taken as the concentration which corresponded 
to the peaks in specimens quenched from 1050°. 

Experimental and theoretical figures are given in 
Table 4, from which it can be seen that concentra- 
tion of vacancies, as in Table 3, increases regularly 
on heating and on reduction of the chromium content. 
The data in Tables 3 and 4 compare very well with 
one another, It should be noted that in paper [7] the 
activation energy for the formation of vacancies de- 
termined by the internal friction method from the 
height of the nitrogen peak in iron is in very good 
agreement with our data. 

In conclusion the author wishes to express his 
gratitude to Professopr I.L. Mirkin for his valuable 
discussion of this work. 


CONCLUSIONS 


1. A description has been given of methods of 


determining the concentration of vacancies from the 
temperature /electrical resistivity curve and from 
the internal friction in armco iron and iron-chromium 
alloys. The results produced by these methods are 
comparable. Increase in the heating temperature and 
reduction in chromium content causes an increase in 
the concentration of vacancies. 

2. The activation energy for the formation of va- 
cancies increases with increase in chromium con- 
tent which means that there is an increase in the 
interatomic bond in iron when alloyed with chrom- 
ium. 

3. Extrapolation of the figures obtained to the 
melting point shows that vacancy concentration in 
these conditions is roughly 0.1 at.%. 


Translated by V. Alford 
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Vacancies in iron-chromium alloys 
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THE EFFECT OF IRON AND NICKEL ADDITIONS ON SELF-DIFFUSION 
IN ALPHA ZIRCONIUM * 
V.S. LYASHENKO, V.N. BYKOV and L.V. PAVLINOV 
(Received 12 May 1960) 


An investigation has been made of the effect of iron and nickel additions (up to 0.4% by weight) on 
self-diffusion in alpha zirconium. The diffusion coefficients have been determined using radioactive iso- 
tope **Zr in the temperature range 650-830. The results of the work show that alloying with iron and 
nickel reduces the self-diffusion coefficients in alpha zirconium by 2-3 times. 


A fairly small number of works has been devoted 
to self-diffusion in alpha-zirconium. This is prob- 
ably due to the fact that alpha zirconium and zircon- 
ium alloys have a comparatively low diffusion mobil- 
ity (D = 10°*? — 10°** cm?/sec at 800 to 650°). The 
determination of low diffusion coefficients is natur- 
ally attended by considerable experimental difficult- 
ies, which make it possible to find the diffusion par- 
ameters with reasonable accuracy. This may explain 
the considerable divergence in data on self-diffusion 
in unalloyed alpha zirconium, as given in papers 
[1-3]. The problem is considerably complicated by 
the influence of boundary diffusion. 

The diffusion coefficients were determined by the 
integral residue method [4] from the 8 - activity of 
the radioactive isotope **Zr. The duration of diffus- 
ion annealing was varied from 1000 to 250 hr with 
variation of temperature from 650 to 830°. Moreover, 
the maximum penetration was 5 to 20 p respectively. 
The layers were removed by etching in a solution 
of hydrofluoric acid in glycerine. The depth of the 
layer removed was measured by an optical measuring 
device type IZV-1. The maximum degree of error in 
determining the diffusion coefficient was 15-20 % and 
in determining the activation energy 5-10 %. The 
method used has been described in more detail in 
papers [2, 4). 

The alloys to be investigated were melted in an 
electric arc furnace in an argon atmosphere. The 
starting materials were zirconium (99.6 %) pure with 
impurities of Hf —0.07%, N, —0.014%, Fe —0.04 %, 

Si —0.05 %; iron with impurities of C 0.035 %, Si 
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0.2%, Mn 0.14%, S 0.027 %, P 0.009 %, Cu 0.25 % 
and nickel with a maximum content of impurities of 
Fe 0.1%, Si 0.005 %, C 0.6%, S 0.01%, Cu 0.1%. 

The alloys were forged into strips at 700-800. 
They were all homogenized at 1000° for 5 hr. 

The composition of the alloys investigated as 
shown by chemical analysis, is given in Table 1. 

The diffusion coefficients were determined at 
temperatures 650, 710, 780 and 830°. The tempera- 
ture dependence graph for the diffusion coefficient 
of the alloys investigated is shown in Fig. 1. For 
comparison with this graph the temperature depend- 
ence of the diffusion coefficient in unalloyed zir- 
conium is shown (dotted line) as taken from the 
data in paper [2]. The diffusion parameters deter- 
mined graphically, are given in Table 2 Alloying 
with iron and nickel reduces the diffusion mobility 
in alpha zirconium at the given temperatures, by 
2-3 times. 

Such a substantial reduction in the level of dif- 
fusion mobility must be due both to the alloying of 
the solid solution and to variation in the structure 
of the alloy. In a number of works, particularly in 
those by Kornilov and Shinyayev [6, 7] it has been 
shown, that in alloys with limited solubility of the 
components, a more stable state may be obtained in 
the solid solution at high temperatures with concent- 
rations roughly corresponding to the maximum of © 
solubility. Iron and nickel have very low solubility 
in alpha zirconium, according to paper [8], less 
than 0.09 % at 800°. It can therefore be suggested 
that maximum stability in the solid solution can be 
achieved with the introduction of iron and nickel in 
quantities not exceeding 0.09 %. If the concentration 
of the alloying elements is increased their influence 
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Self-diffusion in alpha zirconium 


TABLE 1 TABLE 2 


Alloying element No of 
No. of weight, % alley Do, cm?/sec |AH, cal/g at 
Nickel 
2.5x1075 38000 
2 1.4x 1072 50000 
3 0,25 ae 3 3.2x 10 43000 
4 4 3.2x 10-5 39000 
5 6.3x1073-] 49000 


S 
— 


D, cm’/sec 


110 


10° 


FIG. 1. Temperature dependence of the self-diffusion coefficient in zirconium 
with additiona of iron and nickel. 


should become more complex. In this case the diffus- _is alloyed with iron. In this case the needle structure 
ion mobility will be dependent on the composition is destroyed and consequently, also destroyed are 
both of the solid solution and of the second phase the interfaces inside the grains which might affect 
which in the case in question is a chemical compound diffusion movement. 

of zirconium with iron and nickel. More over micro- The alloying of the solid solution, precipitation 
structural changes, which arise when zirconium is of a second phase in the form of a chemical com- 
alloyed, may also exercise a considerable influence. | pound and formation of a more perfect and stable 
The microstructure of unalloyed zirconium and alloys structure should reduce the level of diffusion mobil- 
of zirconium with 0.14% iron and 0.2% nickel after ity. The appearance of new interfaces on precipita- 
homogenization annealing is shown in Figs. 2-4 tion of the second phase should increase the part 
(the microstructure of the two alloys investigated is played by boundary diffusion in the total diffusion. 
different from that shown in Figs. 3-4 only in the The influence of boundary diffusion is frequently 
amount of the second phase). No noticeable varia- assessed from the nature of the dependence of the 
tions in the microstructure of the alloys occur during _log of the concentration on the penetration depth. In 
diffusion annealing. It can be seen from the photo- this work this type of analysis was not possible 
micrographs in Figs. 2- 4 that the most substantial because of the small depth of penetration. The in- 
changes in microstructure occur when the zirconium fluence of boundary diffusion could be assessed by 
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Self-diffusion in alpha zirconium 


FIG. 2. Microstructure of unalloyed zirconium. FIG. 3. Microstructure of zirconium alloyed with 0.14% 


1ron. 


FIG. 4. Microstructure of zirconium alloyed with 0.2 % nickel. 


comparing activation energies found from the equa- and calculated according to the formula of Dushman 
tion and Langmuir, 


D = D,exp (— AH/RT) (1) D = AH exp(—AH/RT), (2) 
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Self-diffasion in alpha zirconium 


TABLE 3 


Activation energy AH;,,.,, cal/g at 


| 
‘No. of 1 H, 
alloy | 650° | 710° | 780° | 830° 7 cal/g at 
| | 51700 | 52800 54100. 38000 
2 / 51600 | 52800 52700 52700 50000 
3 | 52400 54300 43000 
4 51900 53500 | 5400 54300 | 39000 
5: 52300 | 54200 . 54100 54300 49000 


where 6 is interatomic distance, N is Avogardo’s 
number, h is Planck’s constant. If the activation 
energies calculated from equations (1) and (2) do not 
agree, this is a sign that boundary diffusion is play- 
ing a substantial part [9]. The energy of activation 
was calculated from equation (2) by the graphical 
method. Table 3 gives the activation energy AH.,), 
values calculated from equation (2) for all the tem- 
peratures investigated, and the AH values found from 
the temperature /diffusion coefficient graph. It can 
be seen from Table 3 that in all the alloys the ex- 
perimental AH values are less than the ones calcul- 
ated from Dyshman-Langmuir’s equation. From 
Table 3 also, it can be seen that with reduction in 
temperature there is a tendency for the calculated 
values of activation energy to become lower. 

It has thus been shown in this work, that in all 
alloys of zirconium with additions of iron and nickel, 
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THE PROBLEM OF THE MEASUREMENT OF DIFFUSION COEFFICIENTS IN OXIDE PHASES * 
S.M. KLOTSMAN, A.N. TIMOFEYEV and I.Sh. TRAKHTENBERG 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 3 May 1960) 


In the study of diffusion processes in sintered compacts of different oxides allowance must be 
made for diffusion along the free surface of pores. The diffusion parameters in monocrystals and sin- 
tered compacts of Fe,0, have been measured radiometrically, From the experimental figures obtained 
conclusions have been drawn regarding the possibility of studying the diffusion properties of oxide 


phases in powder compacts. 


In questions connected with the problem of oxida- 
tion resistance, of importance is the study of the 
diffusion characteristics of oxides since the rate of 
diffusion of reagents through the scale in the final 
analysis determines the resistance of the metal to 
high temperature oxidation. 

However the measurement of diffusion coefficients 
in the natural scale itself is frequently hindered by 
a number of difficulties both in method (the existence 
of cracks in the scale after cooling from >xidation 
temperature, difficulty in separating the scale from 
the metal) and in principle, in the sense of the com- 
plexity of the diffusion problem (multi-layered scale, 
multi-phase layers, concentration gradients of the 
components in the layers of scale, structural defects 
in the phases forming and possible gradient in the 
concentration of defects). 

For this reason the diffusion parameters of scales 
are in a number of cases studied by measurements 
of diffusion coefficients in sintered compacts of the 
composition in question [1-6]. Considerable porosity 
is characteristic of this type of specimen (in the sin- 
tered compacts of different oxides density obtained 
is only 50-80 % [3-6]). It is quite understandable 
that when diffusion coefficients are measured in 
this type of specimen allowance must be made for 
diffusion along the free surface of the pores. The 
possibility of surface diffusion playing a substantial 
part in the total diffusion mobility of the substance 
has been suggested only in one paper [2], while 
another [1], explains the influence of surface diffus- 
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ion by the less steep temperature course of the dif- 
fusion coefficients in compacts at fairly low temper- 
atures, while in paper [4] the influence of the poro- 
sity of sintered compacts is given as the explana- 
tion for the abnormal course of the concentration 
curve when diffusion coefficients are measured by 
the method of layer analysis. 

With the aim of finding out how suitable sintered 
compacts are for the study of the diffusion character- 
istics of non-metallic phases, we carried out mea- 
surements of the self-diffusion coefficients of iron 
in natural monocrystals and in sintered magnetite 
compacts. 

The material used for the compacts was ground 
monocrystals of magnetite. The compacts were in 
the form of tablets 10 mm in diameter and 2-3 mm 
thick, compacted at a pressure of 3000 kg/cm’. 
Sintered (60 hr, 1100°) was carried out in an atmos- 
phere of purified argon upon which 75- 80 % density 
was obtained. Diffusion annealing was carried out 
in the same atmosphere and for this purpose the 
specimens were piled on top of each other in pairs 
(tablet on top of monocrystal) with the active side 
inwerds. The diffusion coefficient D was measyred 
with an accuracy of up to + 15% by the radiometric 
integral residue method allowing for the absorption 
coefficient [7] and introducing correttions for the 
concentration distribution of the diffusing element 
in the layer in question [8]. The diffusion source 
was iron filed in a vacuum tagged with the isotope 
Fe. 

It was found as a result of the experiments, that 
the self-diffusion coefficients of iron in sintered 
nagnetite compacts are considerably higher than in 


Diffusion coefficients 


TABLE 1. Diffusion characteristics of specimens put for 3 min in 
furnace at 130°C 


Spe.::imens 


Dt, cm? x 105 


Monocrystal..... 
Monocrystal..... 
Compact. 


monocrystals and there is a tendency for this dif- 
ference to become less as the temperature is increas- 
ed (Fig. 1). However, no reliable conclusions could 
be drawn concerning the difference in activation 
energy for the self-diffusion of iron in monocrystals 
and in sintered compacts, in view of the high degree 
of error in calculating this value. 

The tendency for the diffusion characteristics of 
monocrystals and sintered compacts with magnetite 
to converge around melting point (1540°) appears to 
be due to the fact that the diffusion along the free 
surface of the pores, which is characterized by a 
lower activation energy, plays a major part in the 
total diffusion transfer of the substance only at com- 
paratively low temperatures, and as the melting point 
is approached the prevailing role is played by 
“volume” diffusion. 

To check this conclusion regarding the difference 
in the effective activation energy of the self-diffus- 
ion of iron in monocrystals and in sintered compacts 
of magnetite. diffusion annealing was carried out at 
a temperature close to the melting point of magnetite. 
In our experiment. in view of the high rate of error in 
finding the temperature of the specimers and anneal- 
ing time ¢t, the diffusion characteristics of the mono- 
crystals and cf the sintered compacts annealed at 
the same time was made through the derivative Dt. 
The figures given in the table show that the differ- 
ence in the diffusion characteristics of sintered com- 
pacts and of the monocrystals of magnetite lie at 
this temperature, within the precision range of mea- 
surement. 

The calculated activation energy figures for the 
self-diffusion of iron in monocrystals and sintered 


compacts of magnetite 


6x 10° exp (84.0 5.9) cm 
mol sec 


Deomp = 1% exp (74.7 = 4.5) ot 
mol / sec 


differ from the figures obtained in paper [9] for the 
self-diffusion of iron in a magnetite scale. The 
much lower figure for activation energy given in 
paper [9] may have been found because of the pres- 
ence of cracks through the scale; this hypothesis 
is supported by the considerable scatter in the ex- 
perimental values of D found in the same paper [9] 
at one and the same temperature (Fig. 1). 

And now we come to the method proposed in paper. 
[4] for the determination of diffusion coefficients in 
porous specimens, which is based on analysis of 
the shape of the curves 


log i, = f(2*), 


where i, is a value proportional to the unit activity 
of a diffusing element at a depth x from the source 
of diffusion. Where diffusion takes place from an 
infinitely thin layer in a semi-infinite test specimen, 
the graph of this function should be in the form of 

a straight line from the slope >f which the diffusion 
coefficients are claculated. However, in this type 

of curve it frequently occurs that there is an abnorm- 
ally sharp drop in the concentration of the diffusing 
element close to the source while at greater depth 
the graph is a straight line [4, 10]. 

In paper [4], in which the self-diffusion coeffici- 
ent of lead was measured in sintered compacts of 
matasilicate of lead, a similar picture was observ- 
ed and it was suggested that the straight line por- 
tion of the concentration curve was due exclusively 
to diffusion along the free surface of the pores, 
while the beginning portion with absormally abrupt 
drcp in concentration was held ta be due to “volume” 
diffusion. Assuming the additivity “volume” and 
surface diffusion, the writers of paper [4] calculate 
the ordinates of the straight line portion extrapolated 
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FIG. 1. Temperature dependence of the self-diffusion 
coefficient of iron in magnetite: 
o — sintered compacts; 
— monocrystals; 
+ — scale (data from paper [9] ). 


in this region from the ordinates of the initial por- 
tion, they plot a straight line through the points thus 
obtained and assuming that it corresponds to con- 
centration distribution on “volume” diffusion, cal- 
culate the diffusion coefficient from the slope of the 
straight line thus obtained. 

In our experiments the curve 


log i, =[(x*), 


corresponding to diffusion both in the sintered com- 
pacts andin the monocrystals of magnetite, also 
show an abnormally high drop close to the diffusion 
source (Fig. 2). The existence of the characteristic 
drop io the diffusion curve in the layers close to the 
surface of the monocrystalline specimens indicates 
that there is an abnormal increase in the concentra- 
tion of the diffusing element close to the diffusion 
source and that it is to a considerable degree due 
to the fact that the limiting conditions for the solu- 


tion of the diffusion probelm have not been satisfied. 


Actually, where the source is not ideally thin or 
the contact between it and the specimen is inade- 
quate, the concentration of the diffusing element 
close to the diffusion source should be somewhat 
higher, which may indeed lead to the abnormal cour- 
se of the curve 


log f(x?), 


for 1 cm x 104)? 
000 ©3000 


$000 
for 2 (2X cm x 104)? 


FIG. 2. Typical concentration curves: 
1 — sintered compact (984°, 240 min); 
2 — monocrystal (980°, 165 min). 


described above. The writers of paper [10] have 
come to the same conclusion, on the basis of an 
analysis of the shape of concentration curves when 
iron is diffused in wurtzite and when cobalt is dif- 
fused in the oxide of cobalt. The possibility of an 
abnormally abrupt drop in the concentration of the 


| diffusing element close to the diffusion source in a 


non-ideally thin source has also heen indicated by 
the analytical calculations made in paper [11]. 
Yet another factor purely associated with the 
method may be mentioned, which has a noticeable 
influence on the course of the experimental curves 


log =} 


namely the influence of error in the selection of the 
origin for the readings on the distance scale. Our 
calculations show that this error will cause a very 
abrupt change in the shape of a concentration curve 
particularly in its beginning part. 

It follows from what has been said above that it 
is not possible to base the calculation of the coef- 
ficient of diffusion in crystals in porous specimens 
on an analysis of the course of curve 


log i, f(x?) 
in the layers close to the e2urce, as it is precisely 
in this range that the concentration curve is very 


= 
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sensitive to various forms of associated with the 2) The possibility of studying the diffusion pro- 
experimental method. perties of oxide phases in sintered compacts around 
the melting point has been established. 
CONCLUSIONS 3) It has been demonstrated that it is not possible 
to find the coefficient of diffusion in crystals in 
1) The self-diffusion coefficient of iron in mono- sintered compacts from the initial portion of the 
crystals and sintered compacts of magnetite has concentration curve. 


been measured in the range 850- 1075°. 
The following have been found: 


k cal cm? 
= 6% 10" exp (84.0 = 5.9)“ /RT 
k cal cm? 
Deomp = 1x 10° exp (74.7 + 4,5) /RT 
mol sec 
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RECRYSTALLIZATION IN POWDERS OF PURE METALS* 
V.I. IVERONOVA and N.N. OSIPENKO 
Moscow State University 
(Received 4 April 1960) 


In this paper a comparative study is made of the processes of polygonization and recrystallization 
in deformed powders and solid specimens of copper and aluminium. 

It is shown that at low annealing temperatures (for copper in particular, at room temperature) the 
process of polygonization occurs in the powders, causing a reduction in the average size of mosaic 
blocks, relief of Il-type stresses and the appearance of spots on Debye lines due to reflection from 


proper blocks. 


This process is a considerable hindrance to the completion of the process of recrystallization in 


the powders as compared with the solid specimens. 


INTRODUCTION 


A comparison of the experimentally measured line 
intensities in powder photographs with those calcul- 
ated theoretically and the characteristic of the state 
of the metals from the magnitude of the variation in 
line intensity (i.e. the solution of such problems as, 
for instance, determination of type II] stresses, study 
of the kinetics of certain phase transformations, de- 
termination of characteristic temperatures by X-ray 
analysis) requires that specimens shall be used 
which have completely random distribution of cryst- 
al orientation. This means that it is necessary to 
work with specimens produced from powders, as up 
to date no method has so far been developed which 
completely excludes the influence of texture on the 
intensity of powder lines in general, and the extent 
of the variation in intensity due to the presence of 
texture may exceed by many times the variation in 
intensity due, for instance, to plastic deformation or 
variation in characteristic temperature. 

In this type of investigation powder filings are 
used either in the deformed or the annealed state. 

In the first case it is assumed that the object of 
investigation has stresses greater than those exist- 
ing in any solid specimen even where this has been 
deformed to a considerable degree. 

However, such problems as the nature of a powder 
filing, how to characterize it according to the degree 
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of deformation, temperature of recrystallization etc., 
have not been studied in detail. The only thing 
which has been pointed out is that stress relief 
occurs in powder filings even at room temperature 
[1] and that the recrystallization temperature is 
higher than that in a considerably deformed solid 
material. 

It is obvious that, if the structure of a plastically 
deformed solid material is to be assessed from the 
results of investigating deformed powders, then 
first of all a study must be made of the processes 
which occur during the annealing and ageing of 
these powders at room temperatures. These investi- 
gations should also provide useful information con- 
cerning the processes which go on in a crystal in- 
dependent of the forces of reaction from neighbour- 
ing crystals. 


EXPERIMENTAL PART 


In this work variations in the structure of deform- 
ed powders of pure metals (electrolytic copper and 
aluminium 99.9 % pure) were followed as a function 
of soaking time at room temperature (for copper) 
and at 60 and 100° (for aluminium) and also as a 
function of temperature during a specific annealing 
time. 

It was possible from the variation in the number 
of spots on the powder rings, to assess the varia- 
tion in the number of proper (giving clear spots) 
crystals in the specimen and the temperature range 
of the process of recrystallization, while the extent 
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Recrystallization in powders of pure metals 


a — fine fraction from annealed pieces; 


b — coarse fraction from annealed pieces; 


FIG. 1. Namber of spots on powder lines as a function of annealing temperature 
of copper specimens. Annealing time 20 min: 


Q 100 200 300 400 500 600 700 800 °C 
Annealing temperature 


c — fine fraction from pieces deformed 70% by rolling; 
d — coarse fraction from pieces deformed 70% by rolling; 
n — flat piece deformed 70% by rolling (scale on co-ordinate axis is different 


for this specimen). 


of the type II stresses and the size of the mosaic 
blocks in the specimen could be found from the broad- 
ening of the powder lines. 

The materials used for the investigation were 
powders produced by slow filing (avoiding heating). 
Four groups of powders of each metal were prepared: 
groups a and 5, from flat pieces of the material which 
had previously been annealed to total recrystalliz- 
ation; froups c and d, from flat pieces which had 
previously been rolled to a high degree of deforma- 
tion. Each batch of powders was screened to two 
fractions — fine (groups a and c) and coarse (groups 
b and d). Immediately after preparation part of the 
powders from all the groups was annealed at differ- 
ent temperatures in a furnace under a cavuum at a 
pressure of 10™? mm Hg (annealing time 20 and 30 
min). 

Powder photographs were made of reflections from 
a section in CuK, radiation, in order to find the 
number of recrystallized grains. 

All the specimens were prepared for the photo- 


graphy in the same way: they were poured in a flat 
layer into a lead vessel 1.5 mm in depth. This meant 
that the specimens were thick enough for complete 
absorption of the primary beam. 

Each series of specimens was photographed in the 
same camera with the same adjustment. Exposure 
and development were also standardized. 


RESULTS OF THE EXPERIMENTS 


On the powder photograph of unannealed speci- 
mens, taken immediately after filing, the lines were 
solid. Subsequent photographs from these and also 
from annealed specimens, revealed individual spots 
(as a result of reflections from proper crystals). The 
total number of spots was calculated on all the por- 
tions of powder lines {220}, {311} and {331} visible 
on the photograph. In comparing the number of spots 
on the X-ray photographs of specimens of different 
series a correction coefficient was introduced in a 
number of cases, which was found by photographing 
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FIG. 2. Number of spots on powder lines as a function of annealing temperature 
of aluminium specimens. Annealing time 20 min: 
a — fine fraction from annealed piece; 
6b — coarse fraction from annealed piece; 
c — fine fraction from piece deformed 90% by rolling; 
d — coarse fraction from piece defcrmed 90% by rolling; 
n — flat piece deformed 90% by rolling. 


the same test specimens in different cameras. 

The curves for the number of spots on the X-ray 
photograph as a function of ageing time and anneal- 
ing temperature are shown in Figs. 1-4. It can be 
seen from these illustrations that: 

1. The process of “recrystallization” * extends in 
the powders through a much wider temperature range 
than in the solid specimens and is substantially de- 
pendent on the size of-the powders and the previous 
history of the specimen. 

After ageing for two months, a solid copper speci- 
men (70 % deformation by rolling) at room temperature 
did not show any signs of recrystallization, while 


* The word is enclosed in quotation marks since in this 
case only the appearance of clearly defined spots on the 
powder photograph is considered, without determining 
the mechanism of their appearance. 


the powders produced individual spots on the pow- 
der rings even after 1-2 days. After 20 min anneal- 
ing recrystallization was only found in the solid 
specimen after 150°, while in the powders it appear- 
ed at 80° (Fig. 1). 

In an aluminium plate (90 % deformation by rolling) 
the first signs of recrystallization were visible 
after annealing at 150- 200°, while in the X-ray pho- 
tographs of the powders, spots were clearly visible 
after annealing at only 100° (Fig. 2). 

2. At low annealing temperatures well-defined 
spots appear more rapidly (groups a and 5) on the 
X-ray photographs of powders produced from previous- 
ly annealed material than in those from deformed 
plates (groups c and d); increase in the number of 
spots with time occurs more intensively in the fine 
fractions than in the coarse ones (Figs. 3 and 4). 
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FIG. 3. Number of spots on powder lines as a function of 
ageing time of a copper powder at room temperature: 

a - fine fraction from annealed piece; 

b — coarse fraction from annealed piece; 

c — fine fraction from piece deformed 88% by rolling; 

d — coarse fraction from piece deformed 88 % by rolling. 


3. At higher annealing temperatures on the other 
hand, recrystallization oc ‘urs first in the powders 
from the previously deformed material and afterwards 
in those from the annealed plates (see Figs. ] and 
2). 

The temperatures at which the solid powder lines 
disappear * show the same sequence. In aluminium 
for example, the recrystallization is completed in the 
solid specimen as early as 250°"; in the fine frac- 
tions of powder from deformed plates however, it 
does not take place until 580°, and on the X-ray pho- 
tographs of powders from the other groups solid 
powder rings are visible at much higher annealing 
temperacures. The sequence in which the specimens 
of copper become completely recrystallized is seen 
very easily in Fig. 1. 


* In Fig. 1 the corresponding temperatures for copper are 


tinged. 
t Aiter the plates have been annealed at 300, instead of 


powder rings, Laue spots appear. 
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FIG. 4. Namber of spots on powder lines as a function oi 

annealing time of aluminium specimens. Letters have the 

same meanings as in Figs. 1-3. The scale on the or- 
dinate axis is different for the two series of curves. 


From this the conclusion may be drawn that the 
mechanism of the processes occurring in the powders, 
is different at low and high temperature annealing. 

At low temperatures structural changes occur in the 
powder crystals which are similar to recrystalliza- 
tion, causing the appearance of well-defined spots 

on the X-ray photographs; this process is delayed 
however, when the size of the powders is increased 
and is not generally revealed in a solid specimen. 
Preliminary deformation of the material which, of 
course, means that each powder is an aggregate of 
strongly disoriented grains, will also delay this 
process considerably. 

At high temperatures on the other hand, the usual 
process of recrystallization takes place, the speed 
of which increases with increase in the degree of 
deformation. As a result, recrystallization of the c 
and d fractions is completed earlier than that of the 
a and b fractions (Fig. 1). Stress relied in the initial 
stages of annealing under the influence of the first 
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FIG. 5. Dependence of broadening of lines on angle @ 
for specimens of copper powder aged for different 
times at room temperature. Figures against the lines 
indicate the number of days after preparation of the 
specimen. 


process delays the completion of recrystallization 
in all fractions of the powders in comparison with 
recrystallization in the solid specimen. 

The results obtained from measurement of the 
broadening of lines are shown for copper in Figs. 
5-6. The width of lines{ 311} and {111} were measur- 
ed for copper powders as a function of annealing 
temperature and of ageing time at room temperature. 
Block size D and microstress 5a/a values were de- 
termined by the method proposed by Lysak [2]. Line 
width was found by measuring the shape of the lines 
along the points on apparatus URS-50I. 

As a demonstration, in Fig. 5 the straight lines 
B?cos?6 (where B is the angular broadening of the 
lines) are shown as a function of sin?6 for some spe- 
cimens of the copper powder immediately after pre- 
paration and after ageing from ] to 10 days. The il- 
lustration shows quite clearly that during ageing 
type II stresses are relieved in 10 days and even 
after 5 days the extent of the stresses has become 
exceedingly small. 

The following is interesting, which is also clearly 
visible in this drawing. The size of the blocks D 
(inversely proportional to the sector cut off by the 
straight line 


= f (sin?) 
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FIG. 6. Curves for the dependence of block size D, micro- 
stresses 6a/a as a function of ageing time (curves Jand 
2 respectively) and annealing temperature (curves 3 and 
4) and number of spots on powder rings as a function of 
annealing temperature (dotted curve). 


on the ordinate axis) in the deformed specimens is 
greater than in those which have aged for several 
days; it is reduced in the first two days and then 
remains unaltered for the following three days follow- 
ed by a slight increase. It should be noted that re- 
duction in the mosaic blocks on the ageing of de- 
formed aluminium was observed in paper [3] even in 
a solid specimen, although it is true that this was 
only after a considerable ageing time. Fig. 6 shows 
the curves for block size * D and microstresses 
5a/a as a function of ageing time (curves ] and 2) 
and as a function of annealing temperature (curves 
3 and 4) for a 30 min anneal and the curve for the 
number of spots on the powder photographs as a 
function of annealing time. 

Comparison of these curves also shows that 
structural changes in the powders occur in two 
stages. The low temperature stage is characterized 
by a reduction in microstresses and reduction in 
block sizes. A noticeable increase in block size 
begins only after annealing at 500° (this is in agree- 
ment with the result of paper [4], in which it was 


* In a deformed block the size of the blocks is sach 
that no accurate result would be achieved if Lysak’s 
formula was used, and have therefore not noted the 
precise value on the curve in Fig. 6. 
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shown that at high annealing temperatures the pro- the mosaic angle and increase in the coefficient of 
cess of recrystallization takes place causing the secondary extinction. The average size of the 

first extinction to begin to show on the line intens- blocks varies very little as a result of these comb- 
ities). When the powder is aged at room temperature, ined processes and the number of spots on powder 


the second stage (crystal growth) is hardly to be seen photographs gives through a maximum. Polygoniz- 
ation however, does not occur in all the grains, and 


the remains of the solid powder rings can be seen 


(increase in block size exceedingly small) after 16 


days. 
The following conclusions may be drawn from a on the X-ray photograph. 
comparison of all these results. In copper powders Not until the temperature reaches 500° and above 
at low temperatures (up to 100° and at room tempera- _— does the actual recrystallization process occur, 
ture) the process of polygonization takes place, leading to a considerable increase in block size. In 
leading to reduction in block size due to the breakup __ the first moments of annealing it is probable that at 
of the original deformed crystal into separate, much these temperatures also there occurs a partial pro- 
smaller, but proper crystals. These proper crystals cess of polygonization which delays the process of 
also produce clearly defined spots on the X-ray recrystallization in the powders as compared to the 
photograph. Moreover, it frequently occurs that double solid specimen and elevates the temperature of re- 
and quadruple spots can be observed in the powder crystallization in the fractions a, b over that of 
ring distributed both along the ring and along the fractions c and d. 
radius. This process is accompanied by intensive The results of this work demonstrate once more 
relief of type II stresses. It occurs easily in isolat- that the processes of stress relief (recovery, re- 
ed grains and is delayed if plastic slip is held up crystallization) have certain peculiar features in 
by the strenuous action of neighbouring crystals. For powders and that the extension of these results to 
this reason the process occurs more intensively in solid specimens as for instance, has been done in 
the fine fraction of powder produced after preliminary paper [5], should be done with caution while in all 
annealing. cases the history of the powder should be taken into 
At mediumtemperatures (200- 400°) evidently, the account. 


process of polygonization and that of the merging of 
some of the mosaic blocks occur simultaneously 
because of the reduction in the number of dislocat- 
ion walls and increase in their density which, accord- 
ing to paper [4], is accompanied by a reduction in 


Translated by V. Alford 
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EFFECT OF THE EXTENT OF MOSAIC STRUCTURE ON THE DIFFUSION OF 
ZINC IN MONOCRYSTALS OF ALUMINIUM * 
D.Ye. OVSIENKO and I.K. ZASIMUK 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
(Received 7 June 1960) 


An investigation has been made into the influence of the extent of mosaic structure in cast 


monocrystals of aluminium on the diffusion of zinc. 


The extent of mosaic structure (size of blocks and angles of disorientation) was varied by 
applying different conditions of crystal growth and was determined by the X-ray method. 

The diffusion of zinc was studied by a method based on the use of radioactive isotopes. 

It is demonstrated that increase in the degree of mosaic development has a definite influence 


on the process of diffusion by increasing the rate. 


It has been shown in previous investigations [1, 
2] that considerable influence is excercised by the 
conditions of crystallization, particularly the rate of 
growth, on the degree of perfection of monocrystals 
of aluminium grown from the melt. We were interest- 
ed in finding out to what extent variations in the 
mosaic structure, due to conditions of growth, might 
influence such structure-sensitive properties as the 
rate of diffusion. 

It must be said that opinion is divided on the 
question of the role of mosaic structure in the pro- 
cess of diffusion. Le Clair for instance, [3], consi- 
ders that the boundaries of mosaic blocks cannot 
affect the rate of diffusion as the cavities due to 
individual dislocations (in low angle boundaries) are 
far too small to play the part of vacancies. He bases 
this proposition on the results of experiments by 
Achter and Smoluchowsky [4] who, having studied 
the diffusion of silver along differently disoriented 
boundaries of copper grains, came to the conclusion 
that the depth of diffusion along grain boundaries 
causes a notable increase in the depth of diffusion 
into the grains only where the disorientation of 
neighbouring grains exceeds 20°. Similar conclusions 
were drawn in paper [5]. 

At the same time, in paper [6] it is demonstrated 
that the coefficient of diffusion along dislocation 
lines is several times higher than in an ideal lattice. 


* Fiz. metal. netalloved., 10, No. 5, 743-749, 1961. 


Proceeding from these assumptions, Hart [7] carried 
out a theoretical analysis of the role of dislocations 
in volume diffusion. According to his calculations, 
in the self-diffusion of silver (at 600°) the proportion 
of the effective coefficient of volume diffusion due 
to random arrangement of dislocations, should be 
5%. At lower temperatures diffusion along disloca- 
tions might play an even greater part than diffusion 
in perfect regions. 

Tweet and Gallagher [8] found experimentally that 
there was an abrupt increase in the rate of diffusion 
of copper in germanium monocrystals with increase 
in the density of etching pits. According to the data 
in paper [9] however, this effect appears to be of a 
more complex nature and is due to variations in the 
type of solution of copper in germanium. 

The influence of intergranular structure on the 
rate of diffusion has been investigated in paper [10], 
in which it was established on an iron-nickel-carbon 
alloy that in specimens which had undergone consi- 
derable structural disturbance as a result of mar- 
tensite transformation, the rate of the self-diffusion 
of iron was higher than in more perfect specimens 
where no transformation had taken place. However, 
no quantitative data concerning the disorientation 
of blocks was given in the paper. Also unknown was 
the extent of the disturbance at the grain bound- 
aries, which could have a considerable effect on 
the rate of diffusion. 

Williams and Slifkin [11], who studied the diffus- 


ion of ‘**Au in silver monocrystals, observed “tails” 
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x7.10 


FIG. 1. Logi/x? relationship in specimens 5-8 
(curves 5-8); t = 360°. 


on the curves for the dependence of the log of speci- 
fic activity on the square of the depth. The lower 
the temperature of diffusion annealing, the clearer 
were the “tails” expressed. The authors considered 
that the presence of the “tails” reflected the diffus- 
ion of gold along the dislocation channels of the 


crystal. 

Direct and convincing evidence that diffusion 
along low angle boundaries is more rapid than that 
in the matrix was obtained in paper [12], in which it 
was shown by the autoradiographic method, that a 
self-diffusing indicator (Fe) is mostly distributed 
along the polygonization contours in grains of pure 
iron. 

Thus it can be seen that from these papers one can 
still draw only a qualitative conclusion regarding the 
part plaved by the boundaries of intragranular structure 
in the process of diffusion. Besides this, from the 
point of view of the development of a more extensive 
model of diffusion processes, it is very important 
to obtain quantitative data concerning the influence 
of the degree of imperfection of crystals on the rate 
of diffusion. 

In this work an attempt has been made to carry 
ont a detailed investigation in the example of diffus- 
ion of zinc in aluminium monocrystals. 


EXPERIMENTAL PROCEDURE 


The investigations were carried out on flat mono- 
crystals of aluminium (99.995 %) grown from the melt 
il]. Different degrees of mosaic development were 
achieved by varying the rate of movement of the 


10 20 30 40 50 6070 80 90 100 77 720 


FIG. 2. Logi/x relationship in specimens 5- 8.(curves 
5-8) and a polycrystal (P); t = 360. 


furnace from 0.5 to 6 mm/min at a temperature grad- 
ient of 20°/cm. The orientation of the specimens 
used for the investigation was practically identical 
the (200) plane was parallel to the surface. In the 
monocrystals obtained,block sizes and maximum 
angles of disorientation were determined by X-ray 
[1, 2]. On those specimens which had different de- 
grees of mosaic development, investigation was 
made of the diffusion of zinc, for which the method 
[13], based on the use of radioactive isotopes 
(°5Zn) was used. 

Precipitation of the zinc was carried out electro- 
lytically on to a previously electro-polished sur- 
face of the aluminium monocrystal. The electrolyte 
used [14] was on aqueous solution of sulphate of 
zinc (ZnSO, x 7H,0) calculating 60 g/l of Zn, with 
an addition of two normal units of sulphuric acid 
and sodium fluoride with a fluoride ion concentra- 
tion of 500 mg/l. Deposition was carried out at a 
current density of 0.05 amps/cm? and voltage of 
4V. To avoid an oxide film the specimen, immediate- 
ly before coating, was quickly dipped into a weak 
solution of hydrofluoric acid. 

After coating the specimens were annealed at 
different temperatures in sealed ampoules filled 
with argon. Sepcimens with different degrees of 
mosaic structure were annealed simultaneously at 
the same temperature. After the diffusion annealing 
successive layers were removed electrolytically 
every 5to 10 » and the variation in activity was 
determined. From the figures obtained penetration 
curves were plotted, which were subsequently 
analysed. 
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TABLE 1. Characteristic values for mosaic structure in aluminium monocrystals and 
diffusion coefficients of zinc 


D, 


v, mm/min 


7,.0x107!! 
6.7x 107?! 
10.5x107'! 


0.5 
0.5 
0,5 
6.0 


6 x10-3 18 
7x1073 i5 
1x 107? 20 
3x1073 32 


3.6x107!! 
3.85x1lu7!! 

6.2x107!!° 


8 22 
8 x1073 20 
1x1073 50 
1x1073 55 


0.5 
0.5 
6.0 
6.0 


10-2 
1073 


0.5 
6.0 


245x107 !! 
5x107!!" 


22 
48 


7x 1073 
4x 1073 
1073 


0.5 
12 6.0 
13 6.0 


1.6x10%!! 
1.65x107!!° 
3.2x107!!* 


22 


35 


7x1073 
8x 1073 
8x 1074 
4x 1073 


14 0.5 
15 0.5 
Io 6.0 
17 6.0 


0,.8x 107?! 
0.9x107!! 
2,5x 107!!° 
1.3x 107!!° 


15 
15 
30 
25 


| 


Note. v — rate of growth of specimens; L — block sizes; 5 — angles of maximum dis- 
orientation; D — diffusion coefficient; ¢ — temperature; r — diffusion annealing 


time. 


DISCUSSION OF THE RESULTS OF THE 
EXPERIMENT 


It has already been mentioned above that various 
degrees of mosaic development were created in the 
crystals by varying the growth rate from 0.5 to 6 
mm/min. In these conditions the size of the blocks 
was reduced from 10°? to 10°° cm, and their dis- 
orientation was increased from 15-25’ to 35-50’. 
This variation in mosaic development was qual ita- 
tively confirmed by the electron microscope and 
metallographic analysis, which in specific cases 
were carried out parallel with the X-ray analysis. 

In specimens with different mosaic development 
diffusion was studied at several temperatures in the 
range 375-327°. The results of the investigation are 
given in Figs. 1-3 and in the table. 

Analysis of the penetration curves showed that 
their form is substantially dependent on the degree 
of perfection of the crystals. This can be illustrated 
on the example of specimens 5 to 8 at a temperature 


of 360°. Of these specimens the pair 5-6 is a com- 
posite part of one monocrystal grown at the rate of 
0.5 mm/min, and pair 7-8 is another, grown at the 
rate of 6 mm/min. Each of these pairs has the same 
mosaic structure. 

Diffusion experiments were carried out with all 
four specimens in the same conditions: they were 
coated with the same initial activity, simultaneous- 
ly annealed for the same time at the same tempera- 
ture. The curves for the drop in specific activity in 
these specimens are shown in Figs. 1 to 2 and from 
them the following conclusions may be drawn. In the 
more perfect crystals of (5 and 6) the log of the spe- 
cific activity (logé) of the layers removed parallel 
to the surface, varies in a linear manner with the 
square of the depth (x?) which, as is well known, is 
characteristic of the process of diffusion in crystals. 
At the same time, in the less perfect crystals (7 and 
8) there is a deviation from this dependence and the 
variation in specific activity follows better the 
straight line law of the dependence on x which fact 
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FIG, 3. Autoradiograph of polycrystalline specimen; 
x 15. 


may be due to the substantial part played by the 
movement of the diffusing substance along the block 
boundaries. The depth of penetration in specimens 

7 and 8 is 25% more than in 5 and 6. This indicates 
the rate of diffusion increases as the degree of per- 
fection of the crystal decreases. For comparison, 
the diffusion of zinc in a polycrystalline specimen 
with grain size ~ | mm was investigated at the same 
temperature (360°). It was here found that diffusion 
along grain boundaries occurs more intensively than 
along block boundaries. This is reflected by the re- 
duction in the gradient of curves logi-x (Fig. 2) and 
an increase of 35 % in the depth of penetration as 
compared with that in the less perfect specimens 7 
and 8. The predominance of diffusion along grain 
boundaries in the polycrystal can also be seen from 
the autoradiograph picture in Fig. 3. 

A similar difference in the penetration curves for 
specimens with different mosaic structures is usually 
observed at other temperatures. In certain cases 
however (for example in specimen 4, Fig. 4) the vari- 
ation in logi shows linear dependence neither on x 
or on x?. 

If curves logi- x? (Fig. 1) for the less perfect mo- 
nocrystals are analysed by drawing a straight line 
through the majority of spots, then the same effect- 
ive diffusion coefficients can be found as thos indic- 
ated by asterisks in the table. They are 1.5-2 times 
greater than the corresponding coefficients for the 
more perfect crystals. This difference, as can be 
seen from the table, increases with reduction in tem- 
perature and this should be borned in mind when 
investigating diffusion in the monocrystals of other 
metals, as in ordinary conditions boundary diffusion 


o— logi —x? 


@— logi—x 
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FIG. 4. Dependence of logi on x? and on x for 
specimen No. 4. 


and volume may overlap and physically controlled 
variations in the diffusion coefficients may be taken 
as the simple scattering due to experimental error. 

Next we turned to determination of the diffusion 
parameters, activation energy Q and the pre-expon- 
ential factor D,. These values must be found on 
crystals which have the same structure. If the fig- 
ures in the table are studied it can be seen that the 
more perfect crystals meet this requirement (grown 
at the rate of 0.5 mm/min); they have almost iden- 
tical mosaic structure (LZ = 6 x 107° x 10°? cm, 

5 = 15- 20’) and have practically the same diffusion 
coefficient at the same temperature. In this case the 
dependence of InD on 1/T is expressed by the 
straight line shown in Fig. 5. 

The Q and D, values found from this dependence 
are 30,800 + 500 cal/g mol and 1.4 cm?/sec res- 
pectively. These values are in very good agreement 
with the values given in paper [15], in which the 
diffusion of zinc in crystals of aluminium of the 
same purity was also investigated by the radioactive 
marker method on polycrystalline specimens with 
grain size greater than 2 mm. The investigation was 
carried out in the temperature range 400- 650° and 
the figures obtained for the diffusion parameters 
were Q = 30.9 + 0.6 kcal/g mol and D, = 1.1 + 0.4 
cm?/sec. 

A similar determination of the diffusion para- 
meters in less perfect crystals was not possible 
because of the high degree of scattering in the 
angles of mosaic structure (from 30 to 55”) and de- 
fects in most of the specimens. 

A rough analysis made from the effective figures 
for diffusion coefficients, whows that in less 
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FIG. 5. Temperature dependence of D in more perfect crystals 
(L = 0.7—1 x 10°? cm; = 15-227). 


perfect specimens activation energy is somewhat 
lower (by 2-3 kcal) than in the more perfect ones. 

The results of our work thus demonstrate that, in 
contradiction to certain assertions [3], the bound- 
aries of blocks disoriented by even a fraction of a 
degree, do have a substantial influence on the rate 
of diffusion. 

We note also, that our results do not contradict 
the data in papers [4, 5], in which diffusion along 
grain boundaries was compared with diffusion, not 
in an ideal lattice, but in grains with a high concent- 
ration of defects such as macro- and micromosaic 
boundaries, individual dislocations etc. In these 
conditions it could not be expected that there would 
be very much difference between the rate of diffus- 
ion along the boundaries of two slightly disoriented 
(by 10- 15°) grains and that inside grains consisting 
mainly of elements of a macromosaic structure, and 
whose disorientation might reach several degrees. 
Apparently the metallographic method used in these 
works was not sensitive enough to disclose effects 


of this kind. 
CONCLUSIONS 


The degree of mosaic development in crystals has 
a noticeable effect on the nature and the rate of dif- 
fusion. In more perfect crystals with block sizes of 
~ 10°? cm and angles of disorientation of 15-20% 
the movement of zinc conforms to the law of volume 
diffusion throughout the range of temperatures in- 
vestigated, 327 to 375°. The temperature dependence 
of the diffusion coefficient is expressed by the 


following equation 
D=1.4 e 

In less perfect crystals with block sizes of . 107° 
cm disoriented by 30-50’, a considerable part in the 
process of diffusion is played by block boundaries 
this is shown by the variation in the nature of the 
drop in specific activity with depth, increase in the 
depth of penetration and also in the increase in the 
effective diffusion coefficient. 

The writers wish to express their gratitute to 
S.D. Gertsriken and M.P. Pryanishnikov for particip- 
ation in the discussion of this work. 


Translated by V. Alford 
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THE KINETICS OF SINTERING IN THE SOLID PHASE * 


B.Ya. PINES 
Kharkov State University 


(Received 4 April 1960) 


The phenomenon described as sintering in paper [1], distributed between the ordinary sintering 
of ceramic and powder-metallurgical solids. It is demonstrated that these two effects should have 


different kinetics. For one of them the simultaneous decomposition of the supersaturated solution 
of vacancies and the coalescence of pores are very essential; in the other the influence of the 
coalescence of pores on the kinetics is fairly small, and there is no supersaturation by vacancies. 


1. In paper [1] the kinetics of the decomposition of 
supersaturated solid solutions was investigated 
theoretically allowing for the effect of coalescence. 
Moreover, new laws were found for the time depend- 
ence of the average linear dimension (radius) of pre- 
cipitating “inclusions” —p and the value for the sup- 
ersaturation of the solutions c, namely: 


~ (Dat), (1) 


(2) 


where D is the diffusion coefficient (heterodiffusion) 
of particles of the solute substance in the super- 
saturated solution; ¢ is time; 
a=o06%" /kT; 

o is surface tension on the inclusion/solution inter- 
face; 

5 is the linear atomic dimension; 

v is the equilibrium concentration of the solution; 

k is Boltzmann’s constant, and 

T is temperature in degrees Kelvin. 
By a fortunate coincidence paper [1] also reviewed 
the theory of sintering which is interpreted as the 
overlapping of two concurrent processes, the growth 
of pores (“hollow crystals”) and their coalescence 
in areas far from the boundary; and the “solution” of 
pores with the displacement of vacancies (forming 


* Fiz. metal. metalloved., 10, No. 5, 750-755, 1961. 


For the phenomenon described in papers[1, 2) another name is suggested, “precipitate sintering”. 


a supersatured solution) by diffusion along the 
outer boundary in a layer close to the boundary of 
the solid (“sintered shell”). For the time dependence 
of the thickness of the sintered shell the following 
formula was found 


L (1) = 2 (3) 


where Q, is the total initial supersaturation of the 
system (in the case of sintering; by vacancies), in- 
cluding the initial volume of the precipitating 
phase in “the grains” (i.e. on sintering in pores). 

The results of the calculations made in paper 
[1] are fully confirmed experimentally in investiga- 
tions [2] in which the growth and disappearance of 
pores was studied in NaCl crystals which had un- 
dergone annealing at high temperatures. They are in 
very good agreement with the calculated data on the 
variation in time of the mean linear dimension of 
pores arising during annealing and on the depth of 
the ‘sintered” layer adjacent to the surface of a 
crystal. 

2. It must be noted that in papers [1] and [2] sin- 
tering means a phenomenon not in the least identic- 
al with that which takes place in ordinary sintering 
[3] of porous powder-metallurgical and ceramic 
solids. As will be demonstrated, the laws (1) and 
(3) obtained in [1] are completely dependent on the 
assumption that decomposition of the supersaturat- 
ed solid solution takes place parallel with coal- 
escence and sintering. This is by no means always 
the case, nor should it be so. 

The rate of growth of an “inclusion” or “nucleus” 
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equal (where the size of the critical nucleus grow- 
ing at maximum rate is different) it will be found 
that 


on a supersaturated solid solution is known [4] to be 
defined by the equation 


i.e. to be dependent on 


(c anita’ from which it follows that 
p 
the difference in supersaturation c and the eqdilibr- cu 
° ° = a (Dt) 3, 
ium increase in concentration around a nucleus 3 (6b) 


o= = which is the solution obtained in [1]. 
Expressions for the time dependence of the values 


From this follows the value for the critical radius 


of the nucleus 


Por=Pmin Pmax» 


a and also of p’ (i.e. the radius of nuclei growing at 


amit te maximum speed in a given moment) 


According to the degree of decomposition of the 
solution, c is reduced and p,, increases, i.e. the 
left-hand boundary of the distribution curve for size 


of the growing nuclei, is displaced to the right. are found at the same time and with those found 
As for the right-hand boundary, according to (4) in [1]. 
its position is approximately defined by the formula From here it is easy to find and to analyse the 
kinetics of sintering (variation in the depth of the 
= vi 2D . wilt sintered shell L according to the mechanism consi- 
Pmax = | \ dered in [1]. The flow of a volume of vacancies 
° through 1 cm? of sintered shell towards the outer 
For each given value of c we have from equation (4) _ surface is 


the maximum rate of growth of the nuclei for 


22 
OT ee where c is the supersaturation of vacancies in the 


central part of the solid; according to (6b) 


and this rate is 


max = (5) | 3 a (Dt) 
Since 
Since the rate of movement of the left-hand Qdt = AdL 


boundary can never exceed the maximum rate of 
growth of the nuclei (or if this were not so all the 
nuclei would be less than critical size and should 
go back into solution), the following is obvious: 


where dL is the variation in the depth of the sinter- 

ed layer in time dt and A is the total porosity (in- 

cluding the volume occupied by excess vacancies 

and also by pores precipitated from the supersatur- 

pie sii ated solution), then the equation for the rate of in- 

— es, : (6) crease in the depth of the sintered zone will have 
the form 


dt \c 
AL 3s 


and, in a limiting case when both speeds become dt 
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| 1 
L= (6Dat) le, (7) 

In paper [1] the solution to the problem is found 
by a complicated and clumsy analysis and the 
method by which the result was obtained remains 
unexplained. This shows that the laws found cannot 
be separated from the fact that decomposition of the 
solid solution takes place at the same time. 

3. It is easy to see that when ordinary ceramic and 
powder-metallurgical bodies are sintered there is no 
primary supersaturated solution of vacancies and 
the pores in existence are by no means formed by the 
union of vacancies separated from the supersaturated 
solution. These pores occur by purely mechanical 
means during the compacting of the powders and are 
in no way connected with the precipitation of va- 
cancies. As for the suplus vacancies, these are only 
those which arise close to the surface of pores due 
to the action of negative capillary pressure [5] 
wherefore the local increase in vacancy concentra- 
tion is, as stated above, 


To avoid misunderstanding it must be said that here 
we are only concerned with what are called Schottky 
vacancies ‘additional empty lattice sites) which can 
be removed singly from a body as a result of sinter- 
ing [6]. Frenkel vacancies cannot as a rule pass 
beyond the limits of the body and can only be elimin- 
ated if they are replaced by atoms in the interstitial 
sites. Frenkel vacancies only affect the kinetics of 
sintering inasfar as the coefficient of internal self- 
diffusion [3] is increased (when they exceed equili- 
brium concentration). The appearance of excess 
Frenkel vacancies usually occurs when lattice dis- 
tortions are “closed up” and have nothing to do with 
the formation of the ordinary supersaturated solution, 
as these vacancies cannot be precipitated from a 
solution and their elimination by replacement with 
atoms does not cause the body to be sintered. 

In view of what has been said, the laws establish- 
ed in [1] for the kinetics of sintering can have no 
bearing on the case of the sintering of ordinary 
porous ceramics. Other conditions obtain during the 
formation and elimination of porosity in NaCl cryst- 
als as studied in paper [2]. Apparently because of 
the porous structure due to crystallization in condi- 
tions far from equilibrium, when heating is carried 


to high temperatures there occurs the displacement 
and translation of atoms (ions) to minimum free 
energy positions, i.e. to positions corresponding to 


a completely perfect lattice. Moreover after ordering 
in a group of particles some sites may be unoccupied. 


i.e. Schottky vacancies will occur. 

Thus, as a result of the “ordering” and compact- 
ing of a porous structure, surplus vacancies or a 
supersaturated solution thereof, arise in the crystal. 
In these conditions decomposition of the supersatur- 
ated solution of vacancies may occur with the forma- 
tion of pores, and at the same time the processes of 
the coalescence of pores inside the body and of 
sintering close to the outer surface described in 
{1], should develop and here the kinetics theoretical- 
ly calculated in [1] should obtain. However, the 
case in question, as has already been noted, con- 
cerns sintering alone *. 

The mechanism of sintering studied in paper [1] 
does not related to powder metallurgical or ceramic 
objects and is only concerned with that category 
of bodies which has not porosity in its initial state 
but becomes porous after heating becanse of its 
“friable” structure. This is accompanied by the for- 
mation of a supersaturated solution of Schottky 
vacancies and the precipitation of excess vacancies 
from the solution. It should be noted that the exper- 
imental data found in [2] can be-ased to find the dif- 
fusion coefficient of the vacancies, and that it is 
constant at each temperature, independent of time 
and, in the opinion of the writers of [2], corresponds 
to the equilibrium state of the crystal. This result 
is not entirely regular as it frequently occurs that 
Frenkel vacancies (in excess of the equilibrium 
quantity) arise when non-equilibrium objects are 
annealed. This causes an increase in the value of 
the diffusion constants which becomes gradually 
less as the temperature and soaking time increases, 
i.e. as the surplus Frenkel vacancies are eliminat- 
ed and the body approaches the state of full equili- 
brium [3]. 

4. In view of what has been said above, the vari- 
ation in the sizes of the pores (or “included” cavit- 
ies) in a body with pores formed by mechanical 


* Not the same as the kinetic dependency given in [1] 
on the emergence of what is called “diffusion porosity” 
due to heterodiffusion in non-homogeneous powder 
metallurgical bodies {3, 8], as here vacancy supersa- 
turation first increases with heterodiffusion and then, 
after the pores have been formed, it is immediately 
(continued on the next page) 
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means, ought to be defined by equation (4) in which 
the value for supersaturation by vacancies c should 
be placed at zero, i.e. by the equation 
Da 

. 


dt 


(8) 


It can be seen that the presence of one pore should 
reduce its dimensions. Integrating equation (8), we 


find 


(8a) 
i.e. the reduction in the volume of a pore in time 
should occur at constant rate independent of the 
radius of the pore. In view of this result, where there 
are a lot of pores separated from one another by dis- 
tances greater than their size, the variation AV in 
the volume of a body V will in the first approxima- 
tion correspond to the additivity effect from the vari- 
ation in the volume of all the pores. Therefore the 
extent of the shrinkage of the body 7 will be 


(8b) 


where WN is the number of pores in a unit of volume. 
Experiments carried out in the investigation of the 
isothermal sintering of powder-metallurgical bodies 
show [7] that it is only in the initial moments of 
isothermal holding that a linear dependence of shrink- 
age on time is to be observed. After this shrinkage 
becomes slower and its dependence on time is ac- 
cording to the law 

Vt. 
In papers [3] and [7] this was explained as the re- 
sult of variation in the self-diffusion coefficient of 
atoms in time (self-diffusion coefficient D, = Dy», 
where v is the concentration of vacancies). In the 
initial moment of isothermal soaking the sel f-diffus- 
ion coefficient is higher but in the course of time it 


becomes less. On the basis of calculation ona model 
in [7] (see also [3]) it has been demonstrated that 


(continued from previous page) 
reduced, causing shrinkage, which becomes less in time, 


as (8). 
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for long periods of time, and this explains the de- 
pendence of shrinkage on time according to the law 


Vt. 


The absolute values of shrinkage are of the same 
order as the calculated ones. However, if precise 
quantitative agreement is to be found, one will of 
course, have to allow for a number of secondary 
effects including, among other things, the coalesc- 
ence of pores. 

It has been noted above that the calculations in 
[1] can in no way be regarded as explaining the 
kinetics of sintering with allowance for coalescence, 
as in [1] quite another process is being studied, 
which is closely connected with the decomposition 
of a solid solution. The phenomenon of coalescence 
studied in [1] does also not correspond to the coal- 
escence of pores which takes place in ordinary 
powder-metallurgy and ceramics, where there is no 
decomposition of a supersaturated solution of va- 
cancies. The reason and the “driving force” in the 
coalescence of pores is in all cases the reduction 
of free surface and with it, of free energy, when the 
volume of large pores increases at the expense of 
the small ones. The mechanism of this process in 
ceramic bodies is due to differences in the equilibr- 
ium concentration of vacancies close to pores of 
different radii, and for this reason there should 
occur a flow of vacancies from small to large pores. 
Let there be two pores of radii p, and p,, the centres 
of which are arranged at a distance /. Increase in 
the vacancy concentration close to these pores will 
be in accordance with 


a a 
—and —. 
P1 Pe 


The resulting distribution of excess concentration 
along the line joining the centres of the pores can 
be approximated by the formula 


a 


= 
Pot W/L (pi—P 2) 


(9) 


Where y is the distance along the centre line calcul- 
ated from pores having a radius p,. The formula 
deduced represents the constant of the total flow 

of vacancies from pore 2 to pore 1. The extent of 
this flow is 


SQ = x0? D & = St = 
dy lyst  dyly=o 


Vol 
= 
191 
D~ 
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The flow of vacancies SQ occurs toward pore 1 and 
cause it to increase in volume. At the same time the 
volume of pore 2 is decreased by the same amount. 
fhe kinetics of the process can be defined by the 
equations: 


The process described will take place at 


and will cease when p, returns to zero wherefore p, 
will not exceed the value of 


V2 


The p, value in the right-hand part of (9a) can be 
neglected. Then we find: 


Dat 
n°) = 
A (ri) 9! 
whence the time for the full “absorption” of pore 2 
by pore 1 (we note that neglect of p, as compared 
with p, in (9a) produces a reduced value for ¢,) 
2 
i= 
Da 
According to (8) the time for complete growth of 
pore | will be 
3 


The ratio of these times 


pandt, > te, 


then, evidently, the process of coalescence must 
occur more slowly and cannot substantially vary the 
kinetics of sintering and allowance for it will give 
only a correction. * 


* When there are a lot of pores in e body, each will 
increase at the expense of smaller neighbouring ones 
and is reduced because of the flow of vacancies to the 
bigger pores. But as the rate of increase in the volume 
pore on sintering is not dependent on radius, this 


The influence of the process of coalescence on 
the kinetics of sintering could only become notice- 
able in that stage of the process when, due to coal- 
escence, there might be a reduction in the number 
N of pores existing. However, in this period which 
is one of low porosity, the number of pores in exist- | 
ence is considerably reduced and as a result of 
this atoms stop passing into the small pores, which 
makes it virtually impossible to isolate the influ 
ence of coalescence. From this it follows that the 
phenomenon of coalescence should not be considered 
in the first approximation in connexion with the sin- 
tering of ceramics nor should the kinetics of shrink- 
age be analysed from equation (8b) which only allows 
for the possible time dependence of the value D, 
[7]. This analysis is in agreement with the experi- 
mentally observed kinetics of isothermal shrinkage 
(3, 7]. 

5. It follows from all that has been said above, 
that the description given in papers (1, 2] of the 
compacting of bodies with surplus vacancies which 
form a supersaturated solution in no way corres- 
ponds to the phenomenon of sintering which takes 
place in ceramics and powder metallurgy. 

In order to avoid confusing these two phenomenon, 
they should be given two different names. As the 
usual term “sintering” came into use with regard to 
phenomena which take place in ceramics, a new 
name must be given to the diffusion compacting 
effect described in papers [1] and [2]. We propose 
that the latter effect should be called “precipitate 
sintering” or “precipitate compacting”. This re- 
flects a basic feature of this phenomenon, the oc- 
currence of sintering (compacting) in connexion 
with the appearance of pores precipitated from a 
supersaturated solution of vacancies (precipitate); 
the presence of pores from this source and the exist- 
ence of the supersaturated solution of vacancies 
during sintering determines the kinetics of the 
coalescence of pores and the course of the shrink- 
age which is characterized by the formula (6) and 
(7) given above 


Translated by V. Alford 


will not affect the kinetics of shrinkage in a first appro- 
ximation. 
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SELF-DIFFUSION OF ZIRCONIUM IN CERTAIN ZIRCONIUM BINARY AND 
TERNARY ALLOYS * 


V.S. LYASHENKO, V.N. BYKOV and L.V. PAVLINOV 
(Received 12 May 1960) 


In this work an investigation was made of the self-diffusion of zirconium in binary alloys of zirconium - 
niobium containing 31.1% by weight niobium, and in zirconium ternary alloys containing 25% niobium 3% 
molybdenum, 2.8 % tin and 0.6 % chromium. The diffusion coefficients were found in the temperature range 
900- 1200° by the radioactive isotope method using **Zr . 

The alloying of zirconium with niobium increases the activation energy and considerably reduces the 
the diffusion coefficients. Subsequent alloying with molybdenum, tin and chromiam increases even 
more the activation energy. Moreover, in the range of temperatures investigated, the lowest level of 
diffusion mobility was obtained in the ternary alloy of zirconium with 28% niobium and 3% molybdenum. 


In papers [1, 2] it was shown that in beta-zircon- 
ium the level of diffusion mobility is higher than in 
such metals as iron, nickel, cobalt, chromium etc. 
which have melting points the same as, or lower 


than, zirconium. 
The high level of diffusion mobility rules out the 


possibility of using unalloyed zirconium as an engine- 


ering material at elevated temperatures. It is, how- 
ever, known that the strength characteristics of zir- 
conium can be considerably improved by alloying. In 
paper [3] for instance, an investigation was made of 
the influence of chromium, niobium, molybdenum, 
tantalum, tungsten and vanadium on the high temper- 
ature strength of zirconium. The long-time strength 
of an alloy of zirconium with 8 % by weight tungsten 
at 980° for 100 hr was 1.2 kg/mm’, close to the 
strength of Inconel. 

A comparative analysis of the behaviour of metals 
and alloys at elevated temperatures can be made 
from the values for the diffusion constants. With this 
aim an investigation was made of the influence of 
miobium and also of molybdenum, tin and chromium 
on the diffusion mobility in beta-zirconium. 


EXPERIMENTAL PROCEDURE 
The self-diffusion coefficients were measured by 


the integral residue method [4] from the beta-activity 
of the radioactive isotope **Zr. The radioactive 


* Fiz. metal. metalloved., 10, No. 5, 756-762, 1961. 


isotope of zirconium was deposited on the specimens 
by evaporation in a vacuum. 

Diffusion annealing was carried out in sealed 
ampoules with double walls. Before sealing, the 
ampoules were evacuated to a residual pressure of 
10°?-10°* mm Hg and carefully degassed. To avoid 
any possible oxidation of specimens in the ampoules 
they were covered with zirconium filings. 

The layers were removed on a grinding wheel. The 
depth of layer removed was measured on a vertical 
optical measuring apparatus [ZV-] with a precision 
of 2-3 p. 

Errors were calculated by the minimum square 
method. Maximum percentage error in finding the 
diffusion coefficients was 8-10 %, and 2% in the 
activation energy. 

Binary alloys. The binary alloys of zirconium and 
niobium were melted in an electric arc furnace. The 
starting materials used were zirconium (produced by 
the iodide method) (99.6 %) with the following main 
impurities: Hf —0.07 %; N—0.014%; Fe —0.04%; 

Si —0.05 % and niobium (99.2%) containing Fe —0.07 %, 
Si —0.0001 %, Ti —0.2 %, Sn —0.001 %, Ta —0.05 %, 
C —0.1%. The niobium content of the alloys as 
found by chemical analysis is given in Table 1. 

In all the alloys the tungsten content was 
0.01-0.02 % The alloys were forged at a temperature 
of 700-800°. The specimens prepared after forging 
were homogenized at 1200° for 5 hr. 

Diffusion coefficients were determined at 900, 
1000, 1100 and 1200°. At 1200 and 1100° all the 
alloys were annealed for 2 and 20 hr reepectively; 
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TABLE 1 


weight, % 


Alloy No. | Niobium content | Alloy No. 


Niobium content 
weight, % 


| 

{ 

| 

| 


0 
l 
2 
5. 
9 


~ 
Ss, 


D, cm?/sec 


8, 
Ss 


at 1000° alloys 1 to 4 were annealed for 25 hr, alloys 
5 to 9 for 90 hr; at 900° alloys 1 to 4 were annealed 
for 30 hr, and alloys 5 to 9 for 200 hr. The depend- 
ence of diffusion coefficient on the reciprocal value 
of absolute temperature in semi-logarithmic co-ordin- 
ates is given in Fig. 1. 

The diffusion constants (thickness factor D, and 
activation energy AH), calculated by the minimum 
square method, are shown in Table 2. 

The graph showing the dependence of diffusion 
coefficient on niobium concentration is given in 
Fig. 2 in semi-logarithmic co-ordinates for tempera- 
tures of 900, 1000, 1100 and 1 200°. 

From the graphs in Figs. 1 and 2 and from Table 
2, it can be seen that the alloying of zirconium with 
niobium considerably reduces the diffusion coeffi- 
cient and increases the activation energy. 


10* 


7 °K 


FIG. 1. Temperature dependence of the self-diffusion coefficient of zirconium in 
zirconium-niobium alloys. Curves / to 9 are for alloys | to 9 respectively. 


The results of the present work confirm conclus- 
ions previously drawn regarding the presence in zir- 
conium of predominantly bourdary diffusion in a 
certain temperature range above the allotropic trans- 
formation [2]. The predominance of boundary diffus- 
ion is due to the presence of structural imperfections, 
defects in the crystal structure of beta-zirconium. 
Since it is assumed that structural imperfections 
(intragranular interfaces, high vacancy concentra- 
tion etc.) arise during allotropic transformation, then 
the lower limit for the range of temperatures where 
these factors have a noticeable effect, should be the 
allotropic transformation point. The upper limit of 
the temperature range is determined by diffusion 
mobility and annealing time: the shorter the anneal, 
the higher the temperature at which the structural 
imperfections will be eliminated. As with unalloyed 
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FIG. 2. Dependence of the self-diffusion coefficient of zirconium in its alloys 
with niobium on niobium concentration at the following temperatures: 


1-—120°; 2 1100; 


zirconium, so also in binary alloys of zirconium and 
niobium, the upper limit of the temperature range at 
which structural imperfections have a noticeable 
influence, is 1000-1100° (for 10 hr annealing time). 
If the concentration curves are studied (Figs. 3- 
6) it can be seen that at 900, 1000 and particularly 
at 1100° a break occurs in the curves showing the 
dependence of the logarithm of concentration on the 
square of penetration. This is due to the simultane- 
ous occurrence of two processes — diffusion through 
the grains (volume) and diffusion along boundaries 
and intragranular interfaces. The slope of the first 
portion of the straight line (up to the break) is main- 
ly determined by the coefficient of volume diffusion, 


3—100°?; 4-900. 
that of the second portion (after the break) by the 
coefficient of boundary diffusion. 

Generally alloying additions may have different 
influences on boundary diffusion and volume diffus- 
ion, depending on their interaction with the matrix 
and the nature of their distribution in the alloy. 
Despite the fact that the method for determining the 
diffusion coefficient used in this work (removal of 
layers and measurement of the integral activity of 
the rest of the specimen) does not make it possible 
to obtain quantitative data for boundary diffusion, 
the nature of the influence of niobium alloying on 
diffusion mobility in binary alloys of zirconium and 
niobium can be established from a study of the 
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TABLE 2 
No. Alloy | Do, cm*/sec fF 
5.21075 | 
9,2x1075 
8.9x 1075 
9.1 1075 | 
8.7% 1075 
| 
6.61074 | 
1.31673 | 
| 
10° = 
i | 
-~ 
= (000 
0 70 20 30 | 


0 50 100 
x?. 10° cm? 


FIG. 3. Dependence of the logarithm of concentration on 
the square of penetration at 1200°C. Curves ] to 9 are 
for alloys 1 to 9 respectively. 


concentration curves. The slope of the straight line 
up to the break, which is determined by the coeffi- 
cient of volume diffusion, increases with increased 
niobium concentration. Therefore the coefficient of 
volume diffusion is reduced with increase in the con- 
centration of niobium. On the concentration curves 
for the temperatures 1200 and 1100°, with the excep- 
tion of alloys with low niobium concentrations, no 
breaks are observed in the concentration curve and 
the slope increases steadily. At 900 and 1000 alloys 
0 to 4and 5 to 9 were annealed for different periods 
of time (annealing time indicated above). For this 
reason it is possible only to compare the alloys 
which have undergone the same annealing. As for 
boundary diffusion, it can be assumed that the slope 
of the straight line up to the break will also increase 
in allovs which have undergone annealing for the 
same period. From this the conclusion can probably 
be drawn that diffusion mobility along boundaries is 
reduced with increase in the concentration of nio- 


bium. 
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FIG. 4. Dependence of the logarithm of concentration on 


the square of penetration at 1100°C. Curves ] to 9 are 


for alloys 1 to 9. 


Ternary alloys. The following ternary alloys were 
investigated: Zr + 25.6 % Nb + 2.8% Sn (No. 1), Zr 
+ 23% Nb + 0.9% Cr (No. 2), Zr + 28% Nb + 3% Mo 
(No. 3). Diffusion coefficients were found at 900, 
1000, 1100 and 1200°. 

The grapa for the dependence of diffusion coeffi- 
cient on temperature is shown in Fig. 7. Diffusion 
constants determined graphically, are given in 
Table 3. 

It can be seen from Table 3 and Fig. 7, in which, 
for comparison, the temperature dependence of dif- 
fusion coefficient is shown for the binary alloy of 
zirconium with 26.9 % niobium, that the alloying of 
zirconium with molybdenum, chromium or tin as the 
third component, will cause a further increase in 
activation energy. In this case the lowest level of 
diffusion mobility in the temperature range investi- 
gated was found in the ternarv alloy zirconium- 
niobium-moiybdenum. 

CONCLUSIONS 
1. Alloying zirconium with niobium considerably 
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FIG. 5. Dependence of the logarithm of concentration on 

the square of penetration at 1000°C. Curves / to 9 

relate to alloys 1 to 9 respectively; 0 is for unalloyed 
zirconium. 


FIG. 6. Dependence of the logarithm of concentration 
on the square of penetration at 900°C. Curves | to 9 
related to alloys 1 to 9 respectively. 


TABLE 3 


Do, cm’ /sec 


1,0 x107? 
2.1x107- 
3.2x107-3 


reduces the diffusion coefficients and increases 
activation energy in the temperature range 900- 1200°. 

2. The figures for diffusion in ternary alloys show 
that additions of molybdenum, tin or chromium to the 
binary alloy of zirconium with 25 % niobium will 
cause a further increase in activation energy and 
reduction in diffusion coefficient. ! 

3. Analysis of the concentration curves shows 
that at temperatures of 900-1000 it is primarily 
boundary diffusion which takes place and this is 
probably due to the emergence of intragranular inter- 
faces during allotropic transformation. 


Translated by V. Alford 
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FIG. 7. Temperature dependence of self-diffusion coefficient in ternary alloys. 
Curves | to 3 are for alloys | to 3 respectively 
(see Table 3), dotted line is for alloy 8. 
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THE QUESTION OF THE YIELD POINT ELONGATION OF IRON AFTER STRAIN AGEING * 
B.I. SMIRNOV 
Physico-Technical Institute, Academy of Sciences U.S.S.R. 
(Received 6 April 1960) 


It is known at the present time [1], that if strain- 
ed iron is aged for a certain period after deformation, 
then with subsequent straining a yield point elonga- 
tion will appear on the stress-strain diagram, which 
was not present in the previous state. This pheno- 
menon is observed for a number of materials and is 


called strain ageing or ageing after strain. It is usual- 


ly regarded [2] as a process in which solute atoms 
migrate to the free dislocations remaining in the de- 
formed metal and combine with them to form an at- 
mosphere. 

We decided it would be interesting to see what the 
ageing effect would be like if the subsequent strain 
was of a different nature from the first one. The 
material used was armco iron (carbon content of 
some 1/100ths percent). Tests were carried out on 
two types of specimens (the material was also taken 
from different batches): 1) diameter 10 mm with norm- 
al ends; 2) diameter 15 mm with screw threads on 
the ends, test length in both cases was 50 mm. Be- 
fore testing the pieces were annealed in a vacuum of 
the order of 10°* mm Hg for | hr at 700°. 

After annealing the first type of testpiece was de- 
formed in tension by about 10 % and aged, after which 
some of them were again subjected to tension and 
others were made into samples 20 mm long and de- 
formed in compression. The second type of test- 
piece was first deformed in compression and in this 
case special fittings were used in order to avoid 
twisting. After this the pieces were “aged” and de- 
formed then in tension, after which some of them 
were subjected to repeated compression or tension. 
deformation of all the testpieces was carried out on 
an IM-12A machine at the rate of 2 mm/min. 

The experimental results are shown in Fig. 1, 
where stress-strain curves have been plotted for the 
different cases. As should be the case, there is a 
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considerable yield point elongation in the annealed 
materials (curve 1). If a deformed testpiece is left 
for some time at room or somewhat higher tempera- 
ture, then with repeated deformation of the same 
kind (curves 2, 3, 4a, JJa, 12a) the yield point elon- 
gation will appear again, i.e. ageing will take place. 

If however, the subsequent deformation after age- 
ing for several days at room temperature is of exact- 
ly the opposite sign from the previous deformation 
(compression after tension or vice versa) then there 
will be no yield point elongation (curves 4 and 13), 
no strain ageing is to be observed. No yield point 
elongation will appear even after 1 hr soaking at 
100° (curves 5, 6, 11, 12). Only after heating to 
130° (curve 7) does a yield point elongation ~ 0.3 % 
reappear. With further increase in temperature the 
yield point elongation is aiso increased (curves 8- 
10). 

How can one explain these results ? The answer 
to this question appears to vary depending on the 
opinion of the nature of the yield point elongation 
itself. In all cases however, the primary cause of 
the yield point elongation must be considered to be 
the presence of impurities which form an interstitial 
solution with the iron (carbon, nitrogen). 

At the present time plastic flow in metals with 
a bec lattice can be represented as taking place in 
the following way [3]. 

Even before the upper yield point is reached there 
is movement of a certain number of dislocations 
along slip planes and, because of the locking of 
dislocations by impurities, this will take place only 
on specific planes. The moving dislocations are 
piled up around different obstacles (grain and block 
boundaries, inclusions, etc.), as a result of which 
high stress concentrations arise in these regions. 
Under the action of these stresses the dislocations 
are torn away from their atmospheres (upper yield 
point). After their release, the dislocations can 
move even when driven by lesser forces. The 
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FIG. 1. Strain diagrams for iron: 


a — first type of specimen; 


6 — second type of specimen. 


1 — initial (annealed) state; 
2, 4, 4a, lla, 12a, 13 — holding for 1 day at 20; 


3, 5, 11, 12 —holding for | hr at 100°; 
6 — 1 hr at 100° and deformation at 
— 196°; 
7—1hrat 130; 
8 — 1 hr at 200°; 
9 — 1 hr at 300;; 


10 — 1 hr at 600°. 


material suddenly becomes softer and after the beg- 
inning of plastic deformation it flows under lower 
stresses (lower yield point). In the case, where the 
dislocations (or their sources) are not pinned, they 
can be moved under quite small loads and no yield 
point elongation will be observed. 

On ageing after deformation the solute atoms dif- 
fuse toward the free dislocations remaining in the 
deformed metal to form atmospheres. However, if one 
proceeds on the basis of this mechanism then, as 
regards the absence of a yield point elongation after 
ageing when the sign of the deformation is changed, 
it must be assumed that a sort of “one-sided” lock- 
ing of dislocations takes place, i.e. the impurities 
are free to impede their movement only in the direc- 
tion in which they had previously moved. 


Specimens 4 to 10 were deformed 7.5 % in tension. 


FIG. 2. Dislocation pile-up before an obstacle in the slip plane. 


This can be explained in the following way. As a 
result of previous plastic deformation dislocation 
pile-ups like those shown in Fig. 2 will be formed 
because of dislocations being held up by obstacles. 
Ageing consists of the migration of randomly arranged 
impurity atoms to dislocations, with the formation 
of atmospheres. The energy of interaction u of the 
solute atoms with the dislocation field can in a first 
approximation [2] be represented as 


— A (5,, + 3.2), 


where o with the subscripts are the components of 
the stress tensor; 
A is a value dependent on the properties of 


the solvent and impurity atoms. 
In the case of a pile-up of edge dislocations Stroh 
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Yield point elongation of iron 


FIG. 3. Equipotential lines (solid) and lines for the flow of solute atoms 
(dotted) migrating in the field of a dislocation pile-up. Arrows indicate 
the direction of flow. 


finds [4, 5] that approximately in polar co-ordinates 


where 7, is the shearing stress acting on the slip 
plane; 
L_ is the length of the pile-up. 
As 


u=—4Ax, sin 
2 


If the equipotential lines u = const, are plotted, then 
they will form a family of cardioids passing through 
the origin of the co-ordinates (Fig. 3). Variation in 
u from one cardioid to another creates the force F 
which acts upon each solute atom, imparting to it, 
at coefficient of diffusion D, a rate of drift 


gu 
kT 
in the direction normal to the equipotential line at a 


given point [2]. The lines are orthogonal to the fami- 
ly of cardioids 


sin? — —const, 
r 2 


these are also cardioids defined as 


— cos?— = const 
r ? 


(dotted lines in Fig. 3). The solute atoms move 
along these lines of flow in the direction indicated 
until they reach the position of maximum binding 
energy. 

When the atmosphere reaches equilibrium, satura- 
tion and the difference in concentration will influ- 
ence the rate of flow of the atoms, while at earlier 
stages of ageing only the drift rate will count, i.e. 
the gradient of u. As this gradient is at its maximum 
at the head of a pile-up section, the formation of an 
atmosphere will take place first of all in this region. 
Impurity atoms at the end of a pile-up will also de- 
part to the head of the pile-up. For this reason, and 
also as a result of the considerable different in the 
drift rate of the impurity atoms, in the first moment 
of ageing only the dislocations at the head will be 
retarded. This means that when the pieces are 
again stressed in the former-direction a yield point 
elongation will appear but if stressed in the reverse 
direction, it will not. However, as there is a fair 
number of impurity atoms, atmospheres will form in 
the course of a certain time around the remaining 
dislocations also, i.e. a yield point elongation will 
be observed in any direction of subsequent deform- 
ation. Increase in temperature will, of course, acce- 
lerate this process. If no yield point elongation is 
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observed during deformation in the opposite direction 
after ageing at room temperature for a long time, 
then at temperatures above 130° it should appear in 
less than | hr. 

Furthermore, as both “flow and collapse” (upper 
yield point and yield point elongation) and transi- 
tion from the ductile to the brittle state are consider- 
ed to be interconnected [3] and due to one cause, 
pile-up and “locking” of dislocations, it is to be 
expected that a test specimen deformed in one dir- 
ection will, when strained in the opposite direction, 
show less tendency to brittle fracture. Some degree 
of confirmation of this is provided by the experiments 
of Davidenkov and Chuchman with mild steel [6]. 
Notched specimens (10 x 10 x 95 mm) were first of 
all plastically deformed a little in bending (deflec- 
tion 0.5 mm) with the notch in the zone of compres- 
sive stresses. After this impact fracture tests were 
carried out at various temperatures. It was found 
that the upper limit of cold shortness in these spe- 
cimens was reduced to — 50° from — 20° for test spe- 


cimens without previous deformation. 
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The explanation given above is based on the as- 
sumption that when deformation takes place after 
ageing the dislocations formed during the preliminary 
straining are shifted. Davidenkov showed ealier that 
when deformation takes place in the same direction 
it occurs along the same slip planes both before 

and after ageing. However, we do not know what 
happens when a different type of deformation is ap- 
plied. The possibility is therefore not excluded, that 
the reason for the absence of yield point elongation 
in this type of deformation may be due to the fact 
that slip occurs along different planes. 
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ed by Davidenkov to whom the author wishes to 
express his gratitude for his constant interest in the 
work and discussion of the results obtained. 
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INFLUENCE OF PLASTIC DEFORMATION ON VARIATIONS IN THE PHASE 
COMPOSITION OF STEELS ALLOYED WITH Cr AND Mn* 
B.A. APAYEV and Yu.A. SYSUYEV 
Gor’kii Physico-Technical Research Institute 


(Received 17 December 1959) 


The deformation of steels alloyed with Cr and Mn, with a structure consisting of an alpha-phase 
and cementite, causes a more varied type of phase transformation than that in plain carbon steels. 
The nature of the transformation is to a very high degree dependent on the extent to which the 
cementite is alloyed. If it is not alloyed, then the nature of the transformation will be similar to that 
which takes place in plain carbon steels, in which plastic deformation causes the formation of a high 
temperature carbide phase; in the initial stages of the alloying of the cementite there is no transform- 
ation while in a certain range of concentration, redistribution of the alloying element within the ce- 
mentite phase may be observed. If the alloying element in the cementite phase reaches equilibrium 
concentrations (high temperature tempering), then the cementite will again become stable as regards 


plastic deformation. 


In papers [1, 2] it was shown that the plastic de- 
formation of carbon steels causes transformation of 
the cementite phase. In these investigations the 
problem was undertaken to determine the results of 
the plastic deformation of alloyed cementite. 

Cr and Mn are known [3, 4] to have a high degree 
of solubility in cementite, for which reason steels 
ShKh15 and 10G12 (1.01 % C and 1.11 % Mn) were 
selected. By quenching and tempering at above 400° 
cementite can be obtained with various degrees of 
alloying. After the appropriate heat treatment, pieces 
of these steels were deformed by rolling on the la- 
boratory mill (24%). Test specimens diameter 
2.4 + 0.01 by 36 + 0.1 mm were made from the deform- 
ed pieces. The investigations were made by means 
of magnetization curves, the reversible curves J. 
(t), which were plotted on a magnetometer with a 
ballistic system in a field of 10,000 oersteds. The 
maximum temperature (350°) in the magnetometer 
furnace and the conditions of heating assured the 
reversibility of the J, (¢) curves. Measurement of the 
magnetization of a specimen, expressed in mili- 
metres on the galvanometer scale, was carried out 
with a precision of + 1 mm and temperature measure- 
ments, + 3°, Each curve given has been taken from 
one specimen. The behaviour of these experimental 
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temperature /magnetization curves was checked by 
a theoretical plot using Heisenberg’s approximation. 
Figs. 1a and 2a show magnetometer curves for 


the initial phase composition of steels ShKh15 and 
10G12 after quenching from 1050° and tempering at 
different temperatures. As follows from the illustra- 
tions, an increase in tempering temperature causes 
an increase in the extent of the alloying of the ce- 
mentite with Cr and Mn which is reflected qualita- 
tively by the shifting of the Curie point of cementite 
from its normal value to a lower temperature. Anal- 
ysis of the course of the cementite portions on the 
rmagnetometer curves using Heisenberg’s approxima- 
tion, shows that the experimental course of the 
curve J, (t) in alloys of cementite does not coincide 
with the theoretical. This means that the alloyed 
cementite is not homogeneous [6]. 

Figs. 16 and 2b show magnetometer recordings 
from specimens after cold plastic deformation. It 
can be seen from these illustrations that the curves 
are very similar for both steels. Analysis shows that 
plastic deformation causes a different type of vari- 
ation depending on the initial structure of the pieces. 
If the initial structure consists of an alpha-phase 
and normal cementite (unalloyed) (tempering at 
t = 450° for ShKh15 and ¢ = 420° for 10G12), then 
plastic deformation will cause transformation of 
part of the cementite with the formation of the high 
temperature carbide phase of iron xFe,C. This 
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FIG. 1. Magnetization curves for steel ShKh15. 
a — after tempering: 1 — 450°, 1 hr; 2 — 470°, 1 hr; 3 — 550°, 1 hr; 
4 — 575°, L hr; 5 — 650°, 1 hr; 6 — 650, 7 hr. 
b — after deformation of tempered specimens (vu) = 24%): 
i to 6 — as in Fig. la. 


o — experimental points; 


follows from the fact that on the curve J. (t) in a 
deformed specimen, besides the deflection at 210° 
(The Curie point of cementite) there is a second one 
at 265° (Curie point of the X-carbide). The basis for 
the conclusion that these deflections are-the Curie 
points of these phases is provided by the reversibi- 
lity of the J, (t) curve (curves J, Figs. 1b and 26). 

Besides this, the formation of X-carbide is con- 
firmed by theoretical analysis of the magnetograms 
[7]. The difference in the magnetization values in 
the initial and deformed specimens’ in the range 
210- 265° is considerably higher than the degree of 
error in measurement. 

The initial structure of the specimens which had 


x — calculated points. 


been tempered at the starting point of alloying (475° 
for ShKh15 and 450° for 10G12) is very similar to the 
previous one. They consist of an alpha-phase plus 
Fe,C, but plastic deformation of these specimens 
will not cause a variation in their phase composi- 
tion (curve 2, Figs. 16 and 2). 

If the structure of the steel is characterized by 
alloyed cementite (1 hr tempering at 500-650°), then 
plastic deformation will cause redistribution of the 
chromium and manganese only within the cementite 
phase. As a result of thie, normal cementite with 
Curie point at 210-215° will be formed and alloyed 
cementite with Curie point of 115° when ShKh15 is 
deformed and at 105° when 10G12 is deformed. 
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245 


FIG. 2. Magnetization curves for steel 10G12. 
a — after tempering: 1 — 420°, 1 hr; 2 — 450°, 1 hr; 3 — 500°, 1 hr; 
4 — 550, 1 hr; 5 — 575°, 1 hr; 6 — 600, 1 hr; 
7 — 650, 1 hr; 8 — 650°, 7 hr. 
b — after deformation at tempered specimens (\/ = 24%): 
1 to 8 — as in Fig. 2a. 


o — experimental points; 


Comparison of the relevant magnetization curves 
(before and after deformation) shows that the diver- 
gence in the magnetization figures also exceeds the 
error of measurement. Besides this, evidence of the 
formation of two cementite phases with plastic de- 
formation is given by theoretical analysis of the 
magnetization curves. According to paper [4], such 
values for Curie point are appropriate for a content 
cf 6.3% Cr and 4.5% Mn in the cementite respective- 


x — calculated points. 


ly. During the deformation of these specimens the 
volume of the alpha-phase does not change. 

The structure of a steel characterized by higher 
alloyed cementite (7.18 % Cr and 4.8 % Mn) [4], also 
appears to be stable in the face of plastic deforma- 
tion (curves 6 and 8, Figs. 15 and 26 respectiv=!y). 

From the reduction in the Aa, values in the mag- 
netization curves in Figs. 1a and 26 it follows that 
when the tempering temperature is increased (500 


b 
aw), a~J; 
5,350 | 280 +“ fy 5,350 
hy ‘ 4 4 + 
gad 0 =200 300 


to 650°) there will be a reduction in the amount of 
normal cementite while the proportions of the mag- 
netization of the alloyed cementite (Aa,) will remain 
roughly the same. This type of variation creates the 
impression of reduction in the total quantity of the 
carbide phase with increase in tempering tempera- 
ture. This is in fact due to the formation, during 
tempering of higher alloyed portions, of a carbide 
phase which is paramagnetic in the temperature 
ranges investigated by us. Evidence of this is given 
by the reduction in the amount of cementite in the 
steel between tempering and the commencement of 
alloying (curves J, 2 Figs. 1a and 2a) as compared 
with the calculated carbon content for steel U10. 

The data presented show that plastic deformation 
in tempered steel alloyed with Cr and Mn, can lead 
to variation in phase composition. The nature of 
these variations is dependent on the initial structure 
of the steel. 

1. When structures consisting of unalloyed cement- 
ite and an alpha-phase are deformed (tempering at 
t < 450° for ShKh15 and ¢ < 420° for 10G12) the 
nature of the phase transformation is similar to that 
in carbon steel [2]. Deformation causes a redistribu- 
tion of the carbon and iron between the cementite 
and alpha-phases leading to the formation of a new 
iron carbide. 

2. Deformation of the alloyed cementite causes the 
redistribution of Cr and Mn within the cementite 
phase. 

3. The deformation of structures formed by temper- 
ing in the narrow range corresponding to the initial 
stages of alloying (in the region of 475 and 450 for 
ShKh15 and 10G12 respectively) with a subsequent 
prolonged tempering at 650°, will not cause a varia- 
tion in the phase composition. 

Investigation of the processes which develop dur- 


ing the tempering of ShKh15 and 10G12 show [8] that 
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the stages of the redistribution of carbon and the 
alloying element take place consecutively in them. 
The first stage is completed when the steel is 
brought into the two-phase state: Ie ,C + (Me, 
C). The process of the alloying of cementite is 
separated from the first stage by a certain tempera- 
ture range. In this connexion it can be assumed that 
the stage of the redistribution of the alloying ele- 
ment consists of two parts, the concentration redis- 
tribution of Cr and Mn in the alpka-phase, causing 
the enrichment of portions of the solid solution ad- 
jacent to cementite grains, and the stage of the ce- 
distribution of these elements between the alpha- 
phase and the cementite. The develc pment of the 
process shows that the constitution of the alpha- 
phase of its boundary with the cementite and the 
nature of the linking of these phases, should vary 
with the tempering temperature which, of course, 
also means a difference in the results of deformation. 
The influence of the shape of the cementite particles 
on the results of deformation in the steels investi- 
gated after medium temperature tempering can be 
ruled out, as an increase in tempering temperature 
of from 450 to 475° in ShKh15 and 420 to 450° in 
10G12, does not noticeably change the shape of the 
cementite particles while the deformation of these 
structures causes a different phase composition. 

In steels tempered at 650°, the stability of the 
cementite may be due to the thermodynamic stabili- 
ty of its chemical composition and the globular 
shape of its particles. 
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ULTRASONIC SPEED IN MELTS OF EUTECTIC TYPE BINARY METALLIC SYSTEMS 
AND THEIR ELASTIC PROPERTIES * 
Z.L. KHODOV 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
(Received 8 March 1960) 


In recent years there has been a considerable 
increase in the ase of ultrasonic methods of investi- 
gation in physico-chemical analysis. These methods 
are particularly effective for the investigation of 
solutions and mixtures. Definite conclusions regard- 
ing the interaction of components can be drawn from 
the nature of the concentration dependence of the 
ultrasonic speed. These determinations are indirect- 
ly of practical significance also, in connexion with 
the use of ultrasonic oscillations for measuring and 
control puposes. 

In the number of works [1-4] devoted to the propa- 
gation of ultrasonics in binary systems there is an 
almost complete absence of investigations with 
metal melts. These melts are however, of consider- 
able interest, as their components are simple single- 
atom fluids and consequently, the laws of the con- 
centration dependence of ultrasonic speed in liquids 
of metallic systems should be particularly evident. 
It should also be noted that molten low melting 
point metals and alloys are used in atomic power 
engineering as heat carriers, which makes a study 
of their physical properties of particular interest. 

The purpose of the present work was the investi- 
gation of the concentration dependence of the ultra- 
sonic speed in binary molten metallic system with 
a eutectic type of equilibrium diagram. For certain 
systems the concentration dependence of the coeffi- 
cient of adiabatic compressibility (or the modulus of 
hydrostatic compression) was also determined. The 
measurements were carried out in binary alloys of 
the following systems: tin-lead, tin-bismuth, tin- 
cadmium, lead-bismuth, lead-cadmium and bismuth- 
cadmium. In two of these systems (tin-cadmium and 
lead-bismuth) there is an intermediate phase in the 
solid state, which is formed during the peritectic 
reaction. The present work is a development from 
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and, to some extent, a generalization of investiga- 
tions previously carried out [5-6]. 

Published data regarding ultrasonic speed in 
liquid metals is very limited. Jacobs [1] calculated 
ultrasonic speed in tin and lead close to their melt- 
ing points. Kleppa (7- 8] carried out a similar cal- 
culation in twelve low melting point metals. 
Pocapsky and Quimby [9] investigated the tempera- 
ture dependence of ultrasonic speed in liquid sodium 
on melting points up to 272°. Iguanas and Yaronis 
[10] found the altrasonic speed in liquid potassium 
and sodium and their corresponding temperature 
coefficients. In the paper by Polotskii, Taborov and 
Khodov [11] data on altrasonic speed in molten tin, 
lead, cadmium and bismuth are presented. Gordon 
[12] measured ultrasonic speed and its temperature 
coefficient in molten lead and tin. McSkimin [13] 
repeated these investigations for molten tin. 

It must be said that there is a considerable differ- 
ence in the figures found by different investigators 
for ultrasonic speed in the same metals. 

Measurements of ultrasonic speed in some liquid 
alloys are given in papers [7, 8, 14]. 

To find the ultrasonic speed in molten metals and 
alloys the impulse apparatus [11] created in the 
Institute of Metal Physics, Academy o! Sciences 
Ukr. S.S.R. was used. The starting materials for the 
alloys were as follows: “pure” lead aad bismuth; 
ChDA tin and cadmium. 

Determination of ultrasonic speed was carried oui 
in these metals in the liquid state. The vaiues ob- 
tained are in very good agreement with the results of 
previous works (5, 6, 11] and also with those of 
much earlier papers [12, 13]. The figures for altra- 
sonic speed in the metals investigated are given in 
Table 1. 

Having carried out investigations at different 
temperatures, the value for the variation in ultra- 
sonic speed with variation in temperatare by 1° can 
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FIG. 1. Concentration dependence of ultrasonic speed in Bi-Cd melts. 


be found if it is assumed that there is a linear de- molten alloys of the systems Bi-Cd, Bi-5n, Cd-Pb 

(16] and Pb-Sn [17], the corresponding coefficients 
of adiabatic compressibility were calculated. The 

calculation was made from the formula 


pendence of speed on temperature. This dependence 
was weil established for molten metals in papers 
(9, 10, 12, 13]. For melts of organic substances a 


linear course for the temperature dependence of ultra- i 

sonic speed has been found even on transition from "ad 5 ay (1) 

the stable to the metastable state [15]. According to 

our figures, the variation in ultrasonic speed is where 84 is the coefficient of adiabatic compress- 

~ 0.2 m/sec deg for tin and 0.3 m/sec deg for lead. ibility; 

It is interesting to note that no marked variation in a __ is ultrasonic speed; 

speed was established for molten bismuth in the p is the density of the alloy. 

temperature range from 289 to 356°. Isothermal curves for the coefficient of adiabatic 
Ultrasonic speeds in the alloys were determined compressibility and the reciprocal values, modulus 

at temperatures close to the liquids and at higher of hydrostatic compression, are shown in Figs. 7- 

temperatures, from which it was possible in some 10. In the system Bi-Cd (Fig. 7) the coefficient of 

cases to find the ultrasonic speed at a specific adiabatic compressibility is linearly dependent on 

temperature by interpolation. volume concentration. In this case, as is well known 
Figs. 1-6 show the iscthermal curves for ultra- [18], the isothermal curve for the reciprocal proper- 

sonic speed in the svstems investigated. From the ty is a negative hyperbola. In the systems Bi-Sn 

known values for ultrasonic speed and the data (Fig. 8) on the other band, it is the isothermal curve 


available in literature concerning the density of for the modulus which is straight and the adiabatic 
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FIG. 2. The same as Fig. 1 in Bi-Sm melts. 


curve which is a negative hyperbola. For systems 
Cd-Pb (Fig. 9) and Pb-Sn (Fig. 10) the curve is near- 
ly linear in both cases. This is due to the fact that 
deviation from linearity is dependent on the elastic 
properties of the components. The smaller the differ- 
ence, the less noticeable will be the deviation from 
linearity of the reciprocal function. In system Cd- 
Pb and Pb-Sn this difference is considerably less 
than in Bi-Cd and Bi-Sn. 

In all the systems used by us the heat of mixing 
in the liquid state [19] was low in comparison to the 
internal energy of the components whici is of the 
same order as the heat of sublimation. From this it 
can be assumed that the internal energy of an alloy 
is equal to the sum of the internal energy of its com- 
ponents 


U=c¢, Uy +0. U (2) 


where U is the internal energy of the alloy; 
U,, and U,, are the internal energies of the 
respective components; 
c,andc, are the atomic concentrations of 
the respective components. 
As demonstrated by Kudryavtsev [20-21] in this 
case ultrasonic speed in the solution can be defined 
as the ultrasonic speed in the components 


A 


where a is ultrasonic speed in the solution; 
a, and a, are ultrasonic speed in the respect- 
ive components; 
.M,and M, are the atomic weights of the res- 
pective components; 
c, and c, are the atomic concentrations of the 
respective components; 


M = Cy M, + Cy M,. 


Conditions (2) also apply for emulsions. In this 
case, as demonstrated by Isakovich [22], 


where p, and p, are the density of the respective 
components; 

8, and f, are the coefficients uf adiabatic 
compressibility of the respective 
components; 

€, and ¢, are the volume concentrations of 
the respective components. 

Calculation of ultrasonic speed was carried out 
from formula (3) for all the systems investigated. It 
can be seen from the illustrations that in all the 
systems witk the exception of Bi-Cd (Fig. 1), there 
is almost complete agreement between the experi- 
metnal and calculated figures. 


In systems Bi-Cd, Bi-Sn, Cd-Pb and Pb-Sn altra- 
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FIG. 3. The same as Fig. 1 in Cd-Pb melts. 
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FIG. 5. As in Fig. 1 in Cd-Sn melts. 


sonic speed was also calculated from formula (4). In 
this case there was very good agreement between 
the calculated and experimental figures for the sys- 
tems Bi-Cd (Fig. 1), Cd-Pb (Fig. 3) and Pb-Sn (Fig. 
4). For the system Bi-Sn (Fig. 2) calculation by for- 
mula (2) produces a figure very different from the 
experimental ones. It must also be noted that for 
alloys of the system Bi-Pb and Cd-Sn there are data 
regarding density [16]: at 305 for the first, and 302° 
for the second. If the temperature dependence of 
ultrasonic speed and density in lead is extrapolated, 
a comparison can be made between the ultrasonic 
speed in alloys of the Bi-Pb system and that calcul- 
ated from formulae (3) and (4). The result is similar 
to that found for the system Bi-Sn. The dependence 
of the modulus of hydrostatic compression on volume 
concentration for this system also has a linear char- 
acter. Considering that the coefficients of adiabatic 
compressibility of molten tin and cadmium are very 
close, it can be assumed that the concentration de- 
pendence of ultrasonic speed in the system Cd-Sn 
should completely satisfy equations (3) and (4). 
From the figures put forward by Kubaschewski 
end Catterall) [19], the volume changes occuring 
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FIG. 6. As in Fig. 1 in Bi-Pb melts. 


during the formation of the alloys, are small. In this 


case the formula for the modulus of hydrostatic com- 


pression of the alloy can be found from formula (3) 
K Ki + Eo Ky, (5) 


where K is the modulus of hydrostatic compression; 
K, and K, are the moduli of hydrostatic com- 
pression of the components. 

Thus, for alloys in which the modulus of hydro- 
static compression is linearly dependent on volume 
concentration, ultrasonic speed can be calculated 
from formula (3). Calculation from formula (4) can 
be made for alloys in which the coefficient of adia- 
batic compressibility is a linear function of volume 
concentration. 

fince in systems Cd-Pb and Pb-Sn the deviation 
from linearity of the concentration dependence of 
the relevant value lies within the limit of measure- 
ment error, calculation of ultrasonic speed by both 
formula (3) 2ad formula (4) produces results which 
are close enough to the experimental figures. 

According to Danilov’s ideas [23], the same com- 


binations of atoms are energetically favourable in 
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FIG. 7. Concentration dependence of the modulus of 
hydrostatic compression and coefficient of adiabatic 
compressibility 8 of Bi-Cd melts. 
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FIG. 9. As in Fig. 7, for Cd-Pb melts (T = 344°). 


the solid and liquid states, at least close to melting 
point. The existence of short-range order in the 
liquids is confirmed by a large number of X-ray and 
electron diffraction investigations [23- 26]. 

The existence of short-range order should be shown 
by the elastic properties of the liquid alloy, making 
them similar to those of an emulsion. This means 
that the result obtained shows the presence of a 
high degree of short-range in the system Bi-Cd at a 
temperature considerably higher than eutectic. This 
conclusion is in complete agreement with the fact 
that in the solid state the mutual solubility of the 
components of this system is exceedingly small and 
consequently, formation of a higher degree of short- 
range order is to be expected. As mentioned above, 
it was impossible to draw any definite conclusion 
for systems Cd-Pb and Pb-Sn. In the system Bi-Sn 
short-range order at 282° is probably such that no 
marked change in elastic characteristics takes place. 
It must be noted that the results obtained are in very 
good agreement with the conclusions of Gaibullayev 
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FIG. 8 As in Fig. 7, for Bi-So melts 
(T = 282°). 
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FIG. 10. As in Fig. 7, for Pb-Sn melts. 


and Regel’ [27] concerning short-range order in the 
same systems, which were made on the basis of an 
investigation of the temperature dependence of 
electrical resistivity in liquid eutectic systems. 


CONCLUSIONS 


In liquid alloys of the systems investigated, in- 
ternal energy can be regarded as additive as regards 
atomic concentration. Ultrasonic speed satisfies 
equation (3) in the majority of these systems, and 


the adiabatic modulus of hydrostatic compression is 


linearly dependent on volume concentration. Where 
there is a high degree of short-range order in the 
liquid alloy (system Bi-Cd) the ultrasonic speed 
satisfies equation (4). Here the coefficient of adia- 
batic compressibility is a linear function of volume 
concentration. If the percentage difference in the 
elastic properties of the components is small, then 
very similar results will be obtained by calculating 
ultrasonic speeds from formulae (3) and (4). In this 
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case the concentration dependence of the modulus only deviate very slightly from linearity. 
or coefficient of adiabatic compressibilitu should Translated by V. Alford 
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THE EFFECT OF CARBON ON THE PHASE COMPOSITION OF AN AUSTENITIC ALLOY 
OF Fe-Cr-Ni* 
I.G. IVANTSOV, V.A. FINKEL’ and V.M. AMONENKO 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 27 February 1960) 


X-ray investigations have been made of the influence of carbon on the phase composition of an 
austenitic alloy of Fe-Cr-Ni, melted in a high vacuum and given different heat treatments. The region 
has beer established where the sigma-phase exists as a function of carbon content and ageing tem- 
perature. It was observed that this phase has an influence on the solubility of carbon in the gamma- 


solid solution. 


Many papers [1-4] have been devoted to the in- 
vestigation of the influence of carbon on the struct- 
ure and mechanical properties of austenitic steels. 
Variation in the mechanical properties of steels 
which have been aged in the temperature range 500- 
800°, due to precipitation of carbide and intermetal- 
lic phases, is observed in all industrial types of 
austenitic steel containing more than 0.03 % carbon. 
These variations find expression in the reduction in 
impact toughness and increase of hardness which 
becomes more significant as the carbon content in- 
creases. 

The aim of the present work is to find out what is 
the influence of carbon on the phase composition of 
austenitic steels, for example, a Fe-Cr-Ni alloy 
melted in a high vacuum, after different heat treat- 
ments. 


EXPERIMENTAL PROCEDURE 


The allov was melted and cast in a vacuum of 
10°* mm itz. The usual charge materials were used: 
armco iron, alumino-thermal chromium (98.65 %), 
electrolytic nickel, cobalt (99.35 %), tungsten rods, 
metallic molybdenum, titanium sponge, spectrally 
pure carbon. 

The materials were charged into the crucible in 
the following order: Cr, Ni, Fe, Co, Mo, and W were 
charged simultaneously, while titanium, carbon and 
boron (in the form nickel-boron) were introduced from 


* Fiz. metal. metalloved., 10, No. 5, 780-782, 1961. 


metered feeders at intervals of 5-7 min each. The 
melting was carried on generally for 40-50 min at 
1500-1550°. This was long enough for the assimila- 
tion of the charge materials and degassing of the 
alloy. During the melting the temperature of the al- 
loy was checked by a W-Ta thermoconple. Alloys 

of the following chemical composition were develop- 


ed (percent): 0.02 to 0.2 C; 22.0 Cr; 25.0 Ni; 7.0 W; 
2.0 Mo; 2.0 Co; 2.6 Ti; 0.05 B; 0.15 Al; the rest 
Fe. 

The pieces were heat treated in a furnace in air. 

The phase composition of precipitates of the sec- 
ondary phases obtained by anodic solation, was 
analysed by the X-ray method [5-9]. Dissolution was 
carried out for several hours at a current density of 
0.05- 0.06 amps/cm? and voltage 12-15V. Small 
cylinders of tracing paper with glass at the bottom, 
on to which the anode deposits were precipitated, 
were used as the semi-permeable membranes. The 
electrolyte had the following composition: 10 g 
ammonium sulphate and 10g citric acid in 1200 ml 
of water. The deposits obtained were washed in 
distilled water and alcohol and then, after drying at 
room temperature, they were analysed by X-ray. The 
parameter of the solid solution was determined by . 
the method proposed by Sachs. 


RESULTS OF THE INVESTIGATION 


The structure of the solid solution of the alloy 
after quenching from 1200, 950 and 800° (cooling 
in air) was austenitic. The phase composition with 
different carbon contents after different heat 


Effect of carbon on phase composition 


TABLE 1 


Carbon | | 
content | Heat treatment | Phase composition Heat | Phase composition 
% | treatment i 

Quenching MeesCe, TiC Quenching from 1200° Me, TiC (traees) 

TiC Met Me2C 
from 120° | 4 br hold cooling 
MegsCe, TiC in air Me! Mo? 

_ 0.032 TiC Ageing at 800° le... C, Sigma-phase 

0 125 TiC, CtyC (traces) cool- (traces) 
60.620 in air re 6 Sigma-phase 
Sigma-phase 


TABLE 2. 


Heat treatment 
| Solid solution 


Ageing at ‘Phase composition | arameter 
Quenching 550°, br | P P kX 
| | 
cooling in 3,592 
ait | 15 | 3,590 
Mel Me2 C 3.586 


treatments, is shows in Table 1. ie can be seen from Me! Me2C. 
the table, that in an alloy containing 0.03 to 0.2% 
carbon, after quenching the cubic chromium carbide 


Me,,C, was observed with parameter a = 10.59 kX The parameters of sigma-FeCr are 8.79 and 4.66 kX 
and also titanium carbide. When the carbon content respectively [10, 11]. The increase in the sigma- 
was reduced to 0.032 the Mr,,C, lines disappeared, phase parameters is apparently due to the presence 
while the TiC lines continued to exist even at a of such elements as Mo, W, Co, Ni. 
carbon content of 0.025 % At 0.020% carbon no To find out how the secondary phases behave at 
secondary phases were found. At a carbon content high ageing temperature (950°) in an alloy contain- 
of 0.025 % the faint lines of a phase corresponding ing 0.025 % carbon, X-ray phase analysis was car- 
to Cr,C, were obtained. ried out and the parameter of the austenitie was 

In the same alloys aged next at 800° for 40 hr, determined as a function of ageing time (5, 15 and 


X-ray analysis revealed the binary carbide 25 hr, Table 2). 


Me! Me? C, DISC USSION 


at a cerbon content of 0.032-0.2%. Faint TiC lines From a comparison of the results of the phase 
were observed only in the case of the maximum analysis of anodic deposits of the alloy quenched 
carbon concentration (0.2%). At 0.032% carbon the from 1200° and that quenched from 1200° with age- 
lines of a sigma-phase appeared and became more ing at 800°, it can be seen that the carbon has a 
intense. The parameters of this phase were considerable influence on the nature of the phase 


a = 8.96, c = 4.65 kX, transformation. The chromium carbide Me,,C, 
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observed after quenching is transformed in the pro- 
cess of ageing into the binary: carbide 


Me! Me? C, 


which is similar in structure but more stable at the 
heat treatment temperature. 

The absence of TiC lines on the X-ray photographs 
of aged specimens (except at maximum carbon 
content) may be attributed to the predominance of 
other secondary phases in the deposit. In the speci- 
mens of the alloy with low carbon content (0.032%) 
aged at 800°, the predominant phase is sigma. How- 
ever, no sigma-phase is formed when the alloy with 
0.025 % carbon is aged at 950°. The sigma-phase 
“threshold” temperature must therefore lie below 
950°. The carbon concentration “theshold” at which 
the sigma-phase may exist in the alloy, is, evident- 
ly, ~ 0.035%. It is known that carbides appear in 
an alloy where the carbon content exceeds the limit 
of solubility at the heat treatment temperature [12]. 
If a number of alloying elements are included in the 
solid solution (Mo, W, Cr, Co etc.) this will reduce 
considerably the solubility limit of carbon in austen- 
ite. 

Where a considerable quantity of the alloying 
elements form intermetallic compounds, the solid 
solution will be impoverished thereby and the limit 
of carbon solubility will be increased. 


Thus, at 950° when the sigma-phase is unstable, 
the alloying elements will reduce the solubility 
limit of carbon in austenite and as a result of this 
there will be precipitation of the carbide 


Me! Me? C. 


At 800° when the sigma-phase is formed, the solubi- 
lity limit of the carbon in the gamma-solid solution 
will be increased and no carbide formation will be 
observed. In selecting the mechanism for the form- 
ation of the sigma-phase during ageing at 800°, pre- 
ference must be given to its formation directly from 
the austenite and not as a result of the formation 
of chromium carbide [13], since sigma-phase was 
formed at a carbon content below 0.032% when 
in the quenched state the chromium carbide Me,,C, 
was absent. 

The authors wish to thank V.S. Kogan for his 
valuable comments. 


Translated by V. Alford 
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RESIDUAL STRENGTH IN SHEAR UNDER HIGH PRESSURE * 
L.F. VERESHCHAGIN, V.A. SHAPOCHKIN, L.B. PIROGOVA 


Institute of the Physics of High Pressures, Academy of Sciences U.S.S.R. 


One of the ways of increasing the strength and 
plasticity of metals is by using very high pressures 
(100,000 atm and above). It has been shown experi- 
mentally [1, 2] that there is a considerable change 
in mechanical properties under pressure. As for 
residual strain-hardening, this is relatively low in 
comparison with the effects directly obtained under 
pressure [2]. This does not refer to the case where 
new phases or other internal transformations are 
formed under the action of high pressures, which 
may cause a Sharp variation in mechanical proper- 
ties. 

The present paper presents results which also 
indicate that there is relatively low residual strength- 
ening in metallic specimens and bars of the powder- 
metallurgical alloy VK after testing in shear under 
pressure. 

The investigations were carried out on specimens 
(thin disks) of different metals and of industrial 
alloys (30 in all) and rods of the powder-metallurgic- 
al alloy VK. Testing was carried out either under 
pressure alone or under simultaneous pressure and 
shear. Pressure reached up to 100- 300,000 kg/cm?, 
torque to 1,000 kg cm, twisting angle to 55° with a 
specimen thickness of some 1/100ths of a milli- 
metre. 

After testing, the specimens in the form of thin 
lenticular lenses and bars with flat or concave sur- 
faces, underwent structural analysis and hardness 
and microhardness measurements both on the sur- 
face and within the area which had been under high 
pressure. From the microhardness surface measure- 
ments it was established that the hardness increases 
when tested under simultaneous pressure and shear. 
In all cases microhardness, at the same pressure 
alone, was considerably lower (2 to 3 times or more) 
than in shear under pressure. This indicates the 
definite role of plastic deformation under pressure 
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in increasing residual effects. With increase in 
initial microhardness, residual microhardness also 
grows. In the presence of shear under pressure 
peripheral points of the specimen suffer greater 
work-hardening than in the centre, which fact is 
related to plastic deformation. 

Fig. 1 gives the most typical curves for variation 
in microhardness along the radius of a specimen. 
The results of surface microharness measurements 
on the contact areas of the rods are presented in 
Fig. 2 Work-hardening of the surface was found to be 
constant for all points of contact except on the 
periphery, where it fell considerably and varied only 
with increase in pressure. 

At pressures of 300,000 kg/cm? the increase in 
hardness on the contact surfaces was as much as 
50 to 60 %. To study work-hardening in the inner 
layers of the specimens, the latter were cut along 
their diameters perpendicularly to the surfaces, and 
metallographic specimens were prepared. 

The study of microstructure in specimens of 
steel E1437A * showed that, in the peripheral part 
of a specimen, which is under pressure from the 
contact surface of the rod, the grains were coarse 
and virtually undeformed, preserving their multi- 
facet shape. As the narrow part of the specimen is 
approached twins appear and the grains begin to be 
elongated. In the narrow part of the specimen where 
considerable shear is taking place, the breakup of 
the grains becomes particularly noticeable and they 
assume the shape of small needles. This needle 
structure continues to be maintained even the cen- 
tral zone is approached but the size of needles is 
somewhat greater. At the periphery, microhardness 
is increased by 100% over that found initially at a 
pressure of 150,000 kg/cm?, and remains practical- 
ly unchanged throughout the specimen. 

A similar pattern is seen in St. 45. 


* Fiz. metal. metalloved., 10, No.5, 783-785, 1961. 


* D.T. Vasil’yev carried out the investigations. 
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FIG. 1. Dependence of surface microhardness on distance 
from centre: 
1 — for mild steel, P = 300,000 kg/cm’, 
‘max = 80,000 kg/cm’; 
2 — for steel E1437, P = 150,000 kg/cm’, 
Tmax = 70,000 kg/cm’; 
Sia me steel 45, P = 200,000 kg/cm’, 
= 80,000 kg/cm’; 
/_v< or the same materials respectively, but at 
constant pressure. 


= 


FIG. 2. Dependence of surface microhardness of 
contact area in VK8 on distance from centre: 
1 — P = 100,000 kg/cm’; 
2 — P = 300,000 kg/cm’. 


TABLE 1. Grain size and microhardness in rods type VK8 in the contact zone 


| | Micro- 


Normal pressure 


thous.kg/cm? Point of measurement 


j|hardness 
kg/mn? 


Grain size, % of grains in a 
fraction 


4 


Contact surface 
Centre part of nucleus 


Contact surface 
Centre part of nucleus 


In the zone of maximum deformation the microhard- 
ness of St.45 specimens increased by 150 % at pres- 
sures of 200,000 kg/cm? in comparison with the 
microhardness of non-work-hardened specimens. 

To study the work-hardening of the inner layers, 
the rods* were cut along their axes through the 


centre of the contact surface and metallographic 
specimens were prepared. In all cases a distinctly 
outlined area (“nucleus” A in Fig. 3) was seen, 


* Investigations were carried out at the Institute of Hard 
Alloys by I.N. Chaporova. 
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FIG. 3. General view of metallographic specimen through rods of VK8: 
1, 2, 3—rods after normal pressure of 50, 100 and 300,000 kg/cm’. 
A — “nucleus” inside which the critical stresses are operating; X 2. 


inside which the critical stresses had occurred 
which caused plastic deformation of the powder- 
metallurgical alloy. The size of the nuclei was de- 
pendent on the magnitude of contact pressures (it 
increased with increase in pressure). Measurements 
of grain size within a “nucleus” showed some slight 
increase in size. There was also a slight increase in 
microhardness with increased pressure (see Table). 
Outside the nucleus no changes were observed. 

The lack of any substantial residual hardening 
in the rods in the zone of high normal pressures ap- 
pears to be an indication that there are considerable 
variations in the elastic characteristics of the mater- 
ial under direct pressure which, together with other 
causes, brings about a considerable increase in 
contact strength [3]. 


Thus, unlike strain-hardening under pressure, 
even at pressures of 100,000 kg/cm? and above 
residual strain-hardening remains relatively low. 
This however, does not reduce the role of high pres- 
sures in the production of materials with new physi- 
co-chemical properties. The carrying on of technolo- 
gical operations of cold working of metals under 
pressure produces considerable work-hardening of 
the metal while maintaining or even increasinf plas- 
ticity, and does not cause thermal processes and 
recovery of the metal. 

The authors are grateful to laboratory assistant 
Levchenko for carrying out a large number of mea- 
surements. 


Translated by V. Alford 


REFERENCES 


1. P.W. Bridgeman, Investigation of large plastics de- 
formations and fracture. Foreign Literature Publishing 
House, Moscow (1955). 


2. L.F. Vereshchagin and V.A. Shapochkin, Fiz. metal. 


metalloved., 9, 2 (1960). 


3. L.F. Vereshchagin and V.A. Shapochkin, Inzh.-fiz. 
zh., (printing) (1960). 


140 
2 / 
Vol 
lc 
19¢ 


lo 
1960 


THE INFLUENCE OF VANADIUM ON PHASE TRANSFORMATIONS IN MANGANESE STEEL * 
V.P. GOLIK, V.A. DUBROV, N.I. SANDLER and V.V. KUKOL’ 
Ukraine Research Institute of Metals 
(Received 9 May 1960) 


Data have been obtained regarding the decomposition kinetics of the solid solution and also the 
temperature ranges for the formation and solution of special carbides in manganese steel which has 


been alloyed with vanadium. 


It is demonstrated that the influence of vanadium on manganese steel (~ 1.5 % Mn) is similar to 
its influence on steel with an ordinary content of manganese (~ 0.5% Mn). 


In recent years attention has been paid to the 
search for new types of manganese low alloy high 
strength steels alloyed with small quantitites of the 
carbide-forming elements, titanium, vanadium, zir- 
conium, niobium, molybdenum and others. 

The problem of the influence of small quantities 
of vanadium on phase transformations in manganese 
steel has received very little attention in the liter- 
ature. It is known [1-3] that vanadium delays the 
decomposition of the solid solution and introduces 
certain changes in the process of carbide formation 
in carbon steels. Particular evidence of this is the 
shifting of the temperature range for the formation of 
the carbide and the appearance of a special carbide 
at high tempering temperatures. 

In the present work the results are given of a study 
of the influence of vanadium on the kinetics of de- 
composition of the solid solution, of carbide forma- 
tion and solution of vanadium carbides in manganese 


steel. 


MATERIAL AND EXPERIMENTAL 
PROCEDURE 


Three types of steel were chosen for the investi- 
gations, the chemical composition of which is given 
in the table. The steel was melted in a 250 kg in- 
duction furnace in a basic crucible. The carbon and 
vanadium content of the heats was very close to the 
content in industrial melts (F11) or corresponded to 
the stoichiometric composition of vanadium carbide 


* Fiz. metal. metalloved., 10, No. 5, 786-790, 1961. 


(F57). 

A steel without vaiadiam (FO) was taken for 
comparison. 

Pieces 20 x 20 x 8 mm and cylindrical 8 x 80 mm 
were cut from hot rolled strips in the rolling direct- 


_ ion. Quenching was carried out from 1200° in cold 


water (+ 4°). After quenching they were heated in 
the temperature range 100-1200 and then, to fix the 
phase distribution of the C and V at a given temper- 
ature, they were cooled in cold water *. From these 
pieces specimens were produced and the decarburiz- 
ed layer (~ 0.5-0.7 mm) was removed. The surfaces 
to be photographed were etched in a 50% aqueous 
solution of HNO,. 

Phase transformations were studied by measure- 
ment of electrical resistivity p, coercive force H 
and R- and the integral hemisphere of the X-ray 
diffraction lines B; (p was found with a double dc 
bridge MTV class 0.2 with a precision of + 1.5 %; 
H, was measured on a ballistic apparatus with a 
precision of + 1 %). The level of the microstresses 
was characterized by the integral hemisphere B; 
which was determined from the microphotometer 
curve of the X-ray diffraction lines obtained by 
back-reflection in Ka Cr radiation with a focussing 
tube. 

The Ka- doublet of line (211) of the iron was 
split on the micro-photometer curves by the method 
proposed by Rachinger [4] and the fine dispersion 
and microdistortion effects were separated by harm- 
onic analysis of the shape of the lines [5]. 


* This heat treatment can be regarded as tempering at 
temperatures causing recovery, and as a second quench 
on hardening. 


Influence of vanadium 


TABLE 1. Chemical composition of steels investigated 


C 
Types of omposition, % % 
steel c Mn Si | 
| 
F357 | 0.14 | 1.55 | 0.34 0.0c5 | 0.019 | 0.57 
Fll 015 | 1.60 ! 0.25 | 0.037 ; 0.0200 : O11 
ro | 1.47 0.30 | 0.036 | 01035 | 0 
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To observe the detailed dependence of the Fourier 
coefficients of the actual diffraction curve A, on the 
number of the coefficient ¢ close to the point ¢ = 0 
and to plot a satisfactory curve as a tangent to this 
point, strips were used for small values of ¢. 


DISCUSSION OF RESULTS 


The results of measurement of evectrical resistivi- 
ty in these steels as a function of tempering temper- 
ature (repeated quench) are given in Fig. 1. The 
curves are of the same type and are arranged in or- 
der of increase in vanadium content. Fig. 2 shows 
the dependence of variation in coercive force on tem- 


pering temperature (repeated quench) for these steels. 


These curves are also of the same type, but the drop 
in the curves between 300 and 650° becomes less 
with increase in vanadium content. Besides this, the 
minimum H, value is reached at 700° for FO and F1l 
and at 800° for F'57. 

Fig. 3 shows the dependence of the Fourier coef- 
ficients of the curve of actual diffraction broadening 


1200° Tempering temperature (quenching), °C 


FIG. 1. Dependence of electrical resistivity on tempering temperature 
(quench): 
2- F1l; 


3 — FO. 


on the number of the coefficient ¢ for the three 


states of the specimens. It can be seen from the 
illustration that the tangent to all these curves at 
point ¢ = 0 is parallel to the abscissa axis, which 
shows that the broadening of lines on the X-ray 
photographs is due to the influence of microdistort- 
ions of the lattice and for this reason the integral 
hemisphere of the diffraction lines is characteristic 
of the leve! of microstresses. 

The variation in 8, and hardness H, in steel 
F57 after tempering (qaench) at various temperatures 
can be seen in Fig. 4. The curve which is typical 
of the variation in microstresses is in very good 
agreement with the curve for variation in hardness. 

The results of Rockwell hardness measurements 
for steels F57, F1l and FO as a function of temper- 
ing temperature in the range 100-700° are given in 
Fig. 5. 

Comparing the data obtained, the influence of 
small additions of vanadium on decomp>sition of the 
solid solution and carbide formation can be describ- 
ed as follows. In the range of tempering temperatures 
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FIG. 2. Dependence of coercive force on tempering temperature (quenching): 


1 — F57; 
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FIG. 3. Dependence of coefficients of dissociation A, on 
number of the coefficient ¢: 
1 — quenching 1200° + temper 800°; 
2 — quench 1200°; 
3 — quench 1200 and repeated quench 1000. 


up to 200° p, H,, B; and hardness remain practically 
unchanged, which fact indicates that there is no de- 
composition of the solid solution. 

There is a slight drop in H., in this temperature 
range which may be due to redistribution of carbon 
atoms in the martensite [7]. In all three steels de- 
composition of the solid solution begins above a 
tempering temperature of 200°. This is confirmed by 
the drop in electrical resistivity, coercive force, 
integral hemisphere of the X-ray diffraction lines 
and hardness. 

As can be seen from the curves in Figs. 2 and 5, 
in the tempering temperature range from 400 - 650° 
the drop in the curves for coercive force and hard- 
ness becomes less as the vanadium content is in- 


2 — F1l; 


3 — FO. 
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FIG. 4. Dependence of integral hemisphere of a line 
and hardness on tempering temperature 
(quenching). 


creased This shows that the presence of vanadium 
in manganese steels, as in steels with the usual 
amount of mauganese, delays the decomposition of 
the solid solution. 

It must be noted that the curves of coercive force 
and hardness present a additive effect which is due 
not only to the degree of decomposition of the solid 
solution, but also to the dispersion of the precipit- 
ating carbide particles and the level of microstres- 
ses. 

The variation in electrical resistivity (Fig. 1), 
which is dependent mainly on the degree of decom- 
position of the solid solution, also indicates a 
delay in decomposition, which takes place at 650° 
in F57 and as early as 550°* in the steels without 

(see footnote on the next page) 
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/200 
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vanadium ‘F0). The result of decomposition of the 
solid solution in FO appears to be cementite alloyed 
with manganese. 

The reduction in electrical resistivity which is” 
observed in steel F'57 between 500 and 650° can be 
attributed to the process of precipitation of vanadium 
which forms a carbide. 

Vanadium carbide is formed by the bonding of van- 
adium with the carbon of the cementite, which then 
dissociates. Confirmation of this is given by the 
increase in the intensity of magnetization (47 /.) 
which was observed only in steel F'57 above a tem- 
pering temperature of 600° '. The stop in the hardness 
decrease at 600° (see Fig. 5) can also be attributed 
to precipitation of fine dispersed vanadium carbides 
with coagulate at higher temperatures, as demonstrat- 
ed by the reduction in hardness and level of micro- 
stresses (see Fig. 4). 

These processes may also occur in steel F11 with 
a lower vanadium content but they will be seen less 
strongly. When specimens of FO and F 11 are subse- 


1. G.V. Kurdyumov and M.D. Perkas, Problemy metal- 
loved. i fiz. metallov (Problems of metallography 
and metal physics), No. 2, Metallurgizdat, (1951). 


Jquench 200 300 490 500 600 7100 
Tempering temperature, °C 


FIG. 5. Dependence of hardness on tempering temperature: 
2-F1l; 


REFERENCES 


3 — FO. 


quently heated above 700° an increase in electrical 
resistivity and coercive force will be observed (see 
Figs. 1 and 2), due to the beginning of the solution 
of the carbide phase. This process is concluded at 
a temperature somewhat above 800°. The reason for 
the appearance of the minimum on the curve of coer- 
cive force at 1000° has not yet been established. In 
F'57 the increase in these values begins, unlike 
steels FO and F11, at a temperature of 800°. At 
around 1000° the figures for electrical resistivity, 
coercive force and also B; and H,, reach their maxi- 
ma and remain unchanged with subsequent increase 
in temperature. The process of the solution of van- 
adium carbide thus takes place in the steels in the 
temperature range 800-1000°. 


Translated by V. Alford 


2. M.D. Perkas, Problemy metalloved. i fiz. metallov 
(Problems of metallography and metal physics), 
No. 3, Metallurgizdat, (1952). 


* (Footnote from previous page) 
At these temperatures the drop in electrical resistivity 


ceases. 


t In cementite the iron is known to possess less mag- 
netization that the iron which is not bonded with 
carbon { 7]. 
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PHENOMENA OBSERVED DURING THE MECHANICAL DISPERSION OF CRYSTALLINE BORON * 
K.P. TSOMAYA and P.P. SHVANGRADZE 


The phenomenon described in this report consists 
in the disappearance on dispersion, of the character- 
istic X-ray scattering which is the property of cryst- 
alline boron. The test speciinens were in the form of 
cylindrical rods with diameters up to 8 mm and they 
were produced by the thermal dissociation of BBr, 
on incandescent tanta‘um or tungsten filaments '- 
Depending on the conditions of the experiment, dif- 
ferent modifications of polycrystalline boron were 
obtained. The material was very hard but brittle. 

X-ray photographs obtained directly from large 
diameter rods contained broadened interference lines 
and were not very suitable for precision measurement. 
To get better quality photographs the rods were re- 
duced to powder by instantaneous shock loading. 
Part of the powders thus obtained were further ground 
to dust in ag:te, jasper or ferrochrominm mortars. 
The X-ray photographs of the powder produced by 
instantaneous shock load differed from those of the 
larger rods only in the sharpness of the interference 
lines. in the X-ray photographs of the powders 
ground in a mortar for 10-20 min the lines character- 
istic of the crystalline state of boron were complete- 
ly absent, but some lines from the material of the 
mortar appeared and an interference halo such as is 
usually seen in amorphous substan-es. 

The illustration shows the X-ray traces of two 
different modifications of boron before (a,6) and 
after (c,d) grinding in a ferrochromium mortar. In the 
latter case the interference lines of the mortar ap- 
pear on the X-ray pictures. 

To exclude any possible error due to contamina- 
tion of the boron with the mortar material and with 
the process of the oxidation of the powder on dis- 
persion, it was treated in sulphuric acid and chemic- 
ally analysed for elementary boron and spectranalys- 
ed for the content of mechanical impurities. Chemical 


(Received 12 April 1960) 


analysis revealed the presence of mainly free boroa. 
The results of spectral analysis of the impurities 
are given in the Table*. After this king of chemical 
purification, only the diffuse halo was seen on the 
“powder grams” (Fig. d). 

Investigation of powders in electron diffraction 
camera EG also showed the absence of the diffrac- 
tion pattern characteristic of the crystalline state’. 
The reason for the effect observed does not appear 
to be the simple increase in dispersion of the pre- 
parations. Reduction in the size of crystals on 
mechanical dispersion to a size unsuitable for 
electron diffraction investigation does not seem 
possible to us. In our opinion this is the combined 
effect of increase in dispersion and a large distor- 
tion and disruption of the lattice of the particles 
which were quite large enough for X-ray structural 
analysis. 

The phenomenon which we observed is, in all 
probability, similar to the disordering effect in a 
graphite lattice in that it approaches the structure 
of amorphous modifications of carbon [1]. In the 
case of graphite however, a marked effect is obtain- 
ed after long grinding in the absence of air, adsorb- 
ed components of which considerably alter the char- 
acter of the disintegration of graphite crystals, pre- 
venting the particles from becoming very small [2, 
3]. In the case of boron, considerable breakup of 
the crystal structure is obtained in a very short 
time (10-20 sec) of mechanical grinding in air. 

The tendency to disordering of the lattice under 
mechanical effects is naturally due to the nature 
of the substance itself. Actually, the effect observ- 
ed in boron was not noted by us under the same con- 
ditions in other mono- or polycrystalline substances 
such as, for instance, silicon, germanium, boron 


carbide etc. 


* Fiz. metal. metalloved., 10, No. 5, 791-792, 1961. 
t Khachishvili and Asatiani did the work of obtaining 
the elementary boron. 


* We would like to thank T.A. Mozgova, N.A. Makharash- 
vili and N.G. Tskiriya for the chemical purifying and 
(continued on the next page) 
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FIG. 1. X-ray traces for different boron modifications. 


TABLE 1 


Impurity concentration, % 


Cu Fe | Ca | Cr | Mn 
| 


Boron precipitated on Tal 
filaments before 


Boron precipitated on W 
filaments before 


After grinding 


After chemical 
purification 


0.002 | 0.2 
0.3 0.4 
0.2 |0.002|0.4 


We have not at the moment sufficient experiment- 
al material to provide a definite explanation of this 


2ffect. 


composition of this report, and also K.I. Yelistrato- 
va for participation in the work. 


In conclusion, we wish to than I.G. Gverdtsitel’ 
for his interest in the work and his advice in the Translated by V. Alford 


(continued from previous page) 
spectral and chemical analysis. 


t Electron diffraction observations were made by B.V. 
Aleksandriya. 
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grinding 0.005] 0.02 0.001 | 0.001 0.005 0.03 0.001 | 
| 
! 
0.005 0.005 | — | 0.001 0.002 
0.3 |1.0 | — |8.0 {0.01 
0.01 |0.005' — | 0.001 |0,0a 
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VOLUME CHANGES DURING THE MIXING OF MOLTEN SILICON AND IRON* 
P.V. GEL’D and Yu.M. GERTMAN 
Urals Polytechnic Institute 
(Received 14 June 1960) 


1. As is known, the formation of solid silicides 
of transition metals of the fourth group of the period- 
ic system of elements is accompanied by consider- 


able exothermal effects, in a number of cases exceed- 


ing 10 kcal/g at.Simultaneously with this, consider- 
able compression is observed, reaching tenths of a 
percent. Since a known correlation [1] exists between 
AH and AJ, it is of interest to study the volume 
effects on the formation of liquid silicides. Actual- 
ly, for these, as has been noted e«zlier [2, 3], much 
higher heats of formation are characteristic , about 
1.5 to 2 times greater than those for the solid sili- 
cides. It might be expected that in these systems 
the sum of the volumes of liquid components should 
be considerably higher than the volume of the solu- 
tion. Besides this, a study of the density of molten 
alloys is of some interest in establishing the rela- 
tionship between electrical properties of melts and 
co-ordinations in their atoms. Here, it is the investi- 
gation of volume change on fusion of elementary 
silicon which is of particular interest. 

2. In this publication data are reported which were 
obtained in studying the density of molten alloys of 
iron with silicon at 1500°. Measurements were made 
by hydrostatic weighing in a hydrogen atmosphere. 
Melting was done in corundum crucibles. From the 
same material a float was prepared, attached to a 
2 mm alundum rod connected to a dynamometer. 
Temperature control was by means of a PtRh (6 %) — 
PtRh (30 %) thermocouple. 

By allowing corrections for expansion of the float 
and for surface tension of the alloy, errors in dens- 
ity determination did not exceed + (1.0-1.5) %. 

Interpolated data for the density of the melts, 
obtained as a result of experimental measurement, 
are given in the table as also are calculations by 
the additivity law. 


* Fiz. metal. metalloved., 10, No. 5, 793-794, 1961. 


3. The density of solid silicon at 20° is known to 
be ~ 2.3283 g/cm* [4]. From the data in paper [5] 
its thermal coefficient of linear expansion varies 
with temperature in an almost linear manner: 


0-6 


Allowing for this fact, we find that at the melting 
point the density for solid. silicon is close to 2.284 
g/cm’ while the reduction in volume on melting AV, 
is bout 9%. This is considerably greater than the 
figure established [6, 7] for AV, in germanium 
(about 6 %). Allowing for the fact that according to 
these papers, the electrical conductivity of silicon 
increases 29 times on melting and only 10 times in 
germanium, it can be seen that it is possible to 
talk of the existence of a semi-quantitative correla- 
tion between AV, and Ao in structurally similar 
substances. 

The data given above on the density of the alloys, 
as is to be expected illustrates the dependence 
between AH and AV already noted above. Maximum 
compressions are observed on the formation of an 
alloy corresponding in composition to the monosili- 
cide of iron (50 at. % or 42 vol. % Fe), for which 
AH = 11 cal/g-at. Here the experimental (5.95 g/ 
cm?) and calculated (4.375 g/cm’) densities differ 
by 1.575 g/cm? while compression on the formation 
of the solution (of liquid components) reaches 36 %. 
In this connexion attention is drawn to certain 
features in the structure of silicon and the monosili- 
cide of iron. 

Large tetrahedral cavities are known to exist in 
the lattice of solid silicon, sufficient in size for 
iron atoms to be arranged in them. Besides this, with 
this kind of intrusion of iron particles there might 
be a co-ordination environment of silicon atoms 
(four at a distance of 2.34 and six at 2.71 A) close 
to that existing in the monosilicide [8]: (one at 
2.29 A three at 2.34 A and three at 2.52 A). Never- 
theless, the solubility of iron in solid silicon is 
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TABLE 1 


* Extrapolated. 


exceedingly small, due to the rigid localization of 
valence electrons in the silicon crystal (bonding by 
means of the uneven hybrid SP*). In liquid silicon 
the iron dissolves without limit, due apparently to 
delocalization of the valence bonds. In this case its 
co-ordination number increases at the same time to 

a value which is probably not less, but judging from 
the data on AV, , considerably larger, than that for 
molten germanium (co-ordination number of which is 
close to 8 [9]). 

In molten silicon therefore, and in the solid mono- 
silicide of iron, atom co-ordination does not differ 
very much. For this reason the considerable volume 
effect of mixing cannot be attributed to the greater 
density in the distribution of atoms. 

The sharp increase in the density of the melt ap- 
pears to be mainly due to the high degree of inter- 
action between particles, causing the formation of 
quasi-molecules of type FeSi for instance, in which 
directional bonds predominate [2, 10]. It is for this 
reason that the solution of the iron in molten silicon 
is accompanied, not only by considerable liberation 
of heat and reduction in volume [1, 2], but also by a 
marked lowering in electrical conductivity [11]. Thus 
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3. Yu.M. Gertman and P.V. Gel’d, Izv. VUZov, Chernaya 
metallurgiya, 9, 15 (1959). 

4. M.E. Straumanis and E.Z. Aka. J. Appl. Phys., 23, 
330 (1952). 

5. P.V. Gel’d, N.N. Serebrennikov and P.M. Sokharev, 
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N.P. Mokrovskii and A.R. Regel’, Zh.tekh. fiz., 22, 


if the process of the fusion of silicon causes delocal- 
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ization of the interatomic bonds, then the introduc- 
tion of iron causes the formation of quasi-molecules 
of silicides with strong directional bonds and the 
drawing together of atoms, i.e. increase in density. 
Less clear but qualitatively the same type of 
density relationship is observed in the formation of 
alloys of other compositions. It should be noted that 
on the isothermal density line two deflections are 
quite clearly observed, the co-ordinates of which 
are close to the formulae for monosilice and leboite 
which is in agreement with the data on the electrical 
conductivity of molten ferrosilicon [11]. This seems 
to provide an indication of the complex structure 
of ferrosilicon melts. This kind of melt can theoretic- 
ally be treated as a micro non-homogeneous system. 
The only “sibotaksis” in this system are formed by 
the quasi-molecular groupings in which quite a big 
part is played by the directional bond, the others, 
by the atoms of the excess element. 


Translated by V. Alford 


1287 (1952). 
7. N.P. Mokrovskii and A.R. Regel’, Zh. tekh. fiz., 

23, 779 (1953). 
8 L. Pauling and A.M. Soldat, Acta cryst., 1, 212 (1948). 
9. H. Hendus, Zs. Naturforsch., 2, 505 (1947). 
P.V. Gel’d, N.N. Serebrennikov and V.A. Korshunov, 
Izv. VUZov, Chernaya metallurgiya, 
7, 53 (1958). 
1l. B.M. Turovskii and A.P. Lyubimov, 

Izv. VUZov, Chernaya metallurgiya, 
1, 24 (1960). 


150 
| 2 | | | | | | | 1m 
Exp g/em | 2.49 | 3.10 | 3.80 | 5 00 | 5.85 | 6 25 | 6.42 | 6.60 | 6.77 | 6.90 | 7.02% 
Calc g/em | 2.49 | 2.94 | 3.39 | 3.85 | 4.30 | 4.75 | 5.21 | 5.66 | 6.11 | 6.57 | 7.02% 
Nie) 
le 
191 


lo 


INFLUENCE OF THE SCATTERING OF CONDUCTION ELECTRONS BY THE SPIN WAVES 
OF A FERROMAGNETIC MATERIAL ON THE TEMPERATURE OF TRANSITION TO 
THE SUPERCONDUCTING STATE* 
B.V. KARPENKO 
Urals State University 
(Received 19 April 1960) 


The question of the interaction between superconductivity and ferromagnetism has assumed real 
significance in recent times, due to the discovery of superconducting ferromagnetic materials [1]. 

In the work by Vonsovskii and Svirskii [2] it was demonstrated that the magnetizing of condac- 
tion electrons by an exchange “field” prevents the formation of a superconducting state. Up to the 
present time however, no study has been made of the influence of the non-elastic scattering of con- 


duction electrons by the spin waves of a ferromagnetic material on the supercondactivity effect. To 
investigate this problem we will proceed from the Hamiltonian of the s-d-exchange model (3], in 
which we will introduce one simplification: we will retain those terms in it which are responsible 
for non-elastic scattering and we will discard those for magnetizing. This simplification seems 
justified to us, as the role of the discarded terms has already been investigated [2] and their calcal- 
ations in our case will only complicate the analysis of the-results without altering them qualitatively. 
Thus the Hamiltonian of a system of electrons interacting with phonons and spin waves, will 
have the form: 


H = He + Hine. Hine = + Wing 


Hy = Lie, — Dat a,, + Yu, + 
q 


Ava + Compl. res. ; 


wh 
where 
and 
represent the electron-phonon and electron-magnon interactions and all the other symbols are as 


usual (3, 4]. 
Using Bogolyubov’s transformation [4] 


* Fiz. metal. metalloved., 10, No. 5, 794-796, 1961. 
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we get the Hamiltonian with the new operators 


H =H, +H, + He +H, + Hy + H, 


H, = 2d — 0) ux vx ( azo at + Spy); 


x 


I 
V 


Ho = (Ex —9) ( u2 — 02) ( ame + + 


+ bt by + Dw, by. 
q a 


Having formed the Bogolyubov equation to compensate “danger” diagrams, we find 


C(k) = 
C(x’) dk’ (1) 
V C2 + E(x’) 


x 


where 


) 


is the energy gap between the superconducting and normal states [4] (k,, is the Fermi impulse); 


¢, is the energy of the new elementary excitations; 


Se = Ey — 
2V 


x 


On aK! (u2, —v?, ia (u2, 


Approximating in (1) the terms in braces with step functions equal to Q,, and Q, within the energy 
ranges 


® and w 


[4], and equal to zero outside these ranges, for the value of the energy gap A we find approximately 


Kp 
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As p; is an essentially positive value, then it is clear that electron-magnon interaction reduces the 
A wn which is a hindrance to superconductivity. 

Using the statistical perturbation theory [5-7] the author calculated the thermodynamic potential 
of the system. The conditions of minimum thermodynamic potential lead} after a number of simplifica- 
tions, to the equation which defines the value of the energy gap C(k,) as a function of temperature, 
which has the usual form 

C (kp) 


== 
2kT 


where k is Boltzmann’s constant. 
As a non-trivial solution to equation (2) only exists where 


4, 


then according to what has been said above the transition temperature 7. can only be reduced as a 
result of additional scattering on ferromagnons. 

The results of the present investigation are in agreement with the conclusions of T. Kasuya [8] 
who showed that spin wave exchange effectively causes the repulsion of electrons with opposing 
impulses and spins close to a Fermi surface, i.e. the breakup of a Cooper pair. 

We note in conclusion that in the case of an antiferromagnetic material the application of 
Bogolyubov’s transformation is stricter as there is no Fermi sphere shear for conduction electrons. 


Translated by V. Alford 
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THE THEORY OF RELAXATION PROCESSES IN AN ANTIFERROMAGNETIC MATERIAL * 
M.I. KAGANOV, V.M. TSUKERNIK and I.Ye. CHUPIS 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
Kharkov State University 
(Received 18 April 1960) 


Using the standard method [1, 2] calculation has been made of the mean probability of the pro- 
cesses conditioning the interaction of spin waves with one another in an antiferromagnetic material. 
The examination is accurate in the temperature range 


M, \* 
*) KT 
¢ 


in which for the energy of spin waves the known expression 
8, (ak). 


may be used. The result is the Hamiltonian 


| do — H— — (Mh, + M3, + + 


OX, 2 


2 OXp 


Ox k 


The symbols have the same meaning as in paper [3]. 
After converting to secondary quantization operators the Hamiltonian for the interaction between 
spin waves has the form: 


where 


are the operators for the initiation and elimination of spin waves by polarization 


U(l=1,2), 


and the main parts of amplitude ® ... have the form: 


* Fiz. metal. metalloved., 10, No. 5, 797-798, 1961. 
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k 1 
x 


= (2, {8 rm (k, —k, — 2k, + 2ky (hk, + k,)] 


The first term in Hamiltonian (2) defines the joining of two spin waves into one and the second, the 
collision of two spin waves. The probability of other processes (for instance joining of three spin 
waves into one) is equal to zero due to the impossibility of the simultaneous satisfaction of the 
laws for the preservation of energy and impulse in the appropriate approximation. 

To calculate the vrocesses without the preservation of the number of spin waves (first term in 
interaction Hamiltonian (2)) in the energy spectrum, allowance must be made for the small anisotropic 
addition introduced by the free magnetic field of the spin waves. Here the only processes, the prob- 
ability of which will be other than zero, are those for which 


So = 


Indices 1 and 2 enumerate the branches of the energy spectrum of a spin wave, and here 


2r 


/ 


The mean probability of these processes is: 
(3) 


The second term in the interaction Hamiltonian (2) is appropriate for processes where the number 
of spin waves is maintained. It seems that the maximum contribution to the mean probability of these 
processes is provided by the same term for the resultant Hamiltonian which defines non-uniform ex- 
change interaction (the last three terms in Hamiltonian (1)). 

The mean probability of processes with preservation of the number of spin waves is of the 
order 

rae 
\ 0, (4) 


Comparison of the mean probabilities (3) and (4) obtained shows that in the temperature range 
studied it is non-uniform exchange interaction which is responsible for the establishment of thermo- 
dynamic equilibrium in a spin wave system. 

In conclusion we would like to thank V.G. Bar’yakhtar for his helpful discussion. 


Translated by V. Alford 
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MAGNETIC SUSCEPTIBILITY OF ANTIMONY-PALLADIUM MELTS* 


N.A. VATOLIN and O.A. YESIN 
Institute of Metallurgy, Ukrainian Branch Academy of Sciences U.S.S.R. 
(Received 26 May 1960) 


In recent years wide use has been made of mag- 
netic analysis [1, 2] for chemical investigations. 
This method is one of the few by which it is possible 
to obtain direct data on the structure of liquid metal- 
lic systems. This paper presents the results of our 
measurements of magnetic susceptibility in antimony- 
palladium melts, using Faraday’s method. 

To measure the retraction forces an analytical 
balance was used which was equalized by a perm- 
anent magnet introduced into the field of the compen- 
sation solenoid. 

The required temperature was created in a furnace 
consisting of two quartz tubes placed one inside the 
other. The bifilar Nichrome heater element was wound 
inside. The hot junction of the thermocouple was 
placed in the centre between the coils. The heater 
element was coated with a refractory non-electrical 
conducting material consisting of chemically pure 
aluminium oxide (or magnesium oxide) and kaolin. 

The comparison standard used was Mohr’s salt. 
The specific magnetic susceptibility of the specimen 
was calculated from the formula 


Mel *el 
Acsus (Aa = a; — ap). 


where a, is the instrument reading for a given current 
strength in the coil of the electromagnet in equilibr- 
ium, and a, is the same without current. With this it 
was not possible to determine the characteristic of 
the magnetic field. Retraction forces were compared 
with the same current strength values in the magnet 
coil. 

The optimal position of the point of support 
(length of suspension) was found by frequenct mea- 
surements of the susceptibility of the same weights 
of Mohr’s salt and corresponded to maximum retrac- 
tion force. 


* Fiz. metal. metalloved., 10, No. 5, 798-800, 1961. 


Because of the fact that at high temperatures 
(about 800°) the value of the alloys investigated 
was very small, the « value of an empty quartz am- 
poule and suspension had to be determined. To com- 
pensate the expulsion forces arising from the em- 
pty ampoule another ampoule was suspended from it 
in an opposite direction. In this case Aa was equal 
to 10 divisions. The total weight of the two amp- 
oules was 2.309 g. 

The experiments were carried out in an argon at- 
mosphere at atmospheric pressure. 

Sponge palladium and chemically pure antimony 
were investigated. At room temperature the magnetic 
susceptibility of antimony was 


= —0.34x 10-6, 


i.e. slightly less than in the pure preparation [1], 


which was 


x=(—0.6)+ (0.8) x 10-6. 


Susceptibility of the palladium was 22.8 x 107° 
which is much higher than that according to paper 
[1] where 


tpg = 5.25x 10-6, 


The Sb and Pd preparations used by us must there- 
fore have been contaminated. 

The alloy of palladium with antimony (44 % Sb 
and 56 % Pd) was prepared in an argon atmosphere 
at 900°. 1.765 g of the alloy was put into the quartz 
to which the empty ampoule was suspended to com- 
pensate the susceptibility of the quartz. A vacuum 
was created inside which was then filled with argon 
and the furnace was heated to 850°. After the mea- 
surement the furnace was cooled, the ampoule with 
the alloy was weighed and the loss of antimony was 
calculated. In most cases it was 0.005- 0.02 % of 
the weight of the alloy. Then a definite quantity of 
antimony was added to the alloy in the ampoule and 
the experiment was repeated. The measurement 
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FIG. 1. Dependence of magnetic susceptibility on composition, and equilibrium 
diagram for the system Pd-Sb. 


TABLE 1. Magnetic susceptibility of alloys of palladium with antimony at 850 


Composition, % Weight 


x 1077 Remarks 


| Experiments carried out 
—0.75 


with current in magnet 


| 6! | coils of ]=6a 


| 
—-0,7] 


obtained were entered in the Table and on the draw- 
ing. The degree of error was a = + 0.5 divisions. 

No experiments were carried out with more than 
60 % Sb due to the vigorous distillation of the anti- 
mony. It can be seen from the Table and illustration 
that alloys of palladium and antimony have, at 850°, 
considerable diamagnetism while at room temperature 
they are, according to our measurements, quite strong 
paramagnetic 


= 9.0) x 10-6). 


In paper [3] a study was made of the dependence 
of magnetic susceptibility in powder-metellurgical 
alloys of palladium with different diamagnetic metals, 
on composition and temperature. Accordiug to these 


data most of the alloys, like pure palladium, conform 
to the Curie-Weiss law, i.e. 
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Pd alloys with high contents of Ag, Au, Cu (about 
50 %) lose their paramagnetism even at room temper- 
atures and even become slightly diamagnetic [3-5]. 
Antimony also seems to cause a considerable reduc- 
tion in the paramagnetism of palladium at room tem- 
perature. In our case this could not be noticed due 
to the ferromagnetic impurities in the palladium 
which caused an increase in the paramagnetism of 
the alloys at room temperature and only at high tem- 
peratures failed to affect susceptibility. 

It can be seen from the illustration that there is a 
minimum on the curve for the dependence of specific 
magnetic susceptibility on composition, which cor- 
responds to the alloy with 54% Sb. This may explain 
the formation of the valence bond between the d 
electrons of the Pd atoms and the p electrons of the 
Sb. According to the constitution diagram of the 
system this composition is consistent with the com- 
pound PdSb. It is known from published sources that 


the extrema and deflections on the isothermal lines 
of magnetic susceptibility rarely correspond to de- 
finite compounds. Pao and Aravanutchary [6] for 
instance, found that amalgams of Rb, K and Na, pos- 
sessing considerable diamagnetism, have minima on 
the susceptibility /composition curve. 

Vertman and Samarin [7] found minima of magnetic 
susceptibility at 1600° in the system Fe-Si, which 
corresponded to the compounds Fe,Si, Fe,Si,, FeSi, 
FeSi,, and assumed structural changes in the liquid 
systems Fe-Ni and Fe-Co. 

It can thus be assumed from the measurements 
that in palladium-antimony melts there is ordering 
very similar in structure and composition to the 
solid intermallic compound PdSb. 


Translated by V. Alford 
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THE THEORY OF THE TEMPERATURE DEPENDENCE OF ELECTRICAL AND HEAT 
CONDUCTIVITY IN FERROMAGNETIC MATERIALS AT LOW TEMPERATURES * 
Sh.Sh. ABEL’SKII and Ye.A. TUROV 
Urals State University 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 
(Received 26 June 1960) 


Calculation has been made of the temperature dependence of electrical resistivity in ferromagnetic 
materials due to the scattering of conduction electrons on spin waves. The calculation was made on the 
assumption of the arbitrary (isotropic) law of dispersion for the energy of conduction electrons, allow- 
ing for its dependence on the direction of spin. On less general premises (the square law for dispers- 
ion) thermal resistivity has also been calculated and its relation with the corresponding part of electric- 
al resistivity has been established. 


1. The scattering of conduction electrons on spin waves (ferromagnons) is a further reason for 
the electrical resistivity and thermal resistivity of ferromagnetic metals as compared with nonferro- 
magnetic ones [1, 2]. Due to a spherical temperature dependence this part of electrical resistivity 
(or thermal resistivity) may in a certain temperature range, exceed the electrical resistivity (or therm- 
al resistivity) due to scattering on phonons. 

According to a calculation carried out by one of us in 1954, the temperature dependence of the 
ferromagnetic part of electrical resistivity P7 can be represented approximately in the form of the 
sum of two terms [3] 


Pr =a, a,T?, (1) 


where a, and a, are constant coefficients not dependent on temperature 7. The first term in formula 
(1) was found with allowance for the processes of scattering due to electromagnetic interaction 
between the stream of conduction electrons and the magnetic field created by the spin waves (“spin- 
orbit coupling”). 

The second term is dependent on the exchange interaction between conduction electrons and 
the electrons responsible for ferromagnetism (“s-d exchange interaction”). t In this case calculation 
of the second term was carried out for a range of temperatures which were limited not only from 


above 


(T € where 8, 
is Curie temperature), but also from below: 


7 


* Fiz. metal. metalloved., 10, No. 6, 801-806, 1960. 
t Also found by Berdyshev [4]. 
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where 7, is a certain critical temperature below which this type of scattering process becomes in- 
effective *, and the corresponding part of electrical resistivity disappears (according to the expon- 


ent law where T < 7,). 
The effective mass for conduction electrons of the order of T, may be determined approximately 


by the formula [5] 


(3) 


where ak, is the dimensionless limiting quasi-impulse of the conduction electrons (a is the lattice 
parameter); E, is their Fermi energy and / is the so-called s-d exchange integral. On the mathematic- 
al side the phenomenon of critical temperature 7, is connected with the fact that the energy of a con- 
duction electron is, due to s-d exchange interaction, dependent on the orientation of its spin in rela- 
tion to the magnetization of the crystal. It has been suggested in paper [3] that in conditions (2) this 
dependence can be neglected. Nevertheless it was assumed that 7, = 0. 

Experimental investigations of temperature dependence py for the helium range of temperatures 
in ferromagnetic metals were carried out in papers [6-8] and are in qualitative agreement with the 
theoretical formula (1). Subsequent quantitative development of the theory [5] however, has shown 
that the linear term in py provided by spin-orbital interaction is 2 to 3 times less than its experi- 


mental value. 
Yudin [9] calculated the temperature dependence of electrical resistivity due to s-d exchange 


interaction, without neglecting the dependence of the energy of the conduction electron on spin. In 


this case he came to the conclusion that not only the quadratic, but also the linear term in pp can 
be found if only s-d exchange interaction is allowed for. In his work however, this spin dependence 
of the electron energy is not always calculated in a sufficiently sequential manner. Besides this 
Yudin restricts himself everywhere to an approximation of the effective mass for the energy of con- 
duction electrons. 

This work aims to carry out once more a detailed investigation of the temperature dependence 
py for the scattering processes due to s-d exchange interaction, using the following very general 
form of the dispersion formula for the energy of conduction electrons 


(4) 


Exg = E (k) + 20! 


where E (k) and / (k) are arbitrary functions of the modulus of the quasi-impulse k. andag =+ %is 
the spin quantum number of an electron. 't Besides this, we will also calculate che thermal resistivity 


As it is impossible to satisfy the laws for the conservation of energy and for a quasi-impulse simultane- 


ously with electrons and spin waves in collision. 

t Kondorskii and collaborators found in their more recent works that the temperature dependence of electric- 
al resistivity conforms, in a number of ferromagnetic metals and alloys and in a very wide temperature range, 
very well with the law T3/2 


Pp = const T° 


The theory is not yet in a state to accept such a simple formula, which requires the direct proportionality 

of pr to the number of spin waves. It may be that one pr term is proportional to T3/?; it may be that a 

quite approximation to the two terms of the (1) type at made. 

tt The two-term form of E;, follows to et phenomenological considerations [10]. In this case E (k) and 
I (k) should be periodic functions of k (with the parameter of the reciprocal lattice) which are, generally 

speaking, dependent on the direction of kh. We will not, however, consider the depenence of E (t) and 

I) on the direction of &, remembering that this has no effect on the main qualitative laws interesting 


to us. 
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of a ferromagnetic metal due to the processes of conduction electron scattering on spin waves. We 
shall here only consider those processes which provide the main contribution to electrical resisti- 


vity. 

2. Electrical resistivity was calculated by the statistical theory of perturbation developed by 
Kubo [11] and using the electrical conductivity calculation provided by Nakano [12]. Formula (12) 
was used to find electrical resistivity 


Pex = (xT (72) *) (Ur ) de. (5) 
0 


Here H’ is the perturbation operator 


q 


(6) 
which defines the scattering processes under consideration [13], while H’ (r) is its Heisenberg re- 
presentation; / (k, k-q) is the matrix element of s-d exchange interaction characteristic where 

I (kk) = 1 (k); g is Lande’s factor; 8 is the Bohr magneton; V is the volume of the crystal; M, is 
saturation induction; a, , are the Fermi operators for conduction electrons; b, are the Bose operators 
for spin waves; g is the quasi-impulse of a spin wave; X is Boltzmann’s constant; and finally j, is 


the operator of the stream which has the form 


OE 
ka 
a a 
ki 


where e is the charge of an electron; 
22h is Planck’s constant. 
For the spin wave energy the following kind of dispersion formula was used 


8. (a9)? 
From standard calculation the following expression is found for electrical resistivity; 


ToT 4 | Yd 2 


T/T 


In this formula, which defines the temperature dependence of electrical resistivity, three parameters 


are included: 7, c, and c,. 
The parameter 7, is the critical temperature considered above which appears if the laws for the 


conservation of energy and quasi-impulse in collisions are allowed for. In quadratic dependence of 


on & where 
E (k) = 2 (aky’, (10%) 
I (k) + 7 (ak)?, (107) 


where a, /, and y are constants measured in energy units, the 7, value is found by formula (3). With 
reasonable assessment of the parameters included in this formula 


([/Ey~107*, ~ 108 and (ak,)? ~ 10), 
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it can be found that 7, 1°K. In this case, in the helium temperature range py cannot be represented 
as a rapidly converging series in 7. 

The coefficients c, and c, which are not dependent on temperature are, in a general case of 
the arbitrary law of dispersion, represented by extremely cumbersome expressions dependent on the 
values of the functions E (k) and / (k) and their derivatives on the Fermi boundary. We are not going 
to write out these equations and will only note the characteristic feature of the coefficient c,. The 
value of c, is other than zero if the law of dispersion for E,, is not quadratic. In the case of a 


quadratic law of dispersion 


only if 


(i.e. where 


Besides this, in the latter case the sign of c, is determined by the sign of the derivative 


(—Jor). 
Let us write the asymptotic formula for Pr where T > Ty. From (9) we find 


or = 44 \T (11) 


If the coefficients c, and c, are of the same order of value then, in agreement with paper [3], the 
s-d exchange interaction where 7 > T, will provide the main quadratic dependence of pr on 7. The 
linear term in (11) is only comparable with the quadratic one where the ratio c,/c, is sufficiently 
high. * 
As shown by analysis of the concrete equations for c, and c,, this latter can only take place 
if the law of dispersion for E,, departs sufficiently strongly from the quadratic dependence provid- 
ed by (4) allowing for (10).' For the case of this same quadratic law of dispersion, the following 
approximate formulae may be described for the coefficients c, and c,:. 


(ako)* 


Cy = —2 Ca (12) 
4 Mo [®, (ake)?}* (13) 


f 


Allowing for (10) it can be seen from equation (12) that in both possible cases 


1 < land 7 (@k,)*//4 > 1 


the coefficient c, will not as a rule exceed the absolute value of coefficient c,. The exception is 
provided by the seemingly highly rare case, where the conditions 


K Mol ~ (249)? 


(see footnotes on the next page) 
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take place with different signs for /, and y. In this case the linear term in (11) can be comparable 


with the quadratic one. 
The asymptotic behaviour of p7 where T < T, can, as has already been indicated above and 


as is apparent from the general formula (9), be described by the exponential law 


For the temperature range T « T, the general formula (9) must be used. It must be noted that the 
second term in formula (9) varies with temperature more rapidly than does 7?. For this reason, to 
explain the experimental data [6, 7], in which it was possible to separate both the quadratic and 
linear term in py, it must be assumed that the coefficient c, is quite large. And this of course, 
indicates that the energy spectrum of conduction electrons in the ferromagnetic materials investigat- 
ed cannot be described on the basis of the square law of dispersion. 

3. For a more detailed investigation of the processes of the scattering of conduction electrons 
on spin waves other phenomena, in which these processes may play a part, must be considered. In 
this case a number of undefined parameters, which are included in the theory, must be preserved 
(by finding them independently from experimental data for the various different phenomena). Among 
these there is, in particular, thermal conductivity. 

We calculated the thermal resistivity of a ferromagnetic metal due to the scattering of condu- 
tion electrons on spin waves, for the temperature range 7 > T, and in a quadratic approximation for 
E,g» where the main part in electrical resistivity is played by the third term in formula (11). The 
calculation was carried out on the usual system for a kinetic equation, using Kroll’s method for its 
solution [14]. As a result the following approximate formula was found for thermal volume resistivity 


Wx (ake)? cy (14) 


x? 


It is extremely remarkable that, according to formula (14), the thermal resitivity found and con- 


sequently, its reciprocal value thermal conductivity 


W 
is independent of temperature. This result was recently also obtained in the theoretical work by 
Kasuya [15]. Besides this, the thermal resistivity value is actually determined by the same coeffi- 
cient c, which defines the value of the quadratic term in electrical resistivity. If the c, value is 
found from experimental data on electrical resistivity (from paper [7] for example), then, according 


to (14), for W we find 


ergs 


(footnotes from previous page) 
* In 27/T» can be regarded as constant in a wide range of temperature. 


t A measure of this departure is provided for example, by the difference 


ke 


Ok* k Ok 


OE, 1 
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The latter figure is comparable with those found from the experimental values for the thermal resist- 
ivity of iron in the helium range of temperatures, given in the paper by Rosenberg [16]. 
The figures in paper [16] show that in many metals thermal resistivity can usually be quite re- 


presented by the formula 


V= a,7T? + a,/T. 
(15) 


The first term is due to the scattering of electrons by phonons and the second, scattering on impuri- 
ties. At low temperatures it is the second term which is more important. According to current theory, 
in the case of ferromagnetic metals the constant defined by formula (14) must be added to the formula 
(15). It can be seen that for sufficiently pure specimens, this term will be comparable to that provid- 
ded by the scattering of electrons in impurities. Consequently, the thermal resistivity due to the 
scattering of electrons on spin waves can be found in very pure specimens of ferromagnetic metals 
at quite low temperatures. 

The deliberations set out above, which touch on a quantitative comparison of the theoretical 
and experimental figures for thermal resistivity, are justified if the quadratic term in electrical res- 
istivity is only due to the scattering of electrons on spin waves. Actually, this is not quite the 
case, as in certain nonferromagnetic transition metals (platinum and palladium for instance) there is 
a quadratic term in the temperature dependence of electrical resistivity at low temperatures. * For a 
more detailed analysis of these phenomena therefore, further experimental investigations of the tem- 
perature dependence of electrical and thermal resistivity will be required on very pure specimens of 


various different ferromagnetic metals. 


In conclusions the authors wish to extend their thanks to Yu.A. Izyumov for his valuable advice 
and also to S.V. Vonsovskii for discussing the results. 


Translated by V. Alford 


REFERENCES 


. S.V. Vonsovskii, Zh. eksp. teor. fiz., 18, 219 (1948). 

A.I. Rezanov and V.I. Cherepanov, Dokl. Akad. Nauk. SSSR, 93, 4, 441 (1953). 
Ye.A. Turov, Report delivery at the Conference on low temperature magnetism, 
Kharkov, (1954), (Izv. Akad. Nauk. SSSR, ser.fiz., 19, 474 1955). 

A.A. Berdyshev, Dissertation, Sverdlovsk (1954). 

. Ye.A. Turov, Fiz. metal. metalloved., 6, 203 (1958). 

Ye.I. Kondorskii, O.S. Galkina and L.A. Chernikov, Report delivered at the Confer 
ence on the physics of magnetic phenomena, Moscow, (1956), (Izv. Akad. Nauk. 
SSSR, ser. fiz., 21, 8, 1123 1957). 

. A.I. Sudovtsev and Ye. Ye. Semenenko, Zh. eksp. teor. fiz., 31, 525 (1956). 
Ye.I. Kondorskii, O.S. Galkina and L.A. Chenikov, Zh. eksp. teor. fiz., 34, 
1070 (1958). 

A.A. Yudin, Vestnik moskousk, gos. univ., 3, 81 (1958). 
10. Ye.A. Turov and V.G. Shavrov, Trudy IFN, UFAN SSSR, 20, 101 (1958). 
11. R. Kubo, J. Phys. Soc. Japan, 12, 6 (1957); 12, 11 (1957). 
12. H. Nakano, Progress and the theory of physics, 77, 17 (1956). 


* Due to electron scattering on electrons [4, 5, 7]. 


6 
VO} 
le 
191 


Temperature dependence 


13. S.V. Vonsovskii, Zh. eksp. teor. fiz., 24, 4, 419 (1953). 

14. A. Wilson, The quantum theory of metals, Moscow- Leningrad, 6, (1941). 
15. T. Kasuya, Progress and the theory of physics, 22, 227 (1959). 

16. Rosenberg, Phil. Trans. Roy. Soc., A247, 441 (1955). 


7 
VOL. | 
lo 
1960 | 


A THEORY FOR THE RESIDUAL ELECTRICAL RESISTIVITY OF MULTI-COMPONENT 
ORDERING ALLOYS WHICH ALLOWS FOR LATTICE DISTORTIONS DUE TO THE 


DIFFERENT SIZES OF ATOMS *¢t 
A.I. NOSAR’ and A.A. SMIRNOV 


Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
(Received 8 July 1960) 


A study has been made of the dependence of residual electrical resistivity in multi-component 
substitutional ordering alloys on composition and long-range order parameters, allowing for the geo- 
metrical distortions of the lattice due to the differing sizes of atoms. 

Correlation in the alloy is not taken into consideration. 

Calculation of lattice distortions is made by means of an elastic medium model. 


1. INTRODUCTION 


The theory for the residual electrical resistivity of ordering alloys of non-transition metals has 
been developed in a number of works [1-4] without allowing for lattice distortions, both in single 
electron andin multi-electron models. In the case of binary non-ordering alloys A —B the calcula- 
tions in this case [5] led to the dependence of residual electrical resistivity p on the relative atomic 


concentration c , of metal A: 


(1—Cy). 


The curve of this dependence is symmetrically related to the straight line 


CA= 


In ordering alloys, theory [1] produces characteristic minima on the p (c,) curves which correspond 
to the stoichiometric relationships. 

~ Allowance for the lattice distortions due to the varying atom sizes produced, in non-ordering 
binary alloys [6], an addition to electrical resistivity which destroyed the symmetrical character of 
the curve p (c,). 

In multi-component ordering alloys the form of the concentration dependence of electrical resist- 
ivity is dependent on a number of factors (long-range order, correlation, impurities, lattice distortions 
etc.). In order to be able to analyse their influence on electrical resistivity a theory must be developed 
which explains the role of each of them in detail. 

The purpose of the present work is the investigation of the influence of lattice distortions, due 
to the various different sizes of atoms, on the residual electrical resistivity of multi-component sub- 
stitutional ordering alloys without allowing for correlation in the substitution of lattice sites by 
various different atoms. Restricting ourselves to only qualitative results, we will determine the 
lattice distortions in the same was as previously, in an approximate model of an elastic medium 


(see [7]). 


* Fiz. metal. metalloved., 10, No. 6, 807-817, 1960. 
t For more detailed report see Ukraine Physical Journal 1960. 
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2. THE PROBABILITY OF TRANSLATIONS IN A SYSTEM OF CONDUCTION ELECTRONS 


We will consider a multi-component ordering alloys of non-transition metals in which there are 
varions different types of atom 
a (a=1, ..., 


in the lattice sites. Let these atoms be of various different sizes, and due to this they are displaced 
from their ideal positions, creating geometrical distortions in the lattice. We will limit ourselves to 
the case where the ideal positions of the atoms would form a Bravais lattice. The positions of the 
atoms in the alloy we will characterize by the vectors 


=R, +h, 
drawn from the beginning of the co-ordinates (taken in the non-displaced position of the first site 
of the first unit cell) in a non-displaced site no. x found in cell no. s, while the displacements of 
atoms from ideal positions will be defined by vectors 


Usx 
Here 


S, are whole numbers, pa the basic lattice parameters of an ordered alloy). 


hy 


is the vector drawn from the first site of the s cell in its no. « site (x = 1, ... “ where pis the 
number of sites in the unit cell of the ordered alloy). The lattice constants ai, Ge, ee and conse- 


quently the vectors 


are studied for an alloy of every composition in relation to the experimental figures for the volume 
Q of the alloy in dependence on the concentration of components and long-range parameters. Dis- 


placement 


Us, 


can then be regarded as low in comparison with the lattice parameters. 

It has been shown in papers [3, 4, 6] that the dependence of the probabilities of quantized 
electron translations and residual electrical resistivity p on composition and parameters is the same 
in both the multi- and single-electron theories of metals. 

Let us find the probability of the translation of conduction electrons under the influence of 
disorder in the arrangement of atoms and lattice distortions within the framework of the multi- 


electron theory. 
For a system N, of interacting conduction electrons in the Jattice of an alloy, the Hamiltonion 


H can be written in in form 


N, 


i, f=1 
(i<f) 
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Residual electrical resistivity 


is the kinetic energy operator of an i electron, V is the potential energy of the electron system in 
the ion field of the lattice, which has the form 


Us. (r; Ry. — Use), (2) 


where N, is the number of unit cells in the crystal; v.. is the potential energy of an i electron in 


the ion field displaced by vector 


from the correct position of site no. sx, 


is the radius vector of an i electron. The last term in (1) represents the binding energy of the con- 
duction electrons. 
Let us develop the perturbation theory assuming that 


My, and|0s — 
are low values (v, is the potential energy of an electron in a type a ion field). In the final results 
of the calculations we will preserve the terms of the second order which are low in comparison to 
these values and will discard terms of higher orders. 
In a zero approximation let us considera completely ordered alloy with an undistorted lattice, 
consisting of effective ions, in the field of which, an electron has mean potential energies. 


where 
Pa 
is the probability that a number x site will be occupied by a type a atom. Sites of the same type 


will be found among type a sites. 
In a zero approximation the potential energy V, of the electron system in an ion field will 


have the form 


isz 


and the perturbation energy will be determined by the formula 


V'=V—Vo= — Re — Un) — (7; — 


We will expand V’ into a series to the powder of the displacement and will restrict ourselves to the 


terms which are linear in relation to 


Us. 


(which is appropriate for this approximation). Then 


10 
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'=Vi+V3, 


Vi = [Use (r, —R,,)| 


iss 


isx 


To find the probability of.the transition of an electron system in time units, from the state m in 
state n in the zero approximation with wave functions 


Ym and Yn 


we find the matrix element 


Vi nm Vo mm?’ 


Vi f Yn Vi Oty dz 


e 


and integration is carried out through the co-ordinates of all the electrons in the main field of a 
crystal cf volume Q equal to the volume of an alloy with the composition in question and with the 
same arrangement of atoms. 

The matrix element 

which defines the probability of the scattering of the electron system without allowing for lattice 
distortion, was studied in paper [4] where it was shown that it can be written in the form 


sx 
=N, Le —v,"), 
Sz 


= | (7) Use (7) dz, = | (7) dz, 


N 


Ne 
— —> 
I= 2 K’); 


i=l 


ll 
where 
| 
6) 
| 
| 
| 
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Unm 


is a periodic function of the electron co-ordinates with the lattice parameter in a zero approximation 


and 
are vectors characterizing initial 
(Ym) 
and final 
states of the electron system respectively. In formulae (11) the integration variable 7, is indicated 
by r. 


Let us consider the matrix element 


Proceeding on similar lines to those followed in paper [6], we find 


am=—N, p> e 


Ay = (r) Ug grad Us. (A) de. 


We form the square of the modulus of the matrix element 


= (Vi nmi? + amV 2am + Vi nmV2 am + [V2 


According to [4] 
Vy’ 


has the form 


¢ 
= WEN, ass 2 (15) 
(ace?) 


Ate = — |? 


and 


have form (11) where v,, is replaced by v, or v,~ In order to transform the other terms in (14) atom 


12 
where 
19 
(13) 
(14) 
where 


lo 


Residual electrical resistivity 


displacement must be determined on the basis of definite model representations. For this purpose 
we will use the frequently applied model of an elastic medium (see [7] ), in which 

the displacement of an atom situated on site sx, is expressed by the sum of the displacement due 
to deviation from the mean of the atomic radii of all the other atoms (for a sublattice no. x), which 


provides the formula 


7 
S184 


r? 
( 54x" # 5x) 


where 


is the vector deduced from site s’x’in the site sx (in this case in our approximation the position of 


these sites can be taken as undisplaced), 


are dependent on composition and the parameters of the long-range order coefficient, which assume 


the values 
b, x’, 


if a site s’in sublattice x’ is occupied by a type a atom. 
The volume appropriate for a type a atom in ordering alloys should in general be dependent on 
the type of lattice at which it is found. We will use 


w* 
= 


to denote this volume. 
The elastic stresses and distortions in the lattice will be equal to zero if all the atoms in a no. 


x sublattice have the same average volume defined by formula 


= wo, (x=), ..., : (17) 


If one such effective atom is substituted by a type a atom it will cause lattice distortion and 


volume change equal to 


Aw, = wo, (18) 
As in the case of unordered alloys [7], we find the relationship between 


bax and Awa: 


bax = 
4x 
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Or, using formulae (18) and (17) and the equation 


Bax = (wx w%,). 


a’ 


Multiplying this equation by 


and summating through a we find that the mean 6. for all the atoms in sublattice x, is equal to zero: 


pr ba. = 0. (21) 


The dependence of b., on concentration c, and order parameters can be found if the dependence of 


w* 


on these values is known. This latter can be found if a comparison is made between the experimental 
dependence of volume 2 on¢, and obviously equal order parameters connecting 


w* 
a 


with Q 


= N, Spier. (22) 


Any possible vagueness in determining this dependence of the 


x 


value can be eliminated if some concrete model is used. For this purpose one can use for instance, 
the model of an elastic sphere [8] generalized for the case of ordering alloys and providing the oppor- 
tunity for the unambiguous determination of the 


w* 
« 


value (see supplement). 
Calculations similar to those made in paper [6] for the case of binary non-ordered alloys, and 


carried out with allowance for formulae (16) and (21), lead to the following formulae: 


p 


ze] 


4 


xml 


14 
Der = 1, 
we find: 
(20) 
VOI 
19¢€ 
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Residual electrical resistivity 


#0, 0) 


iq? am® 
Ye 


where 


denote the vectors deduced from the indisplaced positions of all the lattice sites in the site in 
question (systems of these vectors are the same for this type of lattice in any site) and the folow- 


ing are introduced: 


I= == a gradv, dt. (28) 


Substituting (15), (23) and (24) in formula (14), for the square of the modulus of the matrix ele- 
ment of perturbation energy we find the following expression: 


x=] x=] a=] x=/ 
(a<a’) 


The dependence of the 6. value on composition and order parameters ought to be found for each 


type of alloy studied, on the basis of an appropriate concrete model. 
The probabilities of transition w,, from state m to state n in a unit of time under the influence 


of perturbation are proportional 
lv’ 
to coefficients B,,,, in our approximation and are not dependent on composition or order parameters: 


Cam = am |V (30) 


The same dependence of the probability of electron translation between states with wave vector k 


and k’ on probabilities 


i.e. on composition and long-range order parameters, is also found in the single-electron theory: 


p 
x=1 «=| x=] e=m[x=l 

(a<a?) 


15 
(27) 
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lo 
1960 
| 


Residual electrical resistivity 


are in this approximation not dependent on composition or order parameters. 


3. RESIDUAL ELECTRICAL RESISTIVITY IN ALLOYS 


Knowing the formula for Wom (or the formula for 
Wy 


in the single-electron theory) it is possible to find the dependence of residual electrical volume 
resistivity p on composition and order parameters for various different types of alloy. For this, in 
the multi-electron theory the density matrix method [3, 4, 9] may be used, while in the single-electron 
theory it is the method of kinetic equation with the usually applied simplifications (in particular, as 
regards existence independent of the direction of relaxation time). Both methods of determining 
residual electrical resistivity lead to the same dependence of p on composition and order parameters. 
However, as in the multi-electron model it is only possible to carry the calculation to its conclusion 
of the additional premises of the low value of the distortion effect in comparison to that of disorder 
in the arrangement of atoms, we will study the question of finding p within the terms of the single- 
electron model where these additional premises are not necessary, following the same scheme of 
translations as that used for the case of binary unordered alloys in [6] (see also para. 14 book [10] ). 
We will further consider some particular cases. 

The case of multi-component unordered alloys. The general formula (31) for the case of unordered 
alloys (when there is only one sort of site, i.e. » = 1, probabilities 


Pa 


equal to the corresponding relative concentrations¢, and b,, = 0, ) gives: 


id id 
Kae 


Having found relaxation time and then finding p similarly to the method used in [5, 10] we find 


v iq 
Auer + + ALG (33) 
(ace*) 


where A_, A_ are not dependent on the composition of the coefficients. 
Using the simplest model of uncompressed atoms, in which volumes 


w*, 


here equal to w,, are not dependent on composition and consequently, the volume 0 of the alloy 
varies linearly with component concentration, we find that 6, is linearly dependent on c,’ and has 
the form * 


1 


af 


* See paper [11] formula (22). 
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In the case of ternary unordered alloys formulae (33) and (34) lead to the formula 
P= Byy Cy Cy + Bys Cy Cy + Bas Cs, (35) 


where B, ,’ is not dependent on c,. Formula (35), deduced for the case where 02 is linearly depend- 
ent on c,, produces the same dependence of p on c, as that obtained in theory [5], which does not 
allow for lattice distortions, but with different coefficients Bag’ (not equal to Ag’). However, if 
the volume { of the alloy were dependent on c, in a non-linear manner, then w, could not be regard- 
ed as independent on c,, and the lattice distortions would not only vary the value of residual elec- 
trical resistivity, but also the nature of the concentration dependence. 

The case of binary ordering alloys. Let us consider the case of binary ordering alloys A~B with 
two types of sites, in which the number of sites of the first and second type are equal 


N,=N,= (N= pNo 


is the total number of atoms) and p = 2. Probabilities 


are here determined by the formulae 


where 


is the degree of long-range order. 

The volume of a disordered alloy in a number of cases approximates very well to the square 
dependence on concentration c, while the volume of an alloy in the ordered state approximates to 
the square of dependence on 7. As the maximum possible value of 7, equal to 1, is achieved for 


alloys with stoichiometric composition 
(a=>) 
CA 9 


and is less for alloys with other compositions (see [9], Fig. 1), the presence of the term ~ 7? in 
the formula for (2 will also indicate a weakening of the influence of ordering on volume as the 
value of cy becomes further removed from %. We will therefore approximate the dependence of the 


average volume for one atom 


Q 
o=—, 
N 


on c, and y, by the formula 
05 + (0, — 05) + (1 — — 


and 
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are the volumes for A and B atoms in the pure metals A and B, and ) and y are constant coefficients 
which can be determined by comparing formula (37) with the experimental dependence of w on cy, and 


The volumes 


w*, 


belonging to a atoms (a = A, B) situated at type x sites (for the alloys in question the various differ- 
ent values of x correspond to the various types of sites), should satisfy the relationship 


(38) 


Allowing for (36) it is not hard to see that the dependence of w an cy and 7 can be found by the ap- 
propriate formula (37) if a linear dependence 


[C4 and 7 is taken in the form *: 


wl) =, (0) + wl?) =, (0) 7; 


wp) =, + Ag + = — My 


where 
Mas Ma, Ags Ags 


are not dependent on c, and 


is the volume of one A atom in a pure B metal and 


= 2y. 


After recording formula (31) for the case of the binary ordering alloy A-B, introducing relaxation 
time and after finding residual electrical resistivity p and also calculating formula (20) with equations 


(39) for 


x 


we get the final formula for the residual electrical resistivity of binary ordering alloys of the type 


under review: 


(40) 


* In the supplement it is demonstrated that for a certain type of alloy a linear dependence (39) is only possible 
if the volume is dependent on c A and 77 in accordance with formula (37). 
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Here A’ {equal to A,, in (47)), B’ and C’, 


are constants which are not dependent on concentration or the 7 value, and cp =1 —cy. 

Let us consider the consequences of formula (40). 

For the particular case of unordered alloys (7 = 0) formula (107) in paper [6] is found from (40), 
i.e. all the conclusions drawn there are maintained for this case. 

In the other limiting case of completely ordered alloys of stoichiometric composition 


from formula (40) we get p = 0, as here there is neither disorder in the arrangement of atoms nor any 
geometrical distortion of the lattice. 

If with some reasonable degree of accuracy the volume of the alloy can be considered to be 
linearly dependent on cy (i.e. the a, value which chatacterizes the deviation of the w/c, curve 
from a straight line, is equal to zero) and as independent of y (i.e. 8 = 0), then p will be proportion- 
al to the value 


as in the case where there is no distortion [1] 
0=(A’ +B’ a, + (41) 


but with another coefficient. Thus in this case, lattice distortions only vary the p value without 
altering the character of its dependence c, and n.(The concentration dependence curves for p 
remain symmetrical with regard to the straight line 


If the volume of an unordered alloy is linearly dependent on c, (a, = 0) but varies on ordering 


- (B #0), then the p/c, curve loses this symmetry. In a general case where a, # 0 and 6 # 0, the 


symmetry of this curve will be broken due to the appearance of the multipliers 
+ a, 


in formula (40). 
In the case of the alloy with stoichiometric composition 


the volume of which is dependent on 7 (8 # 0), the dependence of p on the degree of long-range order 
will no longer have the form 
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as in the case where there is no distortion [1], but will be expressed by a more complicated formula 


p = (1 — (C, + C,B*7?), (42) 


where C, and C, are constant coefficients. In this case the 


dependence will be greater as | 8 | is higher, i.e. the greater the dependence of {? on 7. 
Let a number of alloys of various different compositions be brought by heat treatment to the 


state of maximum possible order 


= “max: 


It [9], that at 


are satisfied, then the p/c, curve (which has its minimum at p = 0, where 


will be symmetrical in relation to the straight line 


in the range 


0<c, — 


and in relation to the straight line 


3 


in the range 
1 
Sa <1. 


This symmetry is broken if the conditions of (43) are not satisfied. The p (c,) maxima general- 
ly speaking correspond in this range to the various different p values, the difference Ap between 


which is equal to 


Ap = > (B’ a, +2C’a,a, +C’a?). 


(44) 
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In this case the difference in the height of these maxima Ap becomes less as 
aq, > 2B 


is less and disappears where a, = 0. 
SUPPLEMENT 


Let us find the 

value using a concrete model of the alloy — the model of ealstic spheres [8]. Generalizing the calcul- 
ations made in [8] for the case of ordering alloys, the following formula can be found for the average 
volume w appropriate to one atom in the alloy (neglecting the values proportional to the square of 
the difference in atomic radii or volumes): 

4 e 


Here G is the modulus of elasticity in shear; X 4 and Xp are the compressibility coefficients of the 


pure metals A and B. For the 


values in this model we get a formula of the following type 


2 


oy? = G — 5) Xa 


l 


And similar expressions for 
of! and wl?)), 
It follows from formula (44) that in alloys where X, G is so much less than 1 that the second degrees 
of these derivatives can be discarded (retaining the first degrees) and if G is so weakly dependent 


on c, and 7 that its dependence can be neglected, then the dependence of w on cy. and 7 (37) assum- 
ed in the text, does exist. In this case formulae of the (46) type for 


w* 


which actually have the form (39). 


Translated by V. Alford 
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ACOUSTIC EXCITATION OF FREE NUCLEAR INDUCTION IN CUBIC CRYSTALS* 
N.G. KOLOSKOVA and U. Kh. KOPVILLEM 
Kazan State University 
(Received 16 May 1960) 


It is shown theoretically that there is a possibility of observing nuclear magnetic induction due 
to ultrasonic impulses. The intensity and form of the signals are calculated. A new method is indic- 
ated for the direct measurement of the degree of nuclear spin-lattice interaction in crystals. It is de- 
monstrated that a pulse sound wave will cause oscillation of the non-uniform macroscopic compon- 
ents of the tensor of the electric quadrupole movement of the spin system. 


1. INTRODUCTION 


The effect of acoustic magnetic resonance which was first theoretically studied in works by 
Al’tshuler [1] and subsequently revealed experimentally on magnetic nuclei and the electron shells 
of atoms [2], is at the present time widely used in studying the interaction between the spin system 
and the crystal lattice H,). In these investigations the value to be measured experimentally is the 
coefficient o of the steady-state absorption of sonic energy by the spin system, where o is depend- 
ent both on the degree of H.) interaction, and on the form factor g (v) characteristic of the energy 
spectrum of the spin system [1]. 

In this work we shall show that the ultrasonic pulse technique [3] developed at the present 
time can be used to measure the extent of the interaction H,) independent of the form factor g (v) 
from observation of the intensity of signal / from the magnetic induction induced by the sound pulse. 
Besides this, the form of signal / can provide information on the nature of the non-equilibrium 
components 4, and Q. 5 of the magnetic and quadrupole moment of the acoustically excited spin 
system. In aie to wiaiby these new phenomena we will carry out actual calculations for cubic crys- 
tals containing N equal magnetic nuclei possessing electric quadrupole moment Q. 


2. INITIAL AMPLITUDE OF THE INDUCTION SIGNAL 


The Hamiltonian of the system has the form: 


H=H, +H, +H, it’), Hy = —yhH, — hH,S,; 


48 (28 —1) 


6, 
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Di = (Crs + Cora) (SES! + + + + (3) 
(Crxet (S2 si?) (Cy ys + Cyres) + S'), (4) 


where Hy is the operator of the Zeeman energy of the nuclei in the magnetic field H,|| z, z is the 
quantization axis of magnetic moment; H, + H, are excitations; H, is the operator of spin-spin 
interaction [4], H, is the quadrupole energy of the nuclei due to the existence of dislocations in the 
crystal (explicit form of coefficient CrBed deduced in paper [5] for the case of edge and screw dis- 
locations); E is the deformation tensor; C is the tensor which relates E to the tensor of the gradient 
of electric field in the nuclei [6]; s relates to the j particle of the component of the spin operator 
along axis a; y ~ is the anti-screening coefficient [7]. Operatore H, (¢’) allows for the influence of 
ultrasonics on the specimen and is found from H, by substituting £5 in the components E,5 (t”) 
which are variable in time under the action of ultrasonics. 

In the case of cubic crystals all the elements of tensor C can be expressed through the constants 
C,, and C,, which are elements. of tensor C related to the cubic axes (see [6]). C,, and C,, can be 
found by experiment where a longitudinal sound wave is propagated along the axis [110]. 

We will consider two cases separately: 1) the constants C,, and C,, satisfy the conditions of 
isotropism C,,/C,, = %; 2) C,,/C,, # %. In this connexion we will find two systems of ‘co-ordinates 


ix, y, z) in the following way: 1) let [110] be the polar axis and @ be the azimuth angle read from 
direction [001], then the direction of axes z and y can be given with spherical co-ordinates 


(8, 9) and +8, 


2) x || [110], z forms the angle & with axis [110]. Assuming that a sound wave will cause displace- 
ment of atoms only along direction [110], we have 


H3. (t ) = cos (aw, t ) (5) 


4$ (25 — 1 
j 


where in an isotropic case 


9 : j 
wi = — = Cy,sin 20 [S} + (6’) 


For a non-isotropic case we find: 


w} = — 4C44) sin 2 (S} S} + S! (6) 
i 3 Cu Cu 3 
— (Se — 3) sin? | Cu — Sy), 


Index a is introduced to indicate the carrier frequency 
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awo =ayhHy 


of a sound pulse. 
If the specimen is cylindrical with its axis in the direction of the propagation of the sound 


wave, then 


where W is the power of the sound wave per cm?; 
p is the density of the crystal; 
v is the rate of propagation of a longitudinal sound wave; 
A, is the amplitude of displacement of the base of the cylinder due to the sound. 


The method of measuring E, has been set out in paper [8]. 
In the moment of time before connecting up the audiofrequency oscillator let the spin system be 
at a temperature 7. Then the ultrasonic impulse will act upon the specimen in the interval of time 


(!=0, = fo) 


and here bo satisfies the conditions: 
2° 1 > ’ (9) 


where T, and 7’, are longitudinal and transverse relaxation times and ¢,, is tne time taken to establish 
standing sound waves in the crystal. It follows from (9) that, in the interval of time (0, ¢,) the state 
of the spin system will only be varied under the action of H, and H, (t’), and that in the solution to 
Schrédinger’s equation in the interaction representation, terms oscillating with Larmor frequencies 


can be neglected. 
After switching off the audiofrequency oscillator at time ¢ (beginning of time reading t) subse- 


quent variation in the state of the system will occur under the influence of Hy + H, + H,. Allowing 
for (9) and using formula (A.12) from paper [9], in calculating the mean < B (t) > values from opera- 
tors B (t) in non-equilibrium systems, we get 


( = [Sp (exp (— Hy/kT)}] Sp (exp (— H,/RT) R: L*BLR,}; (10) 
L = exp (— H,), Ry = exp (ivgt,S,) exp [— iw, (S,S, ~ S,S,) 
R, = exp (fw exp {[— iw H, == H, H, 


w, = [32hS (25 — 1)]~' €Q (1 — 7.) — 4C,,) sin 23: 
w, = (—164S (25 — 1)]7'92Q (1 — 7) Ey Cy, sin 29; 
wy = [— 8AS (2S — 1)} + (119 
! Cy 3 
+ Cu, (12) 


where Lis an operator complex conjugate with L; (11) relates to case (6), and (11), to case (6°). 
To find the initial amplitude of induction signal /, we will calculate the mean value of the 
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tensor components y and Q in the moment of time ¢ = 0, using (10). For magnetic moment and the 
component QB of the quadrupole moment of the spin system we have, with precision up to the first 
non-zero approximation relating to the value 
lle 
6 {Ssin (20, [x COS (9 fo) — y Sin ( fo] + 
S=1; 


= sin (2V 30, t,) [x cos (% ¢,) —ysin + 


[cos (2 V3 0, ¢,) , =. 
V3 


[cos (2 V3 t,) + 1] z, s 
for S=1 


(Qu — = = [1 + 3cos (2», ¢,)}, 


da COS (#9 sin (a, ¢,); 


(Qy — sin (v9 f,) sin (w, ¢,); 


NeQt? _. 
(Quy a= (Que = — sin (20, [00s (204 — 
Qyy sin (4, f,) sin (29, 


6 


{Quy ds = =— cos f,) sin 


(Qi yra=l,Q. 


Index a in < > indicates that this value relates to the case where the ultrasonic frequency is @@o- 
z 


are unit vectors along the corresponding axes of the co-ordinates. In all the formulae @, can be re- 
placed by w, if at the same time allowance is made for the appropriate findings for the directions 


of the co-ordinate axes 


9-2). 
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3. ATTENUATION OF THE INDUCTION SIGNAL 


In condictions where H, + H, < Ho, allowing only for the adiabatic part H, of perturbation 
H, + H, defined by conditions (H;, Ho] = 0, from (10) we fiad: 


da = Th C(AD)* For(l) cos oy t + 


+ ¢ (A»)* ) ay Fay SiN +yl ¢ (A»)* ay Fay (f) cos w,t 
— (Aw)* > ox F sin 


(— it)? 
((Aw)" > a3, ( (Av)* ) a5 = Sp exp(—H,/kT) R°S;}, (17) 


n=0 


A, Ri, Aw, = | 'Hs ) — 


where wn are proper functions of operator Ho + H;. From (17) in the first non-zero approximation 
relating to ¢, assuming the mutual correlation function Fag (t) of the values Aa and 


(Sz t) = exp (it Hs/A) Ss exp (— if Hg/h) 


VOL. to be gaussian, for S = 1 and a= 1 we have 
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+ —y sin [oo(t ~ 


U = N'Y (PA + Py, (PL. + Py — + 


— 


py (Oy) y= sin (20, t,) exp (— UL/3A¥) X 


i 


V ci | 

a4 


where the coefficients 

allow for the influence of magnetic dipole-dipole and-exchange interaction between nuclei : and j, 
while Cg_,5 is the scatter of the gradient of electric field due to the presence of dislocations in the 
crystal. mK values of these coefficients should be calculated in those systems of co-ordinates 
(x, y, z) which are related with the determination of the values w, and w;. In the case S > ] there 
is an increase in thel, contribution due to dislocations; in formula (19) the ( ), values do not 
change, while in the sum ( ), new values appear due to the presence of non-equilibrium multipole 
magnetic moments which, at S = 1, cannot be excited. 

In the moment of time ¢ > 0 the non-equilibrium components 


7a 


of the quadrupole moment of the spin system (see (16)) will oscillate at frequency aw,. The attenua- 
tion of signal /.due to these components of tensor Q, will be determined by the interaction of the 


correlation function Sp {Az Qe, (4) 
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of the component of quadrupole moment and Aa, and here the total properties of this functions are 
similar to the Fourier transformation from the form factor of the line of nuclear acoustic resonance 
(see [10]). In this case the ( ), and (), values in formula (19) have the same structure and do not 


return to zero for isotropic exchange interaction when 
Pi =J" whered// 


is the exchange integral. 


4. DISCUSSION OF RESULTS 


1) It follows from (14), (15) and (18) that with an ultrasonic carrier frequency @, in the plane xy 
macroscopic components of the magnetic moment of the spin system will be excited and will oscil- 


late with frequency wo. 
The initial amplitude /, of the induction magnetic signal will reach its maximum if the duration 


tp of the sound impulse satisfies the conditions 
w, ty = fy = for S=landV = V3 01 t, = — S=3 
1% 4 for and } 14,=) for 


In seeking the ¢, value at which /, reaches maximum, direct measurement may be made of the value 
of the components C,, and C,,. While in the case of ordinary magnetic induction 
with ultrasonic excitation 
~ (2, 
Let /} be observed at room temperature and in the field Hy = 3000 gauss. To satisfy conditions 


in the case of ’*Br nuclei in a KBr crystal, the signal /, should be observed at H, ~ 10* gauss and 
T ~ 1.4°K. We note that T is the spin temperature at the moment at which the audiofrequency oscil- 
lator.is switched on and that the temperature of the lattice does not play an important part in these 
experiments. 

To satisfy the left-hand part of inequality (9) in the experiments with ”°Br nuclei the power of 
the pulse should be so selected that 7, ~ 10°* sec. > 


» V3», = 


Using formulae (8) and (11°) C,, = 11.8 ea—* [8] (e and a are the charge and distance to the neigh- 
bouring ion) and constants 


a = 3.28 A[11], = 4x 10°* cm, 1 — ya = 100 [12], 


it was found that 7 ~ 8 x 1075 sec. The A, value used by us relates to experiments in the steady- 
state ultrasonic saturation of nuclear magnetic resonance (see [8]) and in the pulse conditions this 
A, value can apparently be exceeded quite considerably. 

For a cylinder about 1 cm long, time ¢,, < 10°* sec. From this it follows that the conditions 
imposed by inequality (9) can be satistiedandthatthe phenomenon described by formula (14) to (16) 
can be observed. We note that an ultrasonic pulse of frequency 2 w, does not excite the oscillating 
components of the magnetic moment of the spin system or the components of a quadrupole tensor of 


type (3). 


= 


Free nuclear induction 


2) A sonic pulse with frequency w,» and 2 @ will also excite a variation in the macroscopic 
value of the z component of the magnetic moment of the spin system. This change can be found if 
the direction of field H, is varied through angle 7/2 at the precise moment when the audiofrequency 
oscillator is switched on or if the value <p, > is “turned” through angle 7/2 by the pulse of the 
variable magnetic field. It follows from (14) and (15) that in this case /, . € and may also be 
easily revealed at room temperature. This is the second direct method of measuring the components 
C,, and C,,. It is interesting to note that in the case of even spin S = 1, the 


(xp, + and (2p,-) 


reach their extremal value at different times. This is not observed for uneven spin S = 3/2. 

3) The intensity of signal J, due to oscillation of the components of quadrupole moment (16) is 
proportional to €? and € at frequencies w, and 2w, of the sonic pulse. However, the magnetic field 
induced by these oscillations will be 


7.) 


times less than the ordinary signal of magnetic induction /; (c is the speed of light, 8 is a nuclear 
magneton), and here the condition / 5 = Ig may be satisfied for frequency w, if 


(l— 108, T~ 10-5 °K 
and H, ~ 10°‘ gauss. For this reason direct observation of signal Ig is difficult at the present state 


of experimental technology. As the nature of the spin-spin interactions is substantially dependent on 
the value of the quadrupole moment of the nucleus, then oscillations of component 


( Qus 


may be revealed through their effect on the form of the signal of ordinary nuclear induction. 

4) Where the time 7, values are high, besides signal / there may also be the ordinary method of 
finding the signal from a spin echo. 

5) A characteristic property of the transformations 


Ra = (Sx), 
encountered in formulae (10) and (17) consists in that 
(Sz) 
is no longer a function of the first degrees of operators S,.alone, but is a polynominal to the power 
n<2S+1 


as regards S_. This has already been observed in paper [13] in connexion with the problem of un- 
ravelling the S matrix. An ultrasonic impulse therefore transforms the dipole magnetic moment of 
the spin system into a certain combination of non-equilibrium multipole moments of much higher 
order and investigation of the form of the magnetic induction signal may provide information on the 
nature of the disintegration of these unstudied non-equilibrium states of the spin system. According 
to (17), the total information on this disintegration consists in the correlation function Fg (ce). If 
I, ~ ¢, then the function F a8 (t) for the signal of magnetic induction can be calculated from known 
formulae (9). 

The authors wish to express their gratitute to S.A. Al’tshuler and R.A. Dautov for their interest- 
ing discussion and also to B.I. Kochelayev for his valuable advice which to a considerable degree 
assisted the completion of this work. 
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THE NON-ELASTIC MAGNETIC SCATTERING OF SLOW NEUTRONS BY METALLIC Ce* 
B.M. KHABIBULLIN 
Physico-Technical Institute, Kazan Filial Academy of Sciences U.S.S.R. 
(Received 27 June 1960) 


In a Born approximation with a precision of up to 0.1 millibarns calculation is made of the differ 
ential cross-section of magnetic inelastic scattering of thermal electrons on metallic Ce with close 
cubic packing with translation of the metal atoms between Stark layers formed inside the crystal 
field. The magnitude of the differential cross-section is of the order of the magnitade of the cross- 
section of inelastic magnetic scattering. 

The angular dependence of the differential cross-section of scattering has the symmetry of a 


crystal field. 


1. In studying the magnetic scattering of slow neutrons on paramagnetic materials it is usually 
only the case of elastic scattering [1, 2] which comes into consideration. However, inelastic mag- 
netic scattering is also possible with translation of the atoms of the paramagnetic material between 
the various different Stark layers in the crystal field. The variation in the energy of the neutrons as 
a result of scattering AE is equal to the energy of splitting between the relevant Stark layers. In 
this experiment observation will be made of the dependence of the differential cross-section of 
scattering on variation in the energy of the neutrons 


da (AE. ®, @). 


From a comparison of the theoretical and experimental figures for the differential cross-sections 
and variations in the energy of neutrons, it is possible to check the accuracy of the theoretically 
calculated figures for the constant of the internal crystal field and the energies of the Stark effects. 

Unlike ordinary nuclear inelastic scattering on thermal oscillations of a lattice, magnetic scat- 
tering is substantially dependent on the orientation of the monocrystal of the paramagnetic material 
with regard to the beam of incident neutrons. 

The effect of thermal oscillations causes a certain insignificant broadening of the spectra of 
the variation in the energy of the scattered neutrons. The question of the shape of curve 


do(AE, 


need not be touched on here. 
2. In a Born approximation under conditions 


<1 


the formula for the differential cross-section of scattering will have the form: 


c 
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where 


S, (Xs ) ’ ? 


p is the impulse of a neutron ®, is the wave function of an atom; 


q= Po— Po e =" 
Terms which provide a contribution to the cross-section of scattering less than 0.1 of a milli- 


barn, have been left out of formula (1). 
In subsequent calculations it is assumed that the internal crystal field in rare-earth ions does 
not break the spin-orbital coupling and the state of the atom is described in a J representation. 


Matrix elements of the 
A 
(n|L+NS0) 


type are easy to calculate by means of the transformation in [3]. 


AA 


In the case of scattering on metallic Ce (or Yb) which has one electron (or hole) in a magnet- 
ically active shell, summation through / (the number of electrons) is omitted. 


In the expansion 


A 


where n is an even number, the matrix element 
CR\(ig 


is calculated by means of the equivalent operators [4]. 


(Mig ) = 


[Aye + EBS, Je) + CU, + 
A=(e,—ie,)*, C=1—@, 


B=e,(e,—iey), D=4e2, (J, Jz) J. 


Formula (1) has the form: 


1 2 2 A cof 
do = | + mg {0}, 03} > d2, 


A 


= 14 


AA 
(N—1(0\S}0) 
J(J +1) 
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The operator in (2) will be designated v. 
Without allowing for the spin functions of the neutron the magnetic element V,, can be written 
in the following way: ; 


Vane = Sz + Bho Sy+ 
where 
Ong 
are complex expressions dependent on the quantum numbers of the atom and the angle of scattering. 
On averaging between the initial and final states of the neutron spin, from the formula 
> ep = ep 
if external magnetic field is absent and the beams of incident neutrons are not polarized, we shall 
find 
i= 


Allowing for the various different degrees to which the Stark levels will be populated, the 
differential cross-section 


do,; 
will have the form: 


wy exp (—Ej/kT) (Vi, ) ep 
wn exp (— E,fkT) 


ds;; — 


where E. is the energy of an atom at a j Stark level; 
w is the multiplicity factor for the degeneration of the level. 
3. The magnetic properties of metallic cerium with dense cubic packing were studied theoretic- 
ally in paper [5]. In this article splitting energy and the function of the state 4f of a cerium electron 
were deduced in the field of a crystal with cubic symmetry, allowing for exchange interaction H, , 


H = D(xt ty! + 


The energy of exchange interaction was in the region of 10°K. At room temperatures and above 
the influence of exchange interaction can be neglected in calculating the scattering cross-section. 
The basic state is 
Under the influence of the crystal field two Stark levels are formed with scattering energies 
A = 200°, the upper a quartet and the lower a doublet. 
The wave functions of these states will be 


= V= V+ 7 
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For cerium 


a = — 2/5. 


Substituting the appropriate j and m values and averaging the spin states of the neutron, we find the 
differential cross-section of scattering for the translation of an atom from an upper to a lower Stark 


level 


Po \mc* 1+ exp(—4/T) {| 49 
+ K (21,5¢? ef — 85.5e? + 28.6e! + 52.9e6 — 138¢2), 


e, = sin 9, sing sin§ — cos 8, cost, e, = sin ®,sin¢, 


is the angle between the quantization axis z and ke, 
K 


_ 


is the angle between vectors 9 and ke; n 
is the polar angle of vector k calculated in the plane perpendicular to vector ko from an axis 


in the direction along vector 
[Roz]. 
The anisotropic part in the formula (3) which contributed not more than 4% to the total cross- 


section, has cubic symmetry. This is in agreement with the fact that the crystal field reduces the 


symmetry of the magneto-active shell of an atom to cubic. 
The existence of magnetic exchange interaction at room temperatures and above causes some 


broadening of the Stark energy levels. 
This causes the appearance of form factor 


g(AE), 


similar to the line form factor in the theory of electron paramagnetic absorption in the expression for 


the cross-section of scattering 


Six (AZ) (AE ix) Six (AE). 


The magnitude of the ratio 
| 


which approximately determines the magnitude of the hemisphere of curves o (AE), permits the 
conclusion that it is possible to observe experimentally the increase in the intensity of inelastic- 
ally scattered neutrons, variation in the energy of which is of the same order as the energy of 


Stark effects. 


Translated by V. Alford 
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ANOMALIES IN ELECTRICAL RESISTIVITY DURING THE LOW-TEMPERATURE 
ANNEALING OF THE COLD DEFORMED ALLOY Fe,Al * 


Ya.P. SELISSKII 
Institute of Precision Alloys, 
Central Research Institute of Ferrous Metallurgy 


In alloys of iron and aluminium containing from 
10 to 20 at. % Al, it has been found that there is an 
abnormal reduction in electrical resistivity on cold 
deformation and increase with subsequent low-temp- 
erature annealing which is attributed to the emerg- 
ence of a special structural state in the alloy due 

to variation in electron structure [1]. Similar effects 
have also been found on the quenching and low- 
temperature tempering of these alloys. However, in- 
vestigation of the alloy with stoichiometric composi- 
tion has shown that when quenched specimens are 
tempered electrical resistivity varies very evenly 
with increase in soaking time and no abnormalities 
of any kind have been found with short holding 

times [2], It can be assumed that if, in an alloy of 
stoichiometric composition, the changes in structural 
state are sufficient to cause an abnormal increase in 
electrical resistivity, then the effect of these chan- 
ges will be overlapped by the effect of the establish- 
ment of long-range order. 

In this connexion there appeared to be some inter- 
est in investigating electrical resistivity on the an- 
nealing of a cold deformed alloy of stoichiometric 
composition and finding out the possibility of the 
existence of anomalies in a wider range of composi- 
tions. 

The investigations were carried out on an alloy 
melted from armco iron and aluminium AV 000 in 
ah.f.farnaceundera cryolite slag. The alloy was 
deoxidized with “borkalk”' and cast into 5 kg ingots. 
The aluminium content was 13.9 weight % (25.0 at. 
% Al), the manganese and silicon content did not 
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Investigation has been made of the variation in the electrical resistivity of the alloy Fe,Al in 
dependence on the degree of cold deformation, temperature and duration of subsequent annealing. 


exceed a total of 0.2%, and carbon — 0.02%. 

The ingots were rolled into flat bars 20 mm thick, 
which, after homogenizing at 1000°, were hot rolled 
to 2 mm thick strip. 

The strip was cut into testpieces 150 mm long 
which were warm rolled in the direction perpendicu- 
lar to that of hot rolling. In this case after each 
2-3 passes heating was carried out to 580-600°. In 
this way strips were obtained 0.23, 0.25, 0.29, 

0.36, 0.50, 0.67, 1.0 and 2.0 mm thick. After anneal- 
ing these strips at 850° for 2 hr with subsequent 
cooling in the furnace, cold rolling was carried out 
to a low degree of deformation to a final depth of 
0.2 mm, thus producing different degrees of total de- 
formation of 6.5, 20. 34.5, 44.5, 58 69.5, 79 and 
88.8 % respectively. Test specimens in the form of 
strips 5mm wide were cut lengthwise by disk 
shears. Electrical resistivity was measured by the 
potentiometric method at a distance of 100 mm 
between the potentiometer contacts. 

In this way a bar of the alloy was worked with 
8.3 weight % Al (15.8 at. % Al), rolled to a depth 
of 0.2 mm with deformation of 80 %. 

Fight series of testpieces were taken for the elec- 
trical resistivity measurements, each consisting of 
10 specimens at every stage of deformation. The 
dependence of electrical volume resistivity on the 
degree of cold deformation is shown in the table. 

If the degree of deformation is increased to 34.5% 
there is a slight increase in electrical resistivity 
while at more considerable deformations it falls. 
This kind of variation in electrical resitivity is 
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t This is a mixture of aluminium powder and lime. 
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Anomalies in electrical resistivity 


158 at % Al Al 


% variation in electrical resistivity 
on annealing after deformation 


5 67 


Annealing time, hr 


FIG. 1. Percentage variation in the electrical resitivity of cold deformed alloys with 

25 and 15.8 at. % Al in dependence on duration of annealing at 150° after deforma- 

tion. Degree of deformation for the alloy with 25 at. % Al was from 6.5 to 88.8%, and 
for that with 15.8 at. % Al — 80%. 


TABLE 1. Electrical resistivity of the alloy Fe,Al in dependence on degree 
of deformation on cold rolling 


Electrical 
resistivity 
cm 


Degree of 
deformation 


Electrical 
resistivity 
cm 


Degree of 
deformation 


0.1168 
0.1217 
0.1217 
0.1144 


0.1056 
0.0993 
0.1011 
0.0962 


apparently connected with the cross rolling system 
used. The maximum reduction, expressed in percent- 
age of the value of electrical resistivity at 35.5% 
deformation, is 21] %. 

To investigate the influence of low temperature 
annealing on electrical resistivity, cold deformed 
specimens were annealed in the following sequence: 
150°—15 min, 30 min, 1 hr, 8 hr; + 200°—8 hr, + 
250° — 8 hr. 

Electrical resistivity was measured after each 
anneal. Fig. 1 shows the relative variation in elec- 
trical resistivity in dependence on the annealing time 
at 150° and in Fig. 2, in dependence on the degree of 
deformation. The variation in electrical resistivity is 


‘calculated in percentages related to the initial elec- 


trical resistivity of the cold deformed alloy. 
Fig. 3 shows the percentage variation in electrical 


resistivity in dependence on the degree of deforma- 
tion during annealing at 150° for 8 hr and with a 
subsequent additional anneal at 200° for 8 hr and 
250° for 8 hr. 

An abnormal increase in electrical resistivity 
therefore occurs not only in the alloy with 15.8 at.% 
Al, in agreement with Thomas’s data [1], but also in 
an alloy with stoichiometric composition. The follow- 
ing characteristic features of this effect may be 
noted. 

1. Increase in deformation up to a known maximum 
facilitates the increase in electrical resistivity on 
subsequent annealing. After annealing at 150° with 
short holding times, electrical resistivity falls with 
increase in deformation, but with a prolonged soak- 
ing (150°, 8 hr), this increase ceases at a deforma- 


ion of ~ 50%. After further annealing at 200° 
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% variation in electrical resistivity 


on annealing after deformation 
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FIG. 2. Percentage variation in the electrical resistivity 

of cold deformed alloys with 25 and 15.8 at. % Al after 

annealing at 150 in dependence on degree of deforma- 

tion. Annealing time: for alloy with 25 at % Al— from 
15 min to 8 hr; for alloy with 15.8 at. % Al —8 hr. 


electrical resistivity stops increasing at a lower 
degree of deformation while a subsequent annealing 
at 250° reveals first an increase and then a reduc- 
tion in electrical resistivity on deformations of more 
than 50 %. 

2. The major part of the variation occurs with a 
short anneal of, for instance, 150° for 15 min. 

3. At deformations of more than 50 % electrical 
resistivity begins to grow less with increase in an- 
nealing time. At first there is a tendency for a max- 
imum to appear on the 


Ao/p = f(t), 


curves, and then this maximum becomes fully visible. 


It was found that shorter soaking times were ne- 
cessary for this maximum to appear at high anneal- 
ing temperatures. Two series of specimens with 
cold deformation of 88.8 % were heated in an oil 
bath at 200 and 250°. 

First series: 200°—1 min, 5 min, 10 min, 15 min, 
30 min, 1 hr, 16 hr. 

Second series: 250° —0.5 min, 1.5 min, 3 min, 

10 min, 1 hr, 8 hr, 16 hr. 

The results of the electrical resistivity measure- 
ments in percentage of its initial value for the cold 
deformed alloy are given in Fig. 4 in two scales. 
With a 200° annealing the maximum appeared after 


50 5075-100 P 


% variation in electrical resistivity 


on annealing after deformation 


Degree of deformation on coldrolling, % 


FIG. 3. Percentage variation in electrical resistivity of 
an alloy with 25 at. % Al on annealing in dependence 
on degree of previous deformation. Annealing 
temperature 150, 200 and 250°, 


holding time 8 hr. 


10 min soaking and with a 250° anneal, it is shifted 
to 1.5 min. 

The abnormal increase in electrical resistivity 
is thus due to a process of a diffusion nature which 
occurs with an intensity which is dependent on the 
temperature and degree of previous deformation. 

The presence of the maximum on the 


Ap/p = f(z) 


curve can be interpreted in the following way. 

1. The maximum corresponds to a definite critical 
average size of the antiphase domains comparable 
with the wavelength of conduction electrons. This 
explanation was suggested [3] for the abnormal elec- 
trical resistivity in the alloy nickel-chromium. 

For the alloy Fe,Al we must first of all assume 
that long-range order arises in all cases where the 
abnormality is observed. Indeed, a reduction in elec- 
trical resistivity can be attributed to the develop- 
ment of long-range order. 

In powders of the alloy with 35 at. % Al, obtained 
by grinding, superstructure lines are observed [4] 
even after annealing at 200°. However, no data snit- 
able for use in calculations have so far been ob- 
tained concerning the size of the antiphase domains 
in the alloy Fe,Al. 

2. It seems more probable that the increase in 
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FIG. 4. Percentage variation in electrical resistivity of cold deformed allo 
with 25 at. % Al in dependence on duration of annealing at 200 and 25 
after deformation, presented in two scales. 


electrical resistivity is due to causes which are not 
connected with the emergence of a super-structure, 
while the reduction is due to the development of 
long-range order. The simultaneous occurrence of 
the two processes causes the formation of a maxi- 
mum. 

In the alloy with 15.8 at.% Al only an increase in 
electrical resitivity is actually observed; in the al- 
loy with 15.3 at. % Al using the diffusion scattering 
of X-rays, only short-range order was revealed [5] 
in the arrangement of the atoms. 

The increase in electrical resistivity might be due 
to concentration heterogeneities as a result of the 
development of diffusion stimulated by the stress 
field in the region of a dislocation. In conditions of 
reduction of free energy it is most probable that 
there is a translation of aluminium atoms into the 
extended sectors of the lattice followed by their 
arrangement in short-range order. The formation of 
short-range order is however not obligatory, and, de- 
pending on the circumstances created by the stress 
field a nearest neighbourhood of aluminium atoms 
may be energetically more favourable. 

As a result pile-ups of aluminium atoms form at 
dislocations. The generation of such an “atmos- 
phere” of solute atoms [6, 7] might in certain cir- 


cumstances itself be the reason for the scattering 
of conduction electrons. 

3. On the formation of short-range order a further 
reduction in the energy of the alloy may occur due 
to the change in the electron structure as a result 
of the presence of vacant levels beyond the 3d 
shell of iron. Due to the redistribution of electrons 
there may be a reduction in the number of conduction 
electrons. 

The possibility of a change in the valency of the 
iron has already been indicated by Bradley and 
Jay [8] in connexion with abnormalities in the lattice 
parameter on the formation of an ordered structure 
in iron-aluminium alloys. Taylor and Jones [4] have 
shown that cold deformation of an ordered alloy 
with 35 at. % Al, which is non-magnetic at the tem- 
perature of liquid helium, will completely rearrange 
the superstructure and as a result of this the number 
of nearest neighbour iron atoms will increase. Cold 
deformation of this alloy is also accompanied by 
the appearance of ferromagnetic properties and an 
abrupt increase in lattice parameter. When the cold 
deformed alloy is annealed the variation in proper- 
ties proceeds in the opposite direction. Taylor and 
Jones connected this change in properties with the 
possibility of a change in the electron structure of 
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the alloy. 

From this point of view it is sufficient for short- 
range order to be established on annealing and dis- 
rupted on cold deformation for there to be an in- 
crease or decrease, respectively, in electrical 
resistivity. The position of the maximum on the 


Ao/p =] (+) 


curve should, of course, be connected with the ratio 
between short- and long-range order. It should be 
borne in mind that the degree of long-range order is 
not determined by the degree of short-range order 
alone [9]. 

At higher annealing temperatures (300, 350°) an 
increase in the electrical resistivity of the cold de- 
formed alloy is already observed, while the maximum 
occurs at shorter soaking times, so. that in practice 
it seems possible only to obtain the descending 
branch of the 

=f 
curve. This anomalous effect finally disappears 
after annealing at 450°. 

From forged bars of the alloy with 25 at. % Al 
powders were filed which were annealed at various 
different temperatures in a vacuum. X-ray analysis 
of these powders in back-reflection cameras was 
carried out in cobalt irradiation at a distance of 
100 mm between the object and the film, and showed 
that the broadening of the K -doublet (013) was com- 
completely eliminated by annealing at 450°. 

Thus the disappearance of the anomalous effect 
coincides with the temperature at which work- hard- 
ening is removed. 

X-ray photographs of these same powder speci- 
mens taken in focusing cameras with direct mono- 
chromatic exposure [10] showed that weak and very 
broadened superstructure lines of the Fe,Al type 
appeared as early as 250°. Increase in annealing 
temperature caused these lines to increase in in- 
tensity. Thus the reduction in electrical resistivity 
characterized by the descending part of curve 


Ap/p = f (), 


may be due to the emergence and development of 
long-range order. The effects described are also 
found in alloys with 26.5 and 34.5 at. % Al. 


Anomalies in electrical resistivity 


CONCLUSIONS 


1. The abnormal increase in electrical resistivity 
on the annealing of cold deformed iron-aluminium 
alloys is not a peculiarity pertaining to only a 
limited range of compositions [1], but is found in a 
wide range of concent-uiions and is observed in all 
alloys of the system iron-aluminium with an a-iron 
lattice which can be subjected to deformation. 

2. The increase in electrical resistivity character- 
ized by the ascending part of the electrical resisti- 
vity /annealing time curve may be due to a diffusion 
process stimulated by the non-uniform stress field 
which arises on cold deformation. The diffusion 
process causes the emergence of concentration 
heterogeneities (“Cottrel atmosphere”). Besides 
this the emergence of short-range order may cause 
a change in electron structure and reduction in the 
number of conduction electrons. 

The reduction in electrical resistivity is due to 
the emergence and development of long-range order. 
When work-hardening is relieved the anomalous 
effect disappears in an alloy of stoichiometric 

composition. 


Translated by V. Alford 
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DETERMINATION OF ENTHALPY AND THERMAL CAPACITY OF BERYLLIUM 
IN THE RANGE 600 -2200°K * 


P.B. KANTOR, R.M. KRASOVITSKAYA and A.N. KISEL’ 
Kharkov State Institute of Metrology and Measuring Instruments 


(Received 17 February 1960) 


The experimental data available in literature on the enthalpy and thermal capacity of beryllium 


at high temperatures is restricted to the upper limit of 1200°K. There is absolutely no experimental 
information on the enthalpy and thermal capacity of beryllium in the liquid phase, or on the heat of 


phase transformation. 


Measurement of the enthalpy of beryllium has been 
carried out by Jennings, Douglas and Boll [1] in the 
temperature range 273 to 1173°K and by a number of 
other authors [2, 3] at temperatures not exceeding 
1100°K. 

In this article the results are given of the experi- 
mental determination of the enthalpy of pure beryl- 
lium in the temperature range 600 to 2200°K in the 
solid and liquid phases, and also the figures for 
- melting point and the heat of phase transformation. 
From the results of the measurements, coefficients 
have been found for interpolated equations for enthal- 
py and thermal capacity of beryllium in this temper- 
ature range. 

The calorimeter was an insulated aluminium block 
(mass 12kg). By thermostatic control the tempera- 
ture of the block was kept constant during measuring 
to 0.001-0.02°C. A platinum resistance thermometer 
was arranged on the side surface of the block, the 
R, of which was 100 ©. Increase of temperature in 
the calorimeter was measured by means of this ther- 
mometer and a special bridge with a precision of up 
to 0.001°C. 

The test specimens were heated in a high temper- 
ature vacuum furnace connected with the calorimeter. 
A description of the apparatus has been given in 
paper [4]. 

The temperature of the specimens was measured 
by a master platino-rhodium /platinum thermocouple 
up to 1500°K and by a master optical pyrometer type 
OP-48 [5] from 1500 to 2200°K. The ampoules with 


* Fiz. metal. metalloved., 10, No.6, 835-837, 1960, 


It is the purpose of this work to provide these necessary figures. 


the specimens were kept under observation through 
a quartz sight glass in the furnace and a prism with 
full internal reflection. In measuring the tempera- 
ture of a specimen in the furnace the error did not 
exceed 0.05 % up to 1500°K and 0.2% up to 2200°K. 

The beryllium test specimens were produced in 
the form of thin shiny plates in the Low Tempera- 
ture Laboratory of the Physico-technical Institute 
of the Academy of Sciences Ukraine S.S.R. by the 
double distillation of pure beryllium in a vacuum, 
(beryllium content before distillation was 99.8 %). 
These plates were ground and tightly packed into 
ampoules. 

To measure thermal content up to 1200°K platino- 
rhodium/platinum ampoules were used with sealed 


lids and a capillary for unsoldering after filling. 
Above 1200°K beryllium forms an intermetallic 


compound with platinum [6] and for this reason for 
the higher temperatures, ampoules were made of 
beryllium oxide. The lids of the ampoules were 
coated with a compound made of the pure powder of 
beryllium oxide with glucose; on heating the glucose 
is burnt out, the compound knits together and makes 
the ampoule airtight. 

To protect the ampoules of beryllium oxide from 
breakage while being lowered into the calorimeter, 
they were placed in protective sheaths made of 0.2 
mm thick molybdenum sheet. These sheaths at the 
same time served as the hollow of the “black body” 
for measuring the temperature of the specimen with 
the optical pyrometer. The heat content of such a 
double ampoule was found by comparing it with 
empty ampoules. 47 tests were carried out with 
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FIG. 1. Temperature dependence of the thermal content of Be. 


three specimens and 36 with empty ampoules. As a 
result of the experiments the heat content of the 
beryllium specimens in the solid phase was found in 
the temperature range 600- 1560°K, in the phase 
transformation range and also in the liquid phase, in 
the temperature range 1560- 2166°K. The measure- 
ments were carried out with the furnace and calori- 
meter filled with argon (pressure 10-15 mm Hg). The 
initial temperature of the calorimeter varied in differ- 
ent experiments from 25- 27°C. In setting out the 
results obtained at a temperature of 25°C the figures 
for specific thermal content were accepted from [1]. 

Using the method of successive approximation the 
coefficients of the equations for enthalpy and speci- 
fic thermal content of beryllium in the solid and 
liquid phases were found from the levelled out exper- 
imental points: 


Hose 16 = 
= 4.322T +. 1.09 x10~*7* — 1490 cal/g-at 


C,= 4.3224 2.18x10-* 7 
(€00 — 15€0° K); (1a) 


cal /g-at 


H + — Hoos.16 = 6,079T + 2.569 x 107* T? 4 1327 
C, = 6.079 + 5.138x 107 T cal/g-at (2a) 
(1560 — 2200°K). 


‘The experimental figures for the enthalpy of 
pure beryllium are shown in the illustration as a 


function of temperature. A continuous curve was 
obtained with equations (1) and (2). For comparison 
the figures for heat content obtained by Jennings, 
Douglas and Boll [1] are plotted on the curve. 
Jennings’ figures only differ by some tenths percent 
from those obtained from equation (1); 

The table sets out the C_ values of beryllium for 
the solid phase, as obtained by equation (la) and by 
the writers of papers (1, 3]. It follows from the table, 
that the figures obtained by equation (la) vary by 
0.6-1.4% from those obtained by the writers of 
paper [1] in the temperature range 600-1200°K. 

The C, figure found in paper [3] is 6-8 % lower 
than our results, and 7-9 % lower than the results 
given in [1]. 

According to measurements made by a number of 
writers [7], the melting point of pure beryllium is 
in the range 1520-1620°K which is apparently due 
to the presence of impurities and also to error in 
measurement. 

According to our results the melting point is 
1560 + 5°K. According to Losanna [3] the melting 
point of Be is 1557 + 5°K, which is in very good 
agreement with our figures. 

The figure for the heat of fusion which we found 
from measurement of thermal content in the process 
of the transformation of beryllium from solid to 
liquid phase, was 3520 + 80 cal/g. at. 


Translated by V. Alford 
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TABLE 1. Thermal capacity of beryllium Cp (cal/degr. g. -at) 


T, K Acc. equation Acc. paper | Acc. paper 
(1a) [1] 
600 5.65 5.61 5,18 
700 5.85 5.86 5.38 
800 6.06 6 u9 5.57 
900 6.28 6,32 5.77 
1000 6.49 6.57 5.96 
1100 6.71 6.78 6.15 
1200 6.93 7.03 _ 
1300 7.76 
1400 7.38 
1560 7.72 
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THE INFLUENCE OF TEMPERING TEMPERATURE ON THE DIFFUSION AND 


SOLUBILITY OF HYDROGEN IN QUENCHED STEEL * 
Ye.P. NECHAI, K.V. POPOV and L.S. PANENKOVA 
East Siberian Branch of the Siberian Department, Academy of Sciences U.S.S.R. 


(Received 20 May 1960) 


Investigation has been made of the influence of tempering temperature on the diffusion and solubility 
of hydrogen in quenched stee] U7A at room temperature and the introduction of hydrogen into the metal 


by the method of cathode polarization in an electrolyte. It is demonstrated that the rate of diffusion of 
hydrogen is inversely proportional to hardness. The quantity of absorbable hydrogen is not dependent on 


hardness or microstructure. 


It has been established that the rate of diffusion 
of hydrogen in steel and its solubility, have a con- 
siderable influence on structure and internal stress. 
The available experimental data on the problem of 
the influence of the structural state of steel on hy- 
drogen permeability is contradictory. In papers []-3] 
for instance, the conclusion is drawn that an in- 
crease in the dispersion of the structure causes in- 
crease in the rate of penetration of hydrogen through 
the steel. According to other information [4, 5] on 
the other hand, steel with a more dispersed structure 
is less permeable to hydrogen. In certain papers 
[6-8] it is established that the rate of diffusion of 
hydrogen is in no way dependent on the dispersion 
of the structure. The same disagreements also ob- 
tain regarding the question of the influence of the 
dispersion of the structure on the solubility of hy- 
drogen in steel. In paper [9] it is demonstrated that 
the solubility of hydrogen by steel is considerably 
dependent on the dispersion of the structure. Ac- 
cording to this, martensite dissolves hydrogen at 
the rate of 6.9 ml, troostite at 15.9 ml, sorbite at 
46.5 ml per 100 g of the metal. In paper [4] it is 
asserted that hydrogen is more easily absorbed in a 
fine-grained steel than in a coarse-grained one. The 
view is widely expressed [10] that variation in the 
structure of the steel due to variation in grain size 
has no substantial influence on the solubility of 
hydrogen in steel. 

The influence of stress on the diffusion of hydro- 


* Fiz. metal. metalloved., 10, No. 6, 838-840, 196... 


gen in steel has been studied by a number of inves- 
tigators [8, 1]-13]. It has been established that 
stresses arising in a steel on plastic deformation, 
increase its ability to absorb hydrogen and cause 
diffusion of the latter to be accelerated. It is known 
that the stressed state of a lattice generated as a 
result of structural transformations, martensite for 
example, is not favourable to diffusion. 

The purpose of the present work was to study 
the diffusion and absorption of hydrogen in steel 
in conditions where increase in the tempering temp- 
erature of the quenched steel reduced the dispers- 
ion of the structure and at the same time reduced 
the internal stresses in the alpha-phase lattice. 

Steel U74 was selected for the investigation. 
Disks of the steel 0.7 mm thick were used for the 
experiments and they were obtained by grinding 
2 mm thick disks which had been quenched in water 
and tempered at various different temperatures. 
After heat treatment and grinding the disks were 
rubbed up on both sides with emery paper and used 
for investigating the diffusion of hydrogen in steel 
in the process of cathodic polarizations. 

The study of the permeability of hydrogen in 
steel was carried out on an Edwards [14] type ap- 
paratus. The electrolyte used was a normal aqueous 
solution of sulphuric acid with an addition of 3 mg/1 
of arsenic. The specimen was the cathode and a 
platinum spiral was the anode. The surface of the 
specimen adjacent to the electrolyte was 6.6 cm’, 
current density was 0.06 A/cm?. Before the ex- 


‘periment both surfaces of the plate were degreased 


in spirit and alkali, washed in distilled water and 
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FIG. 2. Dependence of rate of diffusion of hydrogen in 
stee] U7A after tempering at various different tempera- 
tures on the inverse hardness figure. 


FIG. 1. Dependence of the amount of hydrogen 
diffused on electrolysis time. 


| Saturation 


| 
Rate of diffus- 


Heat treatment ei, ion of hydrogen asa 
“kg/mm? mix 103| hydrogen 
jen? x min ml/100 g 


ing at (°C): 


712 | 0.02 23.0 
573 | v.21 23.5 


way as in the experiments for permeability. They 


dried on filtering paper. The permeability of the 
were hydrogenated until the amount of hydrogen ab- 


hydrogen through the steel disk was checked from 
observation of the mercury in the tube. From this a sorbed became constant, i.e. to “saturation”. The 


graph was plotted for the dependence of the quanti- hydrogen content was determined from degasifica- 

ty of hydrogen (ml/100 g) diffused through the spe- tion of the specimens in a vacuum at 600°. 

cimen, on electrolysis time (Fig. 1). The experiment The table shows the figures for rate of diffusion of 

was continued until a constant rate of diffusion of hydrogen absorbed by the steel after various differ- 

hydrogen in the specimen was established, which ent heat treatments. 

could be determined from the gradient of the straight The dependence of the rate of diffusion of hydro- 

line sector in respect of the time axis. gen in steel p on the inverse Brinell hardness value 
At the same time as the experiments in hydrogen (1/H) is expressed by a straight line (Fig. 2), i.e., 

permeability, experiments were also carried on for the rate of diffusion of hydrogen in steel U7A after 

the investigation of the absorption of hydrogen by tempering at various different temperatures is in- 

the steel in dependence on its structural state. The versely proportional to hardness. 

pieces were saturated with hydrogen in the same Hardness is primarily characteristic of the stressed 
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state of the alpha-phase lattice. The results obtain- | atures, the steel becomes saturated at various dif- 


ed therefore indicate that the permeability of quench- ferent points. Specimens with a martensitic structure 
were saturated after 3 hr and those with a sorbitic 


structure after 1 hr. With insufficient cathodic polar- 
ization, when specimens in which the rate of diffus- 
ion of hydrogen is low do not achieve saturation, 
erroneous conclusions may be drawn regarding the 
influence of the structural state on the solubility of 
hydrogen in steel. This is probably what occurred 

in some of the investigations mentioned above [9]. 


ed and tempered steel to hydrogen is determined 
mainly by the magnitude of the internal stresses in 
the alpha-phase. If the dispersion of the structure 
has any effect on the permeability of the steel to 
hydrogen in tempering conditions, this must be very 
small in comparison with the influence of internal 
stresses. 

It can be seen from the table that the amount of 
hydrogen absorbed by specimens of different hard- 
ness, is practically identical. It must be noted that 
as a result of the different rates of diffusion of the 
hydrogen in steel after tempering at different temper- 


Translated by V. Alford 
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STACKING FAULTS IN COLD-DEFORMED NICKEL AND NICHROME * 
Ya.D. VISHNYAKOV and S.S. GORELIK 
Moscow Institute of Steel 
(Received 25 April 1960) 


Stacking faults which arise in metals on cold deformation cause three X-ray effects: displacement 
and broadening of interference lines, and also a reduction in their intensity. The greater the concen- 
tration aof stacking faults the greater will be these effects. 

The concent.ation of stacking faults in cold-deformed nicke] and Nichrome has been determined 
from the effect of line displacement. In Nichrome a = 2%. and in nickel a = 1%. The line intensity which 
is reduced most considerably is that from (200) and (400). The dimensions of the coherently reflected 
regions, calculated with allowance for the influence of stacking faults on line broadening, is consider- 
ably greater than where this is not allowed for. 


Q 


FIG. 1. Diagram showing arrangement of layers in face-centred cubic lattice: 
a — normal sequence; 
a and b — sequence with deformation stacking faults; 
¢ — sequence of layers twinned in respect ot a. 


Besides the study of such structural imperfections the usual sequence in the arrangement of close- 
of metals as vacancies, elastic distortions, mosaic packed planes (111) of the ABCABC type, due to 
structure, dislocations, lattice distortions by impuri- slip in the (111) planes a defect sequence ABC- 
ty atoms etc., great attention has been paid in recent ACABCABC may occur (Fig. 1). 


years to the study of what are known as stacking A pile-up of shear deformation stacking faults of 
faults [1-3]. Generally speaking, the term stacking this kind may cause a twinning defect in the crystal 
faults embraces all departures from the normal sequ- _[1] similar to the twinning defect which arises in 
ence in the arrangement of planes for the crystal in the process of crystal growth. In this case the se- 


question. Thus, in a face-centred cubic lattice with quence ABCACBA ... will appear, i.e., through the 
defect in the stacking of the layers translation 


* Fiz. metal. metalloved., 10, No.6, 841-852, 196. takes place from the sequence ABC to CBA which, 
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FIG. 2. Diagram showing effect of deformation stacking faults on the X-ray diffraction 

pattern of metal powder with fcc lattice; vertical lines with numbers above them re- 

present the sharp components, hatched peaks — broadened components; the reflex. 

points in a perfect material are represented by indexes (hkl); above are the figures 
indicating the repetition factors of individual components. 


like ABC also very well described a fcc lattice. 

The study of stacking faults is interesting for the 
following reasons: on one hand, an explanation of 
the mechanism and conditions of their formation 
would provide a deeper understanding of the mechan- 
ism of plastic deformation and also the processes 
of strengthening and softening; on the other, the pre- 
sence of stacking faults in a metal causes the emer- 
gence of X-ray effects similar to those which occur 
on other structural changes and this complicates the 
study of these other variations. 

It has been shown [2] that deformation stacking 
faults in the planes (111) in a metal with a face- 
centred cubic lattice produce a small shift in the 
peaks obtained in powder photographs while twinn- 
ing faults cause asymmetry of the lines and a much 
smaller peak shift. Besides this, both types of de- 
fect contribute to a definite degree to the symmetric- 
al broadening of X-ray lines after cold deformation. 
It is also known [3] that the presence of stacking 
faults causes a weakening in the integral intensity 
of the lines of the X-ray photograph. 

Displacement of the peak in the co-ordinates 20 
(diffraction grating) is dependent on the crystallo- 
graphic indices of the reflection and also on the con- 
centration of stacking faults a [4] in the following 
way: 


= 


0 


where 6, is the Bragg angle, 
92 
(h, k, | are the cubic lattice indices), 


hy 


is the third index in the hexagonal reciprocal space 


of an fcc lattice. 

The theory of stacking faults [2] provides the 
possibility of finally resolving the problem of which 
components of the peaks which will be sharp and 
which will be broadened, and also the question of 
the direction of shift of a broadened component from 
the Bragg angle. Thus, if N is a whole number, then 


=3N 


is appropriate for a sharp non-displaced maximum, 


JA+k+1] =3N+1 


is appropriate for a broadened reflex displaced 
towards the larger (plus) and smaller (minus) angle 
(compare with the sign in formula (1) ). For example 
(111) and (111) give sharp components 


(|A+k+1/=3), 


and the other plane of the family {111} gives broad- 
ened components 


(A+R+1/ =1. 


i.e. 3N + 1, as N = 0) displaced towards the larger 
angle. Fig. 2 shows a scheme for the arrangement 
of X-ray interferences for an fcc subject to the in- 
fluence of stacking faults. From this diagram it can 
be seen that of all the maxima, the sum 


(h? +k? + 


of which ¢ 20, only the maximum (311) remains un- 
displaced due to stacking faults. 

The effect of stacking faults on the broadening 
of lines is similar to that which occurs on the grain 
refinement of fields of coherent scattering. This 
contribution is not usually allowed for and the 
reason for the broadening of X-ray lines in a deform- 
ed metal is taken to be the microdeformation of the 
crystal lattice and dispersion of the fields of coher- 
ent scattering alone. Therefore, where there are 
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TABLE 1. cos @. j figures for various (hkl ) 


| 
| 


stacking faults, if the usual [10-11] methods of dis- 
tinguishing the effects of dispersion and microdefor- 
mations are used, we shall always get too low a 
figure for the size of the fields of coherent scatter- 
ing. 

When determining the size of coherently reflected 
zones by means of harmonic analysis of the form of 
the X-ray line broadening curve for the average size 
of a coherent scattering fieldin the direction normal 
to the reflecting surface an apparent (effective) di- 
mension <> istaken, which is found from the form- 


ula 
dn (D) (2) 


where A@ is the Fourier coefficient for the disper- 


sion effect only; 
n_ is the harmonic number. 


In practice [12] 
] 
<D> 


is determined as the gradient of the tangent to the 
curve 


Af = | (n) 


in the field of low n values. 
Allowance for the influence of stacking faults on 
line broadening leads to the following formula [1]: 


dAd\ 
© 
dn /n=0 


is the actual size of the coherently re- 
flecting field as opposed to D of the 
apparent (effective) one; 


where a 


Ds 


is the correction for the effect from the stacking 


+ B b 

D, 4+ 1)” (4) 
u 


Here a and 6 represent the probability of the pres- 
ence of a deformation and consequently, a twinning 
defect between two neighbouring layers; d,,) is the 
interplane distance for planes 


\ARI|; 


D is the summation through the components of the 
faiaily {hkl} under the influence of stacking faults 
(broadened component 


lh+k+1|=3N+4+1, 

where N is any whole number, sharp component 
lh+k+I1|=3N): 

p2 is summation through all (sharp and broadened) 


components of { hk/}. In other words 


Here is the angle between B, and 


(HB, + KB, +h,Bs) 


in the hexagonal reciprocal space of the fcc lattice 


(HB, + KB, + h3B; 


is the diffraction vector); j is the proportion of 
components subject to the influence of packing 


defects (Table 1). 
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TABLE 2 


(222) 


(A (28)) +11’ 


(A(2%)) corrected 4-12" 


(A (24)) 
experimental after 
introducing correction 


+1’ 


Nichrome 


(111) | (200) 


( A(28)) —12’ —13’ 


A (28) 
experimental after 
introducing correction 


(A(2%)) corrected —4’ | 


TABLE 3. Variation in the distance between neighbouring lines on X-ray patterns after 
cold deformation for nickel and nichrome and also the sigh of this change due to 
stacking faults in a general case of a fcc lattice 


( A(2 ) hel A (2 §) ) Sign 
A (2 §) ) Akl ( A (2 §) ) 
Nickel Nichrome acc. theory 


EXPERIMENTAL SECTION a small fraction was sieved through a 130 mesh 
sieve for the investigation. The powders filed in 


Nichrome (Ni + 13.3% Cr) and nickel were used this way were used as the deformed test specimen. 


as the materials for our investigations, in the form : 
For the annealed specimen, powders were taken 
of powders. 


The Nichrome was melted in a vacuum electric which had been annealed for 30 min at 950-1000° 


furnace. After forging and homogenizing powders in a vacuum and quenched in water from this temper- 
were filed from a specimen of this alloy, of which ature. 
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FIG. 3. Ratio of the intensity of different lines on an 
X-ray after deformation to their intensity after 
annealing Udet/lann): 

o — for nickel; e — for Nichrome. 


The nickel powders were produced by reducing 
nickel oxide in a hydrogen stream at ~ 400°. This 
powder was ground in a ball mill for 48 hr. Accord- 
ing to Kochanovska’s data [5] nickel acquires the 
maximum degree of deformation in this time. For 
the annealed specimen, photographs were made of a 
powder which had been annealed ina vacuum at 400- 
450° for 2.5 hr. This annealing temperature for de- 
formed nickel is based on the data in papers [6, 7]. 

From these powders flat specimens were prepared 
for photographing. The photography was carried out 
in a URS-50I apparatus with a scintillation counter. 
Monochromatized (germanium monochromator) CuK, 
irradiation was used which had a, and a, components 
in its composition. 

Reflections (111), (200), (220), (311), (222) and 
(400) were analysed. The cold-deformed nickel and 
Nichrome specimens produced all three X-ray effects 
due to packing defects: displacement and broaden- 
ing of the peaks, and also reduction in their inten- 
sity. 
For the lines (111), (200), (220), (311) and (222) 
the angles corresponding to the peak maxima were 
determined with an accuracy of + 1’in 2 0. 
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FIG. 4. Graph InA , =f (13) for reflections of the first 
and second order from plane (111) of nickel 
after grinding in a ball mill. 


The results of the investigations showed that 


after cold treatment all the nickel lines were shift- 


ed towards the larger angle side (Table 2). Bear- 
ing in mind that of the lines at our disposal, (311) 
should not be displaced under the influence of 
stacking faults, the displacement of all the lines on 
the X-ray photograph can be interpreted thus, that 
in the process of cold deformation, besides the 
formation of stacking faults further variations have 
taken place in the structure of the nickel which 
have caused a reduction of parameter. It was there- 
fore assumed that the whole displacement of line 
(311) occurs due to the influence of this additional 
factor, the possible nature of which will be studied 
below. On the basis of this the interplane distance 
of (311) was calculated for the annealed and cold- 
deformed specimens. Then, using the formula 


D (47 (6) 


d, ,; was calculated for all the remaining lines and 


through them also, 2 6 for the lines of annealed and 
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FIG. 5a. A? = f (n) graphs for reflections (111) in 
deformed nickel: 
o — results obtained by method [10, 11]; 
e — results obtained by method [13]. 


cold-deformed specimens with no stacking faults. 
The results of these calculations were introduced as 
correction factors in the experimental figures (Table 
2). 

Table 3 shows a comparison of the experimental 
results after introducing the correction, with the 
theoretical representations of the sign for the varia- 
tion in the distance between neighbouring lines after 
cold deformation. As can be seen from these figures 
the experimental results coincide with the theoretic- 
al considerations. With allowance for these figures 
the concentration of deformation stacking faults was 
calculated 


(28) — ¢ A (28) ) 
H 


(7) 


where 


H = (Gj — (Gj 


G=+ 
0 
jis the proportion of components of the family 
{hkl} subject to the influence of stacking 
faults. 


The a, an Value for cold-deformed nickel was 


0.8 %. 
Similar results were obtained for cold-deformed 


Nichrome. In the case of Nichrome it was found that 
the lattice parameter for the deformed state was 
higher than for the annealed (in the deformed Ni- 
chrome all the lines, including (311) were further 
over to the small angle side than the annealed ones 


FIG. 56. The same as 5a for reflection (200). 


(sign “—” in Table 2)). 

The correction for Nichrome was calculated (see 
Table 2) in a similar manner to that for the nickel 
parameter. In Nichrome the concentration of stacking 
faults a, was 1.8 %, i.e. somewhat higher than 
for nickel. In both cases however, the degree of 
deformation was sufficiently high so that, despite 
certain differences in the deformation schemes for 
nickel and Nichrome, it could be assumed that the 
difference in the concentration of stacking faults in 
nickel and Nichrome was mainly due to the presence 
of chromium. Chromium of course, increases the 
probability of stacking faults in nickel. This is in 
agreement with the assumptions in [8], that the dif- 
ference in the lattice energies for hexagonal close- 
packed and face-centred cubic packing is reduced 
on alloying. 

In calculation of the a value for nickel and chrom- 
ium, as indicated above, corrections were introduc- 
ed for the variation in lattice parameter. Let us 
consider the possible causes of these variations. 

One of these is the formation of vacancies in the 
process of deformation. However, if the diameter of 
a vacancy is taken to be 0.4 that of a metal atom, 
then a variation of 0.004 A in the lattice parameter, 
which is observed in cold-deformed nickel, could 
be due to the appearance of 0.2% vacancies in the 
metal, which is hardly possible. Vacancies are not 
however, the only cause of reduction in the lattice 
parameter of nickel on deformation. It is also pos- 
sible that, under the influence of deformation, there 
is a withdrawal of impurities in the boundary areas 
(uphill diffusion) which might also cause a reduction 
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in parameter. 

In the case of nickel the opposite effect occurred. 
After annealing the parameter was lower than after 
deformation. The reduction in parameter in the pro- 
cess of annealing might be due to the volatility of 
the chromium during vacuum annealing (950- 1000°, 
30 min). The existence of intensive volatility of 
chromium has already been noted in literature [9]. 
As a result of the withdrawal of chromium from the 
solid solution the metal is considerably enriched by 
vacancies which also causes a reduction in para- 
meter. 

We note that in paper [1] in studying stacking 
faults in copper alloys, it was found that the sign of 
the variation in distance between lines (222) and 
(311) did not agree with theory. In the present work, 
as has already been remarked, the sign for the varia- 
tion in distance between pairs of neighbouring lines 
after cold deformation coincided with theoretical con- 
clusions when the corrections studied above had been 
introduced. Without the introduction of these correct- 
ions the same effect would be observed for nickel 
as was the case in the copper alloys in paper [1]. 

From what has been set out above, it follows that 
for precision measurements of lattice parameter in 
deformed metals and alloys (particularly with close- 
packed lattices) a correction must be introduced for 
the influence of stacking faults or else those lines 
must be selected which are the least subject to the 
influence. This can be important for instance, in 
the case of the study of transformations which take 
place on the deformation and subsequent heating of 
alloys which are supersaturated solid solutions. 

In the present work measurement was also made 
of the intensity integral of lines (111), (200), (220), 
(311), (222) and (400). The diagram (Fig. 3) shows 
the variation in the integral intensity of various 
different lines of en X-ray photograph as a result of 
cold deformation. The ratio between the integral in- 
tensities of the lines from deformed and annealed 
specimens (/4,5//,,) is plotted along the ordinate 
axis. 

The main feature of these data is that the intensi- 
ty of lines (200) and (400) becomes much weaker after 
cold deformation than for all the other lines. There 
is practically no difference in the reduction of in- 
tensity in lines (200) and (400). Besides this lines 
(200) and (400) become much weaker in Nichrome 
than in nickel which is in very good agreement with 
the data on the concentration of stacking faults. The 
reason for the greater reduction in the intensity of 
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lines (200) and (400) as a result of cold deformation 
is of course, due to the fact that in these lines all 
their components are subject to the influence of 
stacking faults. 

As for nickel so also for Nichrome some increase 
in the intensity of line (111) was found after deform- 
ation, due to extinction phenomena of course. 

Thus the influence of stacking faults must also 
be allowed for in analysing the line intensity of de- 
formed metals and alloys. 

To find the value of the coherently reflected 
fields harmonic analysis was carried out [3, 12] of 
the shape of the curves for lines (111), (222), (200) 
and (400). The corresponding peaks in well-anneal- 
ed specimens were used to estimate the influence 
of the geometry of the photograph on the shape of 
the curves. 

The effects of microdeformation and dispersion 
of the coherently reflected fields plus the presence 
of stacking faults were distinguished by two 
methods: by the method suggested by Warren and 
Averbach [10, 11] and also that suggested by 
Krylov [13]. 

Both methods are known to be based on the fact 
that if the broadening of an interference line is due 
to both effects (dispersion of fields of coherent 
scattering and microdeformations), then the coeffi- 
cients for expansion into a Fourier series of the 
functions corresponding to the curve of total phys- 
ical broadening, will be equal to the product of the 
coefficients applicable to each of these effects, 


i.e. 


A, = Ad Ai. (8) 


Where AS represents the coefficient applicable for 
_ dispersion; 
A” is the coefficient for microdeformations. 


n 
Actually as has been noted above, coefficient 


A? accounts for the combined influence of dispers- 
ion and stacking faults. 
The Aa value was determined graphically using 
Warren and Averbach’s method [10, 11, 12]. 
Taking the logarithm of equation (8) and repre- 
senting A® in the form 


exp (— 
we find the following formula: 


InA, = In Ad — 9? 2 (9) 
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where 


If a graph is plotted for the dependence 


then where n = const the value of Ind, will be in a 
straight line, the intersection of which with the 
ordinate’s axis will provide the value Ind? (the 
value of 


2n?Z 


will here be found from the gradient of the straight 
line). 

As an example, in Fig. 4 this graph is shown for 
reflections of the first and second order from plane 
(111) of deformed nickel. 

The Ad values were determined analytically using 
Krylov’s method [13]. Beginning with formula (10) 
the A} values are calculated 


Aj = exp(—8In K,), (10) 


2 
oh, ,/ 


2 2 
fon, and 


are equal to 


+ 


for lines of the first and second order of reflection; 
Ail 
Ink, = 
Abit 
Then from formula (8) the A? values will be calcul- 
ated 
= An 
A; 


Figs. 5and6show the Ad = f (n) graphs in which the 
Af values were obtained by both these methods. 
The difference in these results does not exceed the 
limits of reasonable error. 

The apparent (effective) size of the coherently 
reflecting fields < D > was found from the curve 
Ag = f (n) (Figs. 5and6). Actually, as was demons- 
trated above (formula (2) ), the intersection of the 
tangent to the A? = f (n) curve with the abscissa 


axis, gives the value of n which, can easily be 
calculated from formula (11) in the < D > value in a 
linear scale 


(11) 


is the distance from the specimen to the 
slot of the counter; 

is Bragg angle; 

is the lattice parameter; 


360 
(A@ is the angular width of the interval in which the 
expansion of the curve into a Fourier series takes 
place); 
h; are the usual indices of planes (Ak/). 

We note that all the Ad = f (n) curves were extra- 
polated for low n fields up to the intersection with 
the ordinate axis. In this way a correction was in- 
troduced for hook effect (the appearance of a hook 
on the Ad = f (n) curve in low n fields) which occurs 
as a result of the fact that Ad /n = 0 and which, in 
conditions of normalizing equal to 1, always has a 
minimized figure as it is practically impossible to 
account completely for the area of the interference 
curve in places where it passes into the background 
(known as “tails”). 


The 
<D>j111;and< D> {100) 


figures for nickel and chromium are set out in Table 
4, 

The average dimensions of the coherently reflect- 
ing fields L allowing forthe influence of stacking 
faults on broadening, were found from formula (12) 
which can easily be found from formula (3) 


(12) 


The correction value D, which provides for the 
effect of packing defects on broadening, was cal- 
culated from formula (13) which is obtained from 
formulae (4) and (5) 


1.52 +8 cos¢ 


Ds thst; = 
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FIG. 6a. A? =f (n) graphs for reflection (111) in deformed 
n 


Nichrome (filed at room temperature): 
o — results obtained by method [10, 11];; 
e — results by method by [13]. 


For the case where a and @ are not to be special- 
ly determirfed in the work, the value (1.5 + 8) can 
be calculated using the hypothesis [14] regarding 
the independence of L of (hkl). For this it is suffi- 
cient to have two < D > values, for example 


<D>jiiijand 1100} 


in our work. 


Actually, from formula (3): 


CD) 


=—+ 
L 


s{itt} 


Dg 1100} 


we calculate (a) from (b) and find 


| 


— = 
{D> 1190; (Dd 444; 


1 
De 


using formula (13) and calling 


1 ? 3 


FIG. 6b. The same as 6a for reflection (200). 


we find 1 ] 
(Kj100) — 


i.e., (1.52 8). 


Kitooy 


Then from formula (13) and subsequently from (12) 
we shall find the Z value. 

The final results of the determination of Z and 
D, obtained by this method, are set out in Table 4 

The figures in Table 4 show that with allowance 
for the influence of stacking faults the dimensions 
of the fields of coherent scattering are considerably 
larger than the apparent dimensions obtained without 
this correction. 

The apparent dimension < D > for direction [100] 
is particularly strongly underestimated. The reason 
for this can be found if formula (3) is studied. The 
< D > figures determined by the usual method [10- 
12] are removed further and further away from the L 
value as dD, becomes less. It is known that 


1 52+8 cose -j 


for which reason 
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Material 


lip 
A 


Nickel .. 


1600 


Nichrome. . 


730 


Dg \111) > Ds (100); 


< 
while 


The stronger effect of stacking faults in Nichrome 
is in very good agreement with the fact that concen- 
tration of stacking faults in Nichrome is about twice 
that of nickel. 


CONCLUSIONS 


1. On the examples of nickel and chromium it has 
been confirmed that the presence of deformation 
stacking faults in metals with fcc lattice causes dis- 
placement of X-ray lines, their broadening and re- 
duction in intensity. The extent and sign of the dis- 
placement is dependent on (hk/). The reduction in 
intensity is most strongly expressed for lines (200) 
and (400). All three effects appear more strongly as 
the concentration of stacking faults is increased. 

Allowance for the effect of stacking faults should 
be made when making precise determination of lattice 
parameters in deformed metals and alloys with close 
packing, when finding the sizes of coherently re- 
flecting fields and also in analysing the intensity 
of lines. 

2. The existence of stacking faults in cold-deform- 
ed nickel and Nichrome (13.3 % Cr) has been esta- 


blished. The concentration of stacking faults after 
significant deformation is ~ 1 % in nickel and 2% in 
Nichrome. The effects described in paragraph 1 also 
appear more strongly in Nichrome. 

The proposition has been put forward that the dif- 
ference in the concentration of stacking faults in 
nickel and Nichrome is mainly due to the influence 
of chromium. 

3. It has been established that the average dim- 
ensions of coherently reflecting fields after signifi- 
cant deformation is, with allowance for the influence 
of stacking faults, 470 A for Nichrome, instead of 
300 and 170 A respectively as found without allow- 


ing for this effect. 
4. It has been established that there is a reduction 


in lattice parameter in nickel powder after prolonged 
deformation in a ball mill. The proposition has been 
put forward that the reason for this volume change in 
the lattice may be the formation of vacancies in the 
process of deformation and also the withdrawal of 
impurities towards the boundary regions. 

5. A reduction in the lattice parameter of Ni- 
chrome on vacuum annealing (950-1000°) has been 
established, which may be due to the volatility of 
the chromium from the solid solution with formation 
of vacancies in the process of this type of anneal. 


Translated by V. Alford 
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REFINEMENT OF THE STRUCTURE OF BERYLLIUM AND CHROMIUM BY 
THE ACTION OF ULTRASONICS IN ARC MELTING * 
B.Ye. POPOV, S.F. KOVTUN and V.M. AMONENKO 
Physico-technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received.6 June 1960) 


It is demonstrated in this work that by a combination of the arc melting of beryllium and chromium 
with ultrasonic treatment of the crystallizing metals, considerable refinement of the stracture of the 


ingots can be obtained. 


INTRODUCTION 


The low mechanical properties of cast beryllium 
are due in particular to the fact that in ordinary cir- 
cumstances it forms a coarse crystalline dendritic 
structure. 

Use is made of the powder method to achieve a fine 
equiaxed crystal. In this case however, consider- 
able contamination of the metal with oxides and 
other impurities is observed, which have a consider- 
able effect on the plastic properties of beryllium. 

For this reason it seemed desirable to seek out a 
method obtaining specimens of beryllium in which a 
high degree of purity could be combined with a fine 
crystalline structure. 

We have made an attempt to produce a fine-grained 
ingot while maintaining the purity of the original 
material. In the solution to this problem use was 
made of the ability of ultrasonic oscillations to in- 
fluence to a considerable degree the process of 
crystallization of metals. 

There are many examples of the successful appli- 
cation of this method for improving the structure of 
metals and alloys [1-6]. Development of work along 
these lines however, has been delayed due to the 
difficulties which arise in transmitting ultrasonic 
energy to melts at high temperatures and also con- 
nected with the appearance of a considerable temper- 
ature gradient on the sound conductor, with partial 
solution of the latter in the high temperature melt. 

To avoid the undesirable heating of the sound 


conductor and to localize the liberation of heat to 
the melting metal, the melting was done in an arc. 

A cooled copper rod was used as the sound conduc- 
tor, inserted into the crucible and mould. The experi- 
ments were carried out with beryllium and chrom- 
ium *. 


EXPERIMENTAL PROCEDURE 


The melting and sonic irradiation of the metals 
was carried out in the apparatus shown in Fig. 1. 

The ultrasonic oscillations were supplied by 
magnetostriction oscillator 8 with radiating surface 
49 cm?, composed of nickel plates 0.25 mm thick. 
The oscillator was supplied from an h.f. generator 
by means of which the frequency could be varied 
evenly in the range from 10 to 30 kc/s. The power 
supplied to the vibrator was kept constant in all 
the experiments, at 200 VA and frequency of 19.7 
ke/s. 

Sonic energy was conducted to the mould through 
a halfwave exponential concentrator and a copper 
sound conductor inserted in the lower flange of the 
chamber 7. Above the crucible-mould was one of 
the arc electrodes 3 inserted through a ball packing. 
The second electrode was the sound conductor of 
the vibrator 6. The metals were melted at a pres- 
sure of 400mm Hg in an argon medium previously 
purified by passing through melted lithium. The 
argon was let into the space through nozzle 1. 


* Fiz, metal. metalloved., 10, No. 6, 853-856, 1960 


* Ultrasonic treatment of an alloy on a Fe base melted 
in an arc with a divided electrode, was done by Lane, 
Cunningham and Tiller [9]. 


59 

VOL. 

= 
1960 


Refinement of the structure of beryllium and chromium 


FIG. 1. Diagram of experimental] apparatus. 


Nozzle 2 was used for the pumping system. The 
process was observed through sight glass 4. 

When the arc was hot the ultrasonic vibrator was 
connected and the melt was irradiated. After 1-2 
min irradiation the hot arc was extinguished and 
ultrasonic transmission to the crucible was continu- 
ed until the metal had fully crystallized. An inten- 
sive flow of water cooling the sound conductor in the 
region of the crucible provided for the complete crys- 
tallization of the ingot a few seconds after switch- 
ing off the arc. 

In similar circumstances, but without sonic irra- 
diation, control ingots of chromium and beryllium 
were produced. The specimens of beryllium and chro- 
mium obtained were cut along their vertical axes 
and metallographic specimens were prepared from 
them. 


The microstructure of the beryllium was investi- 


gated in polarized light without etching. The chro- 
mium was etched in a reagent consisting of one 
part hydrochloric acid and two parts ethy] alcohol. 


RESULTS OBTAINED AND THEIR 
DISC USSION 


Fig. 2 shows the microstructure of metallographic 
specimens of sonically irradiated and control test- 
pieces of beryllium. Comparison shows that the 
control ingot consists entirely of dendrites grown in 
the direction of the temperature field gradient, while 
the main volume of the irradiated ingot has a fine- 
grained structure without any preferred direction. 

The degree of refinement is such that the grain 
sizes are comparable with the grain sizes of beryl- 
lium produced by the powder metal method [7]. A 
particularly good refining effect is observed in the 
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FIG. 2. Microphotograph of metallographic specimens of beryllium: 


a — control; 


b — solidified under ultrasonics; x 50. 


FIG. 3. Microphotograph of specimen of chromium: 


a — control; 


b — solidified under ultrasonics; x 50. 


central zone of the ingot, it is somewhat less near 


the surface where the average linear dimension of 
the grain is 100-120 pw. The lack of uniformity in the 
structure of the ingot is apparently due to the ine- 
quality of the acoustic field in the crucible, which is 
of hemispherical shape, and also uneven heat with- 


drawal from the walls of the crystal. The structure is 
finer in places where the cooling was intense, while 
in the zones with reduced heat withdrawal some 
columnar structure is revealed. 

Chromium crystallized under the influence of 
ultrasonics (Fig. 3b) has a more uniform structure in 
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FIG. 4. Deformation of beryllium dendrites in the ultrasonic field: x 42. 


cross-section than beryllium. 

The average grain size in the central part of the 
specimen differs by only a half that on the periphery. 
The grain size in a control specimen melted in the 
same conditions but without ultrasonics, was 40-50 
times greater (Fig. 3a) and corresponded in size to 
that usually obtained by crystallization in crucibles 
[8]. The refinement in the structure of beryllium and 
chromium obtained in these experiments is not of 
course, the maximum, as neither the ultrasonic ir- 
radiation conditions not the degree of cooling were 
optimal. 

In one of the testpieces we were able to observe 
the nature of the deformation of beryllium dendrites 
in an ultrasonic field, intensity of which was not 
sufficient for their destruction (Fig. 4). The pattern 
seen on the photograph is in very good agreement 
with the widely accepted representation of the mech- 
anism of the action of elastic oscillations of ultra- 
sonic frequency on a crystallizing metal. 

In studying the beryllium and chromium ingots it 
was noted that increase in the time of ultrasonic 
treatment before the commencement of solidification, 
causes more uniform cross-section density. Micro- 


scopic examination of ingots obtained under shorter 
sonic irradiation time, revealed the formation of 


pores. In the control pieces the cavities were con- 
centrated in the central part of the ingot. 

The use of an arc as the source of energy for 
melting a metal in combination with ultrasonic treat- 
ment of the melt makes it possible to obtain a re- 
finement of the structure of high melting point 
metals and alloys as also their complete degasifica- 
tion. 

The results obtained provide a basis for the hope 
that, after the purely technical difficulties of ultra- 
sonic treatment of the melts have been overcome, it 
may be possible to develop it as one of the methods 
of controlling the processes of crystallization. 

At the present time we are carrying out experi- 
ments in the investigation of the mechanical pro- 
perties of chromium and beryllium treated by ultra- 
sonics. 


Translated by V. Alford 
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THE HIGH TEMPERATURE OXIDATION OF HIGH MELTING POINT ALLOYS 
|. ALLOYS OF TUNGSTEN WITH TITANIUM * 
I.N. FRANTSEVICH and R.F. VOITOVICH 
Institute of Powder Metallurgy and Special Alloys, Academy of Sciences. Ukr. S.S.R. 
(Received 28 April 1960) 


Investigation has been made into the kinetics of oxidation of titanium and alloys of tungsten with 


titanium in the temperature range 500 to 900°. 


It has been established that small additions of tungsten at temperatures of up to 750° improve the 
resistance of titanium to oxidation, while small quantities of titanium promote the more intensive form- 


ation of scale in tungsten. 


The results obtained are discussed in the light of current representations of the mechanism of 


oxidation of alloys. 


In recent years the high melting point metals and 
their alloys have attracted the attention of a number 
of investigators as corrosion-resistant materials 
with high strength characteristics. In this connexion 
there has been an increasing interest in the various 
different properties, including resistance to scale, 
which have already been sufficiently studied for the 
pure metals. Information regarding the oxidation be- 
haviour of high melting point alloys is, however, 
very limited. We undertook the systematic study of 
the resistance to oxidation of alloys on the basis of 
tungsten, titanium and zirconium. 

In papers [1, 2] the oxidation of titanium with 1.3, 
2.95 and 17.6% by weight tungsten was studied in 
the range 750 to 980°. Additions of tungsten were 
found to improve the resistance of titanium to oxida- 
tion only in a limited time and temperature range. 
Electron diffraction investigation of the oxide layers 
formed on alloys of tungsten with small additions of 
nickel, cobalt and chromium showed that they con- 
sisted exclusively of WO, + WO, [3]. 

According to the information in paper [4] tungsten 
forms a continuous series of solid solutions with 
titanium. In an earlier work however [5], it has been 
demonstrated that the maximal solubility of tungsten 
in titanium is only slightly higher than 50% by 
weight. 

The scale formation of tungsten at 500- 1000° has 


* Fiz. metal. metalloved., 10, No.6, 857-861, 1960 


studied in paper [6]. 

We have investigated the oxidation of titanium 
(Fig. 1) and tungsten-titanium alloys (15, 50 and 
75 weight %) in the temperature range 600-900°. 
The alloys were melted in an arc furnace with a 
tungsten electrode on a copper cooled hearth of 
iodide of titanium and tungsten 99.98 %. To avoid 
non-uniformity, the 20 g ingots were remelted several 
times. No macroscopic heterogeneity was revealed 
in the test specimens obtained in this way. _ 

Microscopic heterogeneity was eliminated by anneal 
ing the specimens in a vacuum for 35 hr. 

Hardness increased somewhat (Fig. 2) with in- 
crease in tungsten concentration. Oxidation was 
carried out by the usual weight method for 12 hr. 
The weight of the specimens was 1-2 g and the 
overall surface was 1-3 cm. Oxidation curves are 
given in Figs. 3 to 5. It is interesting to note that 
alloys with a large tungsten content (3, 4) reveal 
features in the process of oxidation, which are 
characteristic of pure tungsten. Thus, the more in- 
tensive formation of scale is observed at tempera- 
tures above 700°. This is due to.the formation of 
the phase a WO, in the oxide scale and its trans- 
formation at 700° to the stable phase a WO, which 
has a higher concentration of anion vacancies and 
is thus capable of more intensive oxide formation 
[7]. 

The temperature dependence, calculated from the 
straight lines InK-1/7 (Fig. 6) is expressed by the 
equation K= Ae~8/RT. TheA and B values are given in 
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40 42 


FIG. 1. Oxidation curves for titanium: 


1— 100°; 2-900; 3-800; 4-700; 5-600. 


Time, hr 


FIG. 3. Oxidation curve of the alloy W-Ti (15 %): 
1-900; 2-800; 3-700; 4-600; 5-500. 


the table. 

It can be seen from Fig. 6 that at all temperatures 
the alloys are oxidized more intensively than the 
initial components, with the exception of the alloy 
with 75 % titanium (up to 700°). The break which can 


25 50 
wt % tungsten 


FIG. 2. Dependence of hardness on composition. 


FIG. 4. Oxidation curves for the alloy W-Ti (50%): 
1—900; 2-800; 3-700; 4-600; 5-500. 


be seen on the rate curve at 700° is evidence of the 
abrupt increase in the rate of oxidation due to phase 
transformation in the oxide layer. 

The alloy with 25 weight % tungsten oxidizes 
more slowly than titanium in a certain temperature 
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TABLE 1 
Temperature 
Composition weight % | A B range °C 
Titanium | 7,39 31800 500— 1000 
W — Ti (15%) | 1.29x10—4! 29800 ' 500— 700 
1.04x 10-2} 49000 | 700— 
W — Ti (50%} 2.76x10—5) 23800 500— 700 
1 6.76xlu—3| 59600 700 — 900 
W -- Ti (75%) | 3.74% 10-6 19900 500— 
| 1.51 x 10-4 14900 ' 7U0— 900 
Thal by 
° 
30 7 
| 
500 __600 700 800 900 
| | W-Ti(15 J) 
| W-Ti(S0%) 
| 
| 
“NS 
| 
| | 
| 
Time, hr 09 08 O07 $ 
FIG. 5. Oxidation curves for the alloy W-Ti (75 %): FIG. 6. Temperature dependence of the rate of 
1—900°; 2-800; 4-700; 5-600; oxidation. 
6 — 500°. 


range. These results can be explained in the follow- _ the rate of oxidation of titanium and titanium alloys 
ing way. From the theoretical point of view and ac- is mainly determined by the diffusion of oxygen 
cording to electrical conductivity measurements of ions. The solution of tungsten oxide in titanium 
displaced TiO, and WO, crystals carried out in paper oxide is represented by the equations: 

[8], the rate of oxidation of titanium should be less ee Shoe 

in the presence of small quantities of tungsten. Ac- WO; W@ (Ti) -- 20+ TiO, + /, 0; 


tually, according to the hypothetical equation (Ti) +O+ 
TiO, Of] ° + O + 1/2 (gas), + TiO, + 0, (gas) 


High temperature oxidation. I. 


7073" 


FIG. 7. Temperature dependence of the equilibrium con- 
stant of oxidation-reduction reactions which occur on 
the oxidation of alloys: 


1—3Ti + 2 WO, = 2W + 2—2Ti 
+ Tigds; 3Tig05 + W 4 
W + > $—3TIO + WO, 2W+ 
VOL. + 6—6TiO + WOy W + 3Ti205. 


lo 
an oxygen anion vacancy; 
an electron; 

@° _ is an interstitial impurity cation of high 
valency) causes a reduction in the concentration of 
anion vacancies and consequently, the slower form- 
ation of a scale by the alloy. 

On the other hand, small additions of titanium are 
favourable to the oxidation of tungsten. The results 
obtained also fit in with existing ideas on the in- 
fluence of small quantities of other metals on the 
scale resistance of the main component [9]. 

The solution of titanium oxides in tungsten oxide 
is due to the increase in the subsequent concentra- 
tion of anion vacancies which causes the more in- 
tensive formation of scale. This can be represented 
as follows: 


° +0+%, O, (gas). 
TiO, + Ti@”(W)—207,° 
Ti@” (W) > TiO, + + + 1/,0, (gas) 


(@" is an interstitial impurity cation of low 
valence). 

Interest attaches in this connexion to the results 
of thermo-chemical calculations of the equilibrium 


FIG. 8. Dependence of the rate of oxidation on 
composition (for ] hr): 
2— 700; 3-800; 4-700; 5-600; 
6 — 500°. 


1 — 900°; 


constant of oxidation-reduction exchange reactions 
carried out in a number of oxides (Fig. 5). In the 
process of oxidation it is observed that tungsten 
oxide is reduced to the pure metal and the higher 
titanium oxide TiO, is formed. This undoubtedly 
causes the oxidation processes to occur more 
slowly. 

On the curves for the dependence of oxidation on 
composition (for 1 hour, Fig. 8) a maximum is observed 
at a tungsten content of 85%. Intensive oxidation 
begins after 700°. It can be seen that after 5 hr the 
oxidation curve has exactly the same character. 


CONCLUSIONS 


The kinetics of oxidation of titanium and alloys 
of tungsten with 15, 50 and 75 weight % titanium 
have been studied in the temperatures range 500 to 
700°. 

From the results obtained equations have been 
calculated for the temperature dependence of the 
rate of oxidation. 

It has been shown that small additions of tungsten 
at temperatures of up to 700° improve the resist- 
ance of titanium to oxidation; small quantities of 
titanium cause the intensive formation of scale by 


tungsten. 
The results obtained are discussed from the point 
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of view of current representations of the mechanism 
of oxidation of alloys. 


Translated by V. Alford 
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FIG. 1. Dependence of hardness on composition. 


In paper [1] it was shown that the alloying of 
tungsten with titanium causes a reduction in its 
scale resistance. 

The present paper presents the results of the in- 
vestigation of the kinetics of high temperature oxi- 
dation of alloys of tungsten with zirconium. We have 
found no published information regarding the oxida- 
tion activity of these alloys. Some information re- 
garding structure and mechanical properties is given 
in paper [2]. Tungsten and zirconium have limited 
mutual solubility [3]. 

We have investigated the oxidation formation of 
zirconium and alloys of tungsten with zirconium 
(10, 30, 70 weight %) in the temperature range 500 
to 900°. The alloys were prepared from zirconium 
iodide and tungsten 99.98 % by the same method as 
described in paper [1]. 

It can be seen from Fig. 1 that additions of tungs- 
ten slightly increase the hardness of the alloys. 
The curves for the oxidation of zirconium and its al- 
loys with tungsten are given in Figs. 2, 3 and 4. It 
is easy to see that the oxidation of the alloys occurs 
moderately right up to 600°. At higher temperatures 


* Fiz. metal. metalloved., 10, No. 6, 862-865, 196 u. 


intensive oxidation formation is observed. 

Similar mechanisms were also observed in the 
oxidation of pure tungsten [4] and its alloys with 
titanium [1] and were found to be due to the phase 
transformation of a-WO, at 700° and above to a’- 
WO,. The latter has a higher concentration of anion 
vacancies than a-WO, and promotes the more intens- 
ive formation of scale [5]. 

The figures for the constant of the rate of oxida- 
tion of the alloys is given in the co-ordinates 
InK-1/T in Fig. 5 while the equations for their tem- 
perature dependence are shown in the table. 

As can be seen from Fig. 5, all the alloys oxidize 
more intensively than the pure metals and the break 
which characterizes the temperature dependence of 
the rate of oxidation of tungsten on temperature and 
which is due to the appearance of the activating 
phase a~-WO, in the oxide scale, is only observed in 
the alloys with a high tungsten content (90 %). 

It is interesting to see how additions of zirconium 
affect the oxidizability of tungsten (Fig. 6). An ab- 
rupt increase in the rate of oxidation is observed at 
temperatures above 600° with a zirconium content 
of 25 to 60 %.The alloy with 30% zirconium is more 
resistant to oxidation. 
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FIG. 2. Oxidation of zirconium: 
1—at 900; 2-—at 800; 3-— at 700; 4 at 650. 
Oxidation of W-Zr (10%): 
5 —at 900; 6--at 800°; 7-—at 700; 8 — at 600; 
9 — at 500°. 


FIG. 3. Oxidation of the alloy W-Zr (30%): 
1—at 900; 2-—at 800; 3—at 700; 4-— at 600; 
5 — at 500°. 
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FIG. 4. Oxidation of the alloy W-Zr (70%): FIG. 5. Temperature dependence of tLe rate of oxidation 
1— at 900; 2-—at 800°; 3-—at 700; 4- at 600; of the alloys. 
VOL. 5 — at 500°. 
lo 


50 7 
Weight % zirconium 


FIG. 6. Dependence of the rate of oxidation on composition of alloys for 1 hr. 
1—at 900; 2-—at 800; 3-—at 700; 4-—at 600; 5-—at 500. 


the oxidation of tungsten are defective semi-conduc- 
tors with excess anion vacancies [5]. The diffusion 
of oxygen through the vacancies also determines the 
rate of oxidation of tungsten and its alloys. 

In the process of the oxidation of alloys of 


Similar results were obtained for the oxidation of 
tungsten-titanium alloys [1]. 

The unusually active oxidation behaviour of the 
alloys observed may be explained in the following way. 
The main oxide phases a-WO,and aWO, which form on 
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TABLE 1 


Using equation 


K=A - e—B8/RT Temperature 


Composition 


Zirconium 
W—Zr (10%) 1.59x 10-4] 11 900 500—700 
1,0 39 700 700— 900 

W—Zr (30%) 1,23 X 106 4900 500—900 
W—Zr (70%) 5.48 x 166 49 700 500—900 


tungsten with zirconium the ZrO, formed dissolves 
in the WO,, which can be represented as follows: 


WO, +O |* +4 + (gas). 
Z:0, Zr@” (W) 
Zr@’ (W) ZrO, — 307° + 8 ~ 1/,0,, 


where 


Ope is an oxygen anion vacancy; 

@ is an electron; and 
@” is an interstitial impurity cation 
low valency. 
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Using the stationary drop method, measurement has been made of surface tension and the angles 


of Ni-C-S alloys on graphite. 


Metallographic analysis has been made of the cold drops. It has been established that sulphur 
reduces the angles of contact and surface tension of Ni-C alloys on the interface between the gas 
and the graphite. The change from spheroidal to lamellar form in the graphite observed, is due to the 
selective adsorption of sulphur on the crystallographic plane of graphite (0001). 


It is known that sulphur prevents the formation of 
spheroidal graphite on the solidification of iron. Its 
surface activity in cast irons and the synthetic al- 
loys Fe-C has been established in a number of works 
[1-4]. Sulphur also reduces the angle of contact of 
iron with graphite [4, 5]. This reduction in surface 
tension and angle of contact is evidence of a reduc- 
tion in the interphase tension of iron on its interface 
with graphite. 

Among the many hypotheses regarding the mechan- 
ism of formation of spheroidal graphite there is the 
view that it arises due to high surface tension on 
the iron interface subject to the spheroidizing ele- 
ments [4, 6, 7]. From this point of view the antiglob- 
ularizing effect of the sulphur might be explained by 
the fact that it reduces interface tension. In paper 
[2] it was suggested that this effect of the sulphur 
might be due to selective adsorption on some of the 
graphite faces, causing its anisotropic growth. 

In alloys of nickel and cobalt with carbon, which 
can be treated as an iron model, sulphur also pre- 
vents the spheroidizing of the graphite [8-10]. It is 
therefore to be expected that sulphur will have a 
similar effect on graphite in Ni-C alloys and this will 
be due to surface activity. Judging from published 
data, the effect of sulphur on the surface properties 
of Ni-C alloys has not yet been studied. This in- 
formation is required for an understanding of the 
mechanism of formation of various shapes of graphite 
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in alloys of elements of the sub-group iron with 
carbon. It is therefore interesting to study the in- 
fluence of sulphur on the surface properties of Ni-C 
alloys with parallel investigation of their structure. 


PROCEDURE 


Using the stationary drop method the surface ten- 
sion g; of the alloys Ni-C-S was studied and the 
angle of contact @ on a graphite substrate. From the 
o, and @ values the variation in interphase tension 
was estimated and the adsorption of sulphur on the 
alloy-graphite interface was calculated. The initial 
Ni-C alloy (2.40% C, 0.002% S, 0.0004 % O, and 
3.35 cm*/100gH,) was prepared by carbonizing 
electrolytic nickel type NOOO in a graphite crucible. 
Bars of this alloy 9 mm in diameter cast in a metal 
mould, were cut into test specimens which were 
placed on previously ground bases of graphite 
(0.003 % S and 0.12% ash). To introduce the sulphur 
a weighed portion of the alloy Ni-C-S was placed on 
the test specimens. The experimental apparatus and 
procedure have been described in [19]. 

It was found in previous experiments that the re- 
fining foam was separated from the surface of the 
drop by quite small additions of the carbon-saturated 
Ni-C-S alloy, making measurement of the parameters 
difficult. After this additions of sulphur were made 
by a weighed portion of the Ni-C-S alloy with a re- 
duced carbon content (0.8 % C and 1.43% S). Des- 
pite this all the alloys were left with saturated 
carbon, as the deficiency was made good from the 
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TABLE 1. Influence of sulphur on surface properties of Ni-C alloys on a graphite underlay at 1360 
| 


Angle of | (0; —05)) 


S content Surface tension oomact 0 
wt % | o, dynes/cm degrees* dynes/cm 


0.002 1560 136 1110 
0.007 1380 138 1030 
0.022 1320 139 1000 
0.07 1290 129 810 
0.20 1080 122 580 
0.50 990 118 460 
1.43 830 103 190 


* Av. of two measurements 


TABLE 2. Adsorption of S by graphite in Ni-C-S alloys at 1360 


S concentration % » % 0.062} 0.005}.0.01 | 0.02 | 0,03 


Adsorption, mol/cm? x 10° | 1.5 | 2.8 | 4.6 | 7.4 | 9.5 


% 


S concentration % 


Adsorption, mol/cm? x 


graphite underlay. The drop was photographed after surface tension of the former is higher than in the 
10 min soaking at 1360°. latter in all the range of sulphur concentrations in- 


vestigated. This is in agreement with the higher 
surface tension both of nickel in comparison with 


Surface tension was determined graphically [11]. 
The density of the alloy at the experimental temper- 
ature, necessary for the o) calculation, was found by iron [12], and of nickel sulphide in comparison with 
calculating the volume of a drop of known weight. iron sulphide [13]. As can be seen from Table 1, the 
For an alloy containing 2.40% C and 0.007% S it edge angles on addition of up to 0.07 % sulphur 
was 7.65 + 0.20 g/cm’. This figure was used for the hardly vary at all, and then become less. Even at 
a) calculation in the whole range of sulphur concent- _ 1.43% sulphur however, the angle 6 is 103°, while 
rations studied. Error in the absolute estimation of for cast iron (4.0% C, 0.2% Mn, 0.2% Si and 0.03% 


o) did not exceed + 5 % and the angles of contact P), it is 90% at 0.5 % sulphur [5]. 
were measured with a precision of + 3%. In view of the fact that up till the present time 
there is still no successful method of finding the 
RESULTS surface tension of solids, and that o, is approxi- 
mated for graphite in a number of works [2, 14], we 
The results of the experiments are set out in refrained from finding the absolute value for inter- 
Table 1. In Fig. 1 our data are compared with curves _ phase tension a, on the alloy graphite interface. 
obtained for Fe-C alloys [2]. It can be seen that From the og, and @ values obtained experimentally, 
sulphur causes an intense reduction in the surface we calculated the difference in the surface tension 
tension of Ni-C alloys. The influence of the inititial | of graphite on the gas and melt interfaces from the 
small additions of sulphur is particularly high. The formula 0, cos 6 = 0, —o,). Here it was assumed 
nature of the influence on surface tension is the that o, was unchanged by the introduction of sul- 


same for all the Ni-C and Fe-C alloys. Here the phur. 


74 
vo 
 )=—hu | 0,04 | 0.05 | 0.06 | 0.07 | — 1 


Influence of sulphur 


Surface tension dn/cm 


Q2 04 06 08 10 12 14 16 
Yo Sulphur 


FIG. 1. The influence of sulphur on surface tension of the alloys: 


GC; 


2 — Fe—C (2.2% C) [2]; 


3 — Fe—C (4.0% C) [2]. 


FIG. 2. Microstructure of drops of the alloy Ni-C. Etched, x 5: 


a — sulphur content 0.002 %; 
b — sulphur content 0.007 %; 


e — initial alloy (0.002% S) but after the introduction of oxy- 
gen into the atmosphere of the furnace. 


The results of the calculation are given in Table 1. 

It can be seen that the o,, value is considerably 
reduced by the introduction of sulphur. 

If it is allowed that the change in the o,, value is 
only due to the introduction of sulphur in the surface 
layer, and that the solution is subject to Henry’s 
law, then it will be possible from the curves plotted 
in the co-ordinates — sulphur content”, 
to calculate its adsorption by the graphite from 


Gibbs’s formula. The results of this calculation 
are given in Table 2. 

It follows from the results of the calculation that 
with increase in the sulphur content of the alloy, 
its adsorption by graphite increases rapidly and 
reaches saturation at 0.06 % sulphur, becoming 13.7 
mol/cm? or 0.0825 ions S/A2, From this, on saturation 
the area for one adsorbed ion of sulphur will be 12.142. 
On the basis of the crystal structure of nickel sulphide 
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(Ni,S,) [15], we calculated the area for one ion of sul- 
phurina crystallographic plane (110) more densely 
packed with them. It was 11.5A?. The closeness of this 
figure to that found from Gibbs’ equation (12.1 A?) is an 
indication that on saturation, the whole surface of the 
graphite is covered with amonomolecular film of 
Ni,S, in which the arrangement of ions is very close to 
the configuration which they adopt in the plane (110) of 
nickel sulphide. 

Metallographic analysis of drops cooled in the fur- 
nace showed that alloys with 0.002 and 0.007 % have 
a mixed structure. In the centre of a specimen from 
a drop of the first alloy a zone with spheroidal 
graphite is observed (the dark area in Fig. 2a) of 
the correct shape (Fig. 3). In the second case this 
zone occupied a smaller area (Fig. 26). In the re- 
maining alloys, containing 0.022 % sulphur and above, 
no spheroidal graphite was observed. In these speci- 
mens, as also in the light sectors of the structure 
of drops indicated in Figs. 2a-c, lamellar graphite 
is observed. In the alloy containing 0.002% sulphur, 
this graphite was very fine* both inside the grain 
and on its boundaries (Fig. 4a). With increase in the 
sulphur content there was a gradual coarsening of 
the graphite, particularly on grain boundaries (Fig. 40). 
In the alloy containing 1.43% sulphur, only 
coarse lamellar graphite was observed, evenly dis- 
tributed over the the floor of the specimen, and nickel 
sulphur (Fig. 4c). From the metallographic anal- 
ysis it follows, that in a solidifying alloy sulphur has a 
direct effect on the shape of the graphite, changing 
it from spheroidal to lamellar and promoting the 


* This graphite is known under a number of names — 
interdendritic, pseudoeutectic, graphite supercooled 


in iron. 
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FIG. 3. Spheroidal graphite in a Ni-C alloy with 0.002% sulphur. Not etched, x 100. 


coarsening of the latter. 

A number of investigators consider that oxygen, 
like sulphur, also prevents the formation of spher- 
oidal graphite in iron [4, 6]. According to published 
information, the equilibrium concentrations of oxy- 
gen in cast iron with a content of 3.0- 4.0 % carbon 
and 1.5- 2.5% silicon, is very low [16]. In ordinary 
cast irons, as shown by direct determination, there 
is only 0.0008- 0.0016 % oxygen and practically all 
of this is in the form of non-metallic inclusions 
(SiO,, Al,0,, CaO, MgO) [17]. 

It therefore seems exceedingly doubtful that oxy- 
gen has a bad effect on the formation of spheroidal 
graphite [4, 6]. This can be illustrated by the follow- 
ing experiment. After photographing one of the drops 
of an alloy containing 0.002% sulphur, a small quan- 
tity of oxygen was introduced into the tube of the 
furnace. The interaction between the oxygen and 
the surface of the drop caused it to spread over the 
underlay and surface tension was sharply reduced. 
However, this has no effect on the shape of the 
graphite formed on solidification of the alloy. On a 
metallographic specimen from a drop, a zone was 
observed with spheroidal graphite (Fig. 2c) and its 
area was no less than that in the drop which had 
not been blown with oxygen (Fig. 2a). The oxygen 
probably interacts with the carbon already on the 
surface of the drop and for this reason it cannot 
penetrate the alloy. 

All this provides a basis for the assumption that, 
although oxygen in iron does have considerable 
surface activity [18], it does not play a large part 
in the formation of graphite of various shapes in 
iron, primarily due to its very low concentration, 
while the main influence on the shape of the graph- 
ite is exercised by the sulphur which is present in 
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FIG. 4. Coarsening of lamellar graphite in Ni-C alloys under the influence of 
sulphur. Etched, x 100: 


a — 0.002 % S; 


the iron in very large quantities. 
DISCUSSION 


It has been shown in this investigation that the 
influence of sulphur on the shape of graphite in Ni-C 
alloys is due, as in cast irons, to its surface acti- 
vity. The influence of sulphur however, cannot be 
explained only by the reduction in interphase tension 
on the graphite-alloy interface. For this reason the 
proposition put forward in [2] concerning the select- 
ive adsorption of sulphur on the graphite is, in our 
opinion, a very acceptable hypothesis which provides 
an explanation for the influence of sulphur on the 
shape of graphite in alloys of elements of the sub- 
group iron with carbon. Its influence on the formation 
of graphite of different shapes in this case can only 
be explained with allowance for features of its struc- 
ture, where it is assumed that sulphur is selectively 
adsorbed on the base crystallographic face of graph- 
ite (0001). Here the mechanism of the influence of 
sulphur on the shape of graphite could be represent- 
ed in the following way. 

If there is sufficient concentration of sulphur in 
the molten alloy, it is selectively adsorbed on the 


b — 0.2% S; 


c — 1.43% S. 


face (0001) of graphite nuclei. This means that the 
growth of the graphite by formation of new planes 
(0001) becomes very difficult, and it grows mainly 
by the addition of carbon atoms to the ends of small 
packets of the basal planes, as a result of which 
lamellar graphite is formed. At very low sulphur 
concentrations, the basal plane of graphite (0001) 
is not blocked by other sulphur ions. In these cir- 
cumstances the graphite grows by the free addition 
of new basal planes together with their growth in 
other directions. As a result of this polycrystalline 
spherolites arise, consisting of sectorial crystals 
with a very well developed direction of growth 
along axis C, which is also the main indication of 
spheroidal graphite. 

It is much more difficult to explain the fact that 
sulphur increases the precipitation of lamellar 
graphite. It is interesting to note that in this con- 
nexion the behaviour of sulphur in cast iron and 
Ni-C alloys differs considerably. It seems that in 
Fe-C and Fe-C-Si alloys a coarsening of the lamel- 
lar graphite is only observed up to a certain sulphur 
content (0.02-0.04 %) and subsequent additions of 
sulphur cause refinement [20, 21]. This is not ob- 
serve in Ni-C alloys. From data presented it is 
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clear that in these alloys increase in the sulphur 
content from 0.002 to 1.43 % only causes a coarsen- 
ing of lamellar graphite. 

This coarsening is probably due to a reduction in 
the solubility of carbon under the influence of sul- 
phur. For Fe-C alloys this was demonstrated in 
paper [22] where it was shown that sulphur reduces 
the solubility of carbon much more than silicon. 
There is no doubt that sulphur has a similar influ- 
ence on the Ni-C alloys which are related to cast 
iron. Evidence of this is shown by the abundant pre- 
cipitation of graphite foams on the surface of a drop 
which we observed on the addition of sulphur by 
means of saturated carbon in the alloy Ni-C-S. 

Thus, the introduction of sulphur which reduces 
the solubility of carbon in the alloy, causes precipit- 
ation of a considerable part in the form of coarse 
hypereutectic graphite. Coarsening of the graphite, 
mainly along the boundaries, is due to enrichment of 
the sulphur in the latter by batches of the liquid 
phase and, as follows from this, reduction in the sol- 
ubility of the carbon in these sectors. The coarsen- 
ing of lamellar graphite in the process of eutectic 
crystallization is probably due to the fact that the 
absorption of sulphur on the boundary between the 
growing eutectic columns and the liquid, causes an 


increase in the relative rate of growth of the graphite. 


CONCLUSIONS 


]. The influence of sulphur on the surface tension 
and angles of contact of Ni-C alloys on graphite has 
been studied with parallel investigation of the 
structure of these alloys. 
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SOME MECHANISMS OF SELF-DIFFUSION IN METALS* 


S.D. GERTSRIKEN 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 


(Received 6 March 1960) 


It is demonstrated in this paper that the coefficients of self-diffusion in crystals, extrapolated 


to the melting point, are roughly constant for all elements within each sub-group of the periodic sys- 


tem. 


On the basis of the assumption that the coefficients of self-diffusion in grains and along their 


boundaries are equal or very close in value at melting point (in the solid phase), it is demonstrated 
that this is correct where calculation is made by the absolute method. If calculated by the relative 
method, the coefficient of boundary diffusion (on extrapolation to melting point) is by a factor 


In the paper [1] published in 1954 it was demons- 
trated that a number of values, for instance the 
Truton-Pickte constant 


Hy 


the Crompton-Richards constant 


L 


and the Griinhausen constant 


and others are actually roughly constant only within 
the limits of each sub-group of the periodic system. 
Here the symbols have the following meaning: 7, 
meiting point on the Kelvin scale; 7, boiling point 
on the Kelvin scale; H, heat of evaporation at the 
boiling point; L heat of fusion; a coefficient of 
linear expansion; E activation energy of sel f-diffus- 
ion. 

In the last ten years data have been obtained for 
self-diffusion in metals using radioactive isotopes 
for many elements. By this means it is possible to 
show that the coefficient of self-diffusion in cryst- 
als at boiling point D,, is roughly constant within 


of about three higher than that for diffusion in crystals. 


* Fiz. metal. metalloved., 10, No. 6, 873-878, 1960 


the limits of each sub-group of the periodic system. 
The assumption that D_, is a constant for all ele- 
ments [2] is based on individual investigations of 
three elements, lead, gold and copper, and is not 
justified. In paper [11] it is indicated that the coef- 
ficient of self-diffusion and diffusion has for a 
number of elements at melting point, roughly the 
same value 10° cm?/sec. 

Tables 1 to 8 set out the figures for the para- 
meters of self-diffusion in crystals for a number of 
elements and the D_, value calculated from them. 
Unless otherwise stated the figures used have been 
obtained from paper [3]. Here and subsequently D, 
and D_, are given in cm?/sec and E in kcal/mol. 

Table 9 sets out the mean values for sel f-diffus- 
ion coefficients and melting point broken up into 
sub-groups of the periodic system, from which it can 
be seen that the D,, values for each sub-group are 
very close to one another. 

It must here be borne in mind that if any element 
exists in different modifications then the D,, values 
will be very close for elements with the same crys- 
tal structure. The elements Fe-y, Co and Ni for 
example, have the same structure (face-centred 
cube), and the D,, value is the same for all, about 
3 x 10°°, within the limits of observation error. 

Iron however, at temperatures close to melting 
point has the structure of a body-centred cube and 
D_ has a much higher value for it. From the fact 
that D,, Cu, Ag and Au are close, it can be assumed 
that the parameters of diffusion 1 and 2 in 
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TABLE 1 


"Self-diffusion constants 


Element 


E 


Dn 


Snp 
GE 

In 
Tille 
Tlic 
Tlp 
Tl 

Pt 

Ta 


3.6 x1C—6 
9.2x 10-8 
1.5x10—4 
1,C2 

0.4 

0.4 

07 

0.33 

2,0 


13.4914] 
10.45 
32.0 
32.2 
32,5 
9.4 
6.7 


1.3 
1.6x1l07? 
2.7x10—8 
2.4x1l075 
3.1 
2.8x10-& 
3.0x 10710 
1.2x190—1¢ 
10 
3.7x 10710 
10 
0,8x 10-9 
1.01079 
0.96 x 
1.8 x1078 
5,.0x 1078 


3.9105" 
1.0x107® 
0.9 x107§ 
¢.94 x1078 


Ta 
Cdic | 
Cdp | 


* It has been shown in [5] that D can be calculated in a polycrystal 
D, if the self-diffusion constants are used for different directions 


in tetragonal and hexagonal system crystals. 
** Approx. figs. [11]. 


TABLE 2 TABLE 3 


: Self-diffusion constants Ag Self-diffusion constants Au 


E X10? Do | E De 


-11 
8.9 x10 


-10 
13.34 10 


1.0x107° 
8 


| 

| 0.02 | 51.0 
0.16 | 53.0 
(.265 | 45.3 
0.031 | 39.6 


45.9 
45.5 
43 7 
44.9 
47.4 
45.0 
45.0 
45.4 
44.09 
44.8 
44.6 
42.0 
45.7 
43.7 


0.091 41.7 1.4x10— 


on 


= (1-13 + 0.18) x107° 


00 
an 


Dy (8-4+2.8)x 
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Do 
Li 0.39 
Na 0.24 
Mg 1.0 
Mg |i c 1.0 
Mgic 1.5 
Mg*p 
Snijc 
Snic 
| 52.716] 
17,¢ 
| 22.9 
| 22.6 
| 20.0 | 
| 68.2 
| 110.0 | 
VOL. 1.3x10—3 110.0 
lo 0.05 18.2 | 
1960 0.1 19,1 | 
0.895 
0724 
0.27 | 
0 | 
0 
0 
0 
0 
0 
0 
0 
0 
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TABLE 4 


Self-diffusion constant Zn 


Direction of 
diffusion Do } | 10 D b x 10° 
46x 10 20.40 1,66 1,55 
ae 93 3 1.5 
jic 0.13 21.8 1.7 1.35 
Ax 0.58 24.3 
Ic 0.08 22.0 0.9 0,61 
oi 0.39 24.9 0.5 
19 6 1.4 
1.6 25.9 10 
¢ i.33x 10 19.0 1,15 
2.79 26.66 
Polycrystal 0.42 23.8 = 1.25 
Polycrystal 4.30 26.4 _— 1,98 


De.av = (1.29 + 0.29)x 1078 


TABLE 5 


Self-diffusion constant Pb Self-diffusion constant Fe—y 


10 

Do E | D,*10 Do | E | Dn 10” 

1.17 | 95.7 | 5,0 0.11 63.5 
0.28 | 242 | 49 0.8 67.9 
666 | 28.0 4.9 0.76 68.0 4.6 
6.56 | 27.9 44 1.30 67.9 7.9 
1.04 x 107°) 48.0 1,6 


De.av = (4.2 + 1.7)x10— 


In a paper by the writer of the present article [3] 
the so-called absolute method of determining D, 
was suggested, according to which it is possible 
not only to find D, but also the width of the bound- 
ary. We note that the energy of activation of self- 
diffusion on the boundaries found by both the relat- 
ive (Fisher et al.) and absolute methods, is practic- 
ally the same while the pre-exponential multiplier 
differs sharply. If the width of the boundary is 
estimated by the absolute method the value for a is 
of the order of several thousand Angstroms. 

As temperature increases the ratio 


Table 3, are not precise. It should be noted that the 
figures for y-Fe are contradictory. 

It has been noted [3] that the diffusion coefficient 
increases with reduction in grain size. The reason 
for this is that boundary diffusion occurs more 
rapidly than in grains and therefore the effective diffus- 
ion coefficient is increased. The first relative 
method of calculating the coefficient of boundary dif- 
fusion D, was provided by Fisher (see paper [3] ), 
and after him Whipple, Lyubov, Golikov and Borisov 
[3] suggested a variation on Fisher’s method, but 
according to all papers cited above it would only 


be possible to determine aD, where a is the unknown aD, 
width of the grain boundary which is usually taken o- 
v 


as 5x cm. 
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TABLE 7 TABLE 8 


Co Self-diffusion constants Ni 


9 9 
E | Dm*10 DA%10 


(2:2 1.3) De. ay= (3-3 + 0.8)x 107° 


TABLE 9. Coefficients of self-diffusion in crystals at melting point 


Ele- 


Element Da Dn 
Li 1.3x Sn 
Na 1 6x10~ Pb | (4.440.3)x10.° 
VOL. 
Cu (0.8+0.2)x10-° Ta 6.0x 
Ag (0.8+0.3)x 107° Ta 3.9x10° 


Au (1.10.2) 107° 


10 


Cr 


Mg (2.754+0.3) x | 
9 


9 
9 


(4.2+1.7) x10_ 
(1.3 + 0.05) x10 (2.2+1.3) x 107 
0.9x107° (3.3+0.8)x 107 


10 8 
10 


8.1x10_ 1.7x10 
9.6x10_ 


1.8 


(calculated by the relative method) and boundary diffusion obtained by the absolute method. 
With the exception of the self-diffusion of cobalt 
D,.4 2nd Dy.» of the other elements are very close 
Dy to one another. Calculation of the self-diffusion 
coefficient along grain boundaries at melting point 


(calculated by the absolute method) become ever by the relative method D,, , ,, where it is assumed 
smaller and it can be assumed (this suggestion was that a = 5 x 10°* cm, produces a D,, 4 ¢ value about 
made in paper [9] ) that at melting point in the solid three times greater than the D_ | value which can 
phase D, and D, are equal or at least exceedingly be seen in Table 11. 

close to one another. The extent to which this pro- A comparison of the figures in Table 10 and 11 
position is justified can be seen from Table 10, shows that the width of a grain boundary is a value 
where D, ,, is calculated from the parameters of of the order of several thousand, and not 5 A. 
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TABLE 10 


Boundary and crystal diffusion constants 
Element 
| Ey | D mv | Do, | Dr, 
1 

Fea 0.0115} 47.0 | 0.24x107 3.59x 1074 | 33.7 | 0.3x10 
(Fe+0,.27% Al)a |0.17 | 52.0 !36x107° | 37.2 
(Fe+0.30% Alle | 0.29 | 53.0 1.1x107" | | 37.2 1.3x1077 

Ag — |0.84x107°| 1.5x1074 | 20.3 | 4.0x107° 

Co — | — | 0.15 | 39.0 | 2.22x107* 


TABLE 11. Self-diffusion coefficients at boiling point, v and b 


F 
Dy, 


2 
6.2 x10 


1.29xi07° 


0.94107" 
Ag | 0.84x107° | 65x10.) 7.7x10" 
Ni | 0.33x107° =| 10x10" |  3.3x10° 
| 4.4x107 | | 3.4x10° 

| | 


* For calculating D,, , 7 use was made of the equation [7] 


20000) 
RT 


D, =1.23x 107? exp (- 


At a rough estimate D, for Fe-a, Fe + 0.27 % Al 
and Fe + 0.37% Al, Zn, Cd and Pb, can be made up 


from the formula 


Dob = Dn. exp (~ (2) 


Comparing the activation energy of boundary dif- 


D, =DPn exp = {— = (1) fusion E, and the activation energy of diffusion in 
7 crystals E, for the object indicated, we get 


E 
E, 


o 


This approximate formula was found from the follow- 


2 
ing considerations. We will use the relationship ie 


From formula 


E. . 
= Dn. 4 =Do. » exp{—— 
v m. b b p( D,= exp(—— 


from which and formula (2) we get formula (1). 
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If the activation energy of boundary diffusion E, 
is known, then D, can be found from a more precise 
formula than (1), namely 


which can be used for any element. 


CONCLUSIONS 


1. It has been shown that the coefficients of self- 
diffusion in crystals extrapolated for melting point 
(in the solid phase) for each sub-group of the period- 


ic system, are close to one another where the cryst- 
al structure is the same. 

2. The boundary self-diffusion coefficients cal- 
culated by the absolute method and extrapolated for 
melting point D,, ,, are very close to D,, .. If 
D,,.b.F according to Fisher, where 
the width of a boundary is assumed to be 5 A, then 
the coefficient of self-diffusion on grain boundaries 
will be about three times higher than D., ,. The 
reason for this may be taken to be that the width of 
the boundary is a value of the order of several 
thousand A and not 5 A. 


Translated by V. Alford 
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1. In recent years in the investigation of hetero- 
diffusion in alloys, both the X-ray [1-4] and electron 
[5] diffraction methods have been used, each of 
which has some distinct features. With the X-ray 
method it is possible to obtain a satisfactory pat- 
tern of the concentration dependence of diffusion 
constants but the experiments must be carried out at 
fairly high temperatures, so that the diffusion cons- 
tant D will not be less than ~ 10°*°cm?/sec. 

The electron diffraction method only provides in- 
formation on the “mean” (for the given range of con- 
centrations) diffusion coefficient D; but in this 
case measurements can be made right up to the fig- 
ure of ~ 10°** cm?/sec. It is therefore interesting, 
apart from the use of each of these methods separ- 
ately, to use both together for measurement in the 
one system with the aim of obtaining data on the 
coefficients of heterodiffusion in a much wider tem- 
perature range. 

In this work the object of the investigation was 
diffusion in the system Ni-Cr. The components of 
the system have different lattices: nickel has a fcc 
lattice with constant ay; = 3.517 kH, chromium has 
a bec lattice with constant aq, = 2.878 kH. The 
equilibrium diagram is of the eutectic type with 
extremely small solubility of the nickel in the chromium 
and considerable ( ~ 35 at. % chromium at 600° and 
50 at. % chromium at eutectic temperature — 1345°) 
chromium solubility in the nickel. In this range of 
concentrations, in which there is a solution of 


ELECTRON AND X-RAY DIFFRACTION MEASUREMENT OF THE COFFFICIENTS OF 
HETERODIFFUSION IN THE SYSTEM Ni-Cr * 
B.Ya. PINES, I.P. GREBENNIK and I.V. SMUSHKOV 
Kharkov State University 
(Received 11] March 1960) 


A report is made on the preliminary results of the combined electron and X-ray diffusion measure- 
ment of the coefficients of heterodiffusion in the system Ni-Cr in a wide range of temperatures. Figures 
are given for the diffusion constants, activation energy Q and the pre-exponential factor Do, obtained 

by both methods, and also information on the concentration dependence of these constants. 


* Fiz. metal. metalloved., 10, No. 6, 879-885, 1960 
t Yu. Krot, V. Solinskii and D. Sherman assisted. 


chromium in nickel, the coefficients of heterodif- 
fusion can be measured. 

2. The specimens for the electron diffraction in- 
vestigation were prepared by evaporation and con- 
densation in a vacuum evaporating apparatus. 
Layers of quartz, nickel, chromium and quartz were 
evaporated one after the other on to the surface of 
a NaCl crystal. 

The quartz layers were deposited to prevent the 
oxidation of the specimens as preliminary experi- 
ments had shown that chromium is selectively oxi- 
dized, forming the oxides Cr,0, even on the nickel- 
coated side. The relative depth of the nickel and 
chromium films were selected so that after complet- 
ing the diffusion process the alloys obtained had 
20-25 at. % Cr; the total depth of the Ni-Cr films was 
1.7 x 10°*® cm, while the total depth of the specimen 
was about 2-3 x 10°° cm. Two varieties were pre- 
pared for the investigation of diffusion: 

1. “Equilibrium” nickel- “equilibrium” 

ium. 

2. “Equilibrium” nickel-“non-equilibrium” chrom- 

ium. 

To produce the first variant the nickel was rapidly 
evaporated from a superheated source (molybdenum 
vessels) on to a base heated to 390-400° with 
subsequent rapid evaporation of the chromium on to 
the base, the temperature of which was 300°. Flec- 
tron diffraction patterns from the resulting speci- 
mens thus show two systems of very thin lines. In 
the second case the nickel was evaporated in the 
same way as in the first, but condensation of the 
chromium was carried out on to a cold base (with 
the deposited nickel layer). 


chrom- 
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FIG. 1. Electron diffraction pattern of NiCr specimens: 


a — initial; 


b — after annealing at 600 for 2 min. 


In the latter case thin nickel and broadened chrom- 


ium lines were obtained on the electron diffraction 
pictures. 

After separating the specimen from the NaCl base, 
it was put on to a tantalum strip with a hole and 
placed in the electron diffraction apparatus. For the 
annealing and electron diffraction analysis a high 
temperature electron diffraction apparatus was used 
with high resolving power. After electron diffraction 
pictures had been made of the original test speci- 
men isothermal annealing was carried out directly in 
the apparatus. During the anneal electron diffraction 
pictures were taken at definite intervals. Due to dif- 
fusion of the chromium in the nickel the depth of the 
pure chromium film in the specimen was reduced as 
shown by the weakening of the chromium line on the 
diffraction patterns (Fig. 1). The diffusion time re- 
quired for the chromium diffraction lines of the sys- 
tem to disappear was taken as ¢. 

From ¢ and the depth of the film x, the mean dif- 
fusion coefficient D can be calculated from the form- 


ula 


Figures on the diffusion coefficients at various 
different temperatures are given in Table 1. 

The figures in Table 1 show that in the specimens 
with “non-equilibrium” chromium films, the diffusion 
coefficients are several times higher. it must be 
said that at the same time as the disappearance of 
the chromium lines on the electron diffraction pat- 
terns, new faint broadened lines appear at low 
angles and between the (200) and (220) nickel lines. 
From available observation of the origin of these 
lines however, it is not possible to draw any definite 
conclusions. 

The figures in Table 1 for the mean diffusion coef- 
ficients D were used to find activation energy Q 
and the pre-exponential multiplier Do. 

Fig. 2 shows the dependence of log D on the reci- 
procal of absolute temperature for both the cases 
investigated. Here for comparison the log D figures 
are given, determined by the X-ray method at much 
higher temperatures for concentrations equal to the 
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Ni —equilibriom 
Cr— equilibrium 


Ni—equilibrium 
Cr — non-equilibrium 


| 
| t, sec | D~ 1035, cm?/sec 


Dx 1035, 


cm?/sec 


t, sec 


550 60 
500 180 
450 | 1200 


TABLE 2 


Constants 


Ni —equilibrium 
| Cr — equilibrium 


Ni—equilibrium 
Cr —non-equilibriun 


51 500 


0.18 


34 600 


1.6x107° 


average concentration of the alloy formed as a result 
of diffusion in a specimen during electron diffraction 
analysis. It can be seen that in the case of non- 
equilibrium chromium the figures obtained by both 
methods plot into practically the same straight line, 
which is evidence of the closeness of the diffusion 
constants Q and D,; the figures obtained by the elec- 
tron diffraction method are given in Table 2. 

The results for the equilibrium components are in 
agreement with the data in [10]. 

3. The specimens used for the X-ray diffraction 
investigations were disks of electrolytic nickel, 


1.5 mm thick and 7 mm in diameter, vacuum annealed 
at 1400°, on to which a 5-6 p layer of chromium was 


deposited electrolytically. The depth of the film was 
determined by the X-ray method after preliminary 
vacuum annealing at 400°. The diffusion annealing 
was carried out in a boric acid bath, which protected 
the specimens from oxidation and evaporation of 
the chromium. They were placed in a bath which had 
been heated to the required temperature and after 
annealing they were quenched in water. Annealing 
was carried out at 700° (for 2-6 hr), at 800° (for 0.5 
hr, 1 br, 1 he 30 min, 2 hr 30 min and 4 hr 30 min), 
and at 900° (for 0.5 hr and 1 hr 30 min). 


X-ray photographs were taken of the specimens 
in the initial state after the preliminary anneal, and 
after each diffusion anneal. The photographs were 
made with a focussing X-ray tube in an automatic- 
ally focussing camera with reverse exposure [2]. 
K,, radiation from a chromium anode () = 2.289 kH) 
was used. The lines used for the calculation were 
(211) of chromium (@ = 76° 30’) and (220) of nickel 
(6 = 66° 50’). The X-ray photographs were made 
with a silver standard. 

Fig. 3 shows a series of X-ray photographs taken 
of specimens annealed at 800°. The nickel line is 
broadened on the low angle side, which indicates 
the appearance in the specimen of a solid solution 
of chromium in nickel. The chromium line is not 
broadened; only its intensity is reduced as part of 
the chromium has passed into the solution. 

The absence of broadening of the chromium line 
shows (in full accordance with the equilibrium dia- 
gram for the system) that nickel has low solubility 
in chromium; in subsequent calculations therefore, 
it was assumed that there is unilateral diffusion of 
the chromium in the nickel while the surface of the 
specimen is a pure chromium layer. It must be noted 


that the edge of the broadened lines of the Ni-Cr 
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solution corresponds to the maximum equilibrium 
concentration of the solution at the temperature in 
question. It is therefore possible from the figures 
for lattice parameter (and consequently for concent- 
ration) of the alloy corresponding to this edge, to 
find the figures for the maximum solubility at the 
temperature in question; they are given in Table 3 
and are very little different (2-3 %) from the solubi- 
lity curves [7], the difference being on the side of 
higher chromium concentration. 

To get information on the diffusion coefficients the 
X-ray photographs were photometered and from the 
recordings the distribution c (x) and gradient 


(x) 


of concentration were found. This calculation was 


log D 


14 


FIG. 2. log D/1T dependence: 
e — both components in equilibrium; 
o — Ni in equilibrium, Cr not in equilibrium; 
A — Ni in equilibrium, Cr electrolytic (X-ray diffraction 
figures). 


carried out mainly as described in paper [3]. The de- 
pendence of lattice parameter on concentration of 
the alloy a (c) was used [8, 9]. 

From the curves c (x) and 


(x) 


the diffusion coefficient D was found in dependence 
on concentration. The latter calculation was carried 
out on Matano’s formula which provides for the fact 
that in the early stages of diffusion there is a pure 
chromium layer on the surface of the specimen. 

The D (c) calculation for various annealing times 


(311) Ag (Standard) 


FIG. 3. Series of X-ray photographs of Ni-Cr specimens 
after annealing at 800°: 

b — 0.5 hr annealing; 

d — 1.5 hr; 

f — 4.5 hr. 


a — initial; 
c — 1 hr annealing; 
e — 225 hrs 


and the same temperature gave good reproducibility 
of the results. Fig. 4 shows the D (c) dependence 
for two diffusion times at a temperature of 900°. 

4. The concentration dependence of the diffusion 
coefficient at 700, 800 and 900° has a qualitatively 
similar shape and is characterized by the rapid 
dying down of D with increase in chromium concent- 
ration (Fig. 4). 

Using the usual method, the concentration depend- 
ence of activation energy Q (c) and the pre-expon- 
ential multiplier (Do (c)) (Fig. 5) were calculated 
from the D (c) curve at the various different temper- 
atures. The Q (c) value lies within the range 
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Ol Q2 


At. concentration 


FIG. 4. Dependence of diffusion coefficient on chromium 
concentration at 900°: 
o — 0.5 hr annealing; e — 1.5 hr annealing. | 


30-40 kcal/mol and has a maximum (= 40 kcal/ 
mol) at 18 % Cr and local minimum (= 33.5 kcal/ 
mol) at 30% Cr. The average Q value in the range 
of concentration measured is in very good agree- 
ment with the electron diffraction data (see above); 
an increase of 10 kcal/mol in activation energy was 
observed in [10] on the sector 0-20 % Cr (although 
the absolute Q values obtained in [10] are some- 
what higher). The origin of the extrema on the Q (c) 
curve cannot be definitely explained. It must how- 
ever, be remembered, that the minimum of the Q 
value is close to the composition Ni,Cr; the Ni,Cr 
alloys are known to be ordered solid solutions [11] 
with anomalous physical properties. 

The D, (c) curve also reveals a maximum at 17 % 
Cr (increase in Dy on the 0-20 % Cr sector was found 
in paper [10]), and is reduced at higher chromium 
concentrations. 

The increase in activation energy Q and reduction 
in D, correspond to the tendency for the diffusion 
coefficient to return to zero at concentration c 
equal to the maximum solubility of chromium at the 


&, kcal/mol 


30— 


0 Ql Q2 03 Cr 


At. concentration 


FIG. 5. Dependence of activation energy Q (c) and 
Do (c) on concentration in the system Ni-Cr. 


temperature in question. A similar effect has been 
observed in diffusion measurements in another 
system with limited solubility (the alloys Ni-W). In 
the Ni-W system however the dependence of D, on 
the c value (l-c) has a linear character, as it should 
have in accordance with the theory of diffusion in 
alloys [6]. In the Ni-Cr system D, is dependent on 
c (1-c) in a more complex manner. This appears to 
be due to the fact that the proportionality of D and 
c (1-c) is found in an approximation to the theory 
of regular solutions and is fully justified for alloys 
in which this approximation is sufficient. In the 
case of the alloy Ni-Cr, both components of which 
are transition metals, the proposition regarding the 
regularity of the solution is not satisfied; this is 
partly confirmed by the strongly non-symmetrical 
equilibrium diagram. 

Yet another fact must be noted which, while 
having no direct bearing on investigation of diffus- 
ion, is nevertheless interesting in the study of the 
properties of Ni-Cr alloys. As has been indicated 
above, after specimens had been diffusion annealed 
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FIG. 6 a — X-ray photograph of Ni-Cr specimen after annealing at 600°C for 1 hr 
(without quenching), 1 — intermediate line; 


(220) Me 


(211) Cr | 


(220) Mi 


b — X-ray See of Ni-Fe specimen after annealing at 500° for 1 hr 


(taken from 


they were quenched to preserve the concentration 
distribution existing at the moment when annealing 
was complete. If the same test specimen is not 
quenched but left to cool slowly, then it will be 
some intermediate state which will be fixed in it, 
which is in equilibrium at a temperature somewhat 
lower than that of the anneal. X-ray photographs 
taken of specimens cooled in this way also reveal 
broadening of the (220) nickel line; this broadening 
however, is not of a monotonic character (Fig. 6a) 
In the early stages of diffusion the intermediate 
line corresponding (if it is regarded as the (220) line 
of a close-packed fc lattice) to the parameter a = 
3.535 kH separates quite distinctly, i.e. at a chrom- 
ium concentration of 17-18 %. Similar lines were 
found in control photographs at different angles. It 
seems that this effect is due to structural changes 
which occur when a specimen is allowed to stand. 
A very similar pattern (Fig. 65) for the distribution 
of intensity was observed in investigations of the 
Fe-Ni system, where the intermediate line appeared 
due to the formation of a Ni,Fe phase [2]. It remains 
to point out, that on X-ray photographs of quenched 
specimens the broadening is monotonic while at 
chromium concentrations of 17-18 % the extremal 
value for diffusion parameters is observed. 


2]); 2 — line of the phase Ni,Fe. 


CONCLUSIONS 


1. Electron diffraction measurements have been 
made of the coefficients of heterodiffusion in the 
system Ni-Cr in the temperature range 520-600° 
(equilibrium Cr) and 450-550° (non-equilibrium Cr) 
and X-ray measurements have been made in the 
temperature range 700-900°. 

2. From the measurements of the coefficients of 
heterodiffusion the figures have been found for the 
diffusion constants and their concentration depend- 
ence have been plotted. 

3. The results obtained by the two methods are 
in very good agreement for specimens in similar 
states. 

4. Certain anomalies have been noted in the 
structural state of slowly cooled specimens at a 
concentration of 17-18 % Cr. 


Translated by V. Alford 
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INVESTIGATION OF THE TEMPERATURE-TIME DEPENDENCE OF THE STRENGTH 
OF QUENCHED STEELS* 
S.S. SHURAKOV 
(Received 4 April 1960) 


A specific feature of quenched steel is what is known as a tendency to delayed fracture, i.e. a 
clearly expressed dependence of strength on the duration of static load. Another interesting feature 
is that of recovery, i.e. increase in the ordinary or “short-time” strength as a result of the recovery 
of specimens at room temperature. Our papers [1-8] and also papers [917] have been devoted to this 


phenomenon. 


The present work was undertaken with the aim of studying the influence of testing temperature 
on the strength of quenched steel and its tendency to slow fracture. 


EXPERIMENTAL PART 


Steel type 3Kh13 (0.24 %C) was used in the quenched 
and low temperature tempered states and steel 


type 30KhN3A in the case-hardened and quenched 
states without low temperature tempering. The test 
specimens were small strips 1.5 x 8 x 18 mm. The 
heat treatment conditions for 3Kh13 were 

a) quenching from 1200° in oil, 

b) immersing in liquid nitrogen for 10 min, 

c) tempering at 120° for 3 hr. 
The 30KhN3A specimens were case hardened at 910° 
in a solid carburizer and the soaking time was selec- 
ted so as to get case hardening throughout. The case 
hardened specimens were heat treated as follows: 

a) quenching from 800° in oil; 

b) immersing in liquid nitrogen for 10 min. 


The tests were commenced after 10 min recovery time. 


The specimens were immersed in liquid nitrogen 
after quenching in order to prevent transformation of 
the retained austenite to martensite at lower temper- 
atures. 

The heat treated specimens were tested in bend- 
ing under concentrated stress with a distance of 
70 mm between supports; the stress was transmitted 
to the specimen by a quenched steel ball. Determina- 
tion of normal or “short-time” strength was carried 
out on a FM-1000 machine with the tension grips 
moving at the rate of 12 mm/min. For prolonged 


* Fiz. metal. metalloved., 10, No. 6, 886-895, 196:.. 


holding under load suspended weights were used. 

The temperatures envisaged for the tests on 
3Kh13 specimens were: + 40° (in heated spindle 
oil), + 20° (in air), 0 and — 20° (in a mixture of re- 
fined gasoline and liquid nitrogen) and —196° (in 
liquid nitrogen) while the case hardened specimens 
were to be tested at + 20 and —196°. It is known 
from the figures in paper [6] that spindle oil is an 
inactive medium which has no influence on the 
strength of quenched steel or on its tendency to 
slow fracture. Before carrying out the main series 
of experiments it had to be found out whether gas- 
oline was also an inactive medium. For this purpose 
tests were carried out at room temperature on two 
batches of 3Kh13 specimens. The specimens were 
held at a stress of 212 kg/mm? and the time till 
fracture was determined, the first batch of speci- 
mens being tested in air and the second in gasoline. 
As the fracture was macroscopically brittle the 
stress could be calculated from the simplest form- 
ula, o = M/M where M is bending moment; and M is 
resistance moment. The results are given in Table 
1. 

The figures in Table 1 show that gasoline can in 
this case be regarded as inactive medium. 

The results of the tests on specimens of 2Kh13 
at variable temperature are shown in Fig. 1, and in 
Fig. 2 the same results are shown in the form of 
averaged curves. The results of the tests on the case 
hardened specimens are given in Fig. 3. In all 
cases the fracture was macroscopically brittle and 
there was no residual bending angle. 


Strength of quenched steels 


TABLE 1. The results of tests on3Kh13 specimens in air and in refined 
gasoline at room temperature 


Av. time to 
fracture 


Air 
gasoline 


5 min 2 sec 
5 min 14 sec 


Note. Time to fracture in each medium was calculated as the mean of ten 


tests. 


$2 46 10 2040! 2 46 10 20 4060100 


min 


hr 


FIG. 1. Slow fracture of 3Kh13 specimens at various different testing temperatures 
(quenching from 1200’). 


The results set out show that the rate at which the 
strength is reduced becomes less very rapidly as the 
temperature is decreased. This is in good agree- 
ment with the data accumulated in investigations 
into the problem of creep, the results of experiments 
[18-20] on metals and non-metallic materials and 


with the data in paper [21] for hydrogen-free steel. 

It is interesting that in the tests with liquid nitro- 
gen the effect of slow fracture practically disappears 
as there is no case of delayed fracture. The infln- 
ence of tempering temperature on the “short-time” 
strength of case hardened specimens of 30KhN3A is 


94 
Stress 
kg/mm? | Medion | 
212 
| 
275% 
~+40° 
250% 
Vol 
225g) le 
175 
YX 
150 “< 
+20° 
100 
x 


Strength of quenched steels 


Stress, kg/mm? 


124600 Wl 246100 
min br 


FIG. 2. Same as Fig. 1. Averaged curves. 


quite natural; there is a slight increase in strength 
when transferring to tests in liquid nitrogen (see 
the points on the ordinate axis in Fig. 2). 

The influence of testing temperature on the level 
of “short-time” strength of the 3Kh13 specimens is 
quite unexpected. From the data in Fig. 1, in Fig. 4 
the dependence is plotted for the mean values of 
“short-time” strength on the testing temperature of 
specimens of this steel. Unlike the case of the case 
hardened specimens, reduction in testing tempera- 
ture does not cause an increase, but a regular de- 
crease in strength. Due to the different positions of 
the initial figures for strength and the difference in 
the tempo of the drop in strength, the temperature/ 
time dependence curve of strength (Figs. 1 and 2) 
has a rather curious shape. For example, “short- 
time” strength at + 20° is 25 kg/mm? and at —196° 
it is 141 kg/mm’, i.e. strangth at room temperature 
is 1.8 times higher than it is at that of liquid nitro- 
gen (see points 1 and 2 in Fig. 2). At the same time, 
when comparing the strength after 8 hr holding time 
under load, it can be seen that strength at the tem- 
perature of liquid nitrogen is higher than it is at 
room temperature (see points 1’ and 2” in Fig. 2). 

The difference noted in the influence of testing 
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FIG. 3. Slow fracture of case-hardened 30KhN3A speci- 
mens at various different testing temperatures. 


temperature on “short-time” strength in case-harden- 
ed chromium nickel and non-case-hardened chromium 
steel required further investigation. Experiments 
were mounted to find out the influence of tempering 
temperature on strength at + 20 and —196°. The 
quenching conditions were the same as in the pre- 
vious series of experiments, i.e. the chromium 

steel specimens were quenched from 1200? in oil 
while the case-hardened specimens of chromium 
nickel steel were quenched from 800° in oil. Subse- 
quently they were immersed in liquid nitrogen at 

10 minutes and tempered at the different tempera- 
tures for 3 hr. After tempering the specimens were 
cooled in air. 

The results of the tests on case-hardened speci- 
mens are given in Fig. 5. In all cases of tests in 
liquid nitrogen and at + 20°, the specimens temper- 
ed at temperatures of up to 400° inclusive, had 
macroscopically brittle fractures and no residual 
bending angle. Specimens tempered at 500° and 
tested at room temperature were found to have a 
small residual deflection (found after combining the 
two halves of the specimen, to be 1-2 mm). Of ten 
specimens tempered at 600° four fractured after 
noticeable plastic deflection (4-5 mm) and the 
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FIG. 4. Dependence of the mean figures for “short-time” strength of 
specimens of 3Kh13 on testing temperature. 
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FIG. 6. Influence of tempering temperature on strength 
and hardness of 3Kh13 specimens: 
a — testing in bending at + 20°; 
b — testing in bending at — 196°; 
c — hardness. 
Each point on curves a and b is the average from tests 
on ten specimens. 


FIG. 5. Influence of tempering temperature on strength 
and hardness of case-hardened 30KhN3A specimens: 
a — testing in bending at + 20°; 
b — testing in bending at — 196°; 
c — hardness. 
Each point on curves a and b is the average from tests 
on ten specimens. 


remaining six bent together and passed through the crease in tempering temperature is related to the 


supports without fracture.* In Fig. 5the presence of drop in strength which is apparently due to the pro- 
cesses of temper brittleness. Tempering at 600° 


macroscopic plastic deformation is marked by the 


dotted sector of curve a. The data in Fig. 5 show causes such a remarkable softening of the steel 
that the tempering of the martensite in high carbon (Fig. 5, curve c) that at a room temperature the spe- 
alloy steel at temperatures of up to 300° causes an cimens suffer considerable plastic deformation, and 
increase in “brittle strength” [22]. Subsequent in- brittle fracture at — 196° is the result of the usual 


cold shortness. A more important conclusion from 

the data in Fig. 5 is that the slight increase in the 
strength of case hardened test specimens described 
above on transferring from testing at + 20° to —196° 


* In the tests on specimens tempered at 600° the distance 
between supports was 40 mm; in all the other tests it 
was 70 mm. 
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TABLE 2. The influence of additional holding in liquid nitrogen on the 
strength of specimens at room temperature 


Heat treatment 


Average 
strength 
figure, 


i No. of | 
| specie | 


Quenching from 1200 in oil, im- 
mersing in liquid nitrogen for | 


10 min, tempering at 100° 


3 hr; 


for 


Quenching from 1200 in oil, im- | 
mersing in liquid nitrogen for 
10 min, tempering at 100° for | 
3 hr + immersion in liquid ni- | 0 | 236.9 


trogen for 5 hr 


is the property only of an “as quenched” steel while 
it is preserved where tempering is carried out at 
temperatures of up to 400° inclusive. 

The results of methodically similar tests on 3Kh13 
specimens are given in Fig. 3. It can be seen that 
in the whole range of tempering temperatures reduc- 
tion in testing temperature causes a sharp drop in 
strength. In the tests in liquid nitrogen fracture was 
again macroscopically brittle. In tests at + 20° fully 
brittle fracture was revealed on the specimens which 
had been tempered at up to 120° inclusive. Some 
plastic deformation was found on specimens tempered 
at 150° (deflection determined after combining the 
two halves of the specimen was 3-4 mm). Finally, 
specimens tempered at 200°, bent together and 
passed through the supports without fracture. * 

The drop in strength at low testing temperature in 
specimens tempered at above 120° may be explained 
by the appearance of cold shortness. This explana- 
tion is not, of course, acceptable for the case of 
lower tempering temperatures when a sharp drop in 
strength was observed in liquid nitrogen (Fig. 6) 
with a completely brittle fracture. 

It would be difficult to believe that the drop in 
strength had its origin in the transformation of re- 
tained austenite to martensite during the cooling and 
testing period of a heat treated specimen. Neverthe- 
less, this proposition has been verified experimentaly. 
At room temperature the strength was determined 
of two batches of 3Kh13 specimens where the first 
batch were heat treated in the same conditions as in 


the previous cases (tempering at 100°) while those 
of the second batch were held in liquid nitrogen for 
a further 4hr. The results of the experiments are 
given in Table 2. 

The figures in Table 2 show that even the addi- 
tional 5 hr holding in liquid nitrogen has no influ- 
ence on the strength of the specimens. This means 
that the proposition concerning the possibility of the 
transformation of retained austenite to martensite 
in the process of cooling was not confirmed in this 
test. 

According to another proposition the effect may 
be due to the presence of defects on the surface of 
the specimen. Under conditions of load in bending 
these defects are less dangerous at high testing 
temperatures, while with reduced temperature their 
danger is increased and causes a reduction in 
strength. In accordance with this it is to be expected 
that an improvement in the state of surface will 
cause an increase in the general level of strength 
while the difference in strength at room and liquid 
nitrogen temperatures will be reduced. In all the 
foregoing experiments the surface of the specimens 
tested had been ground before heat treatment. To 
find out the role of the state of the surface, tests 
were carried out on two batches of 3Kh13 specimens 
the surfaces of which were electro-polished before 
heat treatment.* With electro-polishing a layer 
0.1-0.15 mm thick was removed from each side (of 
a specimen 1.5 mm thick) and the quality of the sur- 
face was practically the same as in the usual 


* 40 mm between supports. 


* This was carried out in an electrolyte consisting of 
80% H,;PO,, 5% H,SO,, 10% CrO, and 5 % H,0. 
(continued on the next page) 
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TABLE 3. Influence of testing temperature on strength of specimens 


olished surfaces 


Heat treatment 


State of surface 


Average strength 


Quenching from 1200 in oil, im- 


mersion in liquid nitrogen for polishing 


Without electro- 


1.78 


10 min, tempering at 100 for 
3 hr; 


After electro- 
polishing 


tests. 


Note. Each strength figure is the mean from the results of ten 


metallographic specimen. One of the two batches of 
specimens was tested at room temperature and the 
other at the temperature of liquid nitrogen. The re- 
sults of the experiments are set out in Table 3. At 
the same time the strength figures for specimens 
with unpolished surfaces are given (Fig. 6). 

The figures in Table 3 show that the proposition 
regarding the particular role of surface defects is 
also not confirmed. 

According to the third proposition, the reduction 
in strength at low temperatures could be connected 
with the presence of defects throughout the speci- 
men. This kind of defect, of course, cannot be eli- 
minated by electro-polishing. It could be assumed 
that in a steel quenched from a high temperature de- 
fects of the quenching microcrack type would be pre- 
sent. Using the usual method of metallographic ana- 
lysis we were unable to establish the presence of 
microcracks which is however, not a certain proof 
of their absence. It is known from a number of works 
[14, 23], that microcracks may be formed on quench- 
ing from high temperatures and may be absent at low 
temperature quenching. In this connexion tests were 
carried out on 3Kh13 specimens quenched, not from 
1200° as in all the previous tests, but from 1100°. In 
this case specimens were tested which had been 
tempered at 50° and also some which had not been 
tempered. In all cases the fracture was completely 


(continued from previous page) 

Temperature was 50-60, current density 60-70 A/dm’; 
holding time was dependent on the depth of layer re- 
quired to be removed. 


brittle. The results of the tests are given in Table 
4. For convenient comparison data are given in the 
same Table regarding the strength of specimens 
quenched from 1200° (Fig. 6). 

The figures in Table 4 show that the effect of 
reduced strength at reduced testing temperature is 
sharply expressed in quenching from 1200° and is 
absent when quenching is from 1100°. In the latter 
case, on transferring to testing in liquid nitrogen, 
no drop is observed, rather a slight increase in 
strength, i.e. the phenomenon earlier observed in 
the tests with case-hardened specimens quenched 
from 800° in oil (see Fig. 5). Thus, the figures in 
Table 4 do confirm the proposition that the effect 
of decreased strength at low temperatures is related 
to the influence of defects of the quenching micro- 
crack type. 

In connexion with the assumption that quenching 
microcracks were absent when quenching was from 
1100° we thought it would be interesting to find out 
if in this case the tendency to slow fracture would 
be preserved. For this purpose specimens of steel 
3Kh13 were quenched from 1100° in oil with subse- 
quent immersion in liquid nitrogen for 10 min and 
tempered at 100° for 3 hr. The results of the tests 
are given in Fig. 7. The tendency to slow fracture 
is in this case roughly the same as with a quench 
from 1200° (see Fig. 1). 


DISCUSSION OF RESULTS 


Let us first consider the causes, by virtue of 
which a reduction in testing temperature may lead 
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TABLE 4. The influence of quenching temperature on the strength of specimens 
tested at + 20 and — 196° 


Recovery or 
tempering 


Mean strength figure Ratio 


420 
5_196 


Quenching from 1200 in oil, im- 48 her 


Recovery at + 2 


mersion in liquid nitrogen for 
Tempering 50° 


3 hr 


Quenching from 1100 in oil, im- 48 br 


Recovery at + 20° | 


mersion in liquid nitrogen for |__ 
10 min. Tempering 50° 
3 hr 


| 


Note. Each figure is the average of ten tests. 


either to a sharp reduction in strength or, on the 
other hand, to a slight increase, on fractures which 
are macroscopically completely brittle. For the mom- 
ent we will only consider the ordinary “short-time” 
strength which is determined by load with a definite 
given rate of deformation. 

At the basis of the present-day understanding of 
the nature of brittle fracture lies the idea of the ne- 
cessity of local plastic deformation as the stage 
preceding the actual fracture [24-28]. Two cases 
might be put forward in which local plastic deforma- 
tion had quite a different influence on brittle strength. 
The first case is of a material in which there are no 
dangerous defects such as cracks with sharp edges. 
On changing over from testing at a relatively high 
temperature to testing at a low temperature it is to 
be expected that the brittle strength value will re- 
main unchanged or even, that it might slightly in- 
crease, i.e. the usual influence of testing tempera- 
ture on strength will be observed [22]. The question 
of the relationship between local plastic deformation 
and brittle fracture of this type has been studied by 
Davidenkov [29]. Similar effects were observed exper- 
imentally earlier, for example in paper [30] in the 
testing of mild steel specimens. In that paper the 
case corresponds to the behaviour of the case- 
hardened 30KhN3A specimens (see Fig. 5) and also 
the behaviour of 3Kh13 specimens quenched from 
1100° (see Table 4). 


The second case deals with a material in which 


there are dangerous defects of the microscopic or 
submicroscopic crack type, where the fracture will 
be dependent on the magnitude of stress concent- 
ration in the apex of such cracks. Local plastic 
deformation in the region of the apex may cause the 
“resorption” of the peak of normal stresses. Of 
course, the intensity of this kind of local process 
will be dependent on testing temperature, which is 
determined by the extent of the resistance to plastic 
deformation. As a result, a fairly high testing temper- 
ature will be appropriate for high brittle strength 
values and a low temperature for low strength, due 
to the fact that the possibility of resorption of the 
stress peak has been reduced or eliminated. * 

The tests whose results are given in Table 4, are 
in agreement with the proposition according to 
which in a steel 3Kh13 tempered from 1200° there 
are defects of the quenching microcrack type, to 
which may be attributed the low brittle strength 
figures found in testing in liquid nitrogen (Figs. 4 
and 6). This effect may therefore be explained by 
the resorption of stress peaks at the apex of such 
defects (cracks). 

Let us now pass to a study of the temperature/ 
time dependence of the strength of quenched steel. 

In papers [2-8] a representation was established 
concerning the two types of plastic (residual) 


* The effect the internal crack type of defect may to 
(continued on the next page) 
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FIG. 7. Slow fracture of 3Kh13 specimens at room temperature 
(quenching from 1100°). 


deformation of quenched steel, which can be distin- 
guished from one another by the character of the re- 
sistance to deformation reaction at the same load- 
ing rate and testing temperature. The first type of 
deformation develops inside the grains and is of the 
nature of plastic flow. The second type of deforma- 
tion develops on grain boundaries and is flow of a 
“quasi-viscous” character. The effect of slow fract- 
ure in quenched steel may be attributed to the grad- 
ual development of quasi-viscous deformation on 
grain boundaries, due to which the gradual develop- 
ment of cracks occurs with fracture of the speci- 
men. Of course, the sharp increase in the resistance 
to this deformation at reduced testing temperature 


(continued from previous page) 

some extent be similar to that of the normal vee notch. 
Kroshkin and Shimelevich [31] found that the brittle 
strength of phosphorous iron, determined on an unnotchea 
specimen, remained unchanged in the testing range 

— 100 to — 196°. At the same time on a notched specimen 
it became much less at reduced temperatures. The authors 
ascribed this [31] to plastic deformation at the apex of 


should cause an abrupt change in the rate of reduc- 
tion in strength with time. This kind of time depend- 
ence may be observed in actual conditions (see 
Figs. 1 to 3), and may be regarded as one of the 
arguments which provide confirmation of the accur- 
acy of this explanation. 

The most difficult to understand is the complex 
nature of the temperature/time dependence of 
strength in 3Kh13 specimens quenched from 1200° 
(see Figs. 1 and 2). While the load is lifted on the 
testing machine the insignificant plastic deforma- 
tion is still sufficient to have a marked influence 
on the initial level of strength. The lower the test- 
ing temperature, the lower the stage at which the 
stress peaks will be resorbed at the apex of micro- 
cracks and the lower will be the figures for “short- 
time” strength (see Figs. 2, 4). The process of 


the notch. Lower testing temperatures corresponded to 
higher plastic deformation and a higher figure for the 
effective coefficient of stress concentration at the 
apex. 
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deformation seems to promote an increase in strength. 


While the specimen is held at constant given load, 
the possibilities are created for the more intensive 
flow of a quasi-viscous nature. This flow, which 
develops with time, promotes not only an increase 
but also a decrease in strength. Due to the marked 
dependence of the distance to quasi-viscous deform- 
ation on testing temperature, the drop in strength 
with time occurs, as has already been noted, at a 
different tempo. To sum up, a complex temperature/ 
time diagram is observed with characteristically 
intersecting curves relating to various different 
testing temperatures (see Fig. 2). 


CONCLUSIONS 


1. Decrease in testing temperature has various 
different effects on the brittle strength in quenched 
steel. It has been suggested that this effect is due 
to the absence or presence of dangerous defects of 
the quenching microcrack type. In the first case, the 
brittle strength figure will be somewhat increased 
and in the second it will fall sharplv. Both results 


are in agreement with the representation that plastic 
deformation is a necessary stage preceding fracture. 


In the absence of dangerous defects the slight in- 
crease in brittle strength is in agreement with known 
figures concerning its weak dependence on testing 
temperature. In the presence of such defects, the 
drop in brittle strength is due to a reduction in the 
possibility of “resorption” of the stress peaks at 
the apexes of the defects. 

2. When testing with long-acting loads a reduction 
in temperature causes a sharp reduction in the rate 
of fall in strength. This together with the influence 
of testing temperature on the initial level of strength, 
may explain the complex nature of the temperature/ 
time strength diagram (Fig. 2). The result obtained 
may be understood, when one rémembers the develop- 
ment of plastic deformation of a quasi-viscous char- 
acter with time. The abrupt increase in the resist- 
ance of this deformation at reduced testing tempera- 
ture causes an abrupt change in the rate of the fall 
in strength. 

The author is exceedingly grateful to Ye.K. 
Markevich and A.J. Kartinin for their assistance in 
carrying out the experimental part of the work. 


Translated by V. Alford 
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DECOMPOSITION OF THE BETA-SOLID SOLUTION IN THE ALLOY 
TI TANIUM-MANGANE SE * 
M.A. D’YAKOVA and I.N. BOGACHEV 
Urals Polytechnic Institute 
(Received 30 July 1960) 


In this work investigation has been made of the kinetics of phase transformation in the alloy of 
titanium with 6.5 % Mn, and the temperature ranges have been determined for the disintegration of the 
beta-solid solution and formation of the alpha and omega phases. The variation in composition in 
dependence on the stage of decomposition of the beta-solid solution has been investigated. 


Great attention has been paid recently to the 
strengthening of titanium alloys by heat treatment. 
This makes it necessary to study the kinetics of 
transformation of the beta-solid solution. This 
enables one to assess the formation of the products 
of decomposition in particular conditions of super- 
cooling and to work out rational conditions for heat 
treatment. 

Stabilization of the beta phase at room temperature 
can be achieved by alloying titanium with transition 
elements. Decomposition of the beta phase with sub- 
sequent heating may lead to the formation of an 
omega phase, which causes an increase in brittle- 
ness. The omega phase was first discovered by 
Frost, Parris, Hirsch and others [1]. They establish- 
ed by X-ray analysis that the omega phase has a 
body-centred lattice of distorted shape, coherent 
with the residual beta phase on the basal crystallo- 
graphic plane. 

A more detailed analysis of the crystal lattice of 
the omega phase was made by Silcock and collabor- 
ators [2] and Bagaryatskii and collaborators [3]. 
They established that the omega phase has a hexa- 
gonal lattice with parameters: a = 4.6 kH, c = 2.82 
kH and oriented in the following way with regard to 


the beta phase lattice: 


a,, 11 [110] 11 [111]. 


Bagaryatskii and his collaborators established that 


, * Fiz. metal. metalloved., 10, No. 6, 896-902, 1966, 


the lattice of the omega phase was very similar to 
that of the beta phase and that all that is required 
for the rearrangement of the lattice from beta to 
omega is a slight rearrangement of the atoms within 
the limits of interatomic distances [4]. This means 
that diffusionless transformation is possible. 

According to the data of Bagaryatskii [4] and 
Silcock [2] the formation of the omega phase is due 
to a reduction of from 1 to 5% in volume, while the 
disappearance of the omega phase in the course of 
the formation of an alpha phase causes an increase 
in volume. It has not been possible to discover the 
omega phase metallographically. 

An analysis of the kinetics of decomposition 
of the beta-solid solution in titanium alloys alloyed 
with transition elements, shows that, depending on 
temperature, transformations are possible at three 
stages of decomposition [5]. 

High temperature decomposition occurs with the 
formation of an alpha phase. This process of de- 
composition has a diffusion character and can be 
observed right up to the temperature of polymorph- 
ous transformation. 

Decomposition may occur without diffusion with 
martensitic kinetics and the formation of acicular 
precipitations of martensite of the alpha’ phase, 
being a supersaturated alpha-solid solution. 

The decomposition may be in the nature of an 
intermediate transformation occurring with forma- 
tion of the omega phase, which probably has the 
features of both diffusionless and diffusion trans- 
formation. 

Depending on the degree of alloying of titanium 
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alloys, the stages of decomposition of the beta 
phase noted above can be observed in definite tem- 
perature ranges. In certain cases one phase may 
overlap another or individual stages may be ‘com- 
pletely suppressed. If there is a considerable amount 
of alloying with transition elements complete stabi- 
lization of the beta phase may be achieved. 

In the present work investigation was made of a 
two-phase titanium alloy with the following composi- 
tion: 6.5% Mn, 0.18 % Fe, 0.07 % Si, 0.05% C, 

0.043 % N, 0.005 % H, the rest titanium. The alloy 
was selected with regard to the possibility of achiev- 
ing the beta phase by quenching. Decomposition of 
the beta phase on isothermal holding or tempering 
was quite clearly observed. 

The alloy was melted in works conditions in a 
vacuum arc furnace with two remelts. The first re- 
melt was carried out in a vacuum and the second in 
an argon atmosphere. The ingot was forged, rolled 
into strips 8 mm thick which were then rolled into 
strips 4.0 mm thick. The strips were annealed at 
750° with slow cooling in the furnace to 500°, after 
which cooling was carried out in air. 

The investigation of the kinetics of decomposition 
of the beta phase was carried out by the dilatometer 
method, and by the electrical resitivity, hardness 
and microstructure methods in dependence-on the 
temperature of supergooling or tempering. The dila- 
tometer specimens were 4 mm in diameter and 50 
mm long. For the electrical resistivity measurements 
they were 160 x 21 x 3.5 mm. 

All the specimens were first vacuum annealed at 
650° for 3 hr. They were heated to 900° in a vacuum 
furnace (10°* mm Hg), held for 1 hr, and then super- 


FIG. 1. Dilatometer curve for the alloy of titanium with 6.5% Mn, quenched from 
900° in water. Rate of heating and cooling 200°/hr. 


500 600 °C 


cooled in a sltpetre bath, while at temperatures 
above 500° a lead bath was used. 

The dilatometer investigation of a quenched spe- 
cimen heated at the rate of 200°/hr showed that de- 
composition of the beta phase, which begins at 
150°, occurs with reduction in volume. Increase in 
temperature causes acceleration of the decomposi- 
tion process. Then an increase in volume is observ- 
ed, very abrupt at 500°; above 500° the volume 
changes are insignificant (Fig. 1). 

The curves for the variation in the length of 
quenched specimens in dependence on holding time 
at various different tempering temperatures, which 
have been plotted from the dilatometer figures, show 
that disintegration of the beta phase at a tempering 
temperature of from 150 to 400° is accompanied by 
volume change (Fig. 2). This is the temperature 
range in which the formation of the omega phase 
occurs. 

The kinetics of decomposition of the beta phase 
in the given temperature range is reminiscent of the 
kinetics of disintegration of austenite in steels, 
which is of the intermediate transformation type. 


Different stages of the complete decomposition may 
be observed in dependence on the transformation 


temperature. At 150° there is a weak decomposition 
of the beta phase. 

If the temperature is increased to 300-350° the 
stage of transformation is increased and reaches 
maximum. Above 360° the stage of transformation of 
the beta phase with formation of the omega phase, 
becomes less. - 

A characteristic of this transformation is the in- 
tensive decomposition of the beta phase in the first 
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FIG. 2. The dependence on tempering time of the variation in length in quenched 
specimens of an alloy of titanium with 6.5 % Mn (preliminary heating to 900°, 
3 hr holding, cooling in water). 


period of transformation and attenuation of the pro- 
cess in time. Holding at tempering temperatures of 


300, 360 and 380° for 120 hr produced no further 
volume changes. This transformation has only par- 
tial decomposition. Heating to a higher temperature 
causes a further volume reduction, i.e., further de- 
composition of the beta phase. At tempering temper- 
atures of 420-430° a slight reduction is observed first 
of all, then an abrupt increase in volume, which 
ceases around 2 hr. These facts confirm the propo- 
sition that the omega phase is an intermediate phase 
which is then transformed into an alpha phase by 
diffusion. 

From dilatometer and metallographic investigations 
a diagram of the isothermal transformation of the 
beta phase has been plotted for the alloy in question 
(Fig. 3). No decomposition of the beta-solid solution 
was observed at the third stage with formation of 
martensite. 

The kinetic curves for the decomposition of the 
beta-solid solution are c-shaped. 

There are two stages in the decomposition, divid- 
ed by an interval of increased stability in the beta 
phase. The first stage occupies the temperature 
range from 420° right up to polymorphous transforma- 
tion point. Here decomposition occurs with formation 
of the alpha phase. At 500-600° the beta-solid solu- 
tion decomposes at a great rate, and it is therefore 
not possible to establish the commencement. Dis- 


persion of the alpha phase is very high, and it is 
very difficult to discover in an optical microscope. 
For this reason it is not until temperatures of above 
500° that it can be clearly revealed in a light micro- 
scope in the form of finely dispersed precipitation 
particles. The higher the decomposition temperature, 
the lower the dispersion of the alpha phase. 

The second stage of decomposition occupies the 
temperature range from 150 to 400° when the forma- 
tion of the intermediate omega phase takes place. 
The process of decomposition of the beta-solid sol- 
ution in this range of temperatures is accompanied 
by reduction in volume. The omega phase cannot be 
revealed metallographically. The rate of disintegra- 
tion of the beta phase at 300-400° is extremely 
high, and for this reason the commencement cannot 
be established. The end of decomposition can be 
found from the termination of the volume changes. 

At 420-470° it is probable that the first and sec- 
ond stages of decomposition overlap, i.e. in this 
temperature range decomposition of the beta phase 
occurs both via the omega phase and with formation 
of the alpha phase. In this case the process of de- 
composition with formation of the alpha phase is the 
predominant one. Increase in temperature promotes 
the formation of the alpha phase. Increase in hold- 
ing time has the same effect. 

The curves which characterize the change in 
hardness in dependence on supercooling temperature 
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o — metallographic data; 


x — commencement of volume increase; 
w — end of volume increase (dilatometer data); 
e — beginning and end of reduction in volume (dilatometer data). 


on isothermal treatment, have two maxima which 
correspond to the two stages of decomposition of the 
beta phase (Fig. 4). 

The first hardness maximum (48 Rc) occurs at 
temperatures of 350-400° and correspond to the form- 
ation of the alpha phase. Increase in holding time 
in this temperature range causes an increase in 
hardness. 

The second hardness maximum (46 R¢ ) occurs at 
500 at short holding times (30 min, 1 hr) and corres- 
ponds to the maximum rate of decomposition with 
formation of the finely dispersed alpha phase. Long- 
er holding times (3 hr, 6 hr) at supercooling temper- 
atures causes the hardness maxima observed at short 
holding times, to merge into a common maximum 
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FIG. 3. Diagram of the isothermal decomposition of the beta-solid solution of an 
alloy of titanium with 6.5 % Mn: 


disposed in the temperature range 350- 450°. At de- 
composition temperatures of 420-470° the increase 
in hardness occurs as a result of decomposition of 
the beta phase both with formation of the omega 
phase and of the finely dispersed alpha phase. At 
supercooling temperatures of above 500° the increase 
in hardness at short holding times is due to the for- 
mation of the finely dispersed alpha phase. Increase 
in holding time causes a reduction in hardness as a 
result of the coagulation of laminae of the alpha- 
phase. 

Investigation of the variation in electrical volume 
resistivity of the specimens in dependence on super- 
cooling temperature in isothermal treatment showed 
that maximum electrical volume resistivity is 
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FIG. 4. Dependence of hardness on supercooling temperature and holding time in 
isothermal] treatment of titanium alloy with 6.5 % Mn: 
e — 3hr; 
o — 
x — 30 min. 


possessed by the beta-solid solution. The process 
of decomposition of the beta-solid solution with 
formation of the omega phase in the temperature 
range up to 400° causes a reduction in electrical 
volume resistivity (Fig. 5); it changes from 1.7 to 
1.4 ohm mm?/m. 

With increase in temperature and extension of hold- 
ing time electrical volume resistivity becomes less, 
apparently due to the change in the ratio of the 
phases. The process of decomposition of the beta 
phase with formation of the finely dispersed alpha 
phase at temperatures above 420° causes an even 
sharper reduction in electrical volume resistivity, to 
1.0 ohm mm?/m. 

The electrical volume resistivity figures obtained 
at various different supercooling temperature show 
that for full decomposition of the beta phase with 
formation of an alpha phase at 420°, 6 hr are requir- 
ed, and at 440-470°, less than 3 hr; at 500-650° with 
30 min holding time, decomposition with formation 
of the alpha phase is almost complete. 


CONCLUSIONS 
The following conclusions may be drawn from the 


investigation. 
1. Decomposition of the beta-solid solution in an 


alloy of titanium with 6.5% Mn has two stages of 
transformation, separated by an interval where the 
beta phase is stable. 

2. The first stage of the transformation of the beta 
phase is observed from 420° to polymorphous trans- 
formation point. At these temperatures decomposi- 
tion occurs with formation of an alpha phase. 

The second stage in the transformation is observ- 
ed at 150- 400°. In this range decomposition occurs 
with formation of an intermediate omega phase. 

At 420-470° there is overlapping of the two 
stages of transformation. It is probable that here the 
decomposition process occurs through the interme- 
diate omega phase with final formation of the alpha 
phase. 

3. Formation of the omega phase causes an in- 
crease in hardness (48 R_) accompanied by a re- 


duction in volume and reduction in electrical vol- 


ume resistivity to 1.4 ohm mm?/m. No change in 
microstructure is observed. 

The process of decomposition of the beta-solid 
solution through the intermediate omega phase with 
final precipitation of a highly dispersed alpha phase 
causes an increase in hardness, accompanied by 
increase in volume and a more considerable reduc- 
tion in electrical volume resistivity, to 1.0 ohm 
mm?/m. 
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FIG. 5. Dependence of electrical volume resistivity on supercooling temperature 
and holding time in the isothermal treatment of a titanium alloy with 
6.5 % Mn: 
—6hr; 
e — 3 hr; 
o — 1 hr; 
x — 30 min. 


ural analysis in the form of finely dispersed laminae 
with Widmanstatten arrangement. 


Decomposition of the beta phase with formation 
of the alpha phase causes a reduction in hardness 


(35 Re) and electrical volume resitivity (1.0 ohm 
mm?/m. The alpha phase is revealed by microstruct- Translated by V. Alford 
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DISPERSION HARDENING AND THE FINE CRYSTALLINE STRUCTURE OF CARBON 
STEEL WITH SMALL ADDITIONS OF VANADIUM * 
S.G. GUTERMAN, M.I. GOL’DSHTEIN and A.M. NOSKOV 
Urals Research Institute of Ferrous Metals 
(Received 20 May 1960) 


Investigation has been made of the effect of small additions of vanadium (from 0.01 to 0.093 %) 
on the mechanical properties and fine structure of engineering carbon steel after quenching and high 
temperature tempering, and also the content of vanadium in electrolytically precipitated carbides. It 
has been found that small additions of vanadium cause a strengthening of the steel due to dispersion 
hardening and delay in the growth of mosaic blocks on tempering. 


The dispersion hardening of steel containing van- 
adium in quantities of some tenths to several per- 
cent, has been thoroughly studied. This hardening 
is explained, according to general representations 


[1], as follows: 
1) precipitation of finely dispersed vanadium car- 


bides which provide a mechanical obstruction 
to slip, and 

2) reduction in grain size, mosaic blocks and their 

disorientation. 

In papers [2, 3] it was found by direct methods 
that there was a precipitation of finely dispersed 
vanadium carbide in high temperature tempered 
steel, and in investigations [4] it was demonstrated 
that vanadium carbide has a delaying effect on the 
growth of mosaic blocks. In these works however, 
only steels containing about 1 % vanadium were in- 
vestigated. The influence of smail additions has not 
been investigated, although this problem is of prac- 
tical significance. 

The purpose of the present investigation is to 
find out what is the influence of small additions of 
vanadium on the strengthening of carbon steel and 
to study the causes of this strengthening. 

The work was carried out on steel type 40, melted 
in a HF induction furnace with a basic lining. 8 
and 16 kg ingots were cast from one melt with differ- 
ent vanadium contents. Additions of up to 0.1% 
vanadium were made in the ladle, and higher contents, 


* Fiz. metal. metalloved., 10, No. 6, 903-906, 1960. 


in the furnace. The metal was first deoxidized in the 
furnace with 0.04% aluminium. The ingots were 
forged into bars 14 x 14 mm; the latter were normal- 
ized from 840°. 

The results of the investigation of the effect of 
small additions on the hardness of steel 40 after 
quenching and tempering at various different temper- 
atures for 1 hr, are given in Fig. 1. The figures in 
Fig. 1 show that the presence of vanadium has no 
effect on hardness after tempering at 400°. With 
increase in tempering temperature a noticeable dif- 
ference between the hardness of the steel with and 
without vanadium sets in. This difference increases 
to a maximum after tempering at 600°. The greatest 
influence on increase in hardness after high temper- 
ature tempering is excercised by the first hundredth 
percent vanadium. The experiment showed that re- 
duction in quenching temperature from 950 to 840° 
cavses a slight reduction in the effect of the vana- 
dium influence noticed, at contents of 0.03 to 
0.04 %. 

Small additions of vanadium have a similar in- 
fluence on tensile stress and yield point in quench- 
ed and tempered steel (Fig. 2). Additions of only 
0.01 % vanadium cause the strength characteristics of 
ordinary carbon steel 40 to increase after quench- 
ing and tempering at 600°, by 10 kg/mm?, with a 
slight reduction in its plastic properties. The results 
of the experiments were very well reproducible on 
steels from a series of melts, including steels marks 
20 and 60. 

The pattern indicated for the influence of small 
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FIG. 1. Influence of tempering temperature on hardness FIG. 2. Mechanical properties of specimens of steel 40 

of a specimen of steel 40 at various different vanadium with various different vanadium contents 
contents. Quenching temperature 950°: (quenching 840°, tempering 600° for 1 hr). 

1—0.0%V; 2—0.01—0.023% V; 3 0.093% V. 
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FIG. 3. Influence of small additions of vanadium (up to 0.093 %) on hardness, 
vanadium content in carbide precipitates and block size. 


additions of vanadium on the strengthening of steel Block sizes were determined on the X-ray ionization 


after quenching and high temperature tempering are apparatus URS-50I in iron anode radiation. Two 
completely similar to that which was observed in lines were recorded for each specimen: (110) and 
investigation of dispersion hardening under the in- (220). Block size D and the magnitude of II-type 


fluence of 0.2- 0.3% vanadium. From this it may be stresses A6/6 was carried out by the method pro- 
suggested that a vanadium content of 0.01% is suffi- posed by Kurdyumov and Lysak [5]. The standard 


cient to cause the dispersion hardening effect. used to reckon the geometrical conditions for the 

In order to check this proposition and to find out photography was a specimen of steel U10 tempered 
the reason for the strengthening of steel under the at 680° for 2 hr. To check the results obtained on 
influence of small additions of vanadium, chemical this apparatus D and Ad/5 were determined on the 
analysis of electrically precipitated carbides was X-ray apparatus URS-70. Here the D values obtained 


carried out and determination was made of the sizes confirmed the data from the URS-50I apparatus. 
of mosaic blocks of steels containing such additions. Fig. 3 shows the influence of small additions of 
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FIG. 4. Influence of vanadium content (up to 1.7%) on hardness and block size. 


TABLE 1. Quenching temperature of specimens in relation to vanadium content 


H | 60 
55 
x | 
210 
© | 40 
30 
25 


Quenching 
Vanadium t Vanadium 
content, % content, % Ps 


950 
950 
950 
950 


see! 


TABLE 2. Effect of quenching temperature on block sizes 


V content 


Quenching 


Dx 10 cm 


vanadium on hardness, vanadium content of carbide 
precipitate and the size of mosaic blocks, in steel 
quenched from 950° and tempered at 600°. II. type 
stresses were the same in all cases and amounted to 
0.2-0.3 x 10°°. The data in Fig. 3 show that the 
strengthening observed on the introduction of small 
additions of vanadium to the steel, is due to preci- 
pitation of the vanadium carbide and refinement of 
the block structure. 

Similar causes of strengthening are observed also 
in a typical dispersion hardening steel containing 
vanadium in the proportion of some tenths to several 


percent. 

In Fig. 4 data are given for the variation in hard- 
ness and block size in specimens from the same 
melt of steel containing up to 1.7% vanadium, quench- 
ed from the temperature for complete solution of the 
vanadium carbide (Table 1) and tempered at 600°. 
Carbide analysis was not carried out for steels con- 
taining more than 0.1 % vanadium, as in paper [6] it 
was demonstrated satisfactorily for those steels that 
the quantity of vanadium in the carbide phase is 
increased with increase in its content in the steel. 

The results presented in Fig. 4 show that there is 
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| temperature — 
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a relationship between strengthening and the reduc- content, there is an increase in block size (Table 2). 
tion in block size and that the size of the blocks Small additions of vanadium to carbon steel do 
becomes less as the vanadium content becomes therefore cause the effect of dispersion hardening 
greater. Here, both in a steel with low (up to 0.1 %) after quenching andhigh temperature tempering. The 
and high vanadium content the mechanisms are due strengthening observed with this is due, as in 

to the same effect of dispersion hardening. The re- steels with high vanadium content, to precipitation 
duction in block size with increase in vanadium of finely dispersed vanadium carbides and refine- 
content may be explained by an increase in the ment of the mosaic blocks. 

amount of vanadium carbides precipitated during 
tempering, due to increase in the concentration of 
vanadium in the austenite. This is confirmed by the 
fact that, on the partial transfer of vanadium to the 
solid solution as a result of reduction in the quench- 
ing temperature in steel with the same vanadium 


Translated by V. Alford 
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THE TEMPERING OF DEFORMED STEELS ALLOYED WITH Cr AND Mn* 
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(Received 23 March 1960) 


This paper is a continuation of the investigation 
[1], in which it was demonstrated that the deforma- 
tion of steels alloyed with Cr and Mn is capable of 
causing a change in the cementite phase. The chan- 
ges observed are to a considerable degree dependent 
on the initial structure of the steel. Thus, the de- 
formation of a structure consisting of an alpha phase 
and normal cementite, causes transformation of part 
of the cementite to a new iron carbide X Fe, C. This 
transformation is not observed in a steel with a 
similar structure, but obtained after quenching and 
tempering in the temperature range bordering on the 
temperatures for the commencement of the alloying of 
the cementite. Deformation of a steel with alloyed 
cementite in conditions precluding spheroidization, 
causes redistribution of the Cr and Mn in the volume 
of the cementite phase, as a result of which two 
cementites are formed: more highly alloyed and nor- 
mal (Q = 210°). (The phase composition of these 
structures before and after deformation are represent- 
ed by the temperature magnetization curves 1 and 2 
in Fig. 1, 2 and 3). Where the structure is charater- 
ized by a spheroidized cementite (tempering at 650° 
for 7 hr), then deformation will be unable to cause 
any noticeable change in phase composition. 

The purpose of the present investigation was to 
find out the nature of the changes which take place 
when these deformed structures are heated. 

Deformed test specimens (y = 24%) of steel 10G12 
(1.01 % C and 1.11 % Mn) and ShKh15 were succes- 
sively tempered at intervals of 50 to 25°, beginning 
at 300°, in a tubular furnace up to a temperature of 
650-700°. After each temper temperature-magnetiza- 
tion curves were taken from them — the curves /, (¢), 
on a magnetometer with a ballistic system in a 
field of 10.000 oersteds. For confirmation of some 
of the propositions measurement of coercive force 


* Fiz. metal. metalloved., 10, No. 6, 907-911, 196v- 


was made. Hardness HRA was measured on these 
specimens. 

In Figs. 1, 2 and 3 temperature-magnetization 
curves are shown, from which one can assess the 
changes in phase composition after tempering de- 
formed structures. In view of the fact that the heat- 
ing of a steel with spheroidized cementite causes 
no changes in phase composition, no curves for 
this structure have been given. The experimental 
values for magnetization are indicated on the figures 
by hollow circles, and those calculated from 
Heisenberg’s approximation [2] by crosses. | 

After observing the processes which develop 
during the tempering of steel 10G12 and ShKh15 
with the structure 


a + FesC+ 7Fe,C, 


the following can be noted. First of all, up to tem- 
peratures of 400-450° there is a redistribution of 
carbon in the steel, causing the transformation of 
the 

Fe,C 


into cementite (curves 2 to 4, Figs. la to 5). In this 
temperature range it can be seen that individual 
gtains of cementite become alloyed due to the fact 
that, despite the constant value of the Curie point 
of the cementite, the experimental course of the 
curve ], (t) for the cementite sector does not coin- 
cide with the theoretical calculations [3]. This oc- 
curs to a lesser degree in chromium steel. 

After transformation of the X-carbide the alloying 
of the cementite is intensified, which is confirmed 
by the Curie point of the cementite shifting to a 
lower temperatare (curves 4 to 5, Figs. la and 5 to 
6 Figs. 16). The process of redistribution of the 
alloying element between the alpha phase and the 
cementite at 550-600° is accompanied by redistribu- 
tion of the alloying element inside the cementite 
grains, as a result of which two cementites are 
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FIG. 1. Temperature-magnetization curves showing the variation in the phase composition 
of deformed steels 10G12 and ShKh15 in dependence on tempering temperature. Heat 
treatment before deformation: 
quenching + tempering at 420° (10G12) and 450 (ShKh15), (r = 1 hr). 
a — steel 10G12; 1 — before deformation; 2-— after deformation (W = 24%); 
3-8 — after deformation + tempering at temperatures of 400, 450, 500, 


600, 650° respectively (r = 30 min); 


b — steel ShKh15: 1 — before deformation; 2 — after deformation (w = 24%); 
3-8 — after deformation and tempering at 350, 400, 500, 550, 600, 650° 


respectively (r = 30 min). 


formed: one with Curie point (Q) close to 210° (pro- In view of the analogy between the processes 
bably normal cementite, which alloys rapidly), and which develop on the heating of steels 10G12 and 
the second, the more highly alloyed, with @ = ]05- ShKh15 with a phase composition of alpha + normal 
115° (curves 6-7 Fig. 1a and curve 7 Fig. 15). With cementite, without any change on deformation, in 
increase in temperature there is further alloying of Fig. 2 only the magnetization curves for steel 

both cementites (curve 8 Fig. 1 a-b). 10G12 are given. As follows from the curves, the 
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FIG. 2. Temperature-magnetization curves showing the variation in the phase 
composition of deformed steels 10G12 in dependence on tempering tempera- 
ature. Heat treatment before deformation: quenching + tempering at 475°, 

(r = 1 hr): 


1 — before deformation; 2 — after deformation (W = 24 %); 
formation + tempering at 450, 525, 575, 600, 650° respectively 


heating of this kind of structure causes results very 
similar to the last. The only difference is that in 
this structure there is no X-carbide, and for this 
reason no redistribution of the carbide is observed. 

Figs. 3a-b illustrate the magnetization curves 
from which the variation in the deformed structure 
consisting of alpha solution + normal cementite 
(@ = 210°) + alloyed cementite (9 = 110°) can be 
followed. In 10G12 (Fig. 3a) normal cementite, beg- 
inning from 300°, is gradually alloyed, while the al- 
loyed one is also enriched but at a higher tempera- 
ture (575°). 

In ShKh15 (Fig. 36) the process of redistribution 


3-7— after de- 
(r = 30 min). 


of the alloying element occurs differently from that 
in steel 10G12: no gradual alloying of the cement- 
ite is observed but a reduction in its quantity which 
is, in all probability, due to the formation of either 
paramagnetic carbides or carbides with a Curie 
point below 20°. The absence of any notable chan- 
ges in the proportions of magnetization of the alpha 
phase and alloyed cementite also indicates the 
possibility of transformation of the cementite to 
these phases. As has already been noted, when the 
deformed steel with spheroidized cementite is heat- 
ed, no phase transformation takes place. 

From the information presented it follows that 


115 
| 
26 
| 
1960 
4, 


Tempering of deformed steels 


280 
270 


280 


270 


280 


270 


280 


260 


275 


265 
280 


270 


270 
260 


i 
100 200 300 400 O 


300 Yoo 


100 200 


FIG. 3. Temperature-magnetization curves showing the variation in the phase 
composition of deformed steels 10G12 and ShKh15 in dependence on temper- 
ing temperature. Heat treatment before deformation: quenching + tempering at 


570°, (r= 1 hr): 


a — steel 10612: 


1 — before deformation; 


2 — after deformation (W = 24 %); 


3-8 — after deformation + tempering at 450, 550, 575, 625, 
650, 700° respectively (r = 30 min); 


— steel ShKhI15: 


1 — before deformation; 


2 — after deformation (1 = 24 %); 


3-7 — after deformation + tempering at 500, 550, 575, 600 
and 650° respectively. 


when a number of structures of deformed steei are 
tempered, the cementite is subject to considerable 
changes. In certain cases it is more complex than 
occurs during the tempering of the quenched steel 


[4]. 


Besides the changes in the cementite phase there 


is a change in the constitution of the alpha solution. 


Two processes may be noticed: the alloying element 
is withdrawn from the alpha solution due to its de- 
parture to the cementite and the block structure of 
the solution is broken up in the range 450-600°. 
Mosaic block refinement may be illustrated by an 
increase in coercive force [5] in this temperature 
range (Fig. 4 curve ]). If there is no change in the 


cementite phase, for example in a steel with spher- 
oidized cementite, then there will be no break-up of 
the blocks. Confirmation of this is provided by the 
fact that the curve H, (t) for this structure has no 
noticeable lift (Fig. 4, curve 2). 

The magnetization curves presented and the cur- 
ves in Fig. 4 show that variations in the cementite 
phase undoubtedly cause a break-up of the consti- 
tution on the alpha phase-cementite interface, ac- 
companied by change in the block structure of the 
ferrite. 

Withdrawal of the alloying element from the alpha 
solution and block fragmentation are processes which 
have opposite effects on the strength properties of 
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FIG. 4. Variation in coercive force (H) of deformed steel 
10G12 in dependence on tempering temperature and 
structure: 
1 — structure of deformation after quenching + tempering 
at 420°, r= 1 br; 
2 — deformation structure after quenching + tempering at 
650, r= 7 hr. 


the steel: the first causes softening of the material 
[6], and the second strengthening [7, 8]. As a result, 
in the temperature range for the initial stage of ce- 
mentite alloying (450-600°) a delay or reduction in 
the softening of the steel is noticed. If there are no 
changes in the cementite phase (steel with spheroi- 
dized cementite), then the recovery of work-harden- 
ed steel is observed at much lower temperatures. 
Curves 1-4 in Fig. 5, which characterize the varia- 
tion in hardness with tempering temperature in de- 
formed steel 10G12, confirms this. For a quenched 
steel there is also some tendency to a reduction in 
softening, which is considerably less at lower 
temperatures (450-500°) than in the deformed steel 
(curve 5, Fig. 5). 

This material thus demonstrates that deformation 


400500 60D 


FIG. 5. Variation in hardness of stee] 10G12 in depend- 
ence on tempering temperature and structure: 
1-4 — deformation structure after quenching and temp- 
ering at 420, 475 and 575 (r= 1 hr) and 650 (r= 
7 hr) respectively; 
5 — structure after quenching from 1050 in alkali. 


introduces a number of features into the behaviour 
of the cementite phase in steels 10G12 and ShKh15 
on heating. The variations in cementite are to a con- 
siderable extent dependent on the initial structure 
of the steel, and in some cases on the nature of the 
alloying element. In the temperature range for the 
development of changes in the cementite phase there 
occurs a break-up of mosaic blocks of the alpha 
phase, which promotes the reduction in softening in 
the steels observed up to temperatures of about 


550-600°. 


Translated by V. Alford 
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A study has been made of the process of carbide transformation on tempering in conditions of 
rapid contact and induction heating, using a complex method of investigation. 

It has been established that what is known as the “third transformation” on tempering has two 
Stages, the temperature ranges of which coincide to a considerable degree during slow heating, but 
can be quite clearly distinguished when high rates are used. The first stage, the v transformation, 
consists in the rearrangement of the lattice of the carbide phase with slight changes in its composi- 
tion and occurs in the narrow temperature range 380-490 at heating rates of 100 to 10,000°/sec. In 
the second stage, which extends over a wide range of temperatures, the composition of the carbide 


phase gradually approximates to that of cementite. 


Carbide phases similar to the metastable phases of tempering, have been found in cold deformed 


steel. 


One of the most complicated parts of the theory of 
tempering quenched steel is the problem of the nature, 
structure and properties of the carbide phases, and 
also the nature and sequence of the changes in 
these phases in the process of heating. The most 
difficult to study is the process of the transformation 
of the metastable carbide of low temperature temper- 
ing' to the stable iron carbide-cementite. 

The results of a number of investigations, parti- 
cularly the data from magnetic [2, 5, 11] and also 
X-ray and electron diffraction analysis [12, 13] pro- 
vide convincing evidence that the low temperature 
carbide is different from the equilibrium cementite 
not only in the type of lattice and physical proper- 
ties but also in its chemical composition. In a gen- 
eral case therefore, the process of transformation 
of e-carbide to cementite should consist in the re- 
arrangement of the carbide lattice and change in its 
chemical composition. A study of the interconnexion 
between these processes and their sequence in vari- 
ous different circumstances is one of the stages in 
the investigation of the mechanism of carbide trans- 
formation on the tempering of the steel. 

Great possibilities in the study of transformations 


* Fiz. metal. metalloved., 10, No. 6, 912-924, 1960. 

t e-carbide of iron, according to terminology recently in 
currency 1-6], carbide F e,C according to earlier 
works [7-10]. 


on tempering have been discovered by the use of the 
rapid electric heating method. In this case trans- 
formations occur in clearly established temperature 
ranges and here the phase composition of the steel 
is only determined by the heating temperature and 
the time factor plays a secondary role. 

In the present work the attempt has been made to 
generalize the experimental material accumulated on 
the study of the “third transformation” which occurs 
on the heating of quenched steel, so as to be able 
to establish certain general conformities in the me- 
chanism and kinetics of the different stages. 


1. MATERIAL AND EXPERIMENTAL 
PROCEDURE 


The investigation was conducted mainly on steels 
U8A and U12A with the following chemical compo- 
sition: (see Table 1). 

The initial state of the steel was bright bars 
1.5- 2.5 mm in diameter, with the structure of gran- 
ular pearlite. The specimens were quenched from 
temperatures suitable for the production of homo- 
geneous austenite (1000°C). During heating measures 
were taken to prevent oxidation and decarburization. 
Water at room temperature was used as the quenching 
medium; immediately after quenching the specimens 
were supercooled in liquid oxygen, and in some 
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cases in the mixture of solid carbon dioxide and 
gasoline (—78°). 

The study of transformations during rapid contact 
electric heating was carried out on an apparatus 
designed for combined investigations, on which it 
is possible to set simultaneously the temperature, 
elongation, current and voltage drop in a section of 
the specimen, and also time marks. With this appa- 
ratus heating can be carried out at rates of 50- 
60,000°/sec, while it can be interrupted at any tem- 
perature desired and the structure obtained as a re- 
sult of that heating can be fixed by immediate rapid 
cooling in flowing water. 0.01-0.02 sec elapse 
from the end of heating to the beginning of cooling, 
and the rate of cooling is 1500-2000°/sec. From the 
combined oscillographic recordings temperature and 
the volume effect of transformation can be establish- 
ed and also electrical resistivity and heat content 
of the specimen can be calculated. The apparatus 
and method have been described in detail in paper 
[14]. 

Induction electric tempering was carried out on 
the apparatus LGZ-10 and the variation in length 
and temperature of the specimen in the process of 
heating was fixed. These curves were recorded on 
the oscillograph 9SO-302 using a specially cons- 
tructed dilatometer [15]. After electric tempering the 
specimens were cooled, in this case in air. 

One of the main methods also used was thermo- 
magnetic analysis in strong fields [16]. The use of 
this method to study the phase composition of the 
products of electric tempering has been described 
in article [17], and the method of magnetic analysis 
has been set out in papers [11] and [18]. A number of 
dilatometer measurements during slow heating (2- 
3°/min) was made on a dilatometer with rollers at a 
magnification of 2008 [19]. The method of calculating 
the dilatometer recording from a rapid electric heat- 
ing has been described in article [20]. 


2. THE THIRD TRANSFORMATION DURING 
RAPID ELECTRIC HEATING 


In Fig. 1 a typical combined oscillograph record- 
ing is shown for the heating of quenched steel U12A. 
Characteristic features of this kind of recording vary 
very little with variation in the rate of heating and 
the composition of the steel. It should be noted pri- 
marily, that the I, III and alpha to gamma transform- 
ation is accompanied by varying volume effects. The 
only abnormal veriation in electrical resistivity is 
in the | transformation field, the heat content of the 
steel also varies substantially, as with slow heat- 
ing [21]. Compared with furnace tempering the tem- 
perature ranges for transformation are ~ 100° higher. 

Decomposition of the retained austenite on rapid 
electric heating has a number of features [17, 22, 
23], but this process is not the subject of investi- 
gation in the present work and plays no substantial 
part, as the amount of retained austenite is restrict- 
ed to the minimum (2-3°) by deep supercooling. 

Besides determination of transformation tempera- 
tures, in a wide range of rates of heating measure- 
ments were made of the corresponding dilatometer 
effects. Combined measurements of these character- 
istics enables one to assess to what extent the 
variations occurs ontempering in conditions of high 
and superhigh rates of heating. 

We were primarily interested in the problem of 
whether the tempering of quenched steel could be 
suppressed or retarded by acceleration of the heat- 
ing and thus, whether the conditions for the reverse 
martensitic transformation could be realized. In the 
final analysis, if it were possible to establish that 
the tempering of quenched carbon steel occurs at 
any permissible rates of heating then of course, it 
would be foolish to expect that the martensite could 
be transformed directly into austenite without dif- 
fusion (reverse martensitic transformation). In Fig. 2 
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FIG. 1. Combined oscillograph recording from the heating 
of quenched steel U12A. Rate of heating 1700°/sec: 
1 — elongation; 2 — temperature; 
3—drop in stress; 4 — current; 
5 — specific thermal capacity. 
0-1, 0-2, 0-3, 0-4 are the relevant zero lines. 


dilatometer recordings are shown from the heating 
of quenched steel in the range of rates from 100- 
60,000°/sec. Analysis leads to the conclusion that 
the processes of tempering connected with the vol- 
ume change in the first and third transformations, 
occur reasonably fully at all the rates of heating 
investigated (Figs. 3a-b). The temperature ranges 
of transformation (temperature could be measured at 
rates of up to 10,000°/sec) also change hardly at 
all. 

Increase in the rate of heating causes a reduction 
in transformation time approximately according to a 
hyperbolic law (Fig. 4) and at 60,000° it is 107° 
seconds. 

The results obtained confirm that at heating rates 
of up to 60,000°/sec the martensite is decomposed, 
the first and third transformations occur without 
noticeable suppression and consequently, there is 
no sense in talking of the possibility of reverse 
martensitic transformation in the range of speeds 
studied. 

Furthermore the data obtained permit one to 
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FIG. 2. Dilatometer recordings during the heating of 
quenched steel at the following rates: 
1— 100; 2-—1700; 3— 5000; 4 — 10,000; 
5 — 23,000; 6 — 32,000; 7 — 60,000°/sec. 


proceed from new positions to the question of the 
nature of the structural and concentration changes 
in the process of the third transformation on temper- 
ing. 

As the average content of carbon in low tempera- 
ture carbides is very different from that of carbon 
in cementite, then on the transformation 


e-Fe,C 6-Fe3C 


there should in any case be translations of carbon 
atoms. However, the results obtained force one to 
proceed very carefully towards this new proposition. 
Indeed, it is very unlikely that diffusion transtorm- 
ation which occurs at 400-500° could be completed 
in 10° seconds (at a rate of 60,000°/sec). 

It seems that in the process of carbon transforma- 
tion the presence must be assumed of the stage 
which is not connected with any substantial con- 
centration changes, but which is accompanied by 
considerable volume change (rearrangement of the 
lattice), and a stage in which there are variations 
in concentration causing the formation of the 
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FIG. 3. Temperature ranges and dilatometer effects of I and III transformations 
at varions different rates of heating. 
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FIG. 4. Dependence of the time of I and III transformations on rate of heating: 
a —time for III transformation; 6 — time for I transformation. 


carbide 6-Fe,C which is stable in structure and 3. THE PHASE COMPOSITION OF THE 
PRODUCTS OF ELECTRIC TEMPERING 


composition. 

From some of the conclusions on this account 
data can be provided for the study of variations in The first data on the nature and interrelationship 
the phase composition of steel on electric temper- between transformations on electric tempering were 
i obtained in paper [17]. Below the results are 
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FIG. 5. Dilatometer recording from the electric tempering of U12A (a) and 
temperature-magnetization curve from the second heating and cooling of 
the electrically tempered specimen (6). 


described from a more detailed study of the changes 
in the carbide phase on tempering with heating up 
to temperatures above the third transformation. The 
combined use of dilatometer and magnetic analysis 
makes it possible to assess the sequence of the 
structural and concentration changes in the carbide 
phase. 

Fig. 5a shows the dilatometer curve for the elec- 
tric tempering of steel U12A (heating 1500°/sec, 
cooling 2000°/sec). Heating temperature is 520°, 
which corresponds to completion of the volume ef- 
fect of the III-type transformation, which is fixed 
on electric heating. In order to check that the vol- 
ume changes in the process of electrical tempering 
have been completed, dilatometer recordings were 
taken from a second slow heating. Here it was 
shown that after heating to 600° and slow cooling to 
room temperature no irreversible change in length 
occurred. This justifies the assumption that the pro- 
cesses of tempering connected with the non-rever- 
sible change in length, are completed in conditions 
of rapid electric heating up to a temperature of 
520°. 

Fig. 55 shows the temperature-magnetization 
curve for the second heating and cooling of a speci- 
men which had undergone electric tempering at 520° 
(Fig. 5a). Judging from the reversible part of the 
heating curve (sector 1-2), as a result of electrical 
tempering to the temperature in question a carbide 
phase with Curie point 270° is formed in the steel. 


Besides this, the curve is characterized by an irre- 
versible reduction in magnetization in the tempera- 
ture range 300-580° (sector 2-3). As a result of the 
process due to the irreversible reduction in magnet- 
ization, cementite arises with Curie point 220°, 
which is confirmed by the reversible lift in the curve 
at sector 4-5. 

The presence of a carbide with Curie point 270° * 
at a certain stage of tempering, has been noted in 
a number of works [2, 5, 11], but it is only by using 
the method of rapid electric heating that it is pos- 
sible to observe precisely the considerable non- 
reversible reduction in magnetization which accom- 
panies the transformation of carbide with Curie 
point 270° to cementite on subsequent tempering. 

The nature of the reduction in magnetization ob- 
served can be explained from the following consider- 
ations. As the part of the curve under observation 
(sector 2-3, Fig. 55) is irreversible, the drop in 
magnetization observed cannot be due to magnetic 
effect at the Curie point of one of the stable phases 
of the alloy. The reduction in magnetization cannot 
furthermore be caused by a continuing process of 
precipitation of the carbon from the alpha-solid 
solution, as the quantity of carbon remaining up to 
this time in the solid solution is too small to cause 
any noticeable magnetic effect [11]. A number of 


* Intermediate carbide, according to [11, 24], X-carbide 
according to [2-4]. 
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other processes which occur in this range of temper- 
atures (rupture of the coherent bond in lattices of 
the alpha phase and carbide precipitations, change 
in block size in the solid solution, variation in the 
degree of dispersion of the carbide particles etc. etc.) 
are generally speaking not accompanied by any 
noticeable magnetic effects [25]. If, besides this, it 
is considered that this variation in magnetization is 
observed at temperatures above the Curie point of 
cementite and the intermediate carbide, then the only 
process which could be responsible for this change 
must be variations in the composition of the carbide 
phase. Indeed, on variation in the number of iron 
atoms attached to one carbon atom in the carbide 
lattice, there is a change in the total number of iron 
atoms belonging to the ferromagnetic phase (alpha- 
solid solution). 

A quantitative dependence can be established 
between the magnitude of the magnetic effect observ- 
ed and the composition of the carbide phase which 
arises on electric tempering up to the temperature 
for the completion of the volume effect. 

Using the processes of quantitative magnetic 
analysis developed for the use of the differential 
method [11], let us consider the magnetic moment of 
a specimen in a state 2 (Fig. 55). 


(loVo)2 = Vig = P (Po — Pe) 
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FIG. 6. 


where /, 


remaining in the solid solution at the moment when 
the volume effect of the III transformation is com- 


plete [28], we find 


x is the index in the formula for carbide Fe C; 56 
and 12 are the atomic weights of iron and carbon 
respectively; c is the percentage content of carbon 
in the steel. 


specimen in state 4 (Fig. 55) at the same tempera- 
ture, but after completing the tempering processes. 


is the magnetization of the specimen; 
V. is volume; 
I’, is the magnetization of tempered mart- 
ensite (alpha-solid solution); 
V’,, is the volume of the tempered martensite; 
f is the specific magnetization of the ter- 
rite; we assume that On = 9 (5, 11, 27]; 
P, _ is the weight of the carbide phase in 
the specimen in state 2. 
If we ignore the insignificant amount of carbide 


56x + 12 cPX10~”. 


Pe 


Then 


56x +- 12 x10~*) 
12 


Similarly let us find the magnetic moment of a 
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TABLE 2 


Electro nal 470 | 510 | 520 | 550 | 580 | 615 | 740 


temperature, °C 


Index x 


2.10 | 2.35 | 2,32 | 2.52 | 2.62 | 2.65 | 2.79 


(Vola = oy (P)— = oF — 15ex 


P, is the weight of cementite in the specimen after 
completing the tempering processes. 

The variation in magnetic moment on transforma- 
tion of the specimen from state 2 to state 4: 


1) 


56x + 12 —2 

This change in magnetic moment is proportional 
to the difference in the readings of the instrument, 
the difference of the ordinates A,, of points 2 and 4 
on the temperature-magnetization curve [16]. 


A(/, Volos = (2) 


K is the coefficient of proportionality which is de- 
pendent on magnetization, weight and shape of the 
specimen, and also on the magnitude of the field of 
the magnetometer. All the values indicated are cons- 
tant for this experiment, as all the measurements 
are made from the same temperature-magnetization 
curve. 

Extrapolating point 4 for room temperature (4”) 
and considering the difference in the magnetic 
moments of the specimen in states 5 and 4, we find 
the ratio for the change in magnetic field in the spe- 
cimen as a result of transformation of the cementite 
from the paramagnetic to the ferromagnetic state: 


A (/, = Py 15¢ x10~? = KAy,- (3) 
Using equations (1), (2) and (3), we form the ratio 
A (Io Vo)as 


A(loVo)s4r 
After conversion, having substituted the numerical 


values for specific magnetization of ferrites and 
cementite [26], we find the formula for index x which 
characterizes the state of the carbide phase: 


4 
x = 3 —1.83 (4) 

The formula obtained was used to calculate the 
composition of carbide formed by rapid electric tem- 
pering with heating to various different temperatures. 

Fig. 6 shows the dilatometer recordings and tem- 
perature-magnetization curves for heating and cool- 
ing respectively. The results of calculation of the 
composition of the carbide phase at various differ- 
ent temperatures of electric heating are set out in 
Table 2. 

Without doubt, the greatest interest attaches to the 
calculation of the composition of carbide arising on 
the third transformation, during electric tempering 
at 490-500°. Calculation of composition from several 
temperature-magnetization curves confirms the fact 
that the index x in the formula for the intermediate 
carbide is close to 2. Calculation of the composi- 
tion of the intermediate carbide on electric temper- 
ing up to higher temperatures produces an x value 
which is closer to 3. The actual changes in index 
x reflect the kinetics of the variation in composition 
of the carbide phase in the process of electric heat- 
ing. 

Similar conclusions must be drawn from investiga- 
tion of the carbide transformation with rapid induct- 
ion tempering. Fig. 7a shows an oscillograph record- 
ing from the induction heating of quenched steel 
U12A (heating 200°/sec, cooling in air, upper curve 
represents change in temperature, lower — length of 
specimen). The temperature-magnetization curve from 
the second heating and cooling (Fig. 75) are no dif- 
ferent in character from what has been described 


above. 


It must however, be noted that in the case of in- 
duction tempering the non-reversible magnetic effect 
is less than in the case of contact electric heating. 
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FIG. 7. Dilatometer recording of the induction tempering of U12A (a) and 
temperature-magnetization curve from the second heating and cooling of 
the tempered specimen (bd). 
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Specially mounted experiments showed that the re- 
duction in the non-reversible fall in magnetization 
is due, not to specific peculiarities in induction 
heating, but to the method of cooling. At comparative 
slow cooling in air after induction heating the diffus- 
ion processes which cause variation in the composi- 
tion of the phases, occur to a greater degree than in 
rapid cooling in flowing water, which was used in 
the case of contact heating. 

In the light of the results obtained considerable 
interest attaches to the data on the variation in the 
lattice of the carbide phases on electrical temper- 
ing. Works presented recently on electron diffraction 


FIG. 8. Thermokinetic diagrams of the v and x transformations. 


analysis of the structure of carbides in electrically 
tempered steels [29] show that the carbide phase, 

the formation of which corresponds to the completion 
of the volume effect of a “third transformation”, has 
the lattice of cementite. 

Comparing these data with the results of the mag- 
netic analysis described above and the data on the 
structure and composition of low temperature car- 
bide [1, 11], the conclusion may be drawn that the 
volume effect “of the third transformation” on temp- 
ering is the external sign of the process of redistri- 
bution of the lattice of the carbide phase andis not 
due to any substantial changes in its composition. 
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FIG. 9. Temperature-magnetization curves for the heating 
and cooling of steel U12A, after quenching from 1000, 
tempering at 570 and cold plastic deformation by drawing 
to various degrees: 
1—W= 35.0% 2—W= 39.4%; 
3-wW=61.5% 4—W= 70.8%. 


Subsequently this process of redistribution of the 
carbide phase lattice on the “third transformation” 
will be named the “v transformation” by us. 

The process of the change in composition of the 
carbide phase, which in the final analysis leads to 
the formation of cementite, will be named the 
“x transformation”, as, from the formal point of view, 
this process may characterize the variation in the 
index x in the formula of the intermediate carbide 


Fe,C. 


Applying the above data from the magnetic anal- 
ysis of the variation in the composition of the car- 
bide phase during electric tempering and plotting 
dilatometer curves in the co-ordinates “heating 
temperature-percent v transformation” [30], we 
found the thermokinetic curves of the x and v trans- 
formations * (Fig. 8). 

From the results obtained the sequence of the pro- 
cesses of structural and concentration variation in 
the course of the carbide transformation during rapid 
electric heating can be represented in the following 
way. 

The first stage is the transformation of the low 
temperature carbide ¢ Fe,C to the intermediate X 
Fe,C (v transformation). This transformation is not, 
according to our data, accompanied by any notice- 
able change in composition but occurs as a result 
of rearrangement of the lattice, a process which 
seems to be similar to diffusionless transformation, 
occurs extremely rapidly and as a result, can take 
place at any rate of heating. Transformation of the 
intermediate carbide to cementite (x transformation) 
occurs more slowly, as the variation in composition 
should be related in varying degrees to a consider- 
able diffusion translation of zarbon atoms. With slow 
heating (2-3°/min) the temperature ranges of the x 
and v transformations overlap to a considerable 
degree, but in this case a non-reversible change in 
magnetization is observed, which is not connected 
with the variation in specific volume [24]. 

The product of the v transformation is carbide with 
a cementite lattice and carbon content of ~ 8.5 
weight % (this corresponds to the chemical formula 
Fe, ,C). The Curie point of this carbide is 270°. 

The data obtained in the study of cold deformed 
steel provide clear evidence of the possibility of 
the formation of this kind of carbide phase. Fig. 9 
shows temperature-magnetization curves obtained 
from specimens of U12A which, after quenching 
and preliminary tempering at 570° (tempering time 
60 min) underwent cold deformation of various dif- 
ferent degrees by drawing. The temperature-magnet- 
ization curves are very similar to the curves for the 
second heating of specimens which had undergone 
preliminary electric tempering up to various differ- 
ent temperatures (see Fig. 6). At considerable de- 
grees of deformation the carbide phase has a Curie 


* In plotting the thermokinetic curves for the x transform 
ation, 100% transformation was taken t correspond to 
the value x = 3, and sero % to x = 2. 
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point close to 270° and composition which is defined 
by the formula Fe, ,,C (at y = 70.8 %). At the same 
time this very considerable change in the chemical 
composition of the carbide causes no noticeable 
variation in the type of crystal structure. The X-ray 
photographs given in Fig. 10 of solid specimens 

and carbide precipitates from them, have in all 


precipitates from steel U12A: 
pecimens respectively. Heat treatment as indicated in 


deformed and 70% deformed s 
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cases the arrangement and relative intensity of lines 
of the carbide phase which is appropriate for the 
cementite lattice. The considerable increase in the 
width of lines in X-ray photographs of “deformed” 
cementite are, of course, due to the break-up of the 
fields of coherent scattering and the appearance of 
lattice distortions. Similar X-ray analysis data was 
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obtained in an earlier paper [31]. 

It appears that in the system iron-carbide, just as 
in the system iron-nitrogen (3, 32] it is possible in 
certain conditions for metastable carbide phase to 
appear, with very little difference in shape and 
dimensions of the unit cell, but which have differ- 
ent chemical compositions. In particular, such con- 
ditions may arise under the rapid electric heating or 
plastic deformation of a steel. 


CONCLUSIONS 


The study of transformations occurring on the 
rapid electric heating of quenched steel and deter 
mination of the phase composition of the products 
of electric tempering provide the basis for the follow- 
ing scheme of carbide transformation on tempering. 


The first stage in the transformation is the re- 
arrangement of the crystal lattice of the e-carbide to 
that of cementite. This process occurs in a narrow 
temperature range, 380-490°, under rapid heating of 
100-10,000°/sec, and is accompanied by a sharp 
reduction in the specific volume of the steel and 
only slight variation< in concentration. In the second 
stage gradual diffusion change in carbon concentra- 
tion of the carbide occurs, approximating the compo- 
sition of the latter to that of the stable cementite 
Fe,C. 

The product of the first stage of the transformation 
is carbide with a cementite lattice, a composition 
defined by the formula Fes Jn and Curie point 270°. 
A similar carbide phase is formed when a high tem- 
pered carbon steel is plastically deformed. 


Translated by V. Alford 
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THE RELATIONSHIP BETWEEN THE PARAMETERS OF CARBIDE COAGULATION 
AND THE SOLUBILITY OF CARBON IN AUSTENITE IN Fe-C ALLOYS* 


V.I. PSAREV 
Chernovets State University 


(Received 24 April 1960) 


It was demonstrated in papers [1 - 3] that the dis- 
persion of the carbide phase on the alloying of 
steels with various elements, is dependent on the 
position of the cementite-austenite equilibrium line. 
Bearing this in mind, an attempt can be made to 
solve the opposite problem, to calculate the solubi- 
lity of carbon in austenite in iron-carbon alloys 
from the dispersion of the carbide phase and the 
degree of granulation (coagulation parameters). 

Using this method, in paper [4] a formula was 
found by means of which it is possible to make an 
approximate calculation of the solubility of carbon 
in austenite from the cementite-austenite equi- 
librium line in the system of the Fe-C alloys. 

In the present work this relationship will be pro- 
duced in more detail using the results of our recent 
works [3, 5]. In these papers it was found that the 
final radius 7, of the growing carbide particles can 
be expressed in dependence on the temperature of 
coagulation 7 in the form 


(1) 


is surface tension on the phase interface; 
is the molecular weight of the dispersed 
phase; 

is the specific volume of the dispersed 
phase; 

is the universal gas constant; 

are the concentrations on the interface of 


particles with radii r,, and r’, respectively. 


* Fiz. metal. metalloved., 10, No. 6, 925-930, 1960). 


It has been demonstrated [3, 5] that K = 1/T’ 
where 7’ is the temperature of total solution of the 
carbide phase in the austenite (A_.). The ry value 
is found from formula (1) by extrapolating the fig- 
ures for final radii r,, to the temperature 7 = 0°K. 

Formula (1) is good enough to reflect the temper- 
ature dependence of the final radius of the growing 
particles. It is therefore to be expected that a simi- 
lar relationship will take place for other average 
dimensions of dispersed particles at one and the 
same coagulation time. 

This proposition has been confirmed experiment- 
ally. As an example, the table gives the theoretical 
figures for r’5 on the coagulation of cementite par- 
ticles in steel U12 [3]. In this calculation the fig- 
ures for the mean radii of cementite particles at 
various different temperatures (740, 760, 780, 800°C) 
were used, after they had reached a definite stage 
of growth during the same period of time (10, 20 
etc. hr). The calculation was made from formula (1), 
and the figures for the average radii of the carbide 
particles indicated above were substituted for r,. 
The data for the calculation were taken from paper 
[3], K = 8.525 x 10°* degrees™*. 

The results given in the Table show that the 
K = 1/T’ value for various different coagulation 
times (not close to the beginning) maintain constant 
value. 

Similar results were obtained in other cases of 
the coagulation of carbide particles in carbon and 
alloys of steel. The following conformity is observ- 
ed: the lower the carbon content in a hypereutectoid 
steel, the lower will be the r, value at the same 
coagulation time and the more finely dispersed will 
be the carbide phase, and vice versa (always using 
the same method of obtaining the initial coagulation 
system). 

For carbon steels this mechanism can be 
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Tr, x 155, cm 


U.52+0.10 
20 81+0,10 
30 1,24+0,16 
1.81+0.06 


represented graphically (Fig. 1) in the light of 
formula (1). Curve ] shows the dependence of the 
maximum size of the growing particles on tempera- 
ture at any definite carbon content in the austenite. 
Curves 2 and 3, which represent the earlier stages 
of coagulation of the particles with the same carbon 
content in the steel, pass below. There is of course, 
a curve for the dependence r = f (7) at this carbon 
content, which will correspond to the minimum value 
of ro, which is designated Tomin* 

For a steel with a lower carbon content, at low 
temperatures the graphical dependence r= f (7) 
passes below curve 1 (see curve 4). 

The same dependence as shown in Fig. 1 will 
occur in alloyed steels also. In this case however 
there is an essential difference. With a number of 
alloying elements, the line of the carbide-austenite 
transformation is further to the left, on the side of 
contraction of the austenite zone, which has a con- 
siderable effect [1-3] on the dispersion of the car- 
bide phase. As a rule [1-3, 5], and in this case, with 
the same carbon content and coagulation time, the 
r‘, value will be lower for alloyed than for carbon 


steels. 

Thus in the light of what has been said above, the 
relationship (1) may be regarded as taking place for 
average radii of carbide particles also, after they 
have been growing for the same period of time. 

The K value is thus kept constant (at constant 
carbon content), while the r‘4, c, and c values are 
related to one another. 


c 
G 0 0 0 
a 


= fomin jp K, 
u 


Parameters of carbide coagulation 


FIG. 1. Depeadence of the mean radii of dispersed 
particles (at t = const) on coagulation temperature. 


The latter is possible if 


ro=nr al 
QO min’ c’ n 


in —. 


We note that similar considerations have already 
been treated as possible in papers [6-7]. With us 
they are the result of definite experimental data. 

To solve our problem we will transform the formula 
so that a reading can be made from the temperature 
for the beginning of the existence of an austenite 
zone (723°). Applying formula (1) for the two temper- 
atures we find: 


f= 
R R ta (2) 
22, Mov, Cy 


where o and g, are surface tensions on the phase 

interface at temperatures 7 and 7, res- 
pectively; 

v and v, are the specific volumes of the car- 
bide phase at 7 and 7,; 

c and c, are the carbon concentrations in the 
austenite on the interface with particles 
of radii r and r, at temperatures 7 and 7,; 

Co is the concentration of carbon on the inter- 
face with particles of radius ro, ... 

The temperature dependence of the solubility of 
carbon in the austenite can be found from the con- 
verted formula. Indeed, where r = & (see Fig. 1) 
concentration c = c’ is the solubility of the carbon 
on the phase equilibrium line and 7 = T’is the tem- 
perature of phase equilibrium (A. point). But if 
r = oo the denominator in formula (2) will return to 
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zero, i.e. 


Co Ty 
— — In? = T’ 


According to Thompson’s formula the value 


where c_ is the solubility of carbon in austenite on 
the phase equilibrium line at JT = 7,. Substituting 
the 1/r, value and making an uncomplicated conver- 
sion, we get 


(The index at o,, v,, 7, has been omitted). 

If the o and v values vary very slightly with tem- 
perature the calculation can be made from the form- 
ula: 


Te 
’ 


which coincides with the formula in [4]. 

However, if the formula in [4] is checked against 
our formula (4), an unjustifiably high figure for the 
cy value (cy ~ 13%) if found. This figure should, 
generally speaking, be higher or equal to the max- 
imum content of carbon in the austenite (> 2% C). 
And indeed, in formula (1) the ratio c,/c which be- 
comes less with increase in temperature, will always 
remain higher than 1, as the radius ro; is always 
less than r. 

For this reason, in relationship (3) with maximum 
carbon content in the austenite, the c, value at 
1130-1135° should be greater or equal to 2 %C. In 
its physical sense, the co value is the maximum 
solubility of the dispersed phase in austenite, as 
C,, = Co, if o = 0 (see formula (3)). 

In the present work, in order to check formula (3) 
the surface tension figure was taken from paper [4], 
and the figures for the solubility of carbon in aus- 
tenite from paper [9]. The variation in the specific 
volume of the carbide phase with temperature, which 
was accounted for in the data in paper [10], was 
here neglected. 


Verification of formula (3) showed that in the 
whole temperature range of the austenite zone (on 
the cementite-austenite equilibrium line) c, remains 
practically constant: 


Cy = (2.16 + 0.01) % C. 


Considering this numerical value, it is recom- 
mended that practical calculations of the solubility of 
carbon in austenite (on the cementite-austenite 


_ transformation line) should be made by the following 


formula: 


= 99.6 --6.07T° K. (5a) 


Formula (5) was found from the following theore- 
tical data 
= 1403°K, of 3.32%, 


cm 


vu=v’=const, c. = 2% C. 


The figures for the solubility of carbon in austenite 
calculated from formula (3) are as much as 8 % dif- 
ferent from the experimental ones [9] (at high tem- 
peratures). (Due of course, to the departure of the 
real dependence o = f (7) from linearity (5a) at 
high temperatures). 

We carried out similar calculations for the line of 
graphite-austenite equilibrium. In this case the 
value cy = (3+ 0.15) %C in the whole temperature 
range of the austenite field. The calculation form- 
ula for this case has the form: 
(1.98 
| 
( 7’ = 1408° K, 2’ = 355°, 


cm 


Cc. =3 


(6) 


v =v’ = const) 


¢= 217 — 0,.137° K. (6a) 


The theoretical figures for the concentration of 
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FIG. 2. Dependence of the mean radius of carbide particles on isothermal holding 
time. Experimental figures are compared with curves (I, Il, III) obtained by means 
of formula r = at ¥, [11]. 
1 — according to [14], steel with 0.4% carbon, 630; I —a=0.15 cm sec’; 
2 — according to [15], steel with 0.82%, 72° Il —a=0.34cm sec’; 


3 — according to[3], steel U12, 740°; II — a= 0.82 cm sec’. 


carbon on the line of graphite-austenite equilibrium 
are as much as 5-6 % different from the experimental 
ones [9]. This means that the temperature depend- 
ence (6a) on the graphite-austenite interface corres- 
ponds more to reality than dependence (Sa). Each of 
them was obtained from the data in paper [8] by cor- 
recting the experimental figures for surface tension. 

We will now calculate the ro; value in the light 
of the data given above. Calculation of this value 
was carried out from the formula: 


fomin — 


Co 
ET 


In the case of the cementite-austenite equilibrium 
line the following value ro,,;,, = (1-72 + 0.12) x 10°° 
cm was obtained for the whole temperature range of 
the austenite zone. 

In the case of the graphite-austenite equilibrium 
line Tomin = (0.80 + 0.15) x 10° cm for the whole 
temperature range of the austenite field. In calculat- 
ting the ro; values the c, values used were those 
above, while the cco and o values were taken from 
papers [8, 9]. 

As can be seen from the results presented, the 
Tomin Value is very close to the average radius of 
the unit cells of cementite and graphite. The latter 
was used [6, 7] to find the surface tension on the 
solid phase interface. 


For the calculations in this work use was made 
of certain hypotheses which are directly determin- 
able by experiment or which emerge from definite 
experimental data. It would have been possible to 
try to substantiate these propositions by purely 
theoretical means also. The most promising tor 
this purpose seems to be the use of data from the 
theoretical calculations in paper [11]. In this work 
theoretical calculation was made of the process of 
coalescence of the finely dispersed phases and the 
asymptotic solution to the problem was found (in 
Todes’s [12] hypothesis) for long periods of time 
in the form r =at 4, where r is means radius of 
particles, ¢ is time and a is a constant which in- 
cludes a number of physical values. (Relationships 
of this kind have been given in papers [12, 13]; 
they have been checked experimentally in papers 
(1, 2]). 

Experimental verification of the formulas deduced 
has shown that they do define the process of the 
coagulation of carbide and graphite particles very 
approximately. Fig. 2 shows graphs plotted from 
experimental [3, 14, 15] (from different sources) 
and theoretical (using the formula provided by the 
writers of paper [11] ) data. From this illustration 
it can be seen that the experimental and theoretical 
curves pursue different courses. At earlier stages 
in the coagulation (50-100 hr) the theoretical and 
experimental figures for the average radii of 
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coagulating particles do coincide (with suitably [1, 2] ). In view of all this we did not achieve any 
selected a values), but only a limited sector of the kind of results by using the data from theoretical 


r=f (T) curve (see the results given in papers calculations carried out in paper [11]. 
[12, 13] which have been experimentally checked 


Translated by V. Alford 
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THE INFLUENCE OF QUENCHING TEMPERATURE ON THE NITROGEN PEAK 
OF INTERNAL FRICTION IN IRON * 
Yu.V. PIGUZOV and M.S. BLANTER 
Moscow Institute of Steel 
(Received 29 March 1960) 


A study has been made of the influence of quenching temperature from the gamma field on the 
nitrogen peak of internal friction in alpha iron. The absolute reduction in the height of the peak with 
quenching temperature is subject to an exponential law which may be attributed to the withdrawai of 
nitrogen atoms to vacancies. The energy of the formation of vacancies in gamma iron has been de- 
termined as 19,000 cal/mol and the concentration of nitrogen in the vacancies at the melting point 


of iron, as 0.05 at. %. 


At 22° (frequency 0.8 c/s) there is in alpha iron 
an internal friction peak which is caused by the or- 
dering under stress of nitrogen atoms in the inters- 
titial solid solution. The height of the peak, i.e. 
the extent to which the internal friction maximum is 
elevated above the background, is proportional to 
the concentration of nitrogen in the interstitial 
solid solution [1]. The position and height of the 
nitrogen peak are dependent on a number of factors 
such as small additions of substitutional elements 
[1], texture, grain size [2] etc. etc. There are indica- 
tions that the height of the interstitial peak may be 
dependent on quenching temperature, which means 
that it is possible to assess the concentration of 
vacancies in iron [3]. 

The present work was undertaken with the pur- 
pose of making a systematic study of the influence 
of quenching temperature on the nitrogen peak. 

Iron wire (composition 0.009 % C, 0.019 % S, 
0.008 % P, 0.06 % O,; all by weight) was roasted, for 
the removal of impurities in the hydrogen, for 2 hr 
at 750° and 2 hr at 1100°. 

As a result of this treatment, on the internal fric- 
tion/temperature curves for specimens quenched 
from 600° in the range 5-100° (frequency 0.8 c/s) 
there was a nitrogen peak only, the height of which 
varied from specimen to specimen in the range 
20 x 10°* to 65 x 10°, which corresponds to a nitro- 
gen concentration of 26 x 10°* weight % in the in- 
terstitial solid solution. 


* Fiz. metal. metalloved., 10, No. 6, 931-933, 1966. 


Damping capacity was measured by the proport- 
ional oscillation method ona RKF MIS instrument. For 
convenience in heat treatment, short wire speci- 


mens 80 mm long and 0.7 mm in diameter were used. 
The maximum amplitude of deformation on the sur- 


face did not exceed 3 x 10° *. Heat treatment was 
carried on in a vacuum quench-hardening furnace. 
The temperature difference between the centre and 
edge of the specimen at 1350° was not more than 
40°. Each specimen was quenched in water succes- 
sively from 1300, 1200, 1100 and 1000° (at all tem- 
peratures they were soaked for 1 hr prior to quench- 
ing). Damping capacity was measured after each 
quenching. With a vacuum of 6 x 10°* mm Hg the 
iron was easily oxidized in the furnace. To avoid 
the differences in the production of scale after 
quenching from various different temperatures, the 
scale was removed every time before the specimen 
was put into the furnace. A small amount of scale 
did not effect the damping capacity measurements, 
To keep a check on grain size, together with the 
specimen a small control specimen was quenched 
at the same time, and was attached in the furnace 
to the centre of the main one. When the quenching 
temperature was reduced in the range 1000-1300° 
the height of the nitrogen peak gradually increased 
(Fig. 1). This change is not qualitatively depend- 
ent on the direction of the quench-hardening temp- 
erature. The absolute variation in the height of the 
peak is greater, the greater the nitrogen content 
of the iron, which can be found from the highest 
peak, i.e. after quenching from 1000°. The absolute 
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FIG. 1. Damping capacity of one of the specimens after successive quenchings 
from various different temperatures: 


1— 1300; 2 1200; 


3-— 1100; 4— 1000 


(1 hr holding time) 


reduction A in the height of the peak with quenching 
temperature in relation to the peak at 1000°, is 
roughly subject to an exponential law: 


A = Aexp(———] 


where ¢ = 19,000 + 25% cal/mol is the activation 
energy of the process which can be determined from 
the gradient of the linear dependence In A on the 
reciprocal of absolute quenching temperature (Fig. 2); 
A is constant. One hour’s soaking time at 720° 
with subsequent quenching in water does not com- 
pletely restore the peak reduced by quenching from 
1300° (Fig. 3). Grain size varied very little after 
quenching from the various different temperatures, 
remaining in the range 180-250 un. 

These results may be explained in the following’ 
way. In less than 5 min holding time at high temper- 
atures an equilibrium concentration of vacancies is 
established in the metal, which is dependent on 
temperature according to the exponential law [4]. 
Nitrogen atoms intruded in the gamma iron are en- 
countered and enveloped by vacancies, passing in 
this way into the substitutional solution. The prob- 
ability of this kind of encounter is very high, as in 
1 hr holding time nitrogen diffuses at 1000-1300° 


through practically the whole cross-section of the 
specimen. Quenching in water fixes the distribution 
of nitrogen between the interstitial solid solution 
and the vacancies (substitutional solution). The 
gamma to alpha transformation which occurs very 
rapidly, does not substantially break up this ar- 
rangement. It can be assumed that the concentration 
of nitrogen introduced into the alpha iron, which 
can be determined from the height of the internal 
friction peak, is equal to the concentration of nitro- 
gen intruded into the gamma iron before quenching. 
The nitrogen atoms in the vacancies do not cause 
tetragonal distortions of the lattice, take no part 

in the relaxation process and make no contribution 
to the internal friction peak at 22°. Disregarding the 
concentration of nitrogen in the vacancies at 1000°, 
it can be assumed that the absolute reduction A in 
the height of the nitrogen peak with quenching 
temperature is, in relation to the peak at 1000°, . 
proportional to the concentration of vacancies [3]. 
The exponential variation in A with temperature 
confirms this. The figure ¢ = 19,000 cal /mol for the 
energy of formation of vacancies in the gamma iron 


agrees very well with experimental data on other 
metals with a fcc lattice (19,000-25,000 cal /mol 
[5, 8] ) and with theoretical figures (24,000 cal / 
mol [9]). 
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FIG. 2. Dependence on quenching temperature for various 

different specimens, of the absolute reduction in the 

height of the peak im relation to the height of the peak 
after quenching from 1000°. 


The dependence of A on the total nitrogen content 
in the alloy indicates that not all the vacancies are 
filled with atoms but that at any given temperature 
and any given nitrogen concentration they are dis- 
tributed between the interstitial solid solution and 
the vacancies. The vacancies cannot be completely 
filled with nitrogen atoms as the resulting substitu- 
tional solution should produce its own vacancies. 

Extrapolation of these data for a specimen with 
maximum nitrogen content produces, at the melting 
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FIG. 3. Damping capacity after successive quenchings 
from various different temperatures: 


1— 1300; 2—720; 3—1000°; 720°C 
(1 br holding time). 


point of iron (without allowing for y —65 transforma- 
tion) a nitrogen content of about 0.05 at. % in the 
vacancies. The concentration of vacancies at melt- 
ing point found from this (more than 0.05 at. %) is 
in agreement with the figures produced from the 
direct determination of concentration of vacancies 
by the calorimetric method by Carpenter [10] for Na 
and K (0.3 at. %) and Pochapsky [11] for Al and Pb 
(0.2 at. %). 

Translated by V. Alford 
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THE PLASTIC DEFORMATION AND AMPLITUDE DEPENDENCE OF THE DECREMENT OF 
ATTENUATION OF ELASTIC OSCILLATIONS IN SUPERSTRESSED MICROREGIONS * 
R.I. GARBER and I.1. SOLOSHENKO 
Kharkov State Pedagogic Institute of Physics 
(Received 7 June 1960) 


From the variation in the decrement of attenuation it is demonstrated that the strain hardening of 
a crystal at high amplitudes does not rule out its subsequent strengthening at lower amplitudes, and 
vice versa. This may serve as confirmation of the proposition that at each stress there is a different 


selection of weak places. 


At very low amplitudes a the decrement of attenua- 
tion 5 is not dependent on stress. As a increases the 
5 value grows rapidly with increase in the amplitude 
of true stresses o. A similar increase in dis noticed 
in many cases, even at macroscopically distributed 
o values which are quite low in comparison with 
yield point [1, 2]. 


It is accepted that the reason for the increase in 
5 with increase in o is plastic deformation which 
uses up the store of elastic energy of the oscillating 
specimen. This explanation cannot by a simple 
method be made to agree with the known ability of 
solids of becoming strengthened above yield point 
by the application of a single load [3]. It should be 
expected that on increase in o strain hardening 
would set in immediately the stress, on the first 
operation, exceeds the yield point. Subsequent oscil- 
lations should occur without affecting plastic de- 
formation and the latter cannot th-refore influence 
the increase in 5 which may be found after a certain, 
sometimes large, number of oscillation cycles. 

It seems however, that even on elasto-plastic 
variations in bending under the influence of constant 
o the & value decreases very slowly in the course of 
several hundred oscillation cycles [4]. If the depend- 
ence 6 (a) is related to plastic deformation in super- 
stressed microregions, then it must be allowed that 
in the course of one oscillation cycle the processes 
of strengthening and softening occur simultaneously, 
or that after strengthening at some cycle or other 
new non-strengthened microregions arise in which 


* Fiz. metal. metalloved., 10, No. 6, 934-937, 1960. 


the processes of plastic deformation are localized 
in the following oscillation cycle. Investigations of 
the strengthening of rock salt crystals conducted 
with a connected pendulum [4] have shown that in 
the elasto-plastic range at constant o with increase 
in the total cycle of bending oscillations N, they 
are reduced steadily until no stable 5 value can be 
established for any given o. 

The only other increase in 6 noted in these cir- 
cumstances takes place before fatigue fracture 
which sets in after an enormous number of cycles 
[5] (~ 10*). 

In support of the proposition regarding the grad- 
ual inclusion of new fields of the crystal in the 
plastic deformation zone is the fact that an ever- 
increasing number of slip bands appear [4] with in- 
crease in N. It is however, difficult to understand 
why it is necessary to carry out several thousand 
oscillations in order to deform and strengthen the 
“weak” or superstressed regions in the specimen. 

If plastic deformation is regarded as dispersion 
accompanied by the re-establishment of contacts 
between the fragments [6], then this explanation of 
the 5 (c) dependence observed is not qualitatively 
contradictory. 

And indeed, we suggest that each o value corre's- 
ponds to a certain number of “weak” places in the 
undeformed crystal, and that here 6 will maintain 
constant value if all the “weak” places of this col- 
lection are fractured and restored in the process of 
each cycle. 

If, as fatigue sets in, part of these places cease 
to be restored in the course of the cycle, then this 
will cause them to fall out and the number of “weak” 
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ideally elastic specimen. The figures 


conventional units: 


1 (10); 2 (30); 3(60)—4 (60); 5 


places will become less, decreasing 6. It seems that 
the fatigue effects of dispersion are not very great 
at low a oro. This means that 6 is not dependent 
on JV. Small variations in o are, of course, also not 
due to increase in the number of “weak” places. 
Subsequent increase in o brings a large number of 
“weak” places into action, which causes an increase 
in 5. At high o however, the fatigue effects gradually 
put an increasing number of weak places out of 
action as N increases. This causes 5 to be depend- 
ent on NV. At not very high o values the fatigue ex- 
clusion of the weak places ceases for a certain 
range of N values, which can be determined from the 
conditions 


N.<N<N,, 


where V, is the number of cycles causing stabiliza- 
tion in 6; 
N, is the number of cycles causing fatigue 
fracture. 
For rock salt at 


o> 100 — 


cycles 


N, ~ 103 


N,~4* 10® cycles [4, 5]. 


FIG. 1. Variation with increase in the number of cycles N in the decrement of 
attenuation 5 in monocrystals of rock salt at various different stress ampli- 
tudes g. 5, is the figure for the decrement of attenuation of the system in an 


4000 5000 6000N 


in brackets indicate the o values in 


(30) — 6 (30); 7 (30) and 8 (30). 


In order to check further the applicability of the 
process here described, measurements of 5 were 
carried out at various different N and o values, and 
it was found that the 5 value varied from test to 
test, increasing in some circumstance and decreas- 


ing in others. 


DISCUSSION OF RESULTS 


The apparatus described in paper [4] was used 
for the 5 measurements. The specimens used were 
monocrystals of rock salt or polycrystalline disks of 
industrial lead. All the measurements were made at 
a frequency of 1c/s and room temperature. 

The 5 value was measured at very low a, then a 
was increased and 5 was measured with increasing 
N until at given o values, it became stabilized and 
did not vary with subsequent increases in N. In this 
part the data from the present work were very little 
different from the results of paper [4].’ 

A considerable innovation was the fact that, after 
stabilization of 5 at high o values, measurement of 
5 was undertaken at reduced o values. The results 
of these experiments with rock salt are given in 
Fig. 1. 

The 5 values are plotted along the ordinate axis 
and the N values on the abscissa. The figures indic- 
ate the values from various different experiments 
carried out at o values indicated by the figures in 
brackets in the text. 

After series ] of measurements (10), in which 5 
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FIG. 2. Dependence of the decrement of attenuation 5 on the sequence of 
strengthening at variable stress amplitudes o. The o figures are given in 
brackets in conventional units: 
1 (30) — 2(30); 3 (60) — 4 (60); 5 (30) — 6 (30); 7 (60); 8 (30) —9(30); 
10 (60) — 11 (60); 12 (30) — 13 (30); 11 (60) — 15 (60); 16 (30) — 17(30); 
18 (60) — 19 (60). 


600 1200 1800 2400 3000 <J500N 


FIG. 3. Dependence of the decrement of oscillation attenuation 5 for lead 
on the number of cycles N. The figures in brackets give the stress ampli- 
tudes in conventional units: 
1 (10); 2 (30); 3 (60) — 4 (60); 5 (30) — 6 (30); 7 (60); 8 (60) — 9(60); 
10 (30) — 11 (30). 


maintains constant value in the course of about 
600 oscillations, in series 2 (30) an increase of 
three times in o caused a considerable increase in 
5 which was noticeably reduced after 100 cycles. A 
similar effect is noticed to a somewhat greater de- 


gree on passing to series 3 (60); in this case stabili- 


zation sets in after about 2000 cycles. The subse- 
quent 1500 oscillations do not cause any change in 
8, as can be seen from the results of the measure- 
mente in series 4 (60). The change to series 5 (30) 
leads to an abrupt reduction in 8 but in this case 
stabilization only sete in after 600 cycles of oscil- 


lations. The stability of the stabilization was 
checked in the course ofroughly the same number of 
cycles as that shown in series 6 (30). The change- 
over to low amplitudes in series 7 (10) causes 5 
to be reduced to the same level as in the first 
series of experiments (10), and once again demons- 
tretes that at low o, 5 does not depend on N or the 
previous variations in a. 

The results of similar measurements are given 
in Fig. 2 In this case the change-over from high to 
low o was carried out not only after stabilization of 
5 but also in the descending sector of the curve. 
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If small variations are not regarded, these trans- 
itions have very little effect on the process of 
stabilization at high o values and this confirms to 
a very considerable extent the proposition that each 
o has its own collection of weak places at which 
the energy of elastic oscillations are used up. 

Fig. 3 shows the results of experiments with disks 
of lead 1.55 x 5 x 40 mm. Analysis of these figures 
provides general confirmation to the conclusions 
drawn in the study of the rock salt monocrystal. The 


increase in 5 after 2500 oscillations at o . 60 may 
be attributed to fatigue fracture. This is confirmed 
by the fact that transition from 7 (60) to 15 (10) 
causes 5 to reduce to normal for this o value. At 
the same time this also confirms the independence 
of the number of weak places on the difference in 
the stress amplitude o figures. 


Translated by V. Alford 
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THE STRAIN-AGEING OF NICKEL AND THE ABNORMALITY CAUSED BY IT IN THE 
TEMPERATURE AND RATE DEPENDENCE OF RESISTANCE TO DEFORMATION *'* 
V.F. SUKHORAVA and R.P. KHARLOVA 
Sibirsk Physico-Technical Research Institute 
(Received 7 June 1960) 


Investigation has been made of the temperature and rate dependence of the resistance to compres- 
sion in nickel N1 in the temperature range 20- 350°. It is demonstrated that in the range 30-300 tests 
are accompanied by strain-ageing due to the considerable and abnormal effect of speed and tempera- 
ture on resistance to compression. It is suggested that in this case strain-ageing is due to the initia- 
tion and destruction of “Cottrell atmospheres” in the course of deformation, which are probably formed 
mainly of carbon atoms. The results obtained are explained in the light of Cottrell’s theory. 


1.In the present work investigation was made of 
the temperature rate dependence of the resistance 
of nickel N1 to compression. This kind of nickel 
contains a considerable quantity of Co, Fe, Cu, Si 


and other elements. According to chemical analysis 

our nickel contained 0.05% C. This quantity of car- 

bon is within the solubility range of carbon in nickel 
at room temperature [1]. 

The experiments were carried out in compression 
at three rates of deformation v, = 2% /hr, v, = 20 %/ 
hr and v, = 2400 %/hr at eight temperatures in the 
range 20-350°. The tests were made on an IM-4A 
press by means of which it is possible to record the 
indicated compression curves on a large scale. 

Before testing, the specimens (7 mm in diameter, 
11 mm high) were vacuum annealed at 900° with sub- 
sequent quenching in air. 

True stress o and percentage deformation ¢ were 
determined, and from these values flow curves were 
plotted. 

2. Tests at room temperature showed that the rate 
of strain has a very slight normal influence on the 
resistance of nickel to compression. Starting at 
¢ = 12%, elevation of the temperature to 70° caused 


the rate of compression to have an abnormal influence, 


i.e. at high rates of compression deformation occur- 
red under lower stress than is the case at low rates. 
With subsequent elevation of temperature the abnor- 
mal influence of rate commenced at lower degrees of 


deformation while the extent of this abnormal effect 
was increased. Fig. 1 shows the flow curves for 
nickel at 200 and 350°. From the curves for testing 
at 200° it can be seen that the abnormal effect of 
rate is exceedingly high. The 350° test is character- 
ized by a normal influence of rate. 

Fig. 2 shows the dependence of flow stress on 
temperature, taken at ¢« = 30%. If the curve is studied 
it can be seen that in the range 50-200 the effect 
of the anomalous influence of rate increases with 
temperature; the anomalous influence of tempera- 
ture is observed at rates v, and v,. Temperature 
has no influence at v, in the range 70-300°. 

In the range of anomalous influence of rate, the 
initial sectors (not more than up to ¢ = 10 %) of the 
curves rise very abruptly. 

These data show that, in the range 30-300°, the 
testing of nickel is accompanied by a temporary 
strengthening process, i.e. ageing. The ageing 
revealed is probably not dispersion hardening. Sup- 
port to this proposition can be supplied from paper 
[2] in which, during the study of very pure nickel, 
it was found that the activation energy of creep had 
an abnormally high value which was explained by 
the effects of ageing. 

Considering that the value of the abnormal effect 
revealed is exceedingly high, while the quantity of 
impurities in the nickel is low (not more than 
0.5%), the suggestion can be made that in our case 


* Fiz. metal. metalloved., 10, No. 6, 938-941, 1960. 


t Presented at the conference on the physics of solids 
convened in May 1960 in Tomsk. 
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it is Cottrell mechanism which is responsible for 
the deformation ageing. 

According to Cottrell’s theory [3, 4], “atmospheres” 
of solute atoms may form at dislocations. The mag- 
nitude of the energy of interaction of the dislocation 
stress field with impurity atoms (from the modulus) 
becomes higher as the impurity atoms cause greater 
distortion of the lattice. The atoms of impurities 
which form an interstitial solid solution with the 
_element in question should have a particularly strong 
influence. 

If the period of time is long enough for diffusion 
processes to occur, then equilibrium atmospheres 
of solute atoms will form at dislocations, the con- 


centration of which will be 


(1) 


Cm RF 


FIG. 1. Nickel flow curves at various different rates and temperatures: 
2—350 C; ao—v,=2%hr; 
C—v;3= 2400 % hr. 


20 E,% 


b — v, = 20% hr; 


where c, is the average concentration of solute 
atoms in the crystal; 
V is the binding energy between the disloca- 
tions and the solute atoms (V < 0). It 
follows from (1) that the concentration of the atmos- 
pheres will become less as temperature is increased. 
The rate of formation of the equilibrium atmospheres 
increases with increase in temperature [4]. 

In considering the influence of Cottrell atmos- 
pheres on mechanical properties the influence of 
thermal fluctuations must also be borne in mind, 
which may promote the release of the dislocations 
from the atmospheres [4]. 

In favourable temperature-rate circumstances the 
strengthening process described may occur during 
deformation, i.e. strain hardening will be achieved, 
In this case jumps may appear on the flow curve as 
the stress required to release the dislocations 
from the atmosphere will be higher than that 
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FIG. 2. Dependence of flow stress of nickel taken at ¢« = 30% on temperature: 
@—v,; b—v3 c 


required for their subsequent propagation. 

Of course, for a certain impurity to cause notable 
strengthening of a given metal, the following condi- 
tions must be present: the activation energy of the 
diffusion of the impurity in question must be low 
enough, while its binding energy with the disloca- 
tions must be high enough for, firstly, the atmos- 
pheres to be formed with sufficient intensity and, 
secondly, for their concentration to be sufficiently 
great. It is here probable that there will always 
exist a temperature range in which the thermal fluctu- 
ations noted above will be very small. These con- 
ditions will, of course, be fulfilled by the atoms of 
impurities which form an interstitial solid solution 
with the element in question. Therefore, allowing in 
our case the possibility of the formation of Cottrell 
atmospheres with impurity atoms which form a sub- 
stitutional solid solution with nickel and whose 
movement is increased by deformation vacancies 
[8-10] which are moved at the temperature range in 
question [5-7], we consider however that the effect 
of strain-ageing revealed is mainly due to atmos- 
pheres of atoms which form an interstitial solid 
solution with nickel, in particular, carbon.* In 
support of the proposition that carbon atmospheres 
may arise, are the data in paper [11], in which a 
low temperature internal friction peak was revealed 


in nickel at 260°, and which was found to be due to 
diffusion of carbon in the nickel, the activation 
energy of which is 33,000 kcal/mol [12]. It follows 
from these results that in the temperature range 
which is of interest to us the carbon atoms must be 
highly mobile. 

The abnormal influence of rate on the flow curve 
is probably due to the fact that the number of at- 
mospheres formed is increased with reduction in the 
rate of deformation. The abnormal temperature de- 
pendence in the case of compression at speeds 
v, and v, in the range 50-200° simply means that 
with increase in temperature the rate of formation 
of the atmosphes increases. This factoris stronger 
than that of the reduction in the concentration 
of the atmospheres which follows from formula (1) 
and the increase in the role of thermal fluctuations 
in releasing the dislocations from the atmospheres*. 
The course of the flow stress dependence on tem- 
perature at v, is easy to explain in the light of 
what has been said above. ‘ 

We note in conclusion that Clareborough’s treat- 
ment [7] of the first peak for the liberation of latent 
energy, which he discovered in investigations of 
nickel, is rather vague, as the presence of this peak 
is at least partially due to the formation of Cottrell 
atmospheres, The corresponding reduction in 


* It is assumed that the atmospheres are formed at semi- 
dislocations of extended dislocations. 


* It is assumed that in the whole range of temperatures 
saturated atmospheres are formed. Where the atmospheres 
(continued on the next page) 
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electrical resistivity may also be due to the same preparing the manuscript. 


cause [13]. 
We wish to express our gratitude to Professor 
M.A. Bol’shanina for advice and assistance in 
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do not become saturated, elevation of temperature will 


cause the concentration of impurity atoms to increase. 
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LETTERS TO THE EDITOR 
THE INITIAL PROBLEM FOR THE LONGITUDINAL FIELD IN A DEGENERATED 
ELECTRON GAS* 
V.P. SILIN 
Physical Institute, Academy of Sciences U.S.S.R. 
(Received 29 June 1960) 


For the solution to the initial problem for the longitudinal field created in an unlimited homogen- 
eous medium by external forces acting up to the. initial moment (t = 0), beaing in mind that electric 
induction is determined by the formula 


t 
Di (r, dt’ dr’ ey t’), 


the value in question must be regarded as 


0 
DIG, n= Jae arty —e, (2) 


Formula (2) defines the contribution to electric induction due to previous history (t < 0). 
For an isotropic medium, where one may speak of longitudinal and transverse permittivity, the 
following expression for the strength of the longitudinal electric field 


(red E! = 0) 
flows from Maxwell’s equation: 


E (r, far’ Glir—r’, t— 2’) DOF t’), 
where the longitudinal green function G! has the following form: 
++ ie 
G(r, 1) = e dw ¢>0. 


Here k) 


is the permittivity which as a function of the complex variable has no peculiarities and is zero in the 
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semi-plane 
Imo > 9. 
In the case of a degenerated electron gas: 
2 o + —— 
3) Le m hk? \? 2m 
2 py? ad 2m 
2m 
(5) 
ku 
/ hk? \? te 
wo — — |] — ln 
2m 
where v, is the speed of an electron on the Fermi surface; 
m is the mass of an electron; 
“1, = V 4ze* N,/m 
is Langmuir’s electron frequency; ‘“ 
e is charge, and N, is the number of electrons in a unit of volume. 19: 
In this case the branch is envisaged as that for the logarithmic functions which, at 
@ 
the logarithms tend towards zero. 
The time dependence of the field is determined by the integral 
(w, R) 
—o+is 
In this case if the ¢ values are high enough the asymptotic expression of the function (6) is de- 

termined by the features of the function 

1/e!. 

According to formula (5) these features are arranged on the line 
Imo =0. 

These peculiarities are due to the zeros of longitudinal permittivity and the branching points. The 
zero contribution has been observed more than once*, and for this reason we will here stick to the 
contribution of the branching points which take place where (see footnote on the next page) 

hk? 

. The presence of these branching points of permittivity is due to the possibility of the absorption of 
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electromagnetic waves hy the electrons from the gas, which may be identified with formation of the 
pairs electron + hole. In this case the contribution in the asymptotic integral (6) due to branching 
point 

w = (hk? 2m) + kvy, 


2 2 
F (k) = — i— 1+ 
x 
8 v5 (ik*/2m) 2 pt v2 


-2 
ku 
hk*/2m 


The contributions of the remaining three branching points are similar to this and can be found by 


lo substituting the signe at 
1960 
and (Ak*/2m) 

in formulae (8) and (9). 
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VARIATION IN THE MECHANICAL PROPERTIES OF NICHROME ON THE 
FORMATION OF A K STATE* 


G.V. STARIKOVA and A.A. PRESNYAKOV 
Institute of Nuclear Physics, Academy of Sciences, Kazakhstan S.S.R. 


(Received 4 June 1960) 


It is known that an abnormal increase in electrical 
resistivity known as the Thomas K state [1] is 
observed in Nichrome on tempering after quenching. 
The formation of a K state is accompanied by volume 
change, increasé in microhardness and hardness 
(2, 3]. We have made an investigation of the mecha- 
nical properties of Nichrome on the formation of a K 
state. The study of their variations was carried out 
on Nichrome wire 3.9 mm in diameter, which was cut 
up into lengths of 230 mm with a test area 3.9 x 100 
mm. The specimens were tested in tension on a 4 


ton Schopper machine at a constant rate of 16 mm/ 


min. 

Before testing to fracture the specimens under- 
went the following heat treatment: heating in a muffle 
furnace to 900°, soaking at thic temperature for 2 hr 
and quenching in water. The tempering of the speci- 
mens was carried out for 6 hr at 100, 200, 300, 400, 
500, 600 and 700°. Besides this a study was made 
of the influence of isothermal holding at 450° on 
mechanical properties. The results of the investiga- 
tion are given in Figs. 1 and 2. Low temperature 
tempering for 6 hr caused no substantial changes in 
the mechanical property indicators, holding at 400- 
500° increased the tensile strength of Nichrome by 
6 % of its value in the quenched state. Ultimate 
tensile strength varied from 82 kg/mm? for the as 
quenched state to 87 kg/mm? for the as tempered 
state at 450°). Tempering at 600-700° causes a less 
noticeable increase in tensile strength. 

The increase in ultimate tensile strength on tem- 
pering may be due to the generation of a K state in 
the Nichrome. The reduction in strength is evidence 
of the break-up of the K state at above 500°. 

The emergence of the K state is accompanied by 
a noticeable reduction in plasticity (percentage 
reduction in area was 9%, elongation 7 %). Varia- 


* Fiz. metal. metalloved., 10, No. 6, 943-945, 1960. 


tion in holding time at 450° has a marked influence 
on the strength of the specimens (influence of hold- 
ing time was investigated in the range from 3 min 
to 13 hr). The investigation shows that ultimate 
tensile strength increases if tempering time is in- 
creased to 1.5-2 hr, and then it remains practically 
constant for quite a wide range of times and again 
falls after 7 hr. Between 2 and 7 hr tempering re- 
duction in area is at a minimum. Besides this it 
was found that the change in tensile strength in 
quenched specimens at room temperature (ultimate 
tensile strength of an as quenched specimen — 82 - 
kg/mm?; UTS of specimen soaked at room tempera- 
ture for 20 days — 83 kg/mm?). 

Thus the formation of a K state has a marked 
influence on the mechanical properties of Nichrome, 
including plasticity. It is quite possible that this 
influence appears more strongly in other alloys. 


Translated by VY. Alford 
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FIG. 1. Variation in UTS og, reduction in area & and elongation 5 of Nichrome 
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time at 450°. 


151 
y 
68 60 
87 70455 
° 65450 
x 
4 
lo 
1960 
68 75 
o 
87 ° 70 
8 65 
8 
85 60 * 
° 
mr: fo x x 5< 
| 45 
709? 


